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Abstract 

The rapid advancement of cryogenic technology is now boosting the demand for strong 

and ductile structural materials for low-temperature applications ranging from familiar 

natural gas storage/transmission to advance superconductivity realization.  

In this thesis, in situ neutron diffraction and tensile testing were performed at the low-

temperature range (e.g., from 373 to 10 K) to investigate the mechanical and 

microstructural responses of several promising face-centred cubic alloys, including 

high Mn steels, multi-component alloys, and an additively manufactured austenite 

stainless steel. Meanwhile, correlative post-mortem microscopy characterizations were 

utilized to reveal the microstructure evolution and assist the determination of various 

strengthening effects. 

The qualitative and quantitative analysis revealed that the superior cryogenic 

mechanical performance of these advanced alloys originates from a variety of 

concurrent strengthening mechanisms including dislocation motion, strain-induced 

twinning, and phase transformation, not only building a more fundamental 

understanding of the strengthening effects at cryogenic conditions but also revealing 

the relationship among deformation mechanisms, chemical composition, stacking fault 

energy, and deformation temperature. This study shows a very promising way of 

achieving superior combinations of strengthening mechanisms by tailoring stacking 

fault energy, thus shedding a light on developing new alloys with lower production cost 

and excellent combinations of strength and ductility for cryogenic applications. 
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Chapter 1. Introduction 

Cryogenic technology is now gaining importance in many areas ranging from 

applications such as food storage, liquid natural gas transition/storage to 

superconductivity realization, outer-space exploration, and nuclear fusion devices [1–

3]. This leads to the soaring demand for low-cost structural alloys with superior 

mechanical performance in cryogenic conditions.  

With the decrease of deformation temperature, many alloys may undergo ductile-to-

brittle transition, where the fracture mode can be transferred from ductile to brittle. The 

brittle fracture requires less energy, and the crack can propagate rapidly with minimal 

plastic deformation [3,4]. This is very dangerous and undesirable in most applications. 

Some conventional cryogenic alloys were developed, such as aluminium alloys [5–8], 

titanium alloys, and Ni-based Invar alloys [8]. These alloys, however, find it very 

difficult to maintain the strength-ductility balance, which means either strength or 

ductility will be sacrificed due to the very limited strain hardening effect.  

Two emerging intriguing deformation mechanisms, twinning-induced plasticity (TWIP) 

and transformation-induced plasticity (TRIP) in FCC alloys can provide continuous 

high strain hardening effects during plastic straining and thus significantly improve 

both strength and ductility. The TWIP and TRIP effects are all based on the dissociation 

of perfect dislocations and the following motion of partial dislocations and stacking 

faults. The stacking fault energy (SFE), which measures the energy barrier of 

dissociating perfect dislocations, thus plays a critical role in determining deformation 

mechanisms and deciding the mechanical performance. With the decrease of SFE, the 

dominant deformation mechanisms can sequentially shift from dislocation motion 
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(SFE > 45 mJm-2) to TWIP (45mJm-2 > SFE > 18 mJm-2) and TRIP (SFE < 18 mJm-2). 

With suitable SFE, three alloys with great potential in activating multiple strengthening 

effects and thus achieving excellent strength-ductility combinations in cryogenic 

conditions have been identified: multi-component alloys, high Mn steels, and austenite 

stainless steels.  

However, the investigations concerning these new types of alloys, especially at ultra-

low temperature conditions, are still very rare. Most of them are based on theoretical 

modelling/prediction in need of experimental validation, while many experimental 

observations are based on ex situ methods, and very few in situ observations reflecting 

the real-time microstructural and mechanical responses, especially with in situ neutron 

diffraction at cryogenic temperatures, were performed. 

This thesis endeavours to utilize in situ neutron diffraction and post-mortem 

microscopic characterizations to investigate the microstructural and mechanical 

features of three promising FCC alloys at cryogenic conditions, with the aim to (i) 

develop more advanced cryogenic alloys with excellent strength-ductility combinations 

and lower production costs; (ii) build a more fundamental understanding about the 

relationship among microstructural/mechanical responses, deformation mechanisms, 

SFE, and chemical composition of these alloys at the ultralow-temperature range; and 

(iii) determine the strengthening contributions of multiple deformation mechanisms at 

the cryogenic temperatures and how they evolve with temperature decreasing.  

The thesis outline is described as follows: 

Chapter 1 briefly introduces the project background, content, and aims of this thesis. 

Chapter 2 gives the theoretical background related to cryogenic technology, cryogenic 

deformation, and the soaring demand for strong and ductile alloys in cryogenic 
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environments. The promising solution with two deformation mechanisms (TWIP and 

TRIP) was introduced. The important role of SFE and the formation mechanisms of the 

faulted structures were also discussed. Three new promising cryogenic alloys (high Mn 

steels, multi-component alloys, and austenitic stainless steels) were also introduced 

focusing on the deformation mechanisms. Furthermore, different methods to determine 

SFE, including theoretical prediction and experimental measurement (X-ray/neutron 

diffraction and TEM observation), were also briefly compared. 

Chapter 3 investigated the mechanical performance and microstructural evolution of a 

high Mn steel deformed at the temperature range of 373 and 77 K. The temperature 

dependence of SFE and its role in controlling the dominant deformation mechanism 

was revealed. The evolution of multiple strengthening effects (e.g., dislocation motion 

and twinning) at different strains and temperatures were also determined and discussed 

in detail. 

Chapter 4 investigated the dominant deformation mechanism transition of several high 

Mn steels with different chemical compositions, focusing on the role of Cu in tailoring 

SFE and thus adjusting strengthening effects. The SFE measured with neutron 

diffraction and predicted with thermodynamical calculation was compared. The 

strengthening effects of dislocation motion, TWIP, and TRIP (from FCC austenite to 

HCP martensite) were determined and compared in detail. 

Chapter 5 revealed the superior mechanical properties of a FeCoCrNiMo0.2 high 

entropy alloy at both 293, 77, and 15 K. The temperature-dependent deformation 

behaviour, microstructure evolution, and SFE were investigated with in situ neutron 

diffraction. The hardening effects were analysed with the strain-induced phase 

transformation. 
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Chapter 6 systematically investigated a high-strength equal-molar FeCrNi medium 

entropy alloy at 293 and 15 K with in situ neutron diffraction and correlated 

microscopic observation. The temperature-dependent mechanical performance was 

interpreted in terms of DFT theoretical simulation and neutron diffraction experimental 

measurement. Multiple strengthening effects including severe lattice distortion and 

dislocation motion were calculated with the assistance of microscopic observation and 

DFT simulation. 

Chapter 7 investigated the mechanical and microstructural responses of an additively 

manufactured austenitic stainless steel (316 L) during deforming at the low-temperature 

range (from 373 to 10 K). The influence of temperature and microstructure on SFE was 

revealed. The temperature-dependent strengthening effects mainly originating from the 

TRIP effect (from FCC to BCT/HCP) were also discussed with the corresponding strain 

hardening behaviours. 

Chapter 8 summarizes the results of the above studies and outlines the promising 

directions for future investigations. 
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Chapter 2. Literature Review 

2.1 Cryogenic Technology 

Cryogenic technology is nowadays playing an essential role in a variety of areas 

including aerospace exploration, medical diagnosis, transportation, biological 

conservation, materials processing, et al [2,9,10]. By creating low-temperature 

environments, cryogenic technology was originally applied for commercial or 

industrial inert gas production and wind tunnel tests [1,2]. Decades of development and 

investigation revealed many discoveries and mechanisms concerning low temperatures.  

For example, cryogenic technology is widely used in the transmission/storage of 

liquified gases [11–13]. Cryogenic fuels are very critical in machinery that operates in 

outer-space exploration (e.g., rockets and satellites) [14]. The cryogenic fuels generally 

contain liquefied hydrogen and oxidizer, both of which are stored at very low 

temperatures and high-pressure conditions [15]. Additionally, natural gas liquefaction 

achieved by cryogenic technology is critical in solving the growing serious air pollution. 

The soaring energy consumption and the over-reliance on traditional fossil fuels have 

led to severe air pollution and the greenhouse gas effect [3]. Natural gases are now 

emerging as a promising solution to this problem and their consumption is now soaring. 

During the last decade, the consumption of natural gas in the UK maintained a very 

high level of > 37 bcm (billion cubic meters)  per year [16]. For other developed 

countries and areas (such as the United States and Europe), the consumption is all above 

500 bcm/year since 2010 [17]. The consumption of natural gases all over the world 

increased from 3150.8 bcm in 2010 to 3976.2 bcm in 2019 [16]. To reduce the 
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production cost and improve efficiency, the liquefaction of natural gas via cryogenic 

technology is necessary during storage and long-distance transportation.  

Another benefit of cryogenic technology is the realization of superconductivity, such 

as superconducting electromagnets [18]. Real-time and high-resolution magnetic 

resonance imaging equipment is emerging as a critical method in diagnosing diseases 

with ultra-high accuracy. To obtain reliable results, they mainly rely on large 

superconducting magnets working in an ultra-low temperature of 4.2 K maintained by 

a closed-cycle refrigeration system [19]. The superconducting electromagnets are also 

widely used in the magnetic levitation (Maglev) train technology, which is considered 

as a convenient, environment-friendly, low maintenance, and reliable transportation 

method [20]. Besides, various applications of Maglev technology have been developed, 

such as spacecraft, military weapons, the centrifuge of the nuclear reactor, magnetic 

bearing, elevator, compressor, wind turbines, geothermal heat pumps, heart pump, 

automotive engineering, etc [21]. 

In summary, cryogenic technology is expanding its application rapidly, including 

cryogenic liquid level controllers, cryogenic line regulators, cryopumps, nuclear 

radiation testing, and recycling [2]. The advancements of cryogenic technology thus 

boost the demand for cost-effective structural materials that could resist ultra-low 

temperature and exhibit excellent strength-ductility combinations. 

2.2 Cryogenic Deformation 

Indeed, the rapid advance of cryogenic technology lays the foundation for developing 

many advanced technologies. Its realization has been a huge challenge to the structural 
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materials due to the very high requirement in both desirable mechanical performance 

and the ability to resist the harsh serving conditions: ultralow temperatures. 

The decrease of temperature can lead to many changes of the alloy, such as the 

microstructure change, the occurrence of cracks on the surface, shrinkage and change 

in dimensions, and increase of hardness etc [22,23]. The most serious issue is that many 

alloys can suffer from the severe reduction of mechanical performance [24] and the 

fracture mode can be transferred from ductile to brittle (so-called ductile-to-brittle 

transition phenomenon) as the temperature decreases [25,26]. Unlike the ductile 

fracture, where the alloy is torn apart after considerably large plastic deformation, the 

brittle fracture requires less energy, and the crack can propagate rapidly with minimal 

plastic deformation [27]. Although the strength can be improved significantly, their 

ductility can be decreased to a very low level [28–30].  

 
Fig. 2-1 Critical stress intensity factor of medium-strength steel plotted as a function of environmental 

temperature, showing the transition of fracture mode (from ductile to brittle), after Ref. [31]. 

Fig. 2-1 shows the evolution of the critical stress intensity factor of a medium-strength 

steel as a function of deformation temperature. The fracture toughness decreased 

rapidly as the temperature decreased from 5℃ to -20℃, switching fracture mode from 

ductile to brittle with the transition point appearing at ~0℃. Fig. 2-1 indicates that the 
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severe reduction in ductility and fracture mode transition is temperature-dependent. At 

high temperatures, the dislocation movement is aided by both sufficient internal thermal 

energy and externally applied stress. This allows the massive gliding of mobile 

dislocations and following dislocation multiplication, withstanding larger plastic strain. 

The low temperature reduced the internal thermal energy, dislocation mobility, and thus 

the ductility and fracture toughness [32]. 

 
Fig. 2-2 The relationship among temperature, relative dislocation mobility, Frank-Read source, and the 

ductile-to-brittle temperature (DBTT), after Ref. [33]. 

During deformation at low temperatures, many alloys (e.g., tungsten, tin, molybdenum, 

chromium, zinc, and magnesium alloys) with body-centred cubic (BCC, α) or 

hexagonal close-packed (HCP, ε) structures, showed very poor ductility and can 

undergo the ductile-to-brittle transition as temperature decreases [34–36]. The ductile-

to-brittle transition can result from the very high lattice friction stress (Peierls stress) at 

low-temperature conditions [37]. Lu et al. [33] revealed that the transition from ductile 

to brittle in BCC alloys is closely related to the screw-to-edge velocity ratio 

( DBT s ev vα = ), which measures the efficiency of the dislocation source and the ability 

to produce abundant dislocations to maintain the plastic deformation. The activity of 

screw dislocation strongly relies on thermal activation and the decrease of temperature 
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leads to inactive screw dislocation gliding and thus low DBTα . As shown in Fig. 2-2, if 

the temperature drops to below ductile-to-brittle temperature (DBTT) and DBTα  

decreased to a very low level, the bowing part of the edge dislocation can be a 

disposable and low efficient dislocation source. Contrarily, when the temperature 

increases to higher than DBTT and e sv v= , the edge dislocation can bow out into a half 

loop and produce high effective Frank-Read sources. 

 
Fig. 2-3 Stress-strain curves of the 18Cr-18Mn-N steel at 293, 77, and 4 K, after Ref. [38]. 

The ductile-to-brittle transition was also observed in some FCC alloys. For example, 

according to Ref. [38], 18Cr-18Mn-0.7N austenitic steel showed an excellent 

combination of the tensile strength (with yield strength, YS, of ~540 MPa) and ductility 

(with total elongation of ~58%) at 293 K. As shown in Fig. 2-3, with the drop of 

deformation temperature, the ductility of the alloy was decreased sharply to 10% at 77 

K and to even less than 0.2% at 4 K.  

The ductile-to-brittle transition severely limited the serving temperature of most steels 

to above 253 K. The brittle deformation behaviours are very dangerous and unsuitable 

for use in safety-critical structures at cryogenic environments requiring exceptional 

structural reliability (transport/storage of liquefied natural gas at 77 K, high field 
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superconducting magnets working at 4 K, etc.) [2]. For example, during the winter 

months between 1943 and 1944 (World War II), almost 160 Liberty ships broke in half 

due to the low-temperature brittle fracture [39]. In January 2021, at least 6 people were 

killed due to the leak of liquid nitrogen from a poultry plant in Georgia, US [40]. In 

April 2008, the outer jacket of a 60,000-litre liquid nitrogen tank, which was made of 

carbon steel, suffered from a brittle fracture after 9 years of operation, ejecting steel 

fragments to the surrounding area [41]. Therefore, developing structural materials with 

low-cost, high stability, and desirable strength-ductility balance for cryogenic 

applications is very important. Meanwhile, it is also of great importance to build a 

fundamental understanding of the deformation mechanisms, mechanical behaviours, 

and microstructure evolution of the alloys during deforming at a low-temperature range 

(< 293 K). 

2.3 Two Intriguing Deformation Mechanisms 

To improve the strength, ductility, and strain hardening of the alloys, the combination 

of various strengthening mechanisms has been utilized, such as fine-grain strengthening 

and precipitation strengthening [42,43]. Even though these strengthening mechanisms 

can largely improve the tensile strength, the strain hardening effects are still very 

limited and the ductility sometimes is sacrificed [44].  

A very promising way to resolve the strength-ductility trade-off is to design full-face-

centred cubic (FCC, γ) structured alloys or enhance the volume fraction of FCC phases 

[45–50]. Sohn et al. [45] investigated the mechanical performance and Charpy impact 

of a series of FCC-structured austenitic high Mn steels with different Mn and Al 

contents at both room temperature and 77 K. Interestingly, the Fe-22Mn and Fe-22Mn-
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2Al steels showed very high ultimate tensile strength (UTS of ~997 MPa and ~828 MPa) 

and very large ductility of ~73.8% and ~71.6% at room temperature. When deforming 

at 77 K, the excellent strength-ductility balance was maintained with UTS of ~1509 

MPa and ~1403 MPa, total elongation of ~53.5% and ~67.2 for Fe-22Mn and Fe-22Mn-

2Al steel, respectively. Fig. 2-4 shows the SEM images of the tensile sample fractured 

at 77 K. For the Fe-19Mn alloy, the fracture surface mainly consists of quasi-cleavage 

fracture, indicating a deterioration of ductility. The fractured surface of the Fe-22Mn 

and Fe-19Mn-2Al alloy is a mixture of quasi-cleavage and ductile fractures, while the 

fractured surface of the Fe-22Mn-2Al alloy only shows many ductile dimples. 

 
Fig. 2-4 SEM fractography of the (a) Fe-19 Mn, (b) Fe-19Mn-2Al, (c) Fe-19Mn-2Al, and (d) Fe-22Mn-

2Al alloy fractured at 77 K, after Ref. [45]. 

Similar enhancement at both elongation and strength with temperature decreasing to 

the cryogenic range was also observed in some other FCC alloys, such as 304L stainless 

steel [49], Fe-(0.4, 1.0)C-18 Mn steel [46], aluminium alloys [51,52], medium entropy 

alloys [47,53], and high entropy alloys [48,54].  
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The mechanical improvement in these cases can be ascribed to the ability of FCC 

phases to trigger two intriguing strengthening mechanisms: TWinning Induced 

plasticity (TWIP) and Transformation Induced Plasticity (TRIP) effect [55–59]. These 

two effects usually come with high work hardening rates, large uniform elongation, and 

superior tensile strength. For the TWIP effect, high density of intersecting twin 

boundaries can be produced, serving as both strain carriers and dislocation motion 

barriers [60,61]. For the TRIP effect, the parent FCC-γ matrix can be transformed into 

two types of martensite with HCP or BCT (body-centred tetragonal, αʹ) lattice structure 

[62–64]. The newborn martensite serves as hard phases locally and can effectively 

impede further plastic deformation. Plastic strain can thus be passed to other soft and 

untransformed FCC phases, providing larger and more homogeneous plastic 

deformation [65,66].  

These two effects are based on the reaction/motion of partial dislocations and stacking 

faults arrangement. Huge research interest was aroused in these two deformation 

mechanisms, and it is very promising to achieve premier strength-ductility 

combinations of alloys at cryogenic temperatures via activating multiple deformation 

mechanisms, including dislocation strengthening, TWIP, and TRIP. 

2.3.1 Twinning Induced Plasticity Effect 

As indicated in Ref. [67], five independent shear systems are required to activate 

general deformation for polycrystalline. For many crystalline structures with a limited 

number of slip systems, such as HCP, twinning not only serves as an important 

alternative deformation mechanism for shearing, but also provides dense barriers to 

dislocation motions, providing sites for dislocation pile-up, fracture nucleation, and 

cross slip. For alloys with high-symmetry lattices, e.g., BCC and FCC, the pronounced 
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twinning was also observed [60,68–76]. This can be ascribed to the higher flow stress 

for slip (Peierls stress for perfect dislocation motion) than the flow stress for twinning 

(stress for partial dislocation motion). For example, deformation twins have been 

observed in deforming single-crystal copper at 77 K and below on the principle slip 

plane of (111)  along the shear direction [77]. After decades of investigation, the TWIP 

effect is now emerging as a very promising method in providing some heavily alloyed 

austenitic alloys (e.g., Mn or Ni) with continuous, effective, and high strain hardening 

effect during straining, thus guaranteeing high strength and large elongation 

simultaneously [78].  

 
Fig. 2-5 The tensile engineering and true stress-strain curves of a TWIP steel (Fe-18%Mn-0.6%C-

1.5%Al) with full-FCC structure and a Ti-stabilized IF steel, after Ref. [79].  

One typical group of alloys strengthened by strain-induced twinning is noted as TWIP 

steels with high Mn contents, showing a wide range of excellent mechanical 

combinations [80]. Grässel et al. [81,82] and Frommeyer et al. [83] investigated the 

mechanical performance and microstructural responses of a series of Fe-Mn-Si-Al 

steels with Mn content higher than 25 wt.%, Al content larger than 3 wt.% and Si 

content in the range of 2-3 wt.%. A series of desirable strength-ductility combinations 
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were obtained, enhancing the product of UTS and total elongation of the alloy to an 

ultra-high level of 50,000 MPa·%. The UTS of the Fe-25Mn-3Al-3Si TWIP steel 

exceeded 1200 MPa, with a very large total elongation of ~0.6 [83]. The microstructural 

observation revealed that very active deformation twinning occurred during deforming 

these TWIP steels. To show the advantages of TWIP steels compared with other 

traditional steels, the stress-strain curves of one TWIP steel (Fe-18%Mn-0.6%C-

1.5%Al) and one Ti-stabilized interstitial-free (IF) steel were both plotted in Fig. 2-5 

[79]. Compared with the IF steel, which is considered as the most formable steel in 

industries, the TWIP steel shows much higher YS (~500 MPa), strain hardening effect, 

UTS (~1 GPa), and larger uniform elongation. At high strain levels, the TWIP steel also 

shows some serrations, which is related to the dynamic strain ageing effect [79]. 

The mechanical performance comparison among a wide range of traditional alloys and 

TWIP-assisted alloys (e.g., austenitic stainless steels and high Mn steels) is shown in 

Fig. 2-6. The excellent strength-ductility combinations are rarely observed in 

conventional steels, the TWIP-assisted steels show significant improvement in both 

strength and ductility, indicating the huge potential of the TWIP effect in overcoming 

the strength-ductility trade-off. 
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Fig. 2-6 Mechanical performance (tensile strength and elongation) comparison among conventional 

alloys with TWIP-assisted alloys (austenitic stainless steels and high Mn TWIP steel) at room 
temperature. Conventional steels include interstitial-free (IF) steel, mild steel, deep drawing quality 

(DDQ) steel, interstitial-free high strength (IF-HS) steel, bake-hardening (BH) steel, carbon manganese 
(CMn) steel, high-strength low alloy (HSLA), ferritic-bainitic (FB) steels, dual-phase (DP), 

transformation-induced plasticity (TRIP), complex phase (CP) steel, martensite steels (MS), medium 
Mn transformation-induced plasticity (TRIP) steel, quenching and partitioning (QP) steels, Carbide-

free bainitic (CFB) steels, usibor steel, and triplex steels, after Ref. [84]. 

The improvement in both strength and ductility originates from the extensive 

occurrence of strain-induced twinning behaviour in FCC-structured grains. Unlike 

some conventional alloys (e.g., aluminium alloys) [85,86], whose strain hardening 

behaviour is mainly decided by intense dislocation motions (multiplication, interaction, 

and annihilation), the TWIP effect enables the continuous formation of additional 

planar dislocation barriers.  
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Fig. 2-7 Typical bright-field TEM images and corresponding selected area electron diffraction (SAED) 
pattern of the Fe-18Mn-0.6C alloy deformed to different strain levels: (a) 0.02; (b and c) 0.05; (d) 0.1 
and (e) 0.25. (f) Index of the SAED pattens of the strain-induced twins at true strain of 0.05, after Ref. 

[87]. 
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Fig. 2-7 shows the typical bright-field TEM images of the Fe-18Mn-0.6C TWIP steel 

deformed to different strains of 0.02, 0.05, 0.1, and 0.25 [87]. The strain-induced twins 

are identified as bands with two parallel boundaries and are produced by changing the 

stacking sequence of atoms in close-packed (111) grain planes during deformation. 

Primary and secondary twins were identified with the corresponding selected area 

electron diffraction (SAED) patterns. It is generally accepted that the strain-induced 

twinning can increase strain hardening rate by continuously creating twin boundaries, 

which serve as effective barriers for dislocation gliding during plastic deformation (so-

called “dynamic strain hardening effect” or “dynamic Hall-Petch effect”) [70,88–92]. 
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Fig. 2-8 Typical inverse pole (IPF) maps (at the loading direction-normal direction plane) of two FCC 
alloys, additive manufactured 316 stainless steel and medium entropy alloy CrCoNi before and after 

deformation: (a) as built; (b and c) deformed of 316L stainless steel; (d) as built and (e and f) deformed 
CrCoNi alloy, after Ref. [93]. 

Except high Mn steels (such as Fe-18Mn-0.6C TWIP steel [87], Fe-22Mn-0.6C [94], 

Fe-17.74Mn-2.96Si-0.44Al-0.57C), similar prominent strengthening effects resulted 

from twinning were also reported in deforming other austenitic alloys:  stainless steels 

(e.g., 316L stainless steel [95,96]), medium entropy alloys (e.g., CrCoNi [93], CoCrMo 

[97], and Ni57.6Cr19.2Fe19.2Nb4 [98]), and high entropy alloys [99–102]. For example, 

before deformation, the as-built CrCoNi alloy shows the columnar grain structure 

without twins (Fig. 2-8a and d). After deformation, abundant twins were produced and 
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the twinning preferably from in grains with [111] parallel to the loading direction. At a 

strain of 0.58 (Fig. 2-8f), 85% of misorientation angles rotated about 60° about the [111] 

direction, which is defined as ∑3 type twin boundaries [103,104].  

As shown in Fig. 2-9 [71], the occurrence of crossing twin boundaries during 

deformation can interact with dense dislocations and serve as barriers to impede the 

dislocation motion via reducing the mean free path of dislocations, whose inverse is the 

sum of the inverse distances between different impenetrable burdens (e.g., grain 

boundaries). The number of original large grains was then reduced after the progressive 

segmentation effect from twinning boundaries.  

 
Fig. 2-9 Schematic illustrations of the dynamic Hall-Petch effect. The occurrence of strain-induced 
twin boundaries can effectively reduce the mean free path of multiple dislocations, after Ref. [71]. 

2.3.2 Transformation Induced Plasticity Effect 

Serving as an important deformation mechanism, the transformation-induced plasticity 

(TRIP) effect can not only significantly raise the work hardening rate but also postpone 

the fracture at the necking region. As compared in Fig. 2-6, the TRIP-assisted steels 

(such as QP steel, medium Mn TRIP steels, complex phase steels, austenitic stainless 

steels) show great advantages in achieving excellent combinations of strength-ductility. 
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Therefore, the TRIP effect is now widely used as a promising method in enhancing the 

strength-ductility balance of multiple alloys, such as dual-/multi- phase steels [105–

107], austenitic stainless steels [49,108], bainite steels [109], etc.  

It is well-known that the high strain hardening effects can originate from the 

transformation from original FCC phases to martensites with HCP or BCT structures. 

Cios et al. [110] investigated the mechanical responses of an AISI 304 stainless steel 

with different extents of TRIP effect by controlling the deformation temperature. The 

true stress-strain and strain hardening rate (SHR) curves of the AISI 304 stainless steel 

can be seen in Fig. 2-10a and b, respectively. As indicated in Fig. 2-10c, the low 

deformation temperature can effectively promote the transition from FCC to BCT 

phases (the highest SHR increases with temperature decreasing), producing higher 

strain hardening effects at lower deformation temperatures (Fig. 2-10b).  

 
Fig. 2-10 The relationship between mechanical performance, temperature, and TRIP effect of the AISI 
304 stainless steel: (a) True stress-strain curves, (b) strain hardening rate (SHR) curves, and (c) X-ray 
diffraction patterns of the solution heat-treated and the samples deformed at different temperatures, 

after Ref. [110]. 

On the other hand, the TRIP effect can also improve ductility by postponing the fracture 

at high strain levels. The schematic illustration of the TRIP effect during deforming is 
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shown in Fig. 2-11. As the strain increased to high levels, the phase transformation can 

strengthen the alloys at the necking stage hence postponing the final fracture [64].  

 
Fig. 2-11 The schematic illustration of postponing necking of TRIP effect during tensile straining, after 

Ref. [64]. 

Due to its excellent ability to strengthen the alloys and improve ductility, the TRIP 

effect has attracted huge research interest. This process can occur in a direct manner 

(from FCC to BCT, where the intersection of shear bands and twins are favourable 

nucleation sites) or in an indirect manner (from FCC to HCP to BCT, where the HCP 

phases serve as medium phase) [111]. 

The strain-induced martensite phase transformation was also captured by TEM 

observation (Fig. 2-12). Fig. 2-12a, b, and c show the typical bright-field TEM image, 

dark-field TEM image, and SAED pattern of 10%-strained Fe-0.4C-15Mn steel. In Fig. 

2-12a and b, high density of twins can be observed, and some newborn hexagonal close-

packed (HCP) ε-martensite phases were identified by the SAED pattern shown in the 

left corner of Fig. 2-12b. Meanwhile, the dark-field image in Fig. 2-12c also shows 

some α'-martensite with BCT lattice structure were produced. The parent austenite 

phase keeps the Shoji-Nishiyama (S-N) relationship with the ε-martensite phases as the 
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(111) (0001)γ ε∥  and [111] (2110)γ ε∥ . The orientation relationship between the 

austenite phase and α'-martensite maintains the Kurdjumov-Sachs (K-S) relationship:  

(111) (110)γ α′∥  and [011] (1111)γ α′∥ [69]. This phase-related deformation 

mechanism can be activated at high stress/strain levels and related to stress transfer and 

dynamic strain partitioning among different phases. The high strain hardening rate is 

related to the newborn two hard martensite phases (HCP and BCT) as well as the 

mechanical incompatibility such as the strain partitioning among different phases with 

various flow stresses [105–107]. 

 
Fig. 2-12 TEM characterization of phase transformation of a TWIP steel (Fe-0.4C-15Mn) at strain level 

of 10%: (a) typical bright-field image; (b and c) dark-field images; (d) SAED (selected area electron 
diffraction) pattens, after Ref. [69].  
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The significant strengthening effects of the new born BCT phases were widely observed, 

its working mechanisms, however, were still under debate. Spencer et al. [65] observed 

the high dislocation density in the deformed austenite phases while the dislocation 

density in BCT phases is low. The strain induced BCT phases then act as a reinforcing 

phase in two ways. First, the BCT phases were considered as an elastic reinforcing 

phase and withstanding higher stress than the austenite [65,66]. On the other hand, the 

BCT phases can deform with FCC phases while they contribute more to the total flow 

stress due to their higher temperature sensitivity to the decrease of temperature 

[112,113]. Shintani et al. [114] introduced a strengthening model based on the 

dislocation type and density of the FCC and BCT phases. The strength of the steel 

mainly depends on the BCT phases due to their inherent high dislocation density at low 

strain levels (< ~0.3). At high strain levels (> ~0.3), the dislocation density of FCC 

phases reached saturation and the FCC phases are as strong as BCT phases. Galindo-

Nava et al. [115] theoretically predicted the mechanical performance of several 

austenitic steels based on the dislocation strengthening theory. The BCT phases have 

much higher strength than the FCC phases and the strain is withstood by the HCP laths 

and FCC phases, while Maréchal et al. [66] argued that the strain hardening effects 

measured by experiments are too high to be explained only by dislocation forest 

hardening effects, indicating that a part of the BCT phases can contribute to the total 

flow stress by deforming elastically. 

2.4 Formation Mechanisms of SFs, Twins, HCP, and BCT 

Fig. 2-13 illustrates the pathways of forming stacking faults, twins, and HCP structure 

with the motion of Shockley partial dislocation ( 1 6 112b = ) in FCC materials [116]. 



Chapter 2                                                                                               Literature Review 

25 

The close-packed FCC structure is generated by sequentially stacking close-packed 

planes (111) along the close-packed direction 110 . The stacking sequence of FCC 

and HCP structure can be described as ABCABC and ABABAB, respectively [67], 

where A, B, and C refer to {111} planes. The stacking faults refer to the interruption of 

the perfect stacking sequence of crystals. Two types of stacking faults can be classified: 

intrinsic and extrinsic. The gliding of the Shockley partial on one {111} plane creates 

one intrinsic stacking fault, moving all {111} planes above by a vector of  1 6 112 . 

The stacking sequence was then transferred into ABCABC|BCABC, which means the 

intrinsic stacking fault can also be treated as removing one {111} plane. The gliding of 

a second Shockley partial on the adjacent plane creates an extrinsic stacking fault, with 

a stacking sequence of ABCABC|B|ABCABC, which is equivalent to inserting one 

{111} plane to the original matrix [117].  

 
Fig. 2-13 The atomic configuration of the FCC structure, intrinsic stacking fault, two-layer extrinsic 
stacking fault, three-layer twin, and HCP phase. Formation procedure of (a) three-layer twin and (b) 

HCP phase, after Ref. [116]. 
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According to the classical dislocation theory, stacking faults, twins, and HCP structure 

is created by the dissociation of perfect dislocations and the following reactions/motion 

among perfect/partial dislocations [67]. As shown in Fig. 2-14, when a perfect 

dislocation (b1= [101]
2
a ) dissociates into two glissile Shockley partial dislocations of 

the type of 1 6 112  on {111} planes, an enclosed stacking fault in between (green 

zone) can be created [67]: 

 [101] [112] [211]
2 6 6
a a a

→ +  Eq. 2-1 

, in which a is the lattice parameter.  

 
Fig. 2-14 The schematic illustration of the dissociation of a perfect dislocation into two Shockley 

partials, after Ref. [67]. 

For the twin formation, it can be simply described as the glide of the third partials on 

consecutive (111) planes, forming a three-layer twin and two twin boundaries, with a 

stacking sequence of CABCACBABC (Fig. 2-13). A variety of mechanisms were 

proposed to rationalize their nucleation and growth. Initially, the nucleation of twins 

was considered to be homogeneous at regions with high-stress concentrations [67]. Its 

heterogeneity, however, was envisaged by the following researches [118]. A pole 

mechanism was proposed by Venables [119] to describe the twinning system and its 

orientation dependence. On the slip plane of {111}, a perfect dislocation can split into 
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two mobile Shockley partials ( 6 112a  and 6 211a ). On the conjugate (111)

plane, a perfect dislocation ( 2 011a ) can split into two glissile Shockley partials 

( 6 112a and 6 121a ). Meanwhile, the 2 011a  dislocation can be dissociated 

into one sessile Frank partial dislocation (pole dislocation) and one Shockley partial 

dislocation under external stresses [119] or impeded by strong barriers (e.g., Lomer-

Cottrell locks) [120] with: 

 2 110 3 111 6 211a a a→ +  Eq. 2-2 

In this mode, the glissile Shockley partial dislocation can glide away from the sessile 

Frank partial dislocation, leaving a stacking fault in between. Generally, this procedure 

is not energetically favourable as the total energy remains constant before and after the 

reaction. The high density of dislocations can be gathered near the head of the 

dislocation pile-up sites, bringing two Shockley partial dislocations close and making 

the reaction in Eq. 2-2 possible. When considering many barriers and this procedure 

occurs on successive (111) planes, a twin can thus be formed. Besides, the moving 

Shockley partials can also react with perfect dislocations and form sessile Frank 

dislocations on the interface plane with: 

 2 101 6 121 3 111a a a+ =  Eq. 2-3 

, where the Frank dislocations were considered as ‘secondary polar sources’. 

Furthermore, Fujita and Mori [121] proposed the stair-rod cross-slip mechanism, where 

a Shockley partial dislocation in the 111  plane can be split into a new Shockley 

partial dislocation (on the conjugate plane) and a stair-rod sessile dislocation anchoring 

at the intersection of primary glide plane and conjugate plane: 

 (111) (111)
6 211 6 110 6 121

sessile
a a a→ +  Eq. 2-4 
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Mahajuan and Chin [118] proposed another model based on the presence of an extrinsic 

stacking fault. Two co-planar perfect dislocations ( 2 110a ) can dissociate into three 

Shockley partial dislocations on three consecutive {111} planes, creating an extrinsic 

stacking fault serving as a three-layer twin embryo: 

 (111) (111) (111)
2 011 2 101 3 6 112a a a+ → ×  Eq. 2-5 

In the model proposed by Miura, Takamura, and Narita [122], the extended dislocation 

can pile up and interact with a Lomer dislocation at the Lomer-Cottrell barrier in the 

primary plane, producing one 3 111a -type Frank sessile partial dislocation, two 

6 112a -type partial dislocations, and two-layer stacking faults acting as a twin 

nucleus. 

Meanwhile, the active motion of Shockley partial dislocations can also lead to 

martensite phase transformation, where the original FCC matrix can be transferred into 

HCP/BCT martensite. The HCP phase with a stacking sequence of CABCACACAB 

can be formed based on an intrinsic stacking fault and continue creating stacking faults 

on every other {111} plane (Fig. 2-13). 

Fujita and Ueda [123] envisaged the important role of the stair-rod cross-slip 

mechanism in FCC-HCP phase transformation, where the leading Shockley partial 

dislocation can be split into a stair-rod and a Shockley partial on the intersecting {111} 

plane with the aid of high stress. The HCP structure can then be formed if this process 

occurs repeatedly on every second parallel {111} plane. According to Ref. [124], two 

coplanar 6 110a -type perfect dislocation can interact and form a six-layer HCP 

phase with: 

 (111) (111) (111)
2 110 2 101 3 6 211a a a+ → ×  Eq. 2-6 
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The higher thermodynamic stability of the HCP structure can rearrange the atoms in 

the cores of the Shockley partials, forming a four-layer HCP structure. The 

transformation from the four-layer HCP structure into a six-layer HCP structure may 

arise if: (i) the 2 101a  and 2 110a  partials glide at adjacent {111} plane, (ii) 

2 101a  partial dislocation cross slip, or (iii) 6 121a  and 6 211a  Shockley 

partial loops can nucleate on the appropriate planes. The nucleation sites initially locate 

at different strain levels within a localized high-stress zone and then grow into each 

other, forming macroscopic HCP phases.  

 
Fig. 2-15 Schematic illustrations of the Bogers and Burgers model for the transition from FCC to BCT 
martensite: (a) The Bain correspondence between FCC (green) and BCT (red) lattice structure. The (a) 

FCC lattice can be converted to (c) BCT lattice via a compression of 20% along [001]-FCC and an 
expansion of 12% along <110>-FCC. Alternatively, this procedure can also be the result of gliding of 

partial dislocation 18[121]a  on every (111) -γ plane and 16[121]a  on every (111)-γ. T represents a 
Shockley partial dislocation with Burgers of 6[112]a , after Ref. [125]. 
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In the Bogers-Burgers model [126] shown in Fig. 2-15, the FCC to BCT transition can 

be accomplished by compression of 20% along [001]-γ and expansion of 12% along 

110
γ

. The orientation relationship is (001) (001)γ α′∥  and [100] [110]γ α′∥ . This 

transition can thus be accomplished by the gliding of partial dislocations: on every 

(111) -γ plane and 16[121]a  on every (111)-γ plane (Fig. 2-15). Olson and Cohen 

[127] emphasized the role of plastic deformation, indicating that the BCT phases could 

nucleate at the intersection of two HCP laths (slip bands) or by the intersection of HCP 

lath with a twin or grain boundary (Fig. 2-16).  

 

Fig. 2-16 The model for strain-induced BCT phases at the intersection of two localized slip bands: (a) 
before and (b) after the intersection, after Refs. [128]. 

The phase transformation can be accomplished by two shears named as T/3 and T/2, 

where T represents FCC twinning shears with Burgers vector of 6[112]a . The first 

shear, T/3, can be achieved by an array of 6[112]a  in every third {111}-FCC plane. 

The second shear component, T/2, can be described as 12[112]a  in the FCC matrix 

and 8[110]a in the BCC matrix. Likewise, the T/2 shear component can be 
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accomplished by an array of 6[112]a  partial dislocations but at every second {111}-

FCC plane. The two arrays of 6[112]a  partial dislocations can result in a perfect BCC 

structure in the doubly-faulted intersection. This transition mechanism was 

experimentally verified with HRTEM in characterizing deformed high Mn steel [128] 

and AISI 304 austenitic stainless steel (Fig. 2-17) [129]. 

 
Fig. 2-17 TEM characterization of the formation of BCT phases via intersecting two HCP laths at a 
deformed 304 stainless steel: (a) bright-field TEM image showing the high density of BCT phases 

formed at the intersection of HCP laths; (b-f) TEM images and their corresponding live fast Fourier 
Transformation (FFT) spot patterns taken along the zone axis of [110] [1120] [111]γ γ γ∥ ∥ . (g) 

schematically illustration of the diffraction spots taken from the interfacial transition regions among γ, 
ε, and αʹ. The scale bar in (a), (b), and (c) is 200 nm. Note: Pitsch OR indicates the (002) (101)γ α′∥

orientation relationship, after Ref. [129]. 

Strain-induced αʹ were found at the intersection zones of two slip bands showing the 

well- known Kurdjumov-Sachs (K-S) orientation relationships between γ and αʹ phases 

and Bogers-Burgers relationship between ε and αʹ phases, indicating the close-packed 

planes and close-packed directions are parallel in these three phases [129]: 
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 Eq. 2-7 

Meanwhile, Pitsch orientation relationship ( (002) (101)γ α′∥ ) was also observed in the 

new born αʹ phases with respect to γ matrix (Fig. 2-17a) [129]. The αʹ phases can grow 

along with the two ε laths and change the original Pitsch into two K-S orientation 

relationships (
1

(111) (0002) (011)γ ε α′∥ ∥  and 
2

(111) (0002) (110)γ ε α′∥ ∥ ).  

 
Fig. 2-18 The formation of αʹ phase inside the single ε laths. (a-c) The morphologies and the 

corresponding SAED patterns of the γ matrix, ε laths, and newborn αʹ inclusions inside a single ε lath. 
(d) Schematical illustration of the diffractions spots from the three phases and their orientation 

relationships. (e) Schematically illustration of the formation of αʹ and its orientation relationship with ε 
phase and γ phase. (g-i) the corresponding FFT patterns from locations marked in (f), supporting the 

orientation relationship shown in (e), after Ref. [125]. 

Meanwhile, the new born BCT phases can nucleate independently in cases where the 

formation of HCP phases is suppressed, such as grains orientated along the tensile 

direction and HCP phases are not thermodynamically stable [127]. Yang et al. [125], 

observed the inclusions formed inside a single ε laths ~10 nm in length and ~15 nm in 

width. As shown in Fig. 2-18, the new born αʹ phases can nucleate at single ε laths 

without intersecting slip bands/ɛ laths. As shown in Fig. 2-18c, it can then grow into 

the parent γ matrix and exhibit wider width (~70 nm) than the ɛ laths. The FFT and 
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SAED patterns (projected along [110] [1120] [111]γ ε α′∥ ∥ ) in Fig. 2-18a-c identified 

the coexistence of the two orientation relationships: Pitsch ( (002) (101)γ α′∥ ) and K-S 

( (111) (0002) (110)γ ε α′∥ ∥ ). The K-S orientation relationship was maintained in the 

initial nucleation αʹ phases before following coarsening, indicating the original close-

packed (111)γ plane smoothly transited to (0002)ε  and the (110)α′  plane without 

rotation during nucleation. When the αʹ starts to grow, the orientation of αʹ phases will 

occur and the Pritch orientation relationship was maintained at the main body region 

while the interface connecting the ɛ laths was switched to the K-S orientation. 

2.5 Role of Stacking Fault Energy 

An ideal intrinsic stacking fault is created by infinitely separating two partial 

dislocations or removing one layer of close-packed {111} plane from the perfect FCC 

matrix. The equilibrium state between the two partial dislocations can be maintained 

under the restorative force created by the stacking fault energy (SFE) and the repulsive 

elastic force of the two partial dislocations [78]. After considering interactions between 

their edge ( eF


) and screw ( sF


) components, the forces between the two parallel partial 

dislocations (b2 and b3 in Fig. 2-14) can be expressed by [67]: 

 2 3
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e e

e
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, in which G is the shear modulus. Combining Eq. 2-8 and Eq. 2-9 yields: 
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, where 6pb a= . As the expansion of the stacking fault region was impeded by the 

SFE, the force acting on a unit length of the dislocations equals F


. Therefore, the SFE 

of the alloy can be measured in terms of the separation distance ( er ) at equilibrium state 

[67]:  

 
2

4
p

e

Gb
r

SFEπ
≈  Eq. 2-11  

According to Sections 2.3.1 and 2.3.2, the activating of TWIP and TRIP effects are 

strongly dependent on the formation and subsequent activities of partial dislocations. 

Since SFE measures the difficulty of creating stacking faults, SFE can serve as a critical 

parameter for interpreting the plastic deformation behaviours and governing multiple 

strengthening mechanisms. The relationship between SFE and the dominant 

deformation mechanism is well accepted in various FCC alloys [68,130–134]. When 

SFE is higher than 45 mJm-2, dislocation motions take a majority role in withstanding 

strain as the dissociation of perfect dislocations is impeded due to the high SFE [135]. 

Meanwhile, if the Gibbs free energy of the martensite phase transformation 

( FCC HCPG →∆ ) is positive and the SFE of the alloy decreases to be within the range of 

18~45 mJm-2, the occurrence of twinning (TWIP effect) becomes more favourable 

[135–137]. If the SFE is further decreased to be lower than ~18 mJm-2 and FCC HCPG →∆  

decreased to negative, dense activating of partial dislocation can create dense HCP laths 

and promote the transition from FCC to BCT phase (TRIP effect). 

The SFE, however, can be determined by a variety of factors including chemical 

composition, grain size, deformation temperature, texture, and strain rate [135,138–

140]. Zambrano et al. [141] investigated the influence of deformation temperature, 

grain size, and chemical composition on the SFE of the Fe-Mn-Al-C-Si steels. They 
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indicated that the SFE can be reduced by decreasing deformation temperature, 

increasing austenite grain size, and adding low-SFE elements, which favours the 

activation of TWIP and TRIP effects. These results were also consistent with that 

obtained in other alloys such as TWIP steels [135,142,143] and high entropy alloys 

[144]. 

2.6 SFE Determination 

Considering the important role of SFE, the determination of the SFE of the alloys can 

be critical in building a more comprehensive understanding of the mechanical 

performance and multiple strengthening effects and thus developing new advanced 

alloys with improved mechanical properties. To predict/calculate the SFE, several 

methods were developed: thermodynamic/first principal prediction [145–149], TEM 

observation [150,151], X-ray/neutron diffraction [152,153]. 

2.6.1 Theoretical Prediction 

TWIP and TRIP effects can be interpreted in terms of energy change as additional 

energy is required to motivate the dislocation dissociation due to the self-energy of 

dislocation [132,147]. For example, this energy can be provided by the assistance of 

local stress concentration and the Gibbs free energy between the two phases: FCC and 

HCP ( Gγ ε→∆ ). A thermodynamic modelling approach to predict SFE was therefore 

proposed by Olson and Cohen [136]. The detailed calculation procedure can be found 

in Fig. 2-19. When a stacking fault is considered as a thin layer of HCP lath separating 

the perfect FCC matrix, the SFE can be expressed with Gγ ε→∆  and the interfacial 

energy between γ and ε phases ( /γ εσ ) [154]: 
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 /2 2SFE Gγ ε γ ερ σ→= ∆ +  Eq. 2-12  

, in which /γ εσ  is the interfacial energy per unit of the two boundaries, ρ  is the molar 

surface density (the density of atoms in a closely packed plane in a mole per unit area), 

which can be calculated with: 

 2
0

4 1
3 a N

ρ =  Eq. 2-13  

, in which N is the Avogadro’s number, a0 is the lattice parameter. In Eq. 2-12, the 

Gγ ε→∆  is the sum of Gγ ε
ρ
→∆  (the change of Gibbs free energy of each element during 

phase transformation), γ ε
ϕφ
→Ω  (the first-order interactions between two different 

element φ and ϕ), and mgGγ ε→∆  (magnetic contribution to the Gibbs free energy) and 

(int)segGγ ε→∆  (the contribution from interstitial atoms such as carbon and nitrogen) [155]: 

 (int)i i i j ij mg seg
i ij

G G G Gγ ε γ ε γ ε γ ε γ εχ χ χ→ → → → →∆ = ∆ + Ω + ∆ + ∆∑ ∑  Eq. 2-14  

, where iχ  is the molar fraction of each constituent element. The first item on the right 

side can be expressed with: 

 G G Gγ ε ε γ
ϕ ϕ ϕ
→∆ = −  Eq. 2-15  

, in which Gε
ϕ  and Gγ

ϕ  represents the molar Gibbs free energy of the pure elements in 

different phases, HCP and FCC. The second term in  Eq. 2-14 is the sum of the excess 

free energy and can be calculated based on a subregular modelling approximation: 

 ( ) ( )( )0 0 1 1L L L Lγ ε ε γ ε γ
φϕ ϕ φχ χ→Ω = − + − −  Eq. 2-16  

, where 0Lϕ  is a linear function of temperature while 1Lϕ  is a constant [156,157]. The 

magnetic contribution to Gibbs free energy can be calculated with: 

 ln( 1) ( )mgG RT fγ ε β τ→ Φ Φ Φ= +  Eq. 2-17  
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, in which R is the gas constant, T is the temperature, β Φ  is the magnetic moment of 

the phase divided by the Bohr magneton Bµ , and ( )f τΦ Φ  is a function of the scaled 

Néel temperature ( NéelT Tτ Φ Φ= ). The last item, Gibbs free energy change due to the 

interstitial atoms can be obtained by determining the change of configurational energies 

of the interstitial atoms surrounded by atoms in substitutional matrix positions during 

the martensite phase transformation [135]: 

 (bulk)N N NG E Eγ ε ε γ→∆ = −  Eq. 2-18  

, with NEε  and NEγ  are the configurational energies of the interstitial atoms (carbon or 

nitrogen) in the HCP and FCC phase, respectively. 
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Fig. 2-19 Flow chart of calculating SFE with thermodynamics, after Ref. [155]. 

Recently, the first principal calculation is emerging as a promising method in the 

prediction of SFE. Many first-principle calculations are conducted within the frame of 
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the density functional theory with the VASP code [148] and the projector-augmented 

wave method [158]. Generally, the SFE calculation proceeds with building supercells: 

 0isf
sf

t

E E
A

γ
−

=  Eq. 2-19  

, in which isfE  and 0E  are the total energy of the faulted and pristine supercell, At is the 

total area of the stacking fault at the close-packed plane [159]. The first-principle 

calculation achieved success in predicting the SFE of a variety of traditional alloys (e.g., 

Co alloys [159] and Ni alloys [149]) and some complex multi-component alloys, such 

as Mo-added CoCrNi [149] and CoCrMnNiFe [160]. Besides, other theoretical 

approaches to calculate SFE were also proposed and gained their importance in 

modelling/predicting the strengthening effects and mechanical performance of various 

alloys, such as molecular dynamics [161] and machine learning [162]. Molecular 

dynamics serves as an ideal approach to build a more fundamental understanding of 

materials properties and show good agreement with experimental results in determining 

SFE [163]. The machine learning also emerging as a powerful tool in SFE predicting 

by extracting information from multi-dimensional data and modelling various 

properties of the alloys [163]. 

The advantages and disadvantages of theoretical modelling methods in 

determining/predicting SFE are also obvious. The theoretical modelling methods are 

generally considered as they are the straightforward methods to calculate the SFE. They 

are more efficient, and the costs and time can be significantly reduced since they are 

not suffering from sample preparation and measurement techniques and are capable of 

providing accurate structural modelling results without experimental inputs when 

dealing with conventional alloys [163,164]. On the other hand, there are still many 

limits to the theoretical determination of SFE. For example, thermodynamical 
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simulations successfully determined SFE of many alloys, such as TWIP/TRIP steels 

and stainless steels [135,143,155,165], the accuracy of the results, however, are still in 

need of improvement. Geissler et al. [132] doubted the accuracy of measuring SFE with 

thermodynamics. For example, the interfacial energy is in the range of 5-27 mJm-2, 

which is inconsistent with the physical meaning of an interface created by intrinsic 

stacking faults. On the other hand, the thermodynamical calculation is based on many 

empirical equations, most of which are suitable for a confined composition and the 

accuracy strongly depends on the quality of CALculation of PHAse Diagram 

(CALPHAD) database. The data used also includes extrapolations of different 

parameters at the low-temperature range, making the results unreliable. Furthermore, 

in most of the previous investigations based on thermodynamics simulation, the SFE 

determination, and Gibbs free energy functions are utilized in steels with only 2-3 

elements. The simulation results for alloys with a wide composition range are still 

leaving unverified [135,165,166]. Limits also exist in other theoretical modellings. 

When dealing with complex multicomponent alloys, the calculation of chemical and 

magnetic energy contribution in the first principal calculation is challenging and time-

consuming [132]. This can lead to the underestimation of the SFE and even negative 

SFE values were reported [160,167]. Therefore, to gain a better understanding of the 

relationship between micro-mechanical performance and modelling results, the 

experimental validation and determination of SFE are necessary and of great 

importance. 

2.6.2 Experimental Measurement 

The determination of SFE was mainly based on two methods: direct TEM observation 

of extended dislocation nodes and analysing X-ray/neutron diffraction profiles. For the 
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TEM method, the width of the dissociated dislocations can be measured in weak beam 

observation of the two separated partial dislocations. When the two partial dislocations 

are visible with weak beams, the vector from the incident to the exciting spot is parallel 

to the Burgers vector of the perfect dislocation. The SFE can thus be measured with the 

following equation [168]: 

 
2 2 2 cos21

8 1 2
pGb v vSFE
w v v

θ
π

−  = ⋅ − − − 
 Eq. 2-20  

, in which pb  is the magnitude of the Burgers vector of the Shockley partial dislocations, 

v is the Poisson ratio of the alloy, w is the width of partial dislocation separation, and θ 

is the angle between the dislocation line and the Burgers vector of the perfect 

dislocation. With this method, Liu et al. [169] determined the SFE of three multi-

component alloys, NiCoCr (18±4 mJm-2), FeCONiCr (27±4 mJm-2), and FeCoNiCrMn 

(26.5±4.5 mJm-2). The weak beam dark-field images were shown in Fig. 2-20 [169]. 

Similar observation and calculation can also be found at many other alloys, e.g., high 

Mn TWIP steels [170]. 



Chapter 2                                                                                               Literature Review 

42 
 

 
Fig. 2-20 The weak beam dark-field images of separated partial dislocations in (a) NiCoCr, (b) 

FeCoNiCr, (c) FeCoNiCrMn, and the separation distance of partial dislocations plotted as a function of 
the angle between dislocation and the perfect dislocation’s Burgers vector, θ, after Ref. [169]. 

Another SFE measurement is realized by analysing diffraction peaks obtained in X-

ray/neutron diffraction. The calculation was based on a model proposed by Reed and 

Schramm [171]: 
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−
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 Eq. 2-21  

, where a0 is the lattice parameter, 2

111
ε is the mean square strain, i.e., root-mean-

square microstrain of the deformed FCC matrix at the close-packed {111} plane. SFP 

stands for the stacking fault probability and 11C , 12C , and 44C  are the three basic elastic 
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constants for the FCC alloy. The critical parameters in Eq. 2-21, such as 2

111
ε , elastic 

constants, and SFP, can be obtained by analysing X-ray/neutron diffraction peaks.  

The experimental validation of the SFE is necessary for validating the simulation results 

and understanding the fundamentals of the relationship between microstructure 

evolution and mechanical performance. However, experimentally determining the SFE 

is time-consuming and complex, which also delays the process of discovering new 

materials.  

First, the procedures of preparing the samples are very long and complex. For 

traditional methods of preparing samples, ingots with different elements need to be 

melted, casted into a mould, and cooled down before different heat-treatment and 

cold/hot working. For the microscopic characterization, mechanical cutting, grinding, 

and polishing are required before final preparation with twin-jet electropolishing, ion 

milling, or focused ion beam (FIB) cutting. Its accuracy depends on the statistical 

analysis of the separation distance at different positions of the dissociated dislocation 

[50,172]. Moreover, traditional TEM observations of dissociated dislocations are 

usually ex situ experiments, which means the samples were pre-deformed to create 

stacking faults and then prepared for observation. Preparing, handling, and transferring 

samples can exert different influences (stress, strain, temperature, etc.) on the sample. 

The initial dislocation morphology of the sample can be ruined and cause ambiguity, 

especially when measuring the SFE at cryogenic conditions, where the samples need to 

be warmed up to room temperature and then polished. To overcome this shortcoming, 

the in situ TEM characterization [173–175] was proposed, where the real-time 

microstructure of the sample can be captured under real-world conditions, such as 

during deforming at cryogenic conditions [175]. However, performing in situ TEM 
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observation is even more difficult and time-consuming. First, a specially designed 

sample holder and extra equipment are required to apply stress/temperature change to 

the sample and carry the sample simultaneously. Meanwhile, the sample preparation is 

still a challenge as well as placing the sample within the operating zone of the in situ 

holder. 

Nevertheless, the in situ X-ray/neutron diffraction can also capture the real-time 

microstructural evolution at various temperature/stress/strain conditions and their 

sample preparation is much easier as they are non-destructive techniques and no extra 

preparation procedures are needed [93,176–178]. Meanwhile, compared to the 

nanosized observation area in TEM, the X-ray/neutron diffraction can collect the 

diffraction pattern averaged from a very large gauge volume in the level of cubic 

millimetres. The accuracy of the measurement can thus be effectively improved. In 

addition, the in situ X-ray diffraction has ultrafast data acquisition rates of the order of 

seconds or milliseconds, thus allowing capturing of some fast-transient or short-lived 

processes and continuous monitoring microstructure evolution under different 

operating conditions [179]. For example, collecting one diffraction pattern in I12 

beamline of the Diamond Light Source (DLS, UK) consumes only less than 1s [180]. 

However, X-ray diffraction generally suits the fine-grained polycrystalline to guarantee 

the quality of diffraction data due to its very limited penetration ability, especially for 

alloys consisting of high atomic numbers where the penetration ability of X-ray drops 

rapidly in this regime. The in situ neutron diffraction shows much higher penetration 

ability and solution than synchrotron X-ray diffraction. A neutron can penetrate a few 

centimetres into the bulk material and create a good diffraction signal, thus it is very 

suitable for the measurement of the residual stress of alloys with high atomic numbers 

[181–184], while neutron diffraction data collection usually consumes a longer time 
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than X-ray diffraction. For example, it usually takes over 15 mins to collect a diffraction 

pattern with high quality at the beamline ENIGN-X at ISIS spallation neutron source, 

the Rutherford Appleton Laboratory, UK [185]. 

Even with many merits in data collecting and accuracy, there are still many limits in 

synchrotron X-ray/neutron diffraction. First, in situ X-ray diffraction is based on a large 

synchrotron which can produce high energy X-ray (53-150 keV at beamline I12 of the 

Diamond Light Source), while the neutron diffraction relies on the large neutron 

spallation sources, such as ISIS neutron and muon source in UK and Spallation Neutron 

Source in the US. The accessibility of these large facilities is very limited as there are 

only around 40 large synchrotron light sources and 23 neutron sources around the world. 

Meanwhile, the in situ observation with X-ray/neutron diffraction required several 

different types of equipment (tensile rig, cryogenic system, vacuum chamber, ion 

irradiation, etc.) built integrally to create different service conditions, such as low 

temperature and high strain levels, to capture the real-time microstructural features. 

Furthermore, the interpretation of diffraction peaks can also induce ambiguity since the 

diffraction data mainly relies on the single peak fitting with different methods, e.g., 

Pseudo-Voigt peak fitting.  

In summary, the in situ neutron diffraction can reflect the real-time microstructure 

evolution during deforming at different conditions, e.g., temperature and strain rate, 

with the high gauge volume and thus accuracy. It is one of the most desirable and 

powerful tools in exploring the relationship among microstructure (such as SFE and 

dislocation density) evolution, strengthening mechanisms, and mechanical 

performance at the cryogenic range. 
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2.7 Promising Cryogenic Materials   

The rapid advancement of cryogenic technology put forward ever-increasing demand 

and thus many challenges for the alloys that could resist low-temperature and various 

service conditions.  

The first challenge is the ultra-low temperatures. Some emerging applications of 

cryogenic technology, such as energy storage, nuclear fusion, superconducting magnets 

for medical diagnosis, and Maglev, require the ultra-low working temperature at around 

4K. The conventional low-temperature materials, such as aluminium alloys [5–8], low 

carbon steels containing 3.5% nickel or higher, titanium alloy, nickel alloys, 9%Ni 

steels, and Fe-Ni-based Invar alloys [8]), and highly alloyed steels, however, showed 

undesirable mechanical performance in the cryogenic zone. The designed working 

temperature for the present developed low-temperature alloys is generally higher than 

77 K. Many aluminium alloys can only be used at temperatures higher than 231 K, 

except 7075 and 7178 alloy [5–8]. The ideal working temperature for low carbon steels 

(containing 3.5 wt.% nickel or higher) is in the range of 173 to 198 K. Some aluminium 

alloys (such as 2024-T4, 7039-T6, 5456-T6, and 5456-H343) and maraging steels with 

the addition of 20-25 wt.% nickel, cobalt, molybdenum, titanium, and niobium are 

generally designed for working temperature down to 77 K [5–8]. For conditions lower 

than 77 K, only a few highly alloyed austenitic stainless steels with 18-21 wt.% 

chromium and 9-14 wt.% nickel (such as 304 and 310 stainless steel) were developed 

[8].  

The second challenge is the ever-increasing higher requisitions for the mechanical 

properties at cryogenic conditions. The mechanical performance for the traditional low-

temperature alloys is not very desirable and the very limited alloy type cannot meet the 
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expanding applications. As shown in Fig. 2-21, conventional alloys generally cannot 

achieve high strength and large ductility simultaneously at low temperatures due to the 

lack of continuous strain hardening effects during plastic deformation. For example, 

titanium alloys generally show very high YS and UTS while their ductility was 

sacrificed: their elongation was usually lower than 20%. The aluminium alloys, 

however, showed even worse mechanical performance at 77 K with YS and UTS < 800 

MPa and elongation < 20%. For the expensive nickel alloys, although the strength is 

high (YS < 1500 MPa and UTS < 1700 MPa), their ductility is only slightly improved 

compared to the titanium alloys and remains at a very low level (elongation < 30%). 

Another challenge for low-temperature alloys is their high production cost. It is critical 

and of great significance in reducing the production cost of cryogenic alloys due to the 

soaring demand. The massive production for the present low-temperature alloys, 

however, is not economically viable. Many of the low-temperature alloys are relying 

on the high nickel concentration to maintain the stability of lattice structure and 

mechanical performance [8,186]. The addition of nickel is very expensive (13.81 £/kg) 

compared to other elements, such as copper (5.3 £/kg), manganese (1.5 £/kg) and 

aluminium (0.45 £/kg).  

Recently, several types of alloys were developed with many intriguing merits (such as 

low-production cost, excellent strength-ductility balance) for cryogenic conditions, 

attracting huge research interest and showing promising solutions to this dilemma. The 

mechanical performance (YS, UTS, and elongation) of conventional low-temperature 

alloys (aluminium alloys, titanium alloy, and nickel alloys) at 77 K were compared with 

the promising alloys: (austenitic stainless steels, high Mn alloys, and multi-component 

alloys) in Fig. 2-21 [5–8,45,48,186–202]. These alloys exhibit high strength and large 

elongation simultaneously due to their potential in activating a variety of concurrent 
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strengthening mechanisms, i.e., dislocation motions, TWIP, and TRIP. As shown in Fig. 

2-21, multi-component alloys, high-Mn steels, and austenitic steels show premier 

mechanical performance and great potential in achieving the combination of higher 

strength and larger elongation.  
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Fig. 2-21 The comparison of mechanical performance of various cryogenic alloys at 77 K: titanium 
alloys, aluminium alloys, nickel alloys, high Mn steels, stainless steels, multi-component alloys. (a) 

Yield strength plotted with elongation. (b) Ultimate tensile strength plotted with elongation [5–
8,45,48,186–202]. 



Chapter 2                                                                                               Literature Review 

50 

2.7.1 High Mn Steels 

The Fe-Mn steels were firstly discovered by Sir Robert Hadfield in 1888 [203] (also 

called Hadfield steel, containing 1.35% of C, 0.69% of Si, 12.76% of Mn in wt.%). The 

Hadfield steel showed high stiffness, surface wear resistance, and extended service life. 

It first achieved great success in tramline in 1892, after which its application expanded 

to a very wide range and has been playing an irreplaceable role in multiple industries 

such as mining, electrical power, construction, agricultural machinery, metallurgical 

industries, and many other high impact and wear environments [204]. 

This great potential and important role of Fe-Mn steels also boosted the related 

investigation [205–208]. Many new high-Mn steels were found with the ever-

improving strength-ductility combination (as shown in Fig. 2-22) and great commercial 

value in various industries [203].  

 
Fig. 2-22 The ultimate tensile strength and total elongation comparison of different steels, after Ref. 

[203]. 

Initially, in 1929, Hall and Krivobok [203] revealed the full austenite microstructure of 

Hadfield’s steels after thermal treatment higher than 500 ℃ and subsequent quench. 
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After that, the important role of Mn concentration was found as high Mn content can 

promote the formation of FCC single-phase structure of austenite, making high-Mn 

steels very promising candidates for various industrial applications. In 1936, Tofaute 

and Linden [209] indicated that the alloys can maintain FCC lattice structure when: 

 wt.%Mn+13wt.%C 17≥  Eq. 2-22  

This equation revealed the role of Mn in stabilizing austenite phases and high Mn steels 

can be cheaper alternatives for Ni-containing steels. Therefore, many series of high-Mn 

steels attracted huge research interest due to their low cost, high strength, large 

elongation, and good workability [210]. Fe-xMn-ySi-zAl alloys serve as a very 

promising series of high-Mn steels and were systematically investigated by Grässel et 

al. [81,82,211] in terms of deformation mechanisms and mechanical behaviours. The 

results revealed these alloys own very high strain hardening rate thus significantly 

improving tensile properties and uniform elongation (as shown in Fig. 2-23). Among 

all the tested alloys, the Fe-25Mn-3Si-3Al showed a high UTS of ~650 MPa and a very 

large elongation of 95%. Meanwhile, they also observed extensive strain-induced 

twinning and a certain amount of martensite phase transformation (from γ to ε/α′), 

indicating that the dense twin boundaries and new born α′ phases can not only act as 

strong barriers to dislocation motions but also enhance tensile elongation by retarding 

local necking. The role of Al and Si was also revealed: Al can effectively increase the 

SFE of the alloy and sustain the stability of the austenite phases while the Si can 

decrease the SFE and promote γ to ε transformation [211–213]. This means the SFE of 

the alloys can be modified via tunning concentrations of Mn, Al, and Si. Furthermore, 

in order to achieve better mechanical properties and exploit the strengthening 

mechanisms, more Fe-Mn-Al-Si series alloys with different SFE were developed by 

adding a trace amount of other elements, such as Ni and C [90,214–217]. Meanwhile, 
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many variants of Fe-Mn alloys were also developed, such as AISI 201 and 202 (Fe-

Mn-Cr series stainless steels), Ni-free Cr-Mn-N stainless steels [216,218,219]. These 

alloys were then widely used as heat-resistant, non-magnetic, and low-temperature 

materials in many applications. 

 
Fig. 2-23 Strain hardening increment of several Fe-xMn-3Si-3Al during straining at room temperature, 

after Ref. [81]. 

On the other hand, the outstanding mechanical performance of high-Mn steels during 

low-temperature straining was also reported in Refs. [220]. In 1977, Remy et al. [220] 

investigated the twinning and phase transformation (from γ to ε) of a Fe-Mn-Cr-C alloy 

and emphasized their increasing importance in enhancing work-hardening rate and 

elongation during decreasing deformation temperature. Curtze et al. [68] reported the 

temperature dependence of a series of high-Mn steels at the temperature range of 223 

to 298 K. As shown in Fig. 2-24, decreasing temperature witnessed a steady increase in 

tensile strength in all tested high-Mn steels. 
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Fig. 2-24 YS and UTS of several high-Mn steels as a function of deformation temperature, after Ref. 

[68]. 

 
Fig. 2-25 Engineering stress-strain curves of the Fe-17Mn-0.6C steels with different grain sizes during 

deforming at room temperature and 123 K, after Ref. [221]. 

Motomichi et al. [221] explored the mechanical performance of a series of high-Mn 

steel (Fe-17Mn-0.6C, wt.%) in a lower temperature of 123 K. The stress-strain curves 

of the alloys at room temperature and 123 K are shown in Fig. 2-25. The evolution of 

the strain hardening rate of the alloys with different grain sizes during tensile testing at 

room temperature and 123 K is shown in Fig. 2-26. The dotted lines show the flow 

stress equals the strain hardening rate, indicating the plastic instability and the 
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occurrence of fracture. The low temperatures can effectively improve the strain 

hardening rate and avoid fracture.  

 
Fig. 2-26 Work hardening rate of the alloys with different grain sizes during deforming at (a) room 

temperature and (b) 123 K, after Ref. [221]. 

In summary, these results indicate that the huge potential of high Mn steels in cryogenic 

environments as their superior ability in fully exploiting TWIP and TRIP effects. More 

importantly, the production cost of high Mn steels is significantly lower than other Ni-

containing alloys due to the high concentration of Mn, which serves as a critical element 

in adjusting the stability of austenite and thus the deformation mechanisms.  

2.7.2 Multi-component Alloys  

Traditional alloys, such as aluminium alloys, copper alloys, basically consist of one 

main element and several minor elements. An alloy family with a variety of mechanical 

performances can be achieved by modifying the ratio of minor elements. Multi-

component alloys, consisting of several (≥ 3) elements with near equiatomic ratio [222–

225], are designed to break the concept of one principal element, which was widely 

employed by conventional alloys (e.g., binary and quaternary alloys). Their uniqueness 

of consisting of multiple equal ratio elements endows them with significant lattice 
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distortion, many other intriguing features (e.g., sluggish effect, cock tail effect, etc.) as 

well as a very promising mechanical performance [226–228].  

On the other hand, the core concept of one main element severely limited developing 

alloys with better mechanical performance, leaving a relatively very narrow space for 

other elements [229]. The multi-component alloys abandoned this principle and 

revealed the huge potential of unexplored alloys. According to Cantor [230], the total 

number of possible alloys (N) can be calculated with the number of components (C) 

and composition difference between each alloy (x%):   

 ( ) -1100 / CN x=   Eq. 2-23 

After excluding the radioactive, toxic elements, it can yield a huge number of possible 

alloys (~10177), which is overwhelmingly larger than the alloys we now have 

investigated. According to the available phase diagrams [231], the total number of 

isomorphous binary and the ternary system reaches only 153 and 248, respectively. As 

shown in Fig. 2-27, the binary, ternary, and quaternary alloy systems are located at the 

corner and the vast realm was left in the centre of higher-order phase diagrams [230]. 

Therefore, a new concept of producing alloys with several equal ratio elements has been 

popularized in 2004 by Yeh [232]. This new concept attracted enormous interest for 

investigating all around the world during the past decade [101,233–235]. 
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Fig. 2-27 Schematic illustrations of the (a) ternary and (b) quaternary systems. The corner regions 
marked with yellow represent the traditional alloys based on one major element, which are well-

known; The blank areas are relatively less known, after Ref. [230]. 

This new design concept can also be interpreted in terms of the configurational entropy 

of the alloy. According to the general Gibbs free energy equation, the relationship 

between Gibbs free energy ( mixG ) and entropy ( mixS∆ ) of a solid solution alloy can be 

expressed as follows [222,223]: 

 -mix mix mixG H T S= ∆ ∆  Eq. 2-24 

, in which the T is the temperature in Kelvin and mixH∆  is the enthalpy of an ideal 

solution. For a binary alloy, the maximum of the configurational entropy can be 

obtained when the two elements are mixed with an equiatomic ratio: 

( )ln lnconfig A A B BS R X X X X∆ = − + , where R is the gas constant [229,236]. For general 

solutions, the enthalpy can still be regarded as 0 since the deviation is small, so the 

configurational entropy of mixing ( SSS ) can be simply written as [237]: 

 ( )- lnSS
i iS R X X= ∑  Eq. 2-25  

, where iX  corresponds to the atom fraction of element i. Therefore, the maximum 

configurational entropy of any alloy system can be roughly written as 

,max lnconfS R N∆ = . According to Ref. [232], the increase of the constituent number can 
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lead to the increase of configurational molar entropy ( SS
CalcS ) of the alloy and therefore 

entropy. Generally, multiple alloys can be divided into three categories based on their 

entropy values: low ( SS
CalcS  < 0.69R), medium (0.69R < SS

CalcS  < 1.61R), and high entropy 

( SS
CalcS  > 1.61R) alloys. As proposed by Yeh [238], the multi-component alloys were 

designed consisting of five or more principal elements with each of them having a 

concentration between 5 and 35 at.%. This unique design concept leads to a very high 

entropy value according to Eq. 2-25, so these alloys are more commonly described as 

high entropy alloys (HEAs). During the past decade, huge research interest was devoted 

to developing more types of complex concentrated alloys, leading to a growing number 

of new alloys: such as non-equiatomic HEAs, multiple phase HEAs, metastable HEAs, 

and MEAs. Fig. 2-28 shows the formation of a quinary equiatomic system via mixing 

5 types of atoms [239]. According to Eq. 2-25, the configurational entropy is calculated 

to be 1.61R. The deviation from the equiatomic state can lead to the dropping of entropy. 

 
Fig. 2-28 Schematic illustrations of five equiatomic elements (a) before and (b) after mixing. The atom 

size was assumed to be the same just to show the randomness of the matrix, after Ref. [239]. 

Four special effects were found at HEAs: the high entropy effect, lattice distortion 

effect, sluggish effect, and the cocktail effect [240]. which favours the formation of 

stable, single-phase, and severely distorted solid solutions [241].  

The high entropy effect is the most symbolic feature for HEAs. Compared with 

traditional alloys having only one dominant element and low entropy value, the high 

entropy value enhances the formation of stable, single-phase substitutional solid 
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solutions with severely distorted lattice [238,242]. Gibbs phase rule depicts the 

relationship among the number of phases in thermodynamically equilibrium state (P), 

the degree of freedom (F), and the number of components (N) at constant pressure can 

be written as: 

 1P N F= − +  Eq. 2-26  

The maximum value for the phase number could be N+1 with F having a minimum 

value of 0, any slight change in composition and/or temperature can decrease the 

equilibrium phase number. The minimum phase number could be 1 when F = N. Even 

the number of the existing phases in multiple component alloy is not certain (ranging 

from 1 to N+1). However, HEAs can violate the founding principle due to their high 

entropy [243,244]. HEAs have medium negative mixH∆  and the highest mixS∆  

compared with other states: elemental phase, compounds, and intermediate phases 

[245]. Therefore, the mixG∆  is a larger negative for HEAs according to Eq. 2-24, 

indicating HEAs can be more stable at random solid solution state. 

The lattice distortion effect stems from the difference in atom size, bonding energy, and 

crystal structure, leading to a complex and highly distorted matrix [246,247]. The 

randomness of occupying the lattice site by different types of atoms causes severe local 

displacement, which is much higher than the solid solution effects in traditional alloys. 

This phenomenon is related to the shear modulus mismatch between constituent atoms, 

which can give a rise of friction stress, postpone the initiation of dislocation, and realize 

significant hardening effects [248,249]. Fig. 2-29a shows the conventional solid 

solution in which the solute atoms are trapped by solvent atoms due to their minor 

amount. The boundary between the solution and the solvent atom will disappear for 

multi-component alloys (shown in Fig. 2-29b), in which the atom positions show great 

deviation from mean lattice positions [241].  
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Fig. 2-29 Comparison between the (a) conventional dilute solid solution and (b) a complex, 

concentrated solution, after Ref. [241].   

The severely distorted lattice can effectively influence the thermal part of initiation 

dislocation motion, increasing the YS and hardness of the alloy significantly. This is 

because the Peierls-Nabarro energy barriers for initiating dislocation motion at 

conventional alloys are more periodic [250].  

The sluggish effect means the diffusion in HEAs is sluggish [251]. Atom diffusion 

plays an important role in some phase transformation processes. The heavily distorted 

lattice can not only impede the dislocation motion but also slow down the atom 

diffusion. Therefore, the nucleation/growth of new phases and even the morphology of 

the new phases can be influenced.  

The cocktail effect means the synergistic mixture result is unpredictable and has a 

greater result than the sum of each part [229]. The phase number of HEAs may vary 

since the difference in composition and processing procedures, the total property 

enhancement can be decided by mixing of all constituents. The improvement can be 

significantly better than the sum of each phase since each phase can be regarded as an 

atomic scale composite (due to the highly distorted matrix) and the variety in size, shape, 

distribution, phase interfaces among each phase [252,253].   
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Fig. 2-30 Ashby map plotting fracture toughness with respective to yielding strength for comparing 

high entropy alloys with other materials, after Ref. [254].  

The new design concept also brings the MEAs/HEAs with better mechanical properties 

(e.g., YS, hardness, toughness, elongation, etc.) compared with conventional alloys (Fig. 

2-30). As shown in Fig. 2-30, Gludovatz et al. [254] compared the fracture toughness 

and YS with a wide variety of materials. The result shows the superior combinations of 

YS and toughness of HEAs. Among all the investigated HEAs, CrMnFeCoNi has been 

found to have the best combination of a high toughness (with the plane-strain fracture 

toughness reaching 200 MPa·m-0.5) and a high UTS of ~1 GPa. 

On the other hand, as shown in Fig. 2-31, HEAs also show high mechanical 

performance at the elevated temperature range (from 473 to 1273 K) [255]. This can be 

ascribed to the sluggish diffusion effect and second phase strengthening. For example, 

the hardness of an AlCoCrFeMo0.5Ni alloy can maintain a very high Vickers hardness 
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of 347 at 1273 K, which is much higher than traditional high-temperature alloys like 

Inconel 718 alloy (with a hardness of 220 HV) [256]. 

 
Fig. 2-31 The mechanical properties of HEAs and other compels concentrated alloys at the low- to 

high- temperature range, after Ref. [255]. 

Recently, the investigation concerning MEAs/HEAs has expanded to the low-

temperature range and more prominent mechanical performance has attracted huge 

research interest for cryogenic applications [193,257–259]. As indicated in Ref. [254], 

decreasing deformation temperature from 293 to 77 K led to significant improvement 

in mechanical performance: the YS and UTS of CrMnFeCoNi alloy were 

simultaneously improved by ~85% and ~70%, reaching very high values of 759 and 

1280 MPa, respectively. Meanwhile, Wang et al. [200] also reported a similar 

phenomenon at a HEA with 4 principal elements (FeCoCrNi). Fig. 2-32a shows the 

true stress-strain curve of the alloy deforming at 293 and 77 K while the strain 

hardening rate (SHR) was calculated at Fig. 2-32b. The result shows that a good 

combination of high UTS (~1725 MPa) and large elongation (~0.55) were obtained at 

77 K. 

The superior mechanical properties of some multi-component alloys were compared 

with other conventional alloys at 77 K in Fig. 2-21. This reveals the huge potential of 
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multi-component alloys in achieving excellent strength-ductility combinations. 

Meanwhile, it is also worth noting that the multi-component alloys have a very wide 

adjustment space for mechanical performance due to their unique design concept of 

consisting of several near-equiatomic elements. This sheds a light on designing 

different multi-component alloys with varied mechanical properties for different 

service conditions and reducing the production cost. 

 
Fig. 2-32 Mechanical performance of a FeCoCrNi HEA at 293 and 77 K: (a) True stress-strain curve 

and (b) the corresponding strain hardening rate, after Ref. [200]. 

 

2.7.3 Austenitic Stainless Steels 

With desirable corrosion resistance, toughness, biocompatibility, and weldability, 

austenitic stainless steels (ASSs) have found a very wide range of applications ranging 

from low-end applications such as cooking utensils and tableware to some sophisticated 

areas (such as automobile production and aerospace vehicles) to advanced cryogenic 

applications in outer-space exploration and high-resolution detectors [65,153,260,261]. 

For example, in nuclear power industries, AISI 304L ASS shows great resistance to 

irradiation and has been used to build main irradiation-facing components in the light 

water reactors or some sodium-cooled fast reactor, e.g., EBR-II [262]. To create an 
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adherent, self-healing layer and achieve superior corrosion resistance, the chromium 

content of ASSs is generally higher than 11 wt.% [263].  

 
Fig. 2-33 The microstructure evolution of the 304SS during deforming at room temperature, after Ref. 

[264]. 

Meanwhile, the chemical composition also endows the ASSs with low SFE and the 

metastable FCC structured austenite, thus both TWIP and TRIP effects were frequently 

observed in the ASSs even during deforming at room temperature [264,265]. As shown 

in Fig. 2-33, Shen et al. [264] indicated that different deformation structures 

(dislocations, stacking faults, twins, HCP laths, and BCT phases) were formed during 

plastic deformation. Consequently, the 304 SS shows both a high strain hardening effect 

and extraordinary ductility. The YS of the 304 ASS is ~320 MPa while the following 

newborn microstructures sustainably contributed to the strain hardening effect, yielding 

a very high UTS of ~870 MPa and large elongation of ~63%. More importantly, as 

indicated in Refs. [108,110,153], ASSs exhibit more prominent strain hardening effects 



Chapter 2                                                                                               Literature Review 

64 

and thus improved mechanical properties (high toughness, excellent strength, and 

extraordinary ductility) with the decrease of deformation temperature. The mechanical 

properties of several traditional ASSs at 77 K were compared with other conventional 

alloys in Fig. 2-21, making them very intriguing in cryogenic applications.  

 
Fig. 2-34 (a) Engineering stress-strain curves of the Cr19NC15.15 ASS during decreasing deformation 

temperature, after Ref. [266]. 

For example, Alsultan et al. [266] applied in situ magnetic measurements to investigate 

the mechanical performance and the TRIP effect of an ASS (Fe-19Cr-4Ni-3Mn-0.15N-

0.15C) at the low-temperature range (from room temperature to -70℃). The mechanical 

performance of the alloy during deforming at different temperatures was shown in Fig. 

2-34. The YS and UTS of the alloy are 327 MPa and 895 MPa at room temperature, 

which was gradually enhanced to 472 MPa and 1505 MPa at -70℃. As summarized in 

Fig. 2-34b, both YS and UTS of the alloy increased almost linearly with the temperature 

dropping, accompanied by a decline in elongation, from 78% at room temperature to 

56% at -70℃. 
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Fig. 2-35 (a) The evolution of volume fraction of strain-induced martensite with engineering strain and 

(b) true stress-strain curves and the corresponding strain hardening curves, after Ref. [266]. 

The evolution of volume fraction of strain-induced martensite was plotted as a function 

of engineering strain in Fig. 2-35. The formation of BCT martensite can be promoted 

by the decreasing of temperature and thus the highest volume fraction of BCT 

martensite of 81% was observed at -70℃. Consequently, the strain hardening effect of 

the alloy was significantly improved (as shown in Fig. 2-35b) since the new born BCT 

phase serves as the hard/strengthening phase in the soft FCC austenite matrix [267,268].  

Recently, due to their excellent toughness, paramagnetic, weldability, and low thermal 

conductivity, the ASSs have attracted even higher research interest and shown more 

potential applications since they are ideal raw materials for additive manufacturing 

[95,269–271]. Metal additive manufacturing is an advanced technology to fabricate 

end-use metallic components for critical applications and is considered as the next-

generation manufacturing method. Many investigations [95,269,270] reported that the 

unique layer-by-layer building method and the resulting complex thermal cycles are 

usually involved during the metal additive manufacturing, which can induce several 

heterogeneous microstructures, (such as heterogeneous grain structures, sub-grain 

cellular structure, and texture) and anisotropy to the fabricated alloys. These structures 

can provide effective barriers for the dislocation motion thus significantly enhancing 

the YS of the alloys. 
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In summary, the ASSs are a promising candidate for the various complex service 

conditions (cryogenic and other harsh environments) due to their excellent corrosion 

resistance, toughness, weldability, biocompatibility. On the other hand, their low SFE 

at cryogenic conditions can induce multiple strengthening microstructures and thus 

trigger multiple deformation mechanisms, guaranteeing superior mechanical 

performance. Furthermore, ASSs serve as the desirable raw material for additive 

manufacturing, paving a new way of manufacturing complex components with 

improved mechanical performance for cryogenic applications. 

2.8 Summary 

In conclusion, the need for cryogenic materials with superior mechanical properties and 

lower production costs is soaring due to the rapid advancement of cryogenic technology 

(Chapter 2.1). However, the change of deformation temperature, especially at the 

ultralow range, can easily result in ductile to brittle transition phenomenon in many 

alloys with BCC or HCP structures (Chapter 2.1). Activating multiple strengthening 

mechanisms (dislocation motion, TWIP, and TRIP) in FCC alloys is considered as a 

very promising method to achieve excellent strength-ductility combinations even at the 

cryogenic conditions (Chapter 2.3). The SFE of the alloys serves as a critical parameter 

in activating the deformation mechanisms (Chapter 2.5) and needs accurate 

experimental validation, especially at the cryogenic temperatures (Chapter 2.6). From 

previous profound findings, three types of FCC alloys (multi-component alloys, high 

Mn steels, and austenitic stainless steels) exhibit great potential in adjusting the SFE to 

the desirable range and thus realizing different strengthening mechanisms (Chapter 2.7).  
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To develop more advanced cryogenic alloys with premier mechanical properties and 

lower production costs, it is urgently needed to build a more fundamental understanding 

of the relationship among microstructural/mechanical responses, deformation 

mechanisms, SFE, and chemical composition of these alloys at the low-temperature 

range. Even with great previous findings in conventional cryogenic alloys, the 

investigations concerning these new types of alloys, especially at ultra-low temperature 

conditions, are still very rare. Most of them are based on theoretical 

modelling/prediction or ex situ observation. Many theoretical simulations need 

experimental validation and very few in situ observation, especially the in situ neutron 

diffraction at cryogenic temperatures, were performed. In addition, the strengthening 

contribution of multiple deformation mechanisms, dislocation, TWIP, and TRIP, is not 

yet fully exploited and their evolution with decreasing temperature needs more 

comprehensive studies.  
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3.1 Abstract 

High manganese steels are promising candidates for applications in cryogenic 

environments. In this study, we investigate the mechanical and microstructural 

responses of a high manganese twinning induced plasticity (TWIP) steel at a low-

temperature range (from 373 to 77 K) via in situ neutron diffraction quantification and 

correlative microscopy characterization. During plastic deformation, stacking fault 

probability and dislocation density increased at a faster rate at a lower temperature, 

hence, higher dislocation density and denser mechanical twins were observed, 

confirmed by microscopic observation. Stacking fault energy was estimated, dropping 

linearly from 34.8 mJm-2 at 373 K to 17.2 mJm-2 at 77 K. A small amount of austenite 

transferred to martensite when deforming at 77 K. The contributions to flow stress from 

solutes, grain boundary, dislocation, and twinning were determined at different 

temperatures, which shows that the high work strain hardening capacity of the TWIP 

steel originates from the synergetic strengthening effects of dislocations and twin-twin 

networks. These findings reveal the relationship among stacking fault energy, 

microstructure, and deformation mechanisms at the low-temperature range, paving the 

way in designing TWIP steels with superb mechanical performance for cryogenic 

applications. 

3.2 Introduction 

There is a rapidly growing demand for the development of metallic materials to be used 

at cryogenic temperatures such as liquified gas (e.g. natural gas and hydrogen) storage 

and transportation, nuclear fusion devices, and outer-space exploration  [68,79,272]. 

High Mn austenitic steels are promising candidates not only due to their superior ability 
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to resist low-temperature cracking, excellent work hardening capacity, and the 

associated superb strength-ductility combination [68,79,273,274] but also because that 

their costs are lower compared to austenitic stainless steels [275], 9% Ni steels [13] and 

medium/high entropy alloys [200,276].  

High Mn austenitic steels with Mn content in the range of 15 to 30 wt.% are known to 

trigger nano-twinning during deformation [79,277], achieving excellent mechanical 

performance with high strain hardening. The activation of twinning effects is closely 

related to the temperature- and composition-dependent stacking fault energy (SFE) 

[138–140]. When SFE is higher than 45 mJm-2, dislocation sliding takes the main role, 

whereas twinning is favoured when SFE drops to the range of 18~45 mJm-2. If the SFE 

is further decreased to a very low level (< 18 mJm-2), phase transformation can be 

triggered due to the negative value of molar Gibb’s energy of the transition from FCC-

austenite to HCP-or/and BCT-martensite. Although this relationship between SFE and 

deformation mechanisms is well known, the measurement of SFE in high Mn steels at 

the low-temperature regime has rarely been reported. Theoretical calculation based on 

thermodynamics [273] and first principle [278] was used to determine the temperature 

dependence of SFE, but experimental measurements are rare and critically needed for 

model validation. 

Measurement of SFE of high Mn steels at cryogenic temperature is, hence, valuable for 

alloy development and understanding of deformation mechanisms. SFE can be obtained 

usually from transmission electron microscope (TEM) micrographs of unloaded 

specimens deformed to a certain strain [279,280]. This means that for cryogenic 

deformed specimens, we have to raise the temperature of the frozen samples to room 

temperature for sample preparation and TEM observation, which could lead to a 

significant change of the stacking fault structure hence the SFE measurement may not 
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be reliable. Recently, in situ methods for mapping microstructure evolution during 

cryogenic deformation have been developed, such as in situ TEM [281] and in situ 

neutron diffraction [102,200,282]. In situ TEM shows remarkable advantages in 

observing the dislocation motion, slip band formation, and primary/secondary twinning 

formation during deformation and should be a promising approach for SFE 

measurement, although implementation of in situ TEM at extremely low temperature 

is difficult [281,283]. In situ neutron diffraction combined with loading at cryogenic 

temperatures, on the other hand, not only can quantitatively depict the microstructural 

evolution of bulk materials (e.g., interplanar crystal lattice spacing [273], phase 

identification [284], and dislocation density [200,285]), but also allows us to measure 

SFE at extremely low temperatures as low as 15 K [282].  

Although twinning is known to occur during the deformation of high Mn steels with 

SFE between 18 to 45 mJm-2, the contribution of deformation-induced twins to their 

high work hardening capacity is under debate. It is widely accepted that during 

deformation, strain-induced twinning boundary serves as an effective barrier to impede 

dislocation gliding by reducing their mean-free path. This leads to substantial strength 

enhancement under progressing strain, which is best known as the “dynamic Hall-Petch 

effect” [286,287], providing a sustained high work hardening rate. However, this 

concept was challenged recently. Liang et al. [72] demonstrated that dislocation motion 

is the main source for the high work hardening rate of TWIP steels while the twinning 

contribution is insignificant. Therefore, it is important to further shed light on the 

contributions of twinning and dislocation towards the work hardening.  

Herein, we investigated the cooperative strengthening effects from dislocation motion 

and mechanical twinning in a high Mn TWIP steel (Fe-24Mn-4Cr-0.5C-0.5Cu) at a 

low-temperature range (from 373 to 77 K). The in situ neutron diffraction and tensile 
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testing were performed to capture the microstructure evolution during deformation. The 

diffraction spectra were analysed to obtain manifold microstructural parameters (e.g., 

lattice strain, stacking fault probability, SFE, and dislocation density). After the tensile 

tests, microscopic observation has been carried out on the fractured samples to 

characterize the microstructure. Additionally, the strengthening contributions from 

various strengthening mechanisms have been determined at different deformation 

temperatures. This work provides an in-depth micro-mechanical understanding of the 

superior mechanical properties via dislocation-TWIP collective deformation 

mechanism. 

3.3 Experimental Methods 

3.3.1 Materials Processing 

The material was provided by Baosteel company. High purity metals (purity ≥ 99.9%) 

were melted to cast an ingot with a composition of Fe-24Mn-4Cr-0.5Cu-0.5C (wt.%) 

by vacuum induction melting and casting. After homogenization at 1473 K for 48 h, 

the ingot was then subjected to hot rolling at 1200 K, followed by water quenching to 

room temperature.  

3.3.2 In Situ Neutron Diffraction 

In situ time-of-flight (TOF) neutron diffraction measurements during tensile tests were 

carried out on the ENGIN-X diffractometer with a stress rig, provided by ISIS 

spallation neutron source, the Rutherford Appleton Laboratory, UK [185]. The 

schematic illustration of the in situ TOF neutron diffraction experiment is shown in Fig. 

3-1a. The incident beam, containing pulses of neutrons with a continuous range of speed 
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and therefore wavelength, travelled through the moderator and was defined by slits with 

a size of 4 × 4 mm2. Two ±90° detector banks, radial (north) and axial (south) one, were 

mounted perpendicularly to the incident beam direction. They are capable of 

continuously collecting diffracted neutron beams from crystallographic grain planes 

subjected to compressing and tensile force, respectively. The intersection of the incident 

beam and 4 mm diffraction beam (defined by the width of the collimator) determined 

the scattering gauge volume to be 4 × 4 × 4 mm3. Dog-bone tensile samples (Fig. 3-1c) 

with gauge volume of Φ 8 × 32 mm3 were placed at a cryogenic chamber, which 

provides a high-vacuum environment (< 10-5 Pa) (Fig. 3-1b). The deformation 

temperature change was achieved by a built-in heater and two liquid helium tubes [288]. 

The temperature was stabilized for 30 minutes at the high vacuum state before tensile 

loading and collecting diffraction signals. The tensile forces were provided by an 

Instron stress rig with a load capability of ±100 kN mounted horizontally and 45° to the 

incident beam. A series of measurements were performed during the tensile tests and 

each diffraction pattern collection consumes 20 minutes between tensile loading steps, 

iterating until sample fracture. An extensometer was used to measure the strain during 

tensile loading. Prior to data collection, a standard sample (CeO2) was used for precise 

calibration of the experimental geometry (e.g., primary and secondary flight path 

distance) and subtraction of the instrumental broadening effect. The GSAS software 

package was applied to perform peak fitting (with pseudo-Voigt function) and Rietveld 

refinement, allowing the determination of peak position, full width at half maximum 

(FWHM), and lattice parameter. 

The lattice strain is defined as the change of inter-planar distance of a given grain family 

due to the applied stress. The inter-planar spacing from different crystallographic plane 
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{hkl} without stress ( 0
hkld ) and under different stress conditions ( hkld ) were applied to 

evaluate the evolution of lattice strain ( exp
hklε ) via: 

 
0

0
exp hkl hkl
hkl

hkl

d d
d

ε −
=  Eq. 3-1 

To estimate the contribution of dislocation multiplication to the strength enhancement, 

the quantitative analysis of dislocation density was necessary. We performed 

dislocation density calculation based on a modified Williamson-Hall method [289,290]. 

The detailed calculation procedure can be found in Section A.1.1 of the Appendices. 

3.3.3 Microstructure Characterization 

Samples for microstructure observation were sectioned from the fractured tensile bars 

after the tensile tests. After mechanical grinding and polishing, a solution consisting of 

dilute hydrochloric acid and iron chloride was used for etching before optical 

microscope (OM) observation. Electron backscatter diffraction (EBSD) was performed 

on a field emission gun scanning electron microscope (FEI Sirion 200) equipped with 

an HKL EBSD detector and Channel 5 software. The EBSD maps of the as-received 

material are shown as image quality maps and inverse pole figure (IPF) maps 

perpendicular to the rolling direction (RD). The RD was marked in EBSD maps. The 

scanning electron microscope (SEM) beam parameters were set to a voltage of 20 kV, 

current of 25 nA, a spot size of 6.5, a working distance of 168 mm, and the scanning 

step size was set to 0.7 µm for the as-fabricated sample and 0.03 µm for deformed 

samples. The EBSD data was then analysed with a MATLAB package, MTEX [291]. 

Misorientation angle less than 2° were ignored during the analysis to avoid ambiguous 

grain boundaries. For transmission electron microscope (TEM) and scanning 

transmission electron microscope (STEM) characterization, thin foils obtained by 
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grinding and polishing were prepared by twin jet electropolishing with a constant 

current of ~150 mA in a solution of 5% perchloric acid and 95% methanol cooled to -

30 ℃. TEM and STEM characterization was then performed on a JOEL 2100 and FEI 

TITAN 30-800, respectively. 

 
Fig. 3-1 (a) Schematic illustration of in situ neutron diffraction facility at ISIS, neutron and muon 

source; (b) the size of the tensile bar; and (c) the cryo-chamber and hydraulic system. 

3.4 Results 

3.4.1 Microstructure of the As-fabricated Material 

The typical IPF map in Fig. 3-2a shows the grain structure of the as-fabricated TWIP 

steel, which mainly consisted of large equiaxed grains with a small fraction of 

recrystallized grains. The average grain size was 14.0±1.2 µm determined by 

performing the line-intercept method on several optical micrographs, which is 

consistent with the EBSD results. Corresponding misorientation distribution was 

plotted in Fig. 3-2b, showing that its average grain misorientation angle was 28.3% 

with the fraction of low angle grain boundary (i.e., grain misorientation angle in the 

range of 2-15°) reaching a high level of 47.6%. Dislocation tangling and dislocation-

free zones were observed and shown in Fig. 3-2c and d, respectively. The dislocation 
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networks, unevenly distributed, might be induced during the hot rolling and following 

quenching process.  

 
Fig. 3-2 The microstructure of the as-fabricated TWIP alloy: (a) typical IPF map; (b) grain 

misorientation distribution (The black line shows the random distribution misorientation); (c) HAADF-
STEM image of a dislocation tangling zone and (d) typical bright-field image and selected area 

diffraction pattern of a dislocation-free zone. 

3.4.2 Mechanical Performance 

Fig. 3-3a shows the engineering/true stress-strain curves of the alloy deformed at 

different temperatures. Corresponding mechanical properties (yield strength ( YSσ ), 

ultimate tensile strength ( UTSσ ), total elongation, and work hardening capacity (WHC)) 
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were summarized with respect to deformation temperature in Fig. 3-3b. The WHC was 

calculated with the following equation [60]: 

 0.4 YSWHC
MG

σ σ−
=  Eq. 3-2 

, where 0.4σ  is the true stress at a true strain of 0.4, G is the shear modulus and M=3.06 

is the Taylor factor. At 373 K, the steel showed a very large elongation of 0.68 and 

relatively low strength ( YSσ  of 354 MPa and UTSσ  of 796 MPa). The YSσ , UTSσ , and 

WHC increased almost linearly with the dropping of temperature (as shown in Fig. 

3-3b). An excellent combination of mechanical properties was achieved at 77 K, 

reaching YSσ  of 760 MPa, UTSσ  of 1312 MPa, and total elongation of 0.56. The WHC 

increased from 3.46×10-3 at 373 K to 4.99×10-3 at 77 K. The alloy showed good ductility 

across the temperature range, with the total elongation remaining at a high level of 

~0.55 or higher.  

In order to further analyse the hardening behaviour at different temperatures, the strain 

hardening rate (SHR, /d dσ ε ) at different temperatures was plotted with respect to 

true stress in Fig. 3-3c. The SHR curves can be roughly divided into three stages 

(separated by dashed lines). At 373 K, the SHR curve kept dropping with the increase 

of true stress, but the dropping speed varied among stages. At 293, 173, and 77 K, the 

SHR curves shared a very similar pattern: the SHR dropped rapidly at the first stage 

due to an elastic-plastic transition; Then they increased slightly at Stage II but dropped 

again at Stage III. The length of Stage II increased with decreasing temperature. At 293 

K, Stage II ranged from 614 to 841 MPa and it was then expanded at 173 K (from 804 

to 1200 MPa). At 77 K Stage II lasted from 1008 to 1700 MPa until almost approaching 

failure. Besides, as shown in Fig. 3-3c, the dropping of deformation temperature also 

pushed the elastic-plastic transition stress (from Stage I to Stage II) to higher stress 
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levels (521 MPa at 373 K, 614 MPa at 293 K, 804 MPa at 173 K and 1008 MPa at 77 

K). The Young’s modulus (E) as shown in Table 3-2 was determined by the slope of 

the linear fitting function of the true stress/strain curve at the elastic stage. There are 

small variations of Young’s modulus between different temperatures, which can be 

resulted from the sample shrinkage as the temperature decreases.  

 
Fig. 3-3 Mechanical performance of the TWIP steel at different temperatures: (a) true stress-strain 

curves; (b) mechanical properties versus temperatures; and (c) strain hardening rate. 
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Table 3-1 Mechanical properties of the alloy deformed at different temperatures. 

Temperature [K] YSσ  [MPa] UTSσ  [MPa] Total elongation WHC [×10-3] 

373 354 796 0.68 3.46 
293 442 918 0.72 3.83 
173 625 1107 0.54 4.33 
77 760 1312 0.56 4.99 

3.4.3 Diffraction Data Analysis 

In situ neutron diffraction tests were carried out at four deformation temperatures (373, 

293, 173, and 77 K). The normalized diffraction patterns during tensile testing at 373 

and 77 K (axial detector) were plotted against the true stress in Fig. 3-4a and b, 

respectively. FCC austenite phase (γ) was confirmed to be the matrix phase and did not 

transform during cooling. The lattice parameter of the austenite phase versus 

temperature was determined by performing Rietveld refinement. The lattice parameter 

at 373 K is 3.619 Å and almost linearly decreases to 3.610 Å at 77 K (Table 3-2). 

 
Fig. 3-4 Diffraction patterns with respect to true stress when deforming at (a) 373 K and (b) 77 K; 

Normalized intensity as a function of true strain at (c) 373 K and (d) 77 K. 
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The integrated intensity of each orientation during deforming at 373 and 77 K was 

normalized with that at the undeformed state and plotted with strain in Fig. 3-4c and d, 

respectively. The texture is almost unchanged during elastic deformation, after which 

the evolution of each orientation varies due to the inherent anisotropy of the alloy. The 

intensity of γ-(111), γ-(222), and γ-(200) peaks kept increasing, indicating grains with 

these orientations gradually rotated to tensile axis. Contrarily, the γ-(220) intensity 

decreased and γ-(311) changed only slightly since (220) grains rotated away from the 

tensile axis while (311) grains are stable during straining. It is worth mentioning that 

the intensity curves at both temperatures appeared to stabilize at the end of the 

deformation while 77 K showed an earlier turning point than 373 K. The saturation of 

the texture indicates the limited dislocation behaviours and activation of a new 

deformation mechanism. Besides, no new reflection peaks were found when 

deformation temperature is between 373 and 173 K, indicating that the structure of the 

alloy is stable and remained as FCC structure during deformation. At 77 K, the intensity 

of all 5 reflection peaks of the γ phase decreased initially and stabilized at large strain 

conditions (> 0.3). One new peak indexed as the (101�1) plane of the HCP phase [49] 

appeared. This shows that there is not only texture change but also FCC-to-HCP 

martensitic transition that occurred during deformation at 77 K.  

3.4.4 Lattice Strain Evolution 

In Fig. 3-5, the lattice strain evolution of five grain families ({111}, {200}, {220},{311} 

and {222}) from the axial and radial direction was plotted as a function of true stress at 

373, 293, 173, and 77 K. The uncertainty of the measured strain is constrained to less 

than 30 microstrain [292]. Fig. 3-5a shows that at 373 K, the lattice strain curves from 

all crystallographic grain planes increased linearly with true stress up to its yielding 
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point (354 MPa). Then a nonlinear relationship was observed at all crystallographic 

grain planes since the stress transferred from some stiff grain families (e.g., 220) to 

compliant grain families (e.g., 200) after yielding. Similar behaviour was also observed 

at the other three temperatures, as shown in Fig. 3-5b-d. Besides, the maximum lattice 

strain values (both axial and radial directions) for all 5 grain planes increased with the 

dropping of deformation temperature.  

Table 3-2 Lattice parameter, elastic properties, and stacking fault energy of the TWIP steel at different 
temperatures. 

Temp. 
(K) 

a0 

(Å) 
E 

(GPa) 
E111 

(GPa) 
E200 

(GPa) 

E220 

(GPa) 

E311 

(GPa) 
v v111 v200 v220 v311 G 

(GPa) 
SFE 

(mJm-2) 
77 3.610 179.4 258 131 203 171 0.257 0.207 0.344 0.284 0.289 71.4 17.2±1.1 
173 3.613 179.8 243 130 195 158 0.261 0.181 0.321 0.271 0.273 71.3 21.7±1.1 
293 3.616 179.9 235 129 191 156 0.267 0.176 0.317 0.257 0.251 71.0 30.5±1.3 
373 3.619 179.7 225 138 203 154 0.284 0.166 0.292 0.256 0.229 70.2 34.8±1.6 

 

The elastic constants at the tensile and compressive directions were obtained from the 

linear fitting of the lattice strain of axial and radial directions before the yielding of 

each grain plane (Fig. 3-5), respectively. The lattice parameter evolution with stress at 

radial and axial directions were determined with Rietveld refinement. At the elastic 

stage, the lattice parameters at radial and axial directions increased and decreased 

linearly with true stress, respectively. Their slopes were linearly fitted to determine the 

tensile and compressive Young’s modules. The ratio of the two was the Poisson’s ratio 

(v). The shear modulus (G) was calculated via 2(1 )G E v= + . The Poisson’s ratio and 

shear modulus at different temperatures are shown in Table 3-2. Likewise, we 

determined the elastic constants of each orientation (E111, E200, E220, and E311) as shown 

in Table 3-2. The ratio of elastic constants between the radial and axial directions was 

used to determine Poisson’s ratios at each orientation. At all temperatures, E111 and E200 

have the highest and lowest values, respectively. As the temperature decreased, the 

stiffness of the alloy increased. E111 and E311 were enhanced while E200 and E220 
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remained at the same level. This phenomenon can be ascribed to the shrinkage of atomic 

bonds during temperature dropping [293].  

 
Fig. 3-5 Lattice strain curves of crystallographic planes {111}, {200}, {220}, {311}, and {222} 

obtained from the axial and radial detectors during deforming at different temperatures: (a) 373 K (b) 
293 K (c) 173 K and (d) 77 K. 

3.4.5 SFP and SFE Calculation 

Many studies [282,285,292] demonstrated that stacking faults accumulation at FCC 

alloys can lead to the shifting of two consecutive crystallographic grain planes (e.g., 

{111} and {222}) differently. Therefore, stacking fault probability (SFP), which 

evaluates the density of stacking faults, can be calculated by measuring the splitting 

distance between the lattice strain curves of {111} and {222}. Lattice strain curves of 

two successive grain families {111} and {222} at the four temperatures (373, 293, 173, 

and 77 K) were then plotted with respect to true strain in Fig. 3-6a-d, respectively. 

Separation of lattice strain curves of {111} and {222} grain families at four deformation 
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temperatures can be clearly observed, indicating the formation of stacking faults, which 

is used to calculate the SFP as follows. 

To calculate the SFP, an equation considering the strain induced by macro-strain ( strain
hklε ) 

and stacking faults ( sf
hklε ) has been proposed in Ref. [274]: 

 
( )

( ) ( )2 2 2

3
4

exp strain sf strain
hkl hkl hkl hkl

b h k l
SFP

u b h k l
ε ε ε ε

π
± + +

= + = −
+ + +
∑  Eq. 3-3 

, where u and b are the numbers of non-broadening and broadened components due to 

stacking faults [274]. Since successive grain families are equivalent in the 

crystallographic directions, their lattice strain change should be the same when only 

macro-strain is considered. Therefore, the SFP can be derived from the lattice strain of 

{111} and {222} via [274]: 

 ( )222 111
32 -
3 3

exp expSFP π ε ε=  Eq. 3-4 

The calculated SFP at different temperatures was plotted against strain in Fig. 3-6a-d. 

SFP fluctuates at a very low level when the true strain is small. Sometimes the values 

are even negative, due to small errors induced by peak fitting. When SFP reached 0, 

they increased almost linearly with true strain. A linear equation was then fitted to the 

SFP versus true strain after considerable stacking faults have formed (when SFP is 

higher than 0.01). The slope of the fitted line of SFP (∂SFP/∂ε) indicates the speed of 

stacking fault formation, which was plotted against deformation temperature in Fig. 

3-7a. It started from 3.3×10-2 at 373 K and almost linearly increased to 7.7×10-2 at 77 

K. This indicates that stacking faults form much more quickly at cryogenic 

temperatures than at higher temperatures (e.g., 373 K). 
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Fig. 3-6 Evolution of lattice strain and stacking fault probability as a function of true strain at different 

temperatures: (a) 373 K, (b) 293 K, (c) 173 K, and (d) 77 K. 

According to Reed and Schramm [171], SFE measures the easiness of dissociation of a 

perfect dislocation into partial dislocations and creating stacking faults. The 

relationship between SPF and SFE is depicted with:

 
0.372

0 111 44 44 11 12

11 12

6.6 2
33isf

a C C C C
SFP C C
εγ

π

−
 〈 〉 + − =    −   

 Eq. 3-5 

, in which a0 is the lattice parameter and isfγ  is the intrinsic stacking fault energy. The 

mean-square strain, 2
111ε〈 〉 , was calculated by deconvoluting size and strain 

broadening effects with the double-Voigt method [294]. The detailed procedure to 

calculate the mean-square strain can be found in Section A.1.2 in the Appendices. The 

single-crystal elastic constants ( 11C , 12C , and 44C ) of Fe-24wt%Mn-4wt%Cr alloy, a 

close composition to ours, were calculated based on the ab initio simulation results of 

Ref. [295]. It was found that 11C =222 GPa, 12C =159 GPa, and 44C =150 GPa. Single-
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crystal elastic constants are temperature-dependent but only vary slightly between 77 

and 373 K [296–298]. The coefficient 
0.37

44 44 11 12

11 12

2
3

C C C C
C C

−
  + − 
   −   

 in Eq. 3-5 is 

even less temperature-sensitive within the temperature range according to our analysis 

on Fe [296], CrCoNi medium entropy alloy [298], and Cr-Mn-Fe-Co-Ni high-entropy 

alloy [299] (see Section A.1.3 of the Appendices). Here, we used single-crystal elastic 

constants of Fe-24wt%Mn-4wt%Cr alloy at room temperature to estimate SFE of 

various temperatures using Eq. (5), as shown in Table 3-2. It is expected that a precise 

measurement of the single crystal elastic constants of the alloy as a function of 

temperatures via experiments and ab initio simulation could increase the accuracy of 

SFE calculation.  

Fig. 3-7 (a) Temperature dependence of stacking fault probability and stacking fault energy and (b) 
dislocation density evolution with true strain at different temperatures.  
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The evolution of SFE with deformation temperature is shown in Table 3-2 and Fig. 

3-7a. The different deformation mechanism regimes defined by SFE [139,140], as 

stated in the introduction, were overlapped in Fig. 3-7a. In our study, SFE of the alloy 

started from 34.8 mJm-2 at 373 K and almost linearly declined to 17.2 mJm-2 at 77 K. 

The linear relationship between SFE and temperature was also predicted by thermo-

dynamic simulation [273] and first-principle calculation [278]. According to Fig. 3-7a, 

for this alloy, twinning would occur and play an important role during deformation at 

all four temperatures. At 373 K, the SFE value was close to the regime boundary 

separating dislocation slipping and twinning, therefore, dislocation motion might be 

still the major deformation mechanism. As the test temperature decreased, the role of 

twinning became more pronounced. At 77 K, SFE dropped to the boundary of twinning 

and phase transformation, indicating that phase transformation could occur but at a low 

extent. This result agrees well with the highest SFP rate and the formation of HCP-ε 

phase at 77 K observed in neutron reflections (Fig. 3-4b).  

3.4.6 Dislocation Density Evolution 

To estimate the contribution of dislocation multiplication to the strength enhancement, 

a quantitative analysis of dislocation density was necessary. Fig. 3-7b shows the 

calculated dislocation density (ρ) evolution during tensile testing at different test 

temperatures. Initially, the dislocation density at all temperatures was around 7 × 1013 

m-2, indicating that the fabrication processes induced pre-existing dislocations (Fig. 

3-2c), which did not change significantly when the temperature dropped. During elastic 

deformation, dislocation density did not change much. After yielding, the dislocation 

density increased with strain. Fig. 3-7b shows that the lower the deformation 

temperature, the higher the dislocation density at the same strain level. There appears 
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to be a saturation period at high strain levels before failure at 77 K. Saturation of 

dislocation density was also observed in an Al-alloyed TWIP steel that the dislocation 

density saturated at 1 × 1015 m-2 at a strain of ~0.35 [76], which is of similar magnitude 

as ours. The highest dislocation density of 1.82 × 1015 m-2 was reached when deforming 

at 77 K to a true strain of 0.44, while the corresponding dislocation density was only 

0.63 × 1015 m-2 at 373 K when deforming to a similar strain level. The dislocation 

density curves against strain between yielding and saturation appeared to be almost 

linear. By linearly fitting the curves, the slope of the fitted lines represents the increased 

rate of dislocation density ( disR ). At high temperatures, disR  was low, about 1.1 × 1015 

m-2 at 373 K and 1.6× 1015 m-2 at 293 K. It increased to 4.3 × 1015 m-2 when the test 

temperature was decreased to 77 K. Decreasing of test temperatures accelerated 

dislocation formation, especially at low strain conditions. 

3.4.7 Microstructure Characterization 

Fig. 3-8 shows OM images taken from the fractured samples deformed at 293 and 77 

K to different strain levels (~0.1, ~0.2, and ~0.3). When deformed at 293 K with a low 

strain of ~0.1 (Fig. 3-8a), the twinning formation was inhomogeneous. Most of the 

grains were twin-free and only a very limited number of grains, which probably have 

preferred orientation for twinning, showed features of primary twinning. These twins 

were short and had a wide twin spacing. A similar phenomenon was also reported in 

[300], showing that twinning was preferably initiated from grains with orientations such 

as 111 //tensile axis, while the orientation, 001 //tensile axis, is much harder for 

twinning. De Cooman et al. [71] pointed out that mechanical twinning prefers to occur 

in grains with a high dislocation density. Our TEM observation shows that some grains 

of the as-fabricated sample have dense dislocation networks (Fig. 3-2c), at which 
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twinning could prefer to occur first. With the increase of strain, these primary twins 

gradually occupied the grain interior and grew denser. Only very few secondary 

twinning can be observed at a strain of ~0.2 (Fig. 3-8b). Then twins propagated to other 

grains at higher strain conditions (Fig. 3-8c). Compared with the situation at 293 K, 

twinning was more prominent at 77 K. At all three strain levels at 77 K, more grains 

were twinned with a higher twin density. Meanwhile, there are more secondary 

twinning, intersecting with the primary twins when deforming at 77 K (Fig. 3-8d-f). 

This is consistent with the measurement of SFP (Fig. 3-7). Since stacking faults serve 

as the embryo of twinning, SFP curves could be used to predict the formation of 

mechanical twins. Higher SFP was achieved at a lower temperature at a faster rate, 

hence, more mechanical twins are expected at 77 K than 293 K.  
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Fig. 3-8 Grain morphology observed by OM in TWIP steel deformed at 293 K and 77 K with different 

true strain: (a) 293 K, ε=~0.1; (b) 293 K, ε=~0.2; (c) 293 K, ε=~0.3; (d) 77 K, ε=~0.1; (e) 77 K, 
ε=~0.2; (f) 77 K, ε=~0.3. 
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Fig. 3-9 EBSD image quality maps showing the twinning gathering process with increasing tensile 

strain at 77 K: (a) strain of 0.05; (b) higher magnification of the rectangle zone in (a); (c) strain of ~0.1; 
(d) strain of ~0.2. 

To further investigate the twinning process at 77 K, high-resolution EBSD image 

quality maps were obtained at different strain levels of ~0.05, ~0.1, and ~0.2 (Fig. 3-9). 

Even with very a very small strain (~0.05, Fig. 3-9a), most grains were dominated by 

dense primary twins or primary/secondary twin networks. The rectangle area in Fig. 

3-9a was magnified in Fig. 3-9b. Primary and secondary twins were both observed at 

the low strain level, which could benefit the formation of dense hierarchical twinning 

networks during subsequent straining. The propagation of twinning usually started from 

grain boundaries, implying that grain boundaries were the preferable nucleation 

locations for mechanical twins [301]. As shown in Fig. 3-9b, the primary twins were 
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very thin and distributed discretely. Then the converge of multiple thin twins was also 

observed, forming one thick twinning band. As the strain raising to ~0.1, dense 

twinning networks consisting of thick twins formed, and twins propagated to nearly 

every grain interior (Fig. 3-9c). When the strain reached ~0.2, more dense twinning 

networks were observed while some intersecting twinning networks, though very thin, 

also started to grow in grains with unfavourable orientations (as shown with the yellow 

circle in Fig. 3-9d).  

To further study the influence of temperature on the morphology of the twinning and 

dislocation, TEM examination was performed on samples deformed to ~0.3 strain at 

373 and 77 K, as shown in Fig. 3-10. Twins were observed at both temperatures, which 

were confirmed by the twin reflections in the associated selected area diffraction 

patterns (SAED) recorded along the 011  direction (Fig. 3-10b and d). Based on the 

distribution and density of twins and dislocations, Fig. 3-10a can be divided into four 

regions: (1) dense twin zone, (2) dislocation-twin tangling zone, (3) discrete twin zone, 

and (4) dense dislocation zone. At the dense twin region, high density of nanosized 

twins were observed starting at grain boundaries and being prolongated through the 

grain interior. At the discrete twin zone, much fewer twins with a wide twin spacing 

(~600 nm) were formed. The dislocation-twin tangling zone shows the interaction 

between dense dislocations and twins, indicating that the dense twin boundaries act as 

columns trapping dislocations in between. In the dense dislocation zone, some grains 

remained untwinned and dislocation motion is still the main deformation mechanism, 

forming thick dislocation walls and large dislocation cells (~3 µm).  
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Fig. 3-10 TEM images taken from the sample deformed to true strain ~0.3 at 373 K and 77 K. (a and c) 
bright-field image at 373 K and 77 K, respectively; (b and d) SAED patterns of (a and c), respectively; 
shows that the twin density increases with the deformation temperature decreasing and FCC-γ to HCP-

ε transition occurred at 77 K. 

On the other hand, at 77 K the enhanced twinning activity led to hierarchical twin-twin 

intersections, trapping dense dislocation in intra-twin regions in Fig. 3-10c. This 

indicates more effective 3-dimensional twin networks were formed in impeding 

dislocation motion. Besides, phase transformation was confirmed by the SAED pattern 

at 77 K (Fig. 3-10d). This is consistent with the previous results obtained from in situ 

neutron diffraction (Fig. 3-10b). The experimental result suggests the gradual transition 

of deformation behaviour from dislocation motion to twin-twin/dislocation interaction 
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and even to phase transformation as the test temperature dropped. This agrees well with 

the SFE-temperature map developed (Fig. 3-7a). 

 
Fig. 3-11 Twinning formation and γ→ε phase transformation of the alloy during deformed at 77 K to a 
true strain of ~0.3: (a) HRTEM image; (b) atomic image of A area in (a); (c) higher magnification of 

the white rectangle areas in (b) and (d-g) FFT images at areas of A, B, C and D in (a). 

The twin growth and martensite phase transformation (FCC-γ to HCP-ε) at 77 K were 

further revealed by HRTEM. The TEM sample was extracted from the failed sample at 

a strain of ~0.3. Fig. 3-11a-c show the HRTEM images focusing on the γ/ε/twin 

interfaces, viewed along [110] (1120)γ ε∥ directions. The fast Fourier transformation 

(FFT) images (shown in Fig. 3-11d-g) were obtained from the marked areas in Fig. 

3-11a, identifying the existence of twins and HCP-ε laths. In Fig. 3-11a, one nanosized 

twin with a thickness of 9 nm was observed, as well as two HCP-ε laths (with a width 

of 0.7 and 4 nm, respectively) located at the twin-matrix interface. The rectangle area 

in Fig. 3-11b was magnified in Fig. 3-11c, which shows that several Shockley partial 

dislocations with different Burger’s vectors glided at the edge of HCP-ε laths, creating 

new stacking faults and leaving HCP-ε laths behind. These results indicate that the 

FCC-γ to HCP-ε phase transformation preferably occurs at the twin boundaries and the 
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two microstructural features (twinning and phase transformation) are closely related to 

perfect dislocations dissociation, following (partial) dislocation reaction and related 

stacking faults motion. The interaction of two leading partials of two stacking faults on 

two {111} grain planes can create a stair-rod dislocation via: 

 [211] [121] [110]
6 6 6
a a a

+ →  Eq. 3-6  

The new born stair-rod dislocation is sessile and can serve as Lomer-Cottrel lock [302] 

since its Burgers vector is perpendicular to the dislocation line and does not lie on the 

two {111} planes of the adjacent stacking faults [57]. According to Ref. [90], the 

Shockley partial dislocations ( : [121](111)
6
ab γ ) could interact with perfect dislocations 

( : [101](111)
2
ab γ ) during their movement and create straight Frank sessile dislocations  

( : [111](111)
3
ab γ ) lying at the twin-matrix interface. These dense Frank dislocations 

can affect the dynamic of the twinning and twin boundary expansion, maintaining the 

high stability of twins and making twin boundaries hard to be penetrated by dislocations. 

On the other hand, the partial dislocation motion and the newborn stacking faults also 

play a decisive role in mechanical twin formation and martensite phase transformation. 

Yang et al. [75] proposed three types of partial dislocations and indicated that the 

mechanical (de)twinning is caused by gliding one partial dislocation on consecutive 

(111)γ planes. Regarding martensitic phase transformation, when partial dislocations 

glide from plane B and consecutively on every second (111)γ planes, the parent stacking 

sequence of …ABCABC…(FCC-γ matrix) will transfer into …ACACAC…(HCP-ε 

laths). These HCP laths preferably initiate at the interface of the twin-matrix. Similar 

phenomena were also found at other TWIP steels [273,303], where the expansion and 

growth of HCP laths gradually fulfilled the intra-twin regions.  
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In summary, the microstructure evolution observed at different temperatures agrees 

well with the neutron diffraction results (Fig. 3-4) and SFE-deformation mechanism 

evolution map (Fig. 3-7a). At a high-temperature regime (e.g., 373 K), intensive 

dislocation motion and multiplication played a major role in accommodating strain due 

to its high SFE. Twinning-induced hardening was not significant until reaching very 

high strain conditions. As the test temperature drops, SFE decreases, dislocation 

preferably to dissociate rather than glide to cater to plastic straining. This enables active 

partial dislocation motion and rapid SFs formation (i.e., higher SFP rate, Fig. 3-7a), 

making twinning a more favourable deformation mechanism at cryogenic conditions. 

When SFE is low enough (e.g., 18.3 mJ/m-2 at 77 K) phase transformation from parent 

FCC phase to HCP laths can be triggered. 

3.5 Discussion 

In the following, the dependence of yield strength (Fig. 3-3b) and the contribution of 

dislocation and twinning to flow stress (Fig. 3-3c) will be discussed with dislocation 

slip system-driven modelling.  

3.5.1 Temperature-dependent Yield Strength 

The yield point corresponds to the initiation of macroscopic unpinning and gliding of 

mobile dislocations. As shown in Fig. 3-3a and b, YSσ  of the alloy was linearly 

enhanced by dropping deformation temperature. Prior to the detailed analysis of the 

temperature dependence of YSσ , it is important to classify the strengthening contributors 

towards yielding strength. Generally, YSσ  is the result of the synergetic effects of 
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multiple strengthening effects which can be decomposed into athermal ( Athermalσ ) and 

thermal ( Thermalσ ) parts:  

 YS Athermal Thermalσ σ σ= +  Eq. 3-7 

The athermal component is generally related to strengthening resources of a long-range 

order (> 10 Å), such as initial dislocation density ( disσ ), precipitate hardening ( PPσ ), 

and grain boundary hardening ( GBσ ). In our case, the contribution from precipitates 

( PPσ ) can be ignored since the SAED pattern (Fig. 3-2d) and the neutron diffraction 

spectra (Fig. 3-4) did not show the presence of precipitates, and the alloy remained 

single-phases (FCC) before yielding. Therefore, Athermalσ  is determined from the rest 

two resources: initial dislocation density and grain boundaries.  

The hardening effect from dislocation ( disσ ) can be calculated with Taylor equation 

[304]: 

 1/2
dis M Gbσ α ρ=  Eq. 3-8 

, in which M=3.06 is the Taylor factor, α is a constant for scaling the interaction strength 

between dislocations and a value of 0.26 was used here [87,305,306]. It is noted that 

different α values have been used in TWIP steels, such as 0.136 [72], 0.26 [87,305], 

and 0.4 [307]. We will show later that α=0.26 is a reasonable value for our TWIP steel. 

The temperature dependence of Burger’s vector (b) has been ignored since the lattice 

parameter decreases only slightly during cooling down (Fig. 3-12a). The dislocation 

density of the as-fabricated state (7 × 1013 m-2) was used and the strength contribution 

from initial dislocations ( 0
disσ ) was estimated to be 124 MPa.  
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The contribution from grain boundaries was calculated with the classical Hall-Petch 

formula [308] in which the strength contribution keeps a linear relationship with the 

inverse square root of average grain size (d): 

 1/2
GB GBK dσ −=  Eq. 3-9  

Hall-Petch coefficient ( GBK ) of 0.357 MPa·m0.5 was used based on Ref. [214], yielding 

the strength improvement from grain boundaries to be 95 MPa.  

Meanwhile, barriers inhibiting dislocation gliding in a short range (< 10 Å) can give a 

rise to the thermal part of Eq. 3-7 [309]. It mainly derives from the thermally initiated 

dislocation gliding overcoming Peierls lattice potential friction and the pinning effect 

from solid solution atoms (e.g., carbon) [60,310]. Decreasing temperature can reduce 

atom vibration frequency and consequently increase the critical stress for the initiation 

of dislocation gliding. The strain rate ε  can be expressed by the Arrhenius relationship 

[311]: 

 0 exp G
kT

ε ε ∆ = ⋅  
 

   Eq. 3-10  

, where 0ε  is the reference strain rate and a value of 108 s-1 was assumed according to 

Ref. [312], k is the Boltzmann constant. G∆  is the free energy of overcoming barriers 

and can be well described with a phenomenological relation [311]: 

 3 0
0

0

1
qp

Thermal

T

GG Gb g
G

σ
σ

  
∆ = − ⋅  

   
 Eq. 3-11  

, where 0G  and TG  is the shear modulus of the alloy at 0 K and at temperature T, p 

and q are two constants describing the characteristics of the obstacles, 0g  is a scaling 

factor and a material constant, 0σ  is the mechanical threshold stress to overcome the 
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lattice friction without thermal activation at 0 K. The temperature dependence of the 

shear modulus was fitted with an equation proposed by Y. P. Varshni [313]: 

 ( )0 exp 1TG G A B T= − −    Eq. 3-12  

The two adjustable parameters (A and B) were determined to be 77.5 and 1574, 

respectively, by fitting the shear modulus versus temperature curve (Fig. 3-12a). 0G  

of 71.36 GPa was obtained by extrapolating Eq. 3-11 to 0 K (Fig. 3-12a). Similar 

temperature dependence of shear modulus of three Fe–18Mn–0.6C–xAl TWIP steels 

was reported in Ref. [60], where the shear modulus is slightly higher than our study. 

Combining Eq. 3-10 and Eq. 3-11 yields the relationship between deformation 

temperature and Thermalσ : 

 

1
1

0
0 3

0 0

1 ln
p

q
T

Thermal
T

G kT
G g G b

εσ σ
ε

 
    = −         





 Eq. 3-13  

This indicates the mechanical threshold value at 0 K, 0σ  can be decreased by the 

increasing thermal activation as a result of temperature rise. The strain rate is 9 × 10-4 

s-1 in the present study and the two constants (p and q) were set to be 0.5 and 1.5 [314], 

respectively. Therefore, the normalized temperature-related component 
p

Thermal

TG
σ 
 
 

of 

YSσ  and the normalized temperature 
1

0
3 ln

q

T

kT
G b

ε
ε

 
 
 





 was linearly fitted in Fig. 3-12b. 

All measured data points can be well fitted into a line, indicating that the high-

temperature sensitivity of the YSσ  (Fig. 3-12b) originates from the increase in the lattice 

friction stress which is estimated to be 898 MPa at 0 K by extrapolating the fitted 

straight line to 0 K (Fig. 3-12b). The temperature sensitivity of YSσ  observed in our 
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study is very similar to that in Ref. [310], where the effect of carbon content is 

emphasized. The thermal component of a TWIP steel with 0.6% C can be significantly 

improved by ~350 MPa (which is 318 MPa in our case) when decreasing temperature 

from room temperature to 77 K.  

In summary, the strengthening contributions to yield strength from different sources 

were calculated. The contribution from grain boundaries was 95 MPa at all tested 

temperatures. The contribution from dislocations was 124 MPa. The lattice friction 

stress increased from 135 MPa to 541 MPa as the deformation temperature dropped 

from 373 K to 77 K, which is the main reason for the increase of yield strength at lower 

test temperatures. 

 
Fig. 3-12 (a) Temperature dependence of the shear modulus and lattice parameter of the alloy and (b) 

normalized thermally activated component of the yielding stress with respect to the normalized 
temperature. 

3.5.2 Plastic Deformation 

At the plastic stage, in addition to grain boundary strengthening and lattice friction 

stress ( fσ ), there are two additional contributors to the flow stress: (1) dislocation 

multiplication, and (2) twinning formation, and martensite phase transformation. The 

strengthening effect from dislocation density ( disσ ) can be calculated using Eq. 3-8. The 

dislocation density was measured from the in situ neutron diffraction pattern and shown 
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in Fig. 3-7b. This allows us to calculate disσ  as a function of strain (e.g., a at 77 K) using 

Eq. 3-8. With regarding phase transformation, the fraction of transformed HCP-ε laths 

is very small and is prone to locate at the twinning boundaries (Fig. 3-11b and c). 

Meanwhile, stand-alone HCP-laths have a wide spacing distance and thin thickness (< 

5 nm), leading to the very limited ability of impeding dislocation motion and thus low 

contribution towards strength [315]. Hence, we ignored the contribution from phase 

transformation. Therefore, the strengthening contribution from twinning ( twinσ ) can be 

calculated indirectly as follows:  

 twin f GB disσ σ σ σ σ= − − −  Eq. 3-14  

, where σ  is the measured true stress. twinσ  versa true strain at 77 K was plotted in Fig. 

3-13a. 

Alternatively, twin boundaries act as grain boundaries and its strengthening effect can 

be calculated with the Hall-Petch model directly [315]:  

 0.5
twin twinFK lσ −=  Eq. 3-15  

, where F is the volume fraction of twins, l is the twin spacing, twinK  is the Hall-Petch 

coefficient of twinning. According to Refs. [70,316], the Hall-Petch constant for 

twinning is about equal to that for the slip in Fe-22Mn-0.6C TWIP steel. In our study, 

twinK  is also assumed to be the same as GBK  [272]. This value has been widely used to 

model twin contribution to the strength of TWIP steels with different compositions (e.g. 

in Refs. [61,317,318]) with great success. Another study by Kusakin et al. [74] shows 

that GBK =0.35 MPa·m0.5 via data fitting of various TWIP steels, which is close to 0.357 

MPa·m0.5 used by De las Cuevas et al. [214] and those reported in Cr-Ni austenitic 

steels [319]. Therefore, we used twinK =0.357 MPa·m0.5. F can be estimated with the 

stereological analysis of Fullman [320]: 
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1 1

2 1
F

l e F
=

−
 Eq. 3-16  

, in which e is the thickness of twins. Twin boundary density is usually calculated from 

TEM [87,91] or SEM [321] images. Based on TEM images, l was measured to be 212 

nm and e was 95 nm when the strain was ~0.2 at 77 K. With strain increased to ~0.3, 

twin spacing distance decreased to 153 nm and their thickness increased to 110 nm. 

Based on Fig. A-4a and Fig. A-4b, F was equivalent to 0.474 and 0.589 at strains of 

~0.2 and ~0.3, yielding the twin contribution of 376 and 538 MPa, respectively. In Fig. 

3-13a, the twinning contribution calculated from TEM images at a true strain of 0.2 and 

0.3 was compared with the indirect calculation with Eq. 3-14 . The two methods agree 

very well.  

As we stated before, various α values were used in Eq. (8) in literature, among which, 

we chose to use α = 0.26. This also allows us to verify the use of α = 0.26 in our study. 

The stress level after yielding can be predicted by Eq. 3-17: 

 0
mod twin dis dis YS

εσ σ σ σ σ= + − +  Eq. 3-17 

, in which modσ  is the predicted flow stress. dis
εσ  is the strengthening contribution from 

dislocations at strain ε, while 0
disσ  is the strengthening contribution from initial 

dislocations in the as-received sample, both of which can be calculated from Eq. 3-8. 

The difference ( diffσ ) between experimentally measured stress ( expσ ) and modelling 

results ( modσ ) can be calculated by Eq. 3-18: 

 exp mod| |diffσ σ σ= −  Eq. 3-18  

Combining Eq. 3-8, Eq. 3-15, Eq. 3-17, and Eq. 3-18, we can determine diffσ  with 

different α values as shown in Table 3-3. When α=0.26, diffσ  is the smallest among the 

three commonly used α values.  



Chapter 3                                         Superior Cryogenic Performance of a High Mn Steel 

102 
 

Table 3-3 diffσ  at two strain levels using different α values. 

twinK [MPa·m0.5] α Strain diffσ  [MPa] 
0.357 0.136 0.2 88.1 
0.357 0.136 0.3 167.0 
0.357 0.26 0.2 65.3 
0.357 0.26 0.3 33.1 
0.357 0.4 0.2 238.7 
0.357 0.4 0.3 259.0 

 

Fig. 3-13a displays the contribution from various strengthening resources at 77 K, 

showing the growing strength enhancement from both twinning ( twinσ ) and dislocation 

( disσ ) as the plastic strain increases. The twinning contribution was not significant at 

low strain due to its low density. However, during tensile deformation, it increased 

faster than dislocation contribution. Twinning gradually became a comparable 

strengthening resource as dislocations at very large strain (higher than around 0.4). 

When strain reached 0.34, 507 MPa was from twinning while dislocations contributed 

574 MPa. This phenomenon can be ascribed to that the dynamic recovery curbed 

dislocation multiplication at high strain conditions even at an extremely low 

temperature of 77 K, but nano-twins continuously increased during the deformation of 

the low-SFE TWIP steel. 
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Fig. 3-13 (a) The respective contribution of multiple resources to the total flow stress; strain hardening 

contribution from (b) dislocation and (c) twin density at different temperatures; (d) temperature 
dependence of the hardening rate from dislocation and twinning. Note: twinσ , disσ , GBσ , and fσ , 
represents the strengthening effects from twins, dislocations, grain boundaries, and lattice friction 

stress. 

The strengthening contributions from dislocations and twins at different temperatures 

were plotted against true strain in Fig. 3-13b and c, respectively. Due to the pre-existing 

dislocations, dislocation contribution started at around 124 MPa for all 4 temperatures. 

It increased almost linearly with strain after yielding. The curves were fitted with linear 

functions and the slopes of the fitted lines were defined as dislocation-induced 

hardening rate ( disσ ε∂ ∂ ). The twinning contribution was also shown to be linearly 

increasing with true strain (Fig. 3-13c). Similarly, the slope of the fitted line is defined 

as the twinning-induced hardening rate ( twinσ ε∂ ∂ ). These two figures show a 

synergetic hardening mode of twinning and dislocation at the low-temperature range 

(from 373 to 77 K). The strain hardening capacity of this TWIP steel comes from both 
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dislocation-induced hardening and twinning-induced hardening. As the deformation 

temperature decreased, the strengthening contributions from dislocation and twinning 

both increased. On the one hand, temperature dropping inhibited some thermally 

activated processes (such as thermally driven cross-slip) and dynamic recovery [322], 

maintaining a high level of dislocation density and slowing down dislocation motion. 

Thus, the dislocation capacity (the maximum dislocation density) can be improved, 

achieving higher strengthening effects. On the other hand, a growing number of twins 

was produced as the SFE was reduced from 34.8 mJm-2 at 373 K to 17.2 mJm-2 at 77 

K. It is also worth noting that although the twinning contribution at 293 K is less 

significant than at 77 K, it still grew rapidly with strain and contribute significantly to 

strength: 316 MPa is from dislocations while twins contributed 394 MPa at a strain of 

0.36. This is contrary to Ref. [72], where the twinning contribution to flow stress at 293 

K is small and almost constant during deformation. This can be ascribed to the different 

compositions of the two TWIP steels and therefore the disparity in SFE. Meanwhile, 

the ductility of the alloy was decreased from 0.72 at 293 K to 0.56 at 77 K even with 

multiple strengthening mechanisms activated. The high density of dislocations and 

twinning boundaries can bring high strength by providing dense new dislocation motion 

barriers. However, the high density of barriers can evolve into dislocation walls, 

newborn phases [323], and the intersection of twinning [324], which can significantly 

increase the internal stress and serve as weak positions for crack initialization, hence 

reducing the ductility. A similar phenomenon can also be found at Ref. [325].           

Fig. 3-13d shows the hardening rates of twinning and dislocation as a function of 

temperatures, interestingly, both of which show an almost linear relationship with 

respect to deformation temperature. Therefore, their relationship can be described as: 
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 dis
dism

T
σ
ε
∂

= −
∂ ∂

 Eq. 3-19  

 twin
twinm

T
σ
ε

∂
= −

∂ ∂
 Eq. 3-20  

, where dism  and twinm  are slopes of the hardening rate curves of dislocation and 

twinning respectively. With the help of linear curve fitting, dism  was found to be about 

1.78 MPa·K-1, which is higher than twinm =1.14 MPa·K-1. The reason why the hardening 

rates of twinning and dislocation versus temperatures are both linear is unclear. This 

could be related to the linear relationship between SFE and temperature (Fig. 3-7a). 

More work would be needed to verify this observation on other alloys with the TWIP 

effect. If validated, new analytic and numerical models could be developed to predict 

the flow stress evolution of TWIP alloys.  

3.6 Conclusions 

In this study, we investigated the temperature dependence of the deformation 

mechanisms operating in a high Mn TWIP steel (Fe-24Mn-4Cr-0.5Cu-0.5C). In situ 

neutron diffraction was employed to map the evolution of multiple microstructure 

features (e.g., lattice strain, stacking fault probability, stacking fault energy, and 

dislocation density) and record real-time mechanical responses. The microstructure 

evolution was then confirmed via post-mortem microscopy characterization. The 

investigation leads to the following conclusions: 

(1) A steady increase in the tensile strength was observed as the test temperature 

dropped, maintaining high ductility (over 50%). The superior combination of 

engineering tensile strength ( YSσ  of 760 MPa, UTSσ  of 1312 MPa) was obtained at 77 

K, which is significantly higher than that at 373 K ( YSσ  of 354 MPa, UTSσ  of 796 MPa).  
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(2) Via in situ neutron diffraction measurement, the stacking fault probability at 

different strain conditions was calculated. It increased almost linearly with the strain. 

Its increase rate became higher at lower test temperatures.  

(3) SFE values of the alloy as a function of temperature were estimated, which was 34.8 

mJm-2 at 373 K and decreased to 17.2 mJm-2 at 77 K, resulting in a significant increase 

in twin density and even triggering martensitic transformation from FCC-γ to HCP-ε at 

77 K.  

(4) The dislocation density evolution was calculated using the modified Williamson-

Hall method. The as-fabricated samples had a dislocation density of around 7 × 1013 m-

2. The dislocation density increased during tensile straining after yielding. Its rate of 

increase was higher at lower temperatures. The maximum value of 1.82 × 1015 m-2 was 

obtained when deforming at 77 K with a true strain of 0.44.  

(5) The respective contributions of the flow stress from twins, dislocations, grain 

boundaries, and solid solution during elastic, and plastic deformation were calculated. 

The increase of yield strength at lower temperatures was due to a significant increase 

of lattice friction stress (from 135 MPa at 373 K to 541 MPa at 77 K). 

(6) During plastic deformation, dislocation hardening and TWIP effects worked 

synergistically in addition to grain boundary and solute strengthening. With a very high 

strain hardening rate, the strength contribution from twinning increases rapidly, making 

twinning becomes a comparable strength contributor of dislocations at large strain 

conditions. 
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4.1 Abstract 

High manganese steels are emerging as promising structural materials for cryogenic 

applications due to their low production cost and great potential in achieving an 

excellent strength-ductility combination. Micro-alloying serves as a desirable method 

in manipulating stacking fault energy (SFE) of the steels and thus tailoring the 

mechanical performance. In this study, we investigated the dedicate role of Cu addition 

played on the mechanical and microstructural responses of high manganese steels at the 

low-temperature range (293, 173, and 77 K) via in situ neutron diffraction and 

microscope characterizations. The addition of 1wt.%Cu to the steel not only effectively 

improved the yield strength (YS) and elongation but also increased the SFE thus 

postponing the martensite formation. For both high Mn steels, as deformation 

temperature decreased, the tensile strength was increased linearly, the formation of 

stacking faults and dislocation was promoted, and the SFE almost linearly decreased 

with a slope of about 0.06 mJm-2·K-1. For the non-Cu-added steel, the best mechanical 

properties appeared at 77 K with YS of 700 MPa, ultimate tensile strength (UTS) of 

1361 MPa, and elongation of 0.68. The dominant deformation mechanism transformed 

from twinning at 293 K when SFE is 26.8±0.5 mJm-2 to martensite phase transformation 

at 77 K while SFE is 15.5±1.7 mJm-2. In the 1%-Cu-added steel, the best mechanical 

performance was also achieved at 77 K (YS: 793 MPa, UTS: 1323 MPa, and elongation: 

0.86). Twinning and dislocation multiplication were the main deformation mechanisms 

across the three temperatures. The contributions to YS and flow stress from lattice 

friction, grain boundary, dislocation, deformation twins, and phase transformation were 

determined. The work revealed the critical role of Cu addition in tailoring the SFE and 

the resulting deformation mechanisms, paving the way in designing new high 

manganese steels with superb mechanical properties for cryogenic applications. 
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4.2 Introduction 

High-Mn (15-30 wt.%) steels are exhibiting ever-growing importance in multiple 

applications for liquid natural gas storage/transmission, and have the potential to be 

used as structural materials for superconducting magnets due to their excellent strength-

ductility balance, desirable strength/weight ratio [326] and lower cost compared to 

other austenitic steels [153], and 9 % Ni steels [13]. Recently, more prominent 

strengthening effects and excellent strength-ductility combinations of high Mn steels in 

a low-temperature range was reported [135,141,327]. The superior mechanical 

performance of high-Mn steels originates from their ability to synergistically activate 

multiple strengthening mechanisms, including dislocation motions, TWinning-

Induced-Plasticity (TWIP) and TRansformation-Induced-Plasticity (TRIP) effects. 

TWIP effect can be achieved by introducing high density of strain-induced twin 

boundaries to impede dislocation motion, while the TRIP effect can be activated when 

the parent austenitic face-centred cubic (FCC) austenite is transferred into martensite 

with hexagonal close-packed (HCP)/body-centred tetragonal (BCT) structure under 

strain. The dominant deformation mechanism of the high-Mn steels is strongly 

dependent on their inherent stacking fault energy (SFE) [135,138,259,328], which is 

defined as the excess energy required to dissociate perfect dislocations and separate 

partial dislocations infinitely. The decrease of SFE can lead to the shifting of the 

dominant deformation mechanism: from dislocation motion (SFE > 45 mJm-2) to TWIP 

(45 mJm-2 > SFE > 18 mJm-2) and TRIP (SFE < 18 mJm-2).  

SFE can be determined by many factors including strain rate, deformation temperature, 

grain size, and chemical composition [60,135,141,329,330]. SFE decreases 

significantly with the decrease of temperature [135,282,327]. The high SFE at high 
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temperatures can limit the strain hardening effect due to the inability to activate multiple 

deformation mechanisms [135]. The low SFE at low temperatures, sometimes, can be 

detrimental to the mechanical performance, e.g., yield strength (YS) and ductility 

[63,282,331]. Wang et al. [63] indicated that the abundance of strain-induced martensite 

phases can reduce the YS due to the imposed pre-yield transformation stress. Saeed-

Akbari  [331] showed that when SFE dropped from 35 mJm-2 to ~0 mJm-2, the 

elongation to fracture of high Mn steels was significantly decreased from 0.28 to 0.08. 

Notably, there is also a need to avoid the formation of ferromagnetic martensite phases 

during loading, which can be induced when the SFE is very low, particularly for 

applications in superconducting magnets [2]. Therefore, precisely controlling the SFE 

to a desirable range is critical in tailoring the strengthening mechanisms and designing 

the mechanical performance for specific working conditions, e.g., cryogenic 

applications. This requires the combination of effective SFE-adjusting methods and 

accurate SFE measurement. In situ neutron diffraction coupled with tensile testing at 

cryogenic temperatures, which can be used to accurately depict SFE evolution as a 

function of temperature [102,185,282], is a powerful tool to study the relationship 

between mechanical responses and deformation mechanisms of high Mn steels [327]. 

Recently, Cu alloying is emerging as a low-cost and high effective method to increase 

the SFE of TWIP steels [329,330,332,333]. Dumay et al. [334] indicated that the SFE 

of the high-Mn steel can be increased by 1.52 mJm-2 for 1 wt.% of Cu addition. 

Gonzalez et al. [335] found out that the uniform elongation of an austenitic stainless 

steel is improved and the martensite formation is suppressed by Cu addition. The effects 

of Cu on mechanical performance, however, is still under debate. Lee et al. [329] 

indicated that the addition of Cu has almost no influence on the YS of the Fe-Mn-C-Al 

steel, while the kinetics of twin formation was suppressed and the ultimate tensile 
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strength (UTS) was decreased. On the contrary, Choi et al. [69] found out that both YS 

and UTS can be decreased with increasing Cu content. Peng et al. [330] showed that 

the YS of Fe-20Mn-1.3C increased from 470 MPa to 538 MPa after adding 3 wt.% Cu 

due to the solid solution strengthening. Therefore, it is important to further shed a light 

on the effects of Cu on SFE, deformation mechanisms, and mechanical behaviours, 

especially in cryogenic conditions where the effects of Cu addition [69] have rarely 

been explored.  

Herein, we investigated the deformation mechanisms and mechanical properties of two 

high Mn steels with different Cu concentrations (Fe-24Mn-4Cr-0.5C and Fe-24Mn-

4Cr-0.5C-1Cu, weight percent and hereafter) at low temperatures (293, 173, and 77 K). 

The in situ neutron diffraction and tensile tests were performed to track the 

microstructure evolution and mechanical responses during deformation. The neutron 

diffraction spectra analysis allowed us not only to determine key materials parameters, 

e.g., lattice parameter, elastic moduli, single-crystal elastic constants, and SFE as a 

function of temperature, but also to observe the evolution of multiple microstructural 

features during straining, such as lattice strain, stacking fault probability (SFP), and 

dislocation density. Meanwhile, post-mortem TEM characterization was performed on 

the fractured samples to observe the deformed microstructures. The strengthening 

contributions from different resources, including grain boundaries, dislocations, twins, 

and martensite phases were then calculated and compared. Based on these results, the 

effects of Cu addition on SFE, deformation mechanisms, and mechanical performance 

at the low-temperature range were then discussed in detail. 
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4.3 Materials and Methods 

4.3.1 Materials Processing 

The two high-Mn steels with different Cu concentrations, Fe-24Mn-4Cr-0.5C and Fe-

24Mn-4Cr-1Cu-0.5C wt.% steels (marked as the 0-Cu and 1-Cu steels, respectively), 

were provided by Baowu steel company. High purity metals (purity ≥99.9%) were 

melted to cast ingots with vacuum induction melting and casting. The casted ingots 

were hot-rolled at 1200 K after homogenization treatment at 1473 K for 48 h. Then the 

ingots were cooled down to room temperature by water quenching. 

4.3.2 In Situ Neutron Diffraction 

In situ time-of-flight neutron diffraction and tensile tests were performed at the 

beamline of ENGIN-X, ISIS spallation neutron source, the Rutherford Appleton 

Laboratory, UK [185]. The schematical illustration of the in situ neutron diffraction 

experiments can be seen in Ref. [327]. Before reaching the tensile bars, the incident 

neutron beam with a continuous range of speed was modified by the moderator and slits 

(with a size of 4 × 4 mm2). The axial and radial signal detectors (correspond to the north 

and south detector, respectively) were mounted perpendicularly to the incident beam, 

collecting the diffracted neutrons from crystallographic planes subjected to tensile and 

compressive stress, respectively. The size of the diffracted neutron beams was defined 

by the two collimators, deciding the scattering gauge volume of 4 × 4 × 4 mm3. Dog-

bone tensile bars with a gauge volume of Ф8 × 32 mm3 as well as an Instron stress rig 

were mounted 45° to the incident beam. Tensile tests were carried out in a high-vacuum 

(< 10-5 Pa) chamber equipped with built-in heaters and a liquid helium circulation 

system to achieve cryogenic deformation. The high-vacuum and low-temperature 
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environments were stabilized for 30 mins before straining. The sequential signal 

collection was performed during the tensile tests and each consumes 20 mins between 

tensile loading intervals. An extensometer was used to measure the strain. Before 

tensile tests, a standard CeO2 sample was used to calibrate the experimental geometry 

and subtract the instrumental broadening effect. 

The single peak-fitting was performed with pseudo-Voigt function and the Rietveld 

refinement were performed on the TOPAS software (Coelho Software, Australia), 

allowing the determination of peak intensity, full width at half maximum (FWHM), 

peak position, and lattice parameter (a). The lattice strain ( exp
hklε ) is defined as the change 

of the spacing distance of a given crystallographic plane in response to external stress. 

It then can be determined with: 

 
0

0
exp hkl hkl
hkl

hkl

d d
d

ε −
=  Eq. 4-1 

, where 0
hkld  and hkld  is the inter-planar distance of {hkl} grain plane without stress and 

under different stress conditions, respectively. The approaches we used to calculate the 

stacking fault probability (SFP), stacking fault energy (SFE) and dislocation density 

can be found in Ref. [327].  

4.3.3 SFE Prediction Based on Thermodynamics 

The SFE of the two steels were explored with both experimental measurement based 

on neutron diffraction (see details at Refs. [282,327]) and theoretical calculations 

(based on thermodynamics). 

The thermodynamic modelling approach of calculating the SFE was first proposed by 

Olson and Cohen [154]. Formed by the dissociation of perfect dislocations, the stacking 

faults can disrupt the normal sequence of the {111} plane. Therefore, this model treats 
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the stacking faults as a thin layer of HCP lath separating the normal stacking matrix 

into two parts. The ideal SFE can then be expressed with: 

 2 2 ,SFE Gγ ερ σ→= ∆ +  Eq. 4-2 

where ρ is the molar surface density along {111} planes, Gγ ε→∆  is the molar Gibbs 

energy of the phase transformation (γ ε→ ), and σ=5 mJm-2 is the interfacial energy 

per unit area of phase boundary as its value is generally taken between 5 and 15 mJm-2 

for transition metals [146,336,337]. The molar surface density ρ can be calculated with 

the lattice parameter a and Avogadro’s constant N: 

 2
4 1 .
3 a N

ρ =  Eq. 4-3 

In this model, the steels were assumed to be in a regular solid solution state, the 

substitutional atoms were at the lattice sites while interstitial atoms locate at the 

octahedral site of the FCC and HCP lattice. The Gγ ε→∆  in Eq. 4-11 includes the 

chemical contribution of all substitution elements to Gibbs free energy of γ ε→  phase 

transformation ( FeMnXGγ ε→∆ ), the contribution of interstitial carbon ( /FeMnX CGγ ε→∆ ), and atom 

magnetic contribution of Gibbs free energy ( mgGγ ε→∆ ) originating from the Néel 

transition (paramagnetic to antiferromagnetic) [338]: 

 / ,FeMnX C FeMnX C mgG G G Gγ ε γ ε γ ε γ εχ→ → → →∆ = ∆ + ∆ + ∆  Eq. 4-4 

in which iχ  is the molar fraction of each alloying element.  

According to Ref. [135], the chemical contribution FeMnXGγ ε→∆  and the contribution from 

carbon addition /FeMnX CGγ ε→∆  can be calculated with [334]: 

FeMnX Fe Fe Mn Mn Cr Cr Cu Cu C C

Fe Mn FeMn Fe Cr FeCr Fe Cu FeCu Fe C FeC

G G G G G Gγ ε γ ε γ ε γ ε γ ε γ ε

γ ε γ ε γ ε γ ε

χ χ χ χ χ

χ χ χ χ χ χ χ χ

→ → → → → →

→ → → →

∆ = ∆ + ∆ + ∆ + ∆ + ∆ +

∆Ω + ∆Ω + ∆Ω + ∆Ω
  Eq. 4-5 
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 ( )24.29
/

1246 1 17.175C
FeMnX C Mn

C

G e χγ ε χ
χ

−→∆ = − −   Eq. 4-6 

The magnetic contribution to the Gibbs free energy change mgGγ ε→∆  was calculated with 

 mg mg mgG G Gγ ε ε γ→∆ = −   Eq. 4-7 

, where ( , )mgGϕ ϕ γ ε=  is represented by 

 ln(1 ) ( ), ,mgG RT fϕ β τ µ γ εΦ Φ Φ∆ = + =  Eq. 4-8 

, where R is the gas constant, T is the temperature, β Φ  is the magnetic moment of the 

phase φ divided by the Bohr magneton µB, and ( )f τΦ Φ  is a polynomial function of the 

scaled Néel temperature / éelNT Tτ Φ =  of phase φ [339]. The magnetic moment of the 

γ phase was determined with the simple mixing rule of the magnetic moment of each 

element: 

 ,Fe Fe Mn Mn Cr Cr Fe Mn FeMn C C
γβ χ β χ β χ β χ χ β χ β= + − − −   Eq. 4-9 

in which βFe=0.7, βMn=0.62, βCr=0.8, βFeMn=0.64, and βC=4 [334,339,340] are empirical 

values for the pure elements’ magnetic moments. The magnetic moments of the 

martensite phase ε can be calculated with the following equation [334,341]: 

 Mn Mn C C
εβ χ β χ β= −   Eq. 4-10 

The magnetic transition temperature of each phase lNéeT Φ  was calculated with empirical 

expressions in Refs. [340,341]: 

 251.71 681 272 1740N Mn C Céel rT γ χ χ χ= + − −   Eq. 4-11 

 580N Ml néeT ε χ=  Eq. 4-12 

According to Ref. [155], the term ( )f τΦ Φ in Eq. 4-8 can be expressed with the 

following equation: 
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  Eq. 4-13 

, where p=0.28 and D=2.342456517 for FCC and HCP phases [147]. 

Table 4-1 Numerical values and functions used for the thermodynamical calculations. 
Parameter Functions [J·mol-1] Ref. 

FeGγ ε→∆  2243.38 4.309T− +  [338] 

MnGγ ε→∆  1000.00 1.123T− +  [338] 

CrGγ ε→∆  1370.00 10T− −  [342,343] 

CuGγ ε→∆  600 0.2T+  [343] 

CGγ ε→∆  22166−  [343] 

FeMn
γ ε→∆Ω  2873 717( )Fe Mnχ χ+ −  [344] 

FeCr
γ ε→∆Ω  2095 [345] 

FeCu
γ ε→∆Ω  7506 [334] 

FeC
γ ε→∆Ω  42500 [339] 

 

4.3.4 Post-mortem Microstructure Characterization 

The as-received samples were metallographically polished before the microscopic 

characterization. The electron backscatter diffraction (EBSD) was performed on an 

HKL EBSD detector based on a field emission gun scanning electron microscope (FEI 

Sirion 200), which was set to a voltage of 20 kV, current of 25 nA, and step size of 0.5 

µm. The EBSD data analysis was performed with HKL Channel 5 software, during 

which the misorientation angles less than 2° were ignored to avoid ambiguity. The 

samples for microscope observation were sectioned from the fractured sample with 

electrical discharge machining. For the transmission electron microscope (TEM) and 

scanning TEM (STEM) observation, thin foils were mechanically polished to a 

thickness of ~60 µm before the twin-jet electropolishing with a current of 150 mA in a 

solution of 5% perchloric acid and 95% methanol after cooling down to -30℃. The 
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bright-field TEM observation was carried out on a Technai G2 F30 microscope with an 

accelerating voltage of 300 kV. The high-resolution TEM images (HRTEM) and 

atomic-resolution high-angle annular dark-field STEM (HAADF-STEM) images were 

collected on an aberration-corrected Titan 60-300 microscope. The collection half-

angle of the HAADF detector ranging from 60 to 290 mrad was used, with the 

convergence half-angle of 21.4 mrad, giving a probe size of ~1.2 Å. 

4.4 Results and Discussion 

4.4.1 Microstructure of the As-fabricated Steels 

The as-fabricated 0-Cu and 1-Cu steel shared very similar microstructure thus only the 

images of the 0-Cu steel were presented here. Fig. 4-1a shows the typical EBSD inverse 

pole figure (IPF) of the virgin 0-Cu steel. Most of the grains were large equiaxed grains 

after the hot rolling. The mean grain size of 14.5±1.3 µm was determined by the line-

intercept method excluding twinning boundaries. The low-angle grain boundaries 

(LAGBs, 2°≤ θ ≤15°), high-angle grain boundaries (HAGBs, 15° < θ), and Σ3{111} 

twinning boundaries of Fig. 4-1a were marked and overlapped with the band contrast 

map in Fig. 4-1b. The LAGBs have a relatively low fraction of 13.8% accompanied by 

86.2% of HAGBs. Fig. 4-1b shows the high density of Σ3{111} annealing twinning 

boundaries, which contributed to the high fraction of HAGBs at around 60° (Fig. 4-1c). 

In addition to the twinning boundaries, the grain misorientation distribution followed a 

pattern of the random misorientation distribution (Fig. 4-1c). A typical bright-field 

TEM image is shown in Fig. 4-1d, showing the microstructure consists of dense-

dislocation and dislocation-free zones. The dislocation cells and dislocation 

entanglements can be observed in the dense dislocation zone. The dislocation free zone 



Chapter 4                                                               TWIP-TRIP Transition: the role of Cu 

118 
 

mainly consists of equiaxed recrystallized grains and parallel-sided annealing twins, 

which initialized from the grain boundaries and expanded into the grain interior.  

 
Fig. 4-1 Initial microstructure of the two alloys: (a) EBSD inverse pole figure (IPF) map, (b) Band 

contrast map overlapped with boundaries map, (c) sample and random misorientation, and (d) typical 
bright-field TEM image. 

4.4.2 Mechanical Performance 

The engineering stress-strain curves of the 0-Cu and 1-Cu steel deformed at 293, 173, 

and 77 K were shown in Fig. 4-2a and b, respectively. The stress relaxation was due to 

the paused straining for neutron diffraction data collection. The mechanical properties 

of the 0-Cu and 1-Cu steel were compared in Fig. 4-2c. At 293 K the YS and UTS of 

the 0-Cu steel were 336 MPa and 930 MPa, respectively (Table 4-1). As the 

deformation temperature decreased, both YS and UTS witnessed a substantial and 



Chapter 4                                                               TWIP-TRIP Transition: the role of Cu 

119 
 

almost linear increase to 700 MPa and 1361 MPa, respectively. The ductility, however, 

decreased linearly from an ultrahigh value of 104% at 293 K to 68% at 77 K. The 

mechanical property of the 0.5-Cu and 1-Cu steel showed very similar temperature 

dependence. The Cu addition witness a steady increase in YS as the 1-Cu steel showed 

higher YS (~100 MPa) but slightly lower UTS (less than 50 MPa) than the 0-Cu steel 

at all three temperatures. Besides, the total elongation of the 1-Cu steel was maintained 

at a very high level at the low-temperature range and increased from 78% at 293 K to 

86% at 77 K.  
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Fig. 4-2 Mechanical performance of the two high Mn steel at 293, 173, and 77 K: (a) and (b) 
Engineering stress-strain curves of the 0-Cu and 1-Cu alloy, respectively; (c) The evolution of 

mechanical properties with deformation temperature.  

Defined as the derivative of true stress v.s. true strain, d dσ ε , the strain hardening rate 

(SHR) of the two steels during deforming at different temperatures are plotted as a 

function of true stress in Fig. 4-3a (0-Cu) and b (1-Cu), respectively. For the 0-Cu steel, 

the SHR curves at the three deformation temperatures shared a similar pattern and they 
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can be categorized into three stages (separated with dash lines in Fig. 4-3a). Initially, 

the SHR curve dropped rapidly (Stage I), followed by a stable period during which the 

SHR increased slightly (Stage II), indicating the emergence of new and steady 

strengthening effects. At the last stage (Stage III), the SHR curve dropped again until 

fracture. The SHR curves of the 1-Cu steel (Fig. 4-3c) are also temperature-dependent 

and can also be divided into three stages. At 293 K, the SHR curve kept decreasing 

during straining, but the dropping rate varied with stages. When decreasing temperature 

to 173 and 77 K, the strengthening effects were improved significantly and both SHR 

curves show an increasing trend at Stage II while gradually decrease during the 

following Stage III.  

 
Fig. 4-3 Strain hardening rate (SHR) curves of the (a) 0-Cu and (b) 1-Cu steel during deforming at 293, 

173, and 77 K. 

Table 4-2 Mechanical properties of the steels at different temperatures. 
Steels 0-Cu 0.5-Cu 1-Cu 

Temperature [K] 293 173 77 293 173 77 293 173 77 
YS [MPa] 336 539 700 442 625 760 457 643 793 

UTS [MPa] 930 1159 1361 918 1107 1312 876 1115 1323 
Total elongation [%] 104 79 68 72 54 56 78 94 86 

4.4.3 In Situ Neutron Diffraction Spectra 

Fig. 4-4 shows the in situ neutron diffraction patterns of the two steels collected during 

tensile tests at different temperatures. The two steels maintained a single FCC structure 

as they are cooled down to cryogenic temperatures as only five diffraction peaks of 
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FCC phase were identified. During deformation, the FCC structure of both steels was 

stable at 293 K as no other peaks appeared. When deforming the 0-Cu steel at 77 K, a 

new diffraction peak appeared after yield point and its intensity grew stronger with 

straining (marked with a green line in Fig. 4-4b). This peak was identified as the (1011)  

peak of the HCP phase [327]. This indicates the low temperature reduced the stability 

of the original FCC phases and strain-induced phase transformation from FCC to HCP 

occurred. A similar phenomenon was observed when deforming the 1-Cu steel at 77 K, 

but the new peak has a very weak peak intensity, indicating that a trace amount of the 

newborn HCP phases was produced. 

 
Fig. 4-4 In situ neutron diffraction spectra of the two austenitic steels during tensile testing at different 

temperatures: (a) 0-Cu, 293 K; (b) 0-Cu 77 K; (c) 1-Cu, 293 K; (d) 1-Cu, 77 K. 
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Fig. 4-5 Lattice strain evolution of five crystallographic planes ({111}, {200}, {220}, {311}, and 

{222}) of two TWIP steels (0-Cu and 1-Cu) during deforming at different temperatures: (a) 0-Cu, 293 
K; (b) 0-Cu, 173 K; (c) 0-Cu 77 K; (d) 1-Cu, 293K; (e) 1-Cu, 173 K; (f) 1-Cu, 77 K.  

The macroscopic and hkl-specific elastic moduli were measured by analysing the 

neutron diffraction patterns. The macroscopic Young’s modulus (E) was determined by 

linear fitting the applied stress as a function of true strain at the elastic stage. The small 

variations of Young’s modulus can be resulted from the sample shrinkage as the 

temperature decreases. The lattice parameters of the two steels are very close (3.615 Å 

for 0-Cu and 3.616 Å for 1-Cu) and they both decreased almost linearly with the 

decreasing of temperature (Table 4-2). With the increase of true stress, the lattice 
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parameter obtained from radial and axial signals increased and decreased almost 

linearly at the elastic stage, respectively. The macroscopic Poisson’s ratio (v) was 

determined by the ratio of the two fitted lines. Then the bulk shear modulus (G) can be 

obtained via G=E/(1+v). The lattice strain evolution of four grain families ({111}, 

{200}, {220}, and {311}) along axial and radial direction at different temperatures was 

calculated with Eq. 4-1 and shown in Fig. 4-5. The hkl-specific lattice strain also 

increased/decreased linearly with stress before yielding and showed varied yield 

behaviours. After linear fitting at the elastic stage, their slopes determine the hkl-

specific diffraction elastic moduli (E111, E200, E220, and E311). The ratio of elastic moduli 

between the radial and axial direction determined the Poisson’s ratio of different grain 

families (vhkl). Among all the orientations, E111 and E200 shows the highest and lowest 

values, respectively. Meanwhile, the low temperature can increase the stiffness of the 

steel. With the temperature decreasing, the shear modulus and all elastic moduli (except 

E311, which remained at the same level) of the two steels increased. The Poisson’s ratio 

showed a decreasing trend (Table 4-3). During the following plastic deformation, the 

lattice strain increased non-linearly with the applied stress since the stress gradually 

transferred from some stiff orientations, e.g., (220)//LD (loading direction) to some 

compliant orientations, e.g., (200)//LD. 
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Fig. 4-6 Plots of the reciprocal diffraction moduli (1/Ehkl and v/Ehkl) of differently oriented crystals as a 

function of the elastic anisotropy factor ( ( ) ( )22 2 2 2 2 2 2 2 2
hklA h k h l k l h k l= + + + + ) and the fitting 

results based on Kroner, Voigt, and Reuss model of the (a) 0-Cu and (b) 1-Cu TWIP steel at 293 K.  

Fig. 4-6 shows the elastic moduli of grains with different orientations plotted as a 

function of the elastic anisotropy factor and the fitted lines with the Voigt, Reuss, and 

Kroner models at 293 K. The details of the calculation can be found at Section A.2.1 of 

the Appendices. The fitting results indicate that the self-consistent Kroner model has 

the best agreement with the experimental results as compared with the Voigt and Reuss 

model. According to Refs. [346,347], these two theoretical models were generally used 

to estimate the upper and lower bounds of the diffraction and macroscopic elastic 

moduli as they only assume all grains are subjected to a homogeneous strain (Voigt) or 

stress (Reuss) but failed to meet the equilibrium (Voigt) and continuity (Reuss) at grain 

boundaries during loading. The hkl-specific diffraction elastic moduli obtained from 

neutron diffraction were used to determine the single-crystal elastic constants (C11, C12, 

and C44) with the Kroner’s model at different temperatures (Table 4-3).  
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Table 4-3 Multiple properties of the 0-Cu and 1-Cu steel at 293 K. 
Steel 0-Cu 1-Cu 

Temperature [K] 293 173 77 293 173 77 
a [Å] 3.615 3.611 3.610 3.616 3.612 3.611 

E [GPa] 191.3 192.1 193.4 191.5 191.1 193.6 
E111 [GPa] 280.1 282.5 283.5 259.1 272.6 279.3 
E200 [GPa] 126.4 129.0 133.2 135.1 136.7 138.5 
E220 [GPa] 202.0 202.8 208.2 207.6 203.4 205.3 
E311 [GPa] 157.2 156.2 156.7 152.1 156.0 156.6 
G [GPa] 73.35 75.45 77.17 75.57 76.20 78.76 

v 0.304 0.273 0.253 0.267 0.254 0.229 
v111 0.231 0.225 0.223 0.241 0.226 0.215 
v200 0.375 0.368 0.375 0.371 0.380 0.367 
v220 0.295 0.312 0.300 0.336 0.337 0.332 
v311 0.329 0.306 0.305 0.325 0.321 0.323 

C11 [GPa] 223 227 231 240 243 250 
C12 [GPa] 170 172 175 182 186 190 
C44 [GPa] 129 132 132 128 128 134                                                           
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Fig. 4-7 Lattice strain evolution of {111} and {222} grain planes along axial and radial direction and 

the corresponding stacking fault probability change of the two TWIP steels during deforming at 
different deformation temperatures: (a) 0-Cu, 293 K; (b) 0-Cu, 173 K; (c) 0-Cu 77 K; (d) 1-Cu, 293 K; 

(e) 1-Cu, 173 K; (f) 1-Cu, 77 K. 

4.4.4 SFE Evolution 

The lattice strain of {111} and {222} grain families increased with strain but a growing 

split between them was observed (Fig. 4-5). This is a signature of the formation of 

stacking faults, which causes extra strain and separates lattice strain curves from 

different orders of Miller indices [282,327,348]. Stacking fault probability (SFP), a 
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parameter that measures the amount of formed stacking faults, can thus be determined 

by measuring the separating distance between the lattice strain curves from two 

consecutive grain planes. The detailed calculation procedure can be found at Refs. 

[282,327]. In Fig. 4-7, the lattice strain evolution of {111} and {222} grain families 

and the calculated SFP of the two steels were plotted against true strain at different 

temperatures. At the low strain regime, the SFP fluctuates at around 0 and the negative 

value was caused by the small errors introduced during peak fitting. SFP increases 

almost linearly with true strain and a linear function was applied to depict the stacking 

fault multiplication during straining. After linear fitting, the slopes ( SFP ε∂ ∂ ) of these 

lines define the speed of stacking faults production (Fig. 4-7) [327]. The low 

temperature can effectively promote the SF formation and increase SFP ε∂ ∂ . The 

SFP ε∂ ∂  of the 0-Cu steel is 4.63×10-2 at 293 K and almost linearly increased to 

8.41×10-2 at 77 K (Fig. 4-9). The 1-Cu steel showed a very similar pattern but with a 

lower increase rate, which is 3.39×10-2 at 293 K and 7.0×10-2 at 77 K. The evolution of 

SFP ε∂ ∂  and measured SFE were plotted as a function of deformation temperature in 

Fig. 4-8. For the 0-Cu steel, its SFE started from 26.8±0.5 mJm-2 at 293 K and almost 

linearly decreased to 15.5±1.7 mJm-2 at 77 K. The 1-Cu steel showed a higher level of 

SFE from 33.8±1.8 mJm-2 at 293 K to 20.7±0.7 mJm-2 at 77 K (~5-7 mJm-2) higher than 

the 0-Cu steel within the whole temperature range. Their slopes also showed a very 

close value with 0.056±0.006 mJm-2K-1 for the 0-Cu steel and 0.059±0.008 mJm-2K-1 

for the 1-Cu steel. The values are also very close to 0.061 mJm-2K-1 observed in the Fe-

24Mn-4Cr-1Cu-0.5C steel reported in Ref. [327]. According to the SFE-deformation 

mechanism map overlapped in Fig. 4-8 [138,259], the SFE of the 0-Cu steel stayed at 

the twinning-dominant region at ~125-373 K, while it dropped to the phase 

transformation region at 77 K. The SFE of the 1-Cu steel showed similar temperature 
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dependence but it remained at the twinning zone at the three tested temperatures. This 

indicates the transition of the dominant deformation mechanism, which agrees well 

with the diffraction results shown in Fig. 4-4, where observable diffraction peaks of 

(1011) were formed when deforming the 0-Cu steel at 77 K.  

Besides, the measured SFE shows an acceptable match with the thermodynamical 

prediction (Table 4-4). The disparity between the two SFE-determination methods is 

relatively small (~2 mJm-2) except for the results of the 1-Cu steel at 293 K (~5 mJm-

2). The difference between theoretical calculation and experimental measurement can 

be originated from that the SFE can be influenced by several factors (e.g., strain rate 

[135] and grain size [328]), which, however, were not considered in the 

thermodynamical modelling. 

Fig. 4-8 Temperature dependence of stacking fault probability (SFP) increase rate and stacking fault 
energy (SFE) of the two TWIP steels (measured with neutron diffraction patterns). 

Table 4-4 Temperature-dependent SFE of the 0-Cu and 1-Cu steel determined with thermodynamics 
and neutron diffraction. 

Steel Temperature [K] SFE [mJm-2] 
(Neutron Diffraction) 

SFE [mJm-2] 
(Thermodynamics) 

0-Cu 
293 26.8±0.5 26.4 
173 19.3±1.1 20.3 
77 15.5±1.7 16.6 

1-Cu 
293 33.8±2.2 28.8 
173 25.2±1.2 23.0 
77 20.7±0.7 19.2 

 



Chapter 4                                                               TWIP-TRIP Transition: the role of Cu 

130 

4.4.5 Dislocation Density Calculation 

To analyse the strengthening contribution of forest hardening effects, it is necessary to 

quantitatively determine the evolution of dislocation density during straining. The 

dislocation density was calculated with the neutron diffraction patterns based on the 

modified Williamson-Hall model [289,349]. The detailed calculation process can be 

found in Ref. [327]. The dislocation density evolution of the two steels at 293, 173, and 

77 K was plotted with respect to true strain in Fig. 4-9. As shown in Fig. 4-9a, at three 

deformation temperatures, the dislocation density of the two steels was ~7 × 1013 m-2, 

and it increased almost linearly with the increase of true strain after yielding. The 

decrease of deformation temperature promoted the speed of dislocation accumulation: 

at a true strain of 0.5, the dislocation density at 293 K reached ~1.00 × 1015 m-2 and it 

increased to ~1.52 × 1015 m-2 at 173 K and ~2.41 × 1015 m-2 at 77 K. Similar phenomena 

was also observed in the 1-Cu steel. 

 
Fig. 4-9 The evolution of dislocation density of the two high Mn alloys deformed at 293, 173, and 77 

K: the (a) 0-Cu and (b) 1-Cu steel. 

The varied increasing speeds of dislocation density of the two steels originates from the 

varied SFE and deformation temperature. The increased dislocation density is the 

concurrent result of dislocation generation and dynamic recovery [60]. Due to the low 

SFE, the perfect dislocations tend to slip on parallel slip planes or dissociate into two 
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Shockley partials with stacking faults existing in between. Dense planar dislocation 

arrays and stacking faults on parallel {111} slip planes are thus highly expected, 

contributing to significant dislocation accumulation. The dynamic recovery, on the 

other hand, can be reduced significantly by lowering deformation temperature. 

Dynamic recovery is generally caused by diffusional processes including cross slip and 

climb. When the temperature decreases to below 0.3 Tm (Tm: melting temperature), the 

dynamic recovery is very limited and dominated by cross slip [350]. The low 

temperature can even reduce the thermal activation of cross slip and create more 

extended dislocation cores to hinder cross slip [328]. Hence, the growth speeds of 

dislocation density increased as the deformation temperature was decreased. 

4.4.6 Microscopic Characterization 

To reveal the relationship among the chemical composition, temperature, and 

deformation mechanisms, the microstructure of the two steels after deforming to 

different strains at 293 and 77 K were characterized with TEM. Fig. 4-10a and b show 

the typical bright-field TEM micrograph of the 0-Cu steel deformed to a true strain of 

~0.3 at 293 K. The corresponding selected area diffraction pattern (SAED) was shown 

in Fig. 4-10c. After deformation, high density of dislocations and closely packed 

lamellae structures, which were identified as nano-sized primary twins accompanied 

with thin HCP laths (identified with SAED), were produced (Fig. 4-10a). These well-

defined twins and HCP clusters penetrated the grain interior and subgrains, leading to 

the continuous segmentation of grains. The mean free path of dislocations was reduced 

effectively and high density of dislocations (Fig. 4-10b) were trapped among them, thus 

providing significant strain hardening effects (so-called “dynamic Hall-Petch 

effect”)[327].  
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As shown in Fig. 4-10d, the introduction of new interfaces (i.e., twinning boundaries) 

and similar dislocation-twin interaction were also observed in the deformed 1-Cu steel 

at 293 K (Fig. 4-10d). The twinning activity of the 1-Cu steel is more active than that 

of 0-Cu steel as both primary and second twin system was observed (Fig. 4-10e). The 

two intersecting twin systems introduced a higher density of twinning boundaries, 

forming a hierarchical twin substructure. The structure of the hierarchical twin system 

was further revealed via HRTEM in Fig. 4-10f. The primary twins were typically 

arranged in the form of parallel bundles and their boundaries consist of stacking faults. 

The second twins formed from closely packed stacking faults intersecting with the 

primary twin. Apart from the crossing twinning networks, the active formation and 

following reaction of stacking faults, e.g., Lomer-Cottrell (L-C) locks, were also 

observed during the plastic straining.  

 
Fig. 4-10 Microstructure of the 0-Cu and 1-Cu steel deformed to a true strain of ~0.3 at 293 K: (a) 
typical bright-field TEM image, 0-Cu; (b) higher magnification of (a); (c) Selected area diffraction 

pattern of (a); (d) typical bright-field image, 1-Cu; (e) higher magnification of (d); (f) HRTEM image 
of the rectangle area in (e). 
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The formation of twins, martensitic phase transformation, and L-C locks are closely 

related to the activity of stacking faults. Due to the low SFE of the steel, the dissociation 

of perfect dislocations can easily occur on two 60° inter-crossing crystallographic 

planes of (111) and (111) , where numerous closely-packed stacking faults can be 

observed [67]. Twins can be formed by the glide of 112
6
a -type Shockley partial 

dislocations on consecutive (111) planes of the FCC matrix. When partial dislocation 

glide on every second (111) plane, the parent FCC phases with stacking sequence 

of …ABCABC… will transfer into HCP phases with …ACACAC… stacking sequence. 

Continuously produced partial dislocations on surrounding (111) planes can thicken the 

twins or HCP laths [117,348]. Meanwhile, after the dissociation of perfect dislocations, 

the reaction of two leading partial dislocations from different slip systems can further 

lead to a high formation probability of a stair-rod dislocation via [57]: 

 211 121 110
6 6 6
a a a

+ →  Eq. 4-14 

, the Burgers vector of stair-rod dislocation is perpendicular to the dislocation line and 

does not locate at the two {111} planes, making them sessile and hard to glide. These 

stair-rod dislocations are known as Lomer-Cottrell locks (marked with arrows in Fig. 

4-10f) [351]. It is indicated that L-C locks play an important role in the strain hardening 

of FCC alloys [352]. The L-C locks show a high capability of accumulating dislocations 

as four dislocation segments can be pinned by each L-C lock [353]. As the L-C locks 

are usually very short in length and can equivalently act as pinning points, the 

strengthening effects of L-C locks are very similar to Orowan’s strengthening based on 

the orientation-dependent line tension model [354]. Meanwhile, the L-C locks can also 

become unlocked after interacting with travelling dislocations driven by external stress 

[174].  
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Fig. 4-11 The microstructure of the 0-Cu and 1-Cu steel deformed to different strain levels at 77 K: (a) 
and (e) typical bright-field TEM image of the 0-Cu and 1-Cu steel with a strain of ~0.15, respectively; 

(b) and (f) HAADF image of the 0-Cu and 1-Cu steel with a strain of ~0.3, respectively; (c) and (g) 
Bright-field image of the 0-Cu and 1-Cu steel with a strain of ~0.3, respectively; (d) HRTEM image of 

the yellow square area in (c); (h) HRTEM image of the yellow square area in (g). 
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The microstructure of the two steels deformed to similar strain levels of ~0.15 and ~0.3 

at 77 K was compared in Fig. 4-11. Fig. 4-11a and e show the high density of 

mechanical twins formed in the 0-Cu and 1-Cu steels deformed to a true strain of ~0.15, 

respectively. Fig. 4-11b presents the HAADF image of the 0-Cu steel at a true strain of 

~0.3, showing the massive transition from the parent FCC phases into HCP-martensite 

in different forms: the dense HCP phases, discrete HCP lamellae, and thin HCP laths 

intersecting with each other. The HCP phases can be identified with the SAED pattern 

inserted in Fig. 4-11c, where HCP phases were entangled with dense dislocations. The 

martensite transformation can be ascribed to the lowered SFE caused by temperature 

decreasing, motivating the overlapping of the stacking faults on every other {111} 

plane [355]. The microstructure of the newborn HCP phases (the yellow square area in 

Fig. 4-11c) was revealed by HRTEM in Fig. 4-11d. It shows that the HCP phases exist 

in the form of parallel thin laths, separated by one or two stacking faults. This indicates 

that with the decrease of temperature (from 293 to 77 K) and SFE (from 26.8±0.5 to 

15.5±1.7 mJm-2), the martensite phase transformation gradually became the main 

deformation mechanism of the 0-Cu steel. This result is in good accordance with the 

neutron diffraction results in Fig. 4-5 and SFE-deformation mechanism map in Fig. 4-8.  

The deformation microstructure of the 1-Cu steel (at a true strain of ~0.3, 77 K) was 

revealed with HAADF image in Fig. 4-11f and bright-field TEM image in Fig. 4-11g. 

As the deformation temperature decreased to 77 K, the density of the hierarchy twin 

structure increased significantly compared to that at 293 K (Fig. 4-10). The abundance 

of primary and secondary twins introduced a much higher density of interfaces than 

that at 293 K, leading to more significant segmentation of the grains into ultrafine 

microstructural entities. The square frame area in Fig. 4-11g was further analysed with 

HRTEM in Fig. 4-11h. It is a nanotwin-HCP lamella consisting of two parallel twins 
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with thin HCP laths located at their boundaries. The twinning boundaries can serve as 

preferable nucleation sites for HCP phases [104,356]. The extended dissociated 

dislocations can react with coherent twinning boundaries: the leading partial dislocation 

can decompose into a stair-rod partial and a glissile partial along the boundaries, 

forming a favourable site for the HCP formation [104]. The HCP phase has a very 

narrow width (~2 nm) and a low volume fraction at ~0.3 true strain, which may explain 

that only a very weak diffraction peak of ε-( 1011 ) was detected in the neutron 

diffraction spectra (Fig. 4-4). Besides, a high density of stacking faults was also 

observed among the FCC matrix. This indicates that twinning is still the main 

deformation mechanism of the 1-Cu steel at 77 K as only a very trace amount of HCP 

phases can be identified. The decrease of deformation temperature from 293 to 77 K 

largely promoted the formation of (primary and secondary) twins, thus providing a 

higher strain hardening effect. 

Fig. 4-12 Schematic sketches illustrating the sequence of microstructure evolution in the 0-Cu and 1-
Cu steel deformed at 77 K.  
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Therefore, the deformation behaviours of the two steels at 77 K can be summarized and 

schematically illustrated in Fig. 4-12. Originally, both steels showed low dislocation 

density and a high fraction of annealing twins distributed among the grain interiors. For 

the 0-Cu steel, dislocation multiplication/gliding, the primary twinning, and slight 

phase transformation dominated the strain hardening behaviour at low strain levels. 

When at high strains, in addition to the continuous increase of dislocation density, the 

formation and thicken of twins and HCP laths became the main deformation 

mechanisms, playing an important role in withstanding external stress and providing 

larger ductility. For the 1-Cu steel, it produced a high density of twins, stacking faults, 

dislocations, and L-C locks at low strains. The following deformation promoted the 

formation and thicken of primary/secondary twins, forming three-dimensional 

hierarchical twinning systems and trapping dense dislocations in the intra-twin zones.  

4.4.7 Strengthening Mechanisms 

The neutron diffraction and post-mortem TEM characterization indicate that the 

deformation behaviour of the 0-Cu steel is a mixture of dislocation multiplication, 

twinning (at low strain levels) and phase transformation (at high strain levels). But for 

the 1-Cu steel, which has an overall higher SFE than the 0-Cu steel, dislocation motion 

and twinning are the dominant deformation mechanism during the whole plastic stage. 

Therefore, the total flow stress ( flowσ ) of the two TWIP steels should generally combine 

the contribution of the yield stress ( yσ ) and an incremental strain hardening effects 

( shσ ) during plastic deformation [198]: 

 flow y shσ σ σ= +  Eq. 4-15 
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First, we address the first term on the right, yσ . According to Ref. [198], the yield 

stress is a combination of various strengthening effects: 

 0
0y y p dis gbσ σ σ σ σ= + + +  Eq. 4-16 

, where 0yσ  is the lattice friction stress, i.e., intrinsic lattice resistance and the solid 

solution strengthening effects [357], pσ  represents the precipitation hardening, 0
disσ  is 

the forest hardening effects due to the initial dislocation density of the virgin samples, 

gbσ  is the grain boundary hardening. For the two steels used in the present study, the 

pσ  can be eliminated since no precipitates were characterized, at least from the neutron 

diffraction spectra (Fig. 4-3) and TEM observation (Fig. 4-11 and Fig. 4-12). According 

to Ref. [304], the forest strengthening effect of dislocations can be calculated with the 

Taylor equation: 

 1/2 ,dis M Gbσ α ρ=  Eq. 4-17 

where M=3.06 is the Taylor factor, α=0.26 is a constant for scaling the inter action 

strength between dislocations [358]. According to the neutron diffraction results, the 

dislocation density of the two as-fabricated steels was about 7 × 1013 m-2, contributing 

~106 MPa to the YS. The hardening effects of grain boundaries can be well described 

with the Hall-Petch equation [67]: 

 1/2( ) ,
( )GB gb

G T K d
G RT

σ −=  Eq. 4-18 

where the Hall-Petch coefficient (Kgb) of 0.357 MPa·m0.5 was used according to Refs. 

[214,327], G(T) and G(RT) are the shear modulus at a given temperature and room 

temperature, respectively. Based on the average grain size of 14.5±1.3 µm, the grain 

boundaries contributed ~95 MPa to the yield stress. Therefore, the lattice friction stress 

of the two steels can be calculated with Eq. 4-16. As shown in Fig. 4-13, with the 
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decrease of deformation temperature, the lattice friction stress of the two steels can 

increase almost linearly with very similar slopes (1.651 MPa·K-1 for 0-Cu steel and 

1.717 MPa·K-1 for 1-Cu steel). It is worth noting that the 1-Cu steel shows overall higher 

(~90 MPa) lattice friction stress than the 0-Cu steel at all three temperatures. This can 

be ascribed to the stronger solid solution strengthening effects brought from Cu addition 

[43]. 

 
Fig. 4-13 Strengthening effects of the 0-Cu and 1-Cu steel during deforming at 77 K: (a) The lattice 

friction stress evolution plotted as a function of temperature; (b) The evolution of strengthening 
contribution of deformation twinning of the 1-Cu steel and TWIP+TRIP of the 0-Cu steel with respect 
to true strain; (c) and (d) The respective contribution of multiple strengthening mechanisms to the total 

flow stress of the 0-Cu and 1-Cu steel at 77 K, respectively. 

Next, we address the strengthening effects during plastic deformation. According to 

Refs. [198,327], several strengthening effects including (1) dislocation multiplication, 

(2) twinning, and (3) martensite phase transformation ( trσ ) can collaboratively 

contribute to the incremental stress at the plastic stage: 
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 p
sh dis tw trσ σ σ σ= + +  Eq. 4-19 

, where p
disσ  is the strengthening contribution from the dislocations produced during 

straining. Combining Eq. 4-15, Eq. 4-16, and Eq. 4-19, the contribution from twinning 

( twσ ) and/or phase transformation ( trσ ) can be calculated with: 

 .tw tr gb fr disσ σ σ σ σ σ+ = − − −  Eq. 4-20 

For the 1-Cu steel, a trace amount of the transformed ε-martensite phase has been 

identified (not detectable via neutron diffraction) and preferably exist with a very wide 

spacing distance and thin thickness (< 5 nm) (Fig. 4-4 and Fig. 4-11f). According to 

Ref. [315], these stand-alone HCP laths have a very limited ability to impede 

dislocation motions and produce strengthening effects. The contribution from 

martensite phase transformation is thus neglected for the 1-Cu steel. However, when 

deforming the 0-Cu steel at 77 K, strain-induced hard HCP laths serve as an additional 

strengthening source, which can introduce extra FCC/HCP interfaces with high-stress 

concentration and reduce the mean free path of dislocation motions [359,360]. 

Therefore, a synergistic strengthening effect of TWIP and TRIP was considered in 

deforming the 0-Cu steel at 77 K. The evolution of volume fraction of HCP phases of 

the 0-Cu steel and strengthening contribution of the TWIP effect (for the 1-Cu steel) 

and TWIP+TRIP effect (for the 0-Cu steel) at 77 K were plotted as a function of true 

strain in Fig. 4-13b. Starting from a very low level (~50 MPa), the two curves increased 

linearly with true strain and were almost overlapped before strain reaching 0.12 and the 

volume fraction of HCP martensite reaching ~5.2% (separation point). This indicates 

the strengthening effects of HCP laths is negligible with a limited volume fraction 

(lower than 5.2%), where most of them were distributed distantly or along with 

twinning boundaries. The two curves then gradually separated, and the difference 

became wider with the increase of strain. At the true strain of ~0.5, extensive twinning 
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boundaries contributed ~810 MPa in 1-Cu steel, while the twin and HCP-

martensite/austenite interfaces in 0-Cu steel provided ~940 MPa to the total flow stress. 

This indicates that the abundance of HCP phases in the 0-Cu steel can provide more 

significant strain hardening effects than hierarchy twin networks produced in the 1-Cu 

steel. 

According to our SHR results in Fig. 4-3, both twinning and martensite phase 

transformation can provide steady and significant strengthening effects and improve 

the ductility of the steels. But they may influence the mechanical performance 

differently. Mechanical twins have both hardening and softening effects. On one hand, 

the abundance of strain-induced twinning boundaries can penetrate the grain interior 

and form dense three-dimensional networks, subdividing the grains into nano-scaled 

substructures. The dislocation-twin, dislocation-dislocation, and twin-twin interactions 

were significantly promoted, thus offering substantial work-hardening effects [95]. Due 

to the segmentation of the grains, the strengthening effects of twinning boundaries are 

generally considered analogous to grain boundaries. The twin spacing dependent 

strengthening effect is thus represented similar to the classical Hall-Petch relation [91]: 

 ,tw TBk tσ =  Eq. 4-21 

where t is the average twin spacing and kTB is a constant. Meanwhile, due to the 

inhabitation of twinning boundaries to dislocations, high-density orderly arranged 

interfacial dislocation can be observed along with twinning boundaries. The dynamic 

recovery of dislocations can be effectively reduced by dense hierarchical twin networks. 

This may explain the higher dislocation density when deforming at lower temperatures 

(Fig. 4-9). It is also worth noting that twinning boundaries can be penetrated by 

dislocations with decreasing the twin lamella thickness and higher external stress [91]. 

For the present study, the strain-induced twinning boundaries, especially the secondary 
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twins, has a very narrow width (less than ~5 nm, Fig. 4-10 and Fig. 4-11), which may 

relieve the stress concentration along with twinning boundaries and reduce the strain 

hardening effect. On the other hand, the softening effect of twinning originates from its 

role as an effective and supportive deformation mechanism. twinning boundaries can 

serve as adequate pathways for easy glide and cross-slip of dislocations, enabling the 

alloy to accommodate extensive plastic deformation at high strain levels and postpone 

necking [352,361]. 
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Fig. 4-14 Strengthening hardening effect of (a) dislocation and (b) TWIP and TRIP; (c) temperature 

dependence of the hardening rate from dislocation and faulted structures. 

Similarly, the strengthening effects of strain-induced HCP laths are based on 

continuous segregating grains by introducing extra phase-matrix interfaces, where 

dislocations pile up can be significantly promoted after massive dislocation motions. 

This can create significant back stresses, which are capable of reducing the mobility of 

dislocations, dynamic recovery, and thus improving work hardening rate [362]. Unlike 
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the thin twins, the lamellar structure of HCP phases serves as stronger dislocation 

barriers due to either <c> or <c+a> dislocations are needed for passing edge 

dislocations into the HCP phase, and the critical resolved shear stress of motivating 

these dislocations are very high [363]. Meanwhile, the transformation from FCC to 

HCP laths is expected to produce a significant strengthening effect. More importantly, 

the HCP laths can also create very strong barriers for twinning on impinging slip 

systems, and motivating intragranular rotations [104]. A large amount of martensite 

phase transformation, however, can deteriorate ductility, since the quasi-cleavage 

fracture can be activated [69]. 

The strengthening effects of dislocation and faulted structures (TWIP and TRIP) were 

plotted as a function of true strain in Fig. 4-14a and b, respectively. When deforming 

the 0-Cu steel to a true strain of ~0.5, the strengthening contribution from dislocation 

( disσ ) increased from ~493 MPa at 293 K to ~690 MPa at 77 K. Meanwhile, the 

contribution from the faulted structures ( fsσ ) was ~780 MPa at 293 K (from TWIP), 

which increased to ~940 MPa at 77 K (from TWIP and TRIP). The strengthening effect 

is less significant in the 1-Cu steel at a similar strain level: disσ  was ~470 MPa at 293 

K and ~770 MPa at 77 K while fsσ  was ~640 MPa at 293 K and 810 MPa at 77 K. The 

hardening effects showed an almost linear increase with true strain. After linear fitting, 

their slopes were defined as the dislocation-induced ( disσ ε∂ ∂ ) and faulted structures-

induced ( fsσ ε∂ ∂ ) hardening rates, respectively. This indicates that the high 

strengthening effects can be ascribed to concurrent strengthening effects from 

dislocation, TWIP, and TRIP, which can be enhanced with the decrease of deformation 

temperature and SFE. The influence of temperature on the hardening rates of the three 

steels, the 0-Cu, 0.5-Cu [327], and 1-Cu steel, was also illustrated in Fig. 4-14c. This 
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indicates that both disσ ε∂ ∂  and fsσ ε∂ ∂  increased almost linearly with temperature 

decreasing. Their relationship can thus be described as: 

 dis
dism

T
σ
ε
∂

− =
∂ ∂

 Eq. 4-22 

 fs
fsm

T
σ
ε
∂

− =
∂ ∂

 Eq. 4-23 

, where the dism  and fsm  are the slopes of the hardening rate-temperature curves of the 

dislocation and faulted structures, respectively. After linear fitting, dism  of the three 

high Mn steels maintained at a very similar level of ~2.0 MPa·K-1. The 1-Cu and 0.5-

Cu steels have fsm = ~1.1 MPa·K-1, lower than that of the 0-Cu steel, fsm = 1.89 MPa·K-

1. This is due to the synergistic hardening effects of TWIP and TRIP of the 0-Cu steel 

at 77 K. 

4.5 Conclusions 

The mechanical performance, microstructural evolution, and deformation mechanisms 

of two high Mn steels with different Cu contents (Fe-24Mn-4Cr-0.5C and Fe-24Mn-

4Cr-0.5C-1Cu) at a low-temperature range (from 293 to 77 K) were investigated with 

in situ neutron diffraction tensile tests and correlated post-mortem microscopic 

characterization. The investigation leads to the following conclusions: 

(1) The tensile strength increased steadily with temperature decreasing. At 293 K, the 

YS and UTS of the 0-Cu steel are 336 MPa and 930 MPa, respectively, while the 1-Cu 

steel showed a higher YS of 429 MPa but lower UTS of 876 MPa. At 77 K, the 0-Cu 

steel showed a high YS of 700 MPa and UTS of 1358 while the corresponding data of 

the 1-Cu steel can reach 793 MPa and 1323 MPa. Meanwhile, the large elongation was 
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maintained even at 77 K with total elongation of ~0.68 and ~0.86 for the 0-Cu and 1-

Cu steel, respectively. 

(2) The stacking fault energy of the two steels were determined with both 

thermodynamical modelling and neutron diffraction measurement. The results show 

that the SFE decreased linearly with the drop of temperature (with a slope of ~0.06 

mJm-2K-1). The SFE of the 0-Cu steel decreased from 26.8±0.5 mJm-2 at 293 K to 

15.5±1.7 mJm-2 at 77 K. The dominant deformation mechanism of the 0-Cu steel 

switched from twinning (at 293 and 173 K) to martensite phase transformation (at 77 

K). The 1wt.% Cu addition enhanced the SFE with ~5 mJm-2, making twinning the 

main deformation mechanism of the 1-Cu steel. 

(3) The dislocation density of the two steels was calculated with the modified 

Williamson-Hall method. The dislocation density was at around 7 × 1013 m-2 before 

deformation. The dislocation density increased almost linearly with strain after yielding. 

Its increase rate was higher at lower deformation temperatures. The deformed 0-Cu 

steel showed a higher level of dislocation density than the 1-Cu alloy. When deforming 

at 77 K to a true strain of ~0.5, the highest dislocation density of both steels was 

achieved (~2.5 × 1015 m-2 for the 0-Cu steel and ~2.0 × 1015 m-2 for the 1-Cu steel). 

(4) The lattice friction stress can be improved by decreasing temperature and Cu 

alloying. The 1wt.% of Cu addition can enhance ~82 MPa of the lattice fraction stress. 

Starting from 135 MPa (0-Cu) and 215 MPa (1-Cu), the lattice friction stress increased 

linearly with the temperature dropping with a slope of 1.651 MPa·K-1 (0-Cu) and 1.761 

MPa·K-1 (1-Cu). 

(5) The strengthening effects of both dislocation and faulted structures (twins and 

martensite) are significant and increase as the temperature/SFE decreased. For the 0-
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Cu steel deformed to a true strain of ~0.5, dislocation contributed ~470 MPa at 293 K 

and ~730 MPa at 77 K, while the faulted structures contributed ~770 MPa at 293 K 

(from TWIP only), which increased to ~940 MPa at 77 K (from both TWIP and TRIP).  
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5.1 Abstract 

Deformation mechanisms of high entropy alloys (HEAs) at cryogenic temperatures 

have attracted extensive research interest. We used in situ neutron diffraction to study 

the tensile behaviour of a face-centred-cubic HEA at 77 and 15 K and compared its 

stacking fault energy (SFE) at ambient and cryogenic temperatures. The SFE dropped 

from 28 mJm-2 at 293 K to 11 mJm-2 at 15 K, leading to the transition of the deformation 

mechanism from deformation-induced twinning to martensite phase transformation. As 

a result, an excellent balance of strength and ductility was achieved at both temperatures. 

This finding highlights the importance of SFE for cryogenic alloy design.  

5.2 Introduction 

Differing from traditional alloys, which are mainly based on only one principle element, 

high entropy alloys (HEAs) were designed to consist of near-equimolar multi-

components and single-phase to maximize their configurational entropy [232,364–366]. 

The unique features of HEAs (sluggish diffusion, cocktail effects, and high lattice 

distortion [232,364]) usually come with eminent mechanical performance [367–371]. 

Researches have shown that at cryogenic temperatures several HEAs [200,254,372] 

(FeCoCrNi, CrMnFeCoNi, FeCoNiCr, etc.) with single face-centred cubic (FCC) phase 

have an excellent combination of high strength and elongation, making them very 

attractive for low-temperature applications, such as liquified natural gas industry, 

structural material for superconductor in fusion reactors and outer space. 

Two athermal transformations are known to significantly improve HEAs’ mechanical 

performance: deformation-induced twinning and phase transformation [259]. It is well 

established that deformation-induced nano-twinning can activate the dynamic Hall-
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Petch effect, leading to significant increments in both strength and ductility [135]. 

Phase transformation also serves as an important origin of strength and ductility in FCC 

alloys by inducing (transformation-induced-plasticity) TRIP effect [53]. The dominant 

factor in deciding the strengthening mechanisms in HEAs is found to be the stacking 

fault energy (SFE, γsf) of the alloy [200], which is mainly affected by alloy composition 

and deformation conditions (e.g. temperature and strain rate). According to previous 

studies [135,140,373], dislocation passage and piling up dominate the plastic 

deformation when SFE exceeds 45 mJm-2, while twinning will be more favourable with 

SFE in the range of 15~45 mJm-2. If SFE lowers to less than 15 mJm-2, the phase 

transformation from FCC-austenite to martensite with hexagonal close-packed (HCP) 

and/or body-centred-cubic (BCC) structure can be triggered. 

Temperature is one of the dominant factors in deciding alloys’ SFE- the lower the 

temperature, the lower the SFE- hence controlling the micro-mechanical behaviour. 

SFE of FeCoNiCr alloy at room temperature has been determined in the range of 23 to 

31 mJ/m2 by transmission electron microscopy [279], and 17.4 to 31.7 mJ/m2 by X-ray 

diffraction and ab initio calculation [99]. Twinning and dislocation pilling up are the 

main deformation mechanism of a HEA from room temperature to 77 K [200]. 

However, some researches show that via tunning the alloy composition [374], phase 

transformation can also be induced during plastic deformation of HEAs at room 

temperature [370] and 77 K [375]. Mechanical performance and deformation 

mechanisms of HEAs at extremely low temperatures (≤ 77 K), however, have scarcely 

been reported. Lin et al  [372]. recently reported FCC to HCP phase transformation 

when FeCoCrNi alloy was deformed at 4.5 K, in contrast to twinning reported at higher 

temperatures. Therefore, it is of great interest to perform mechanical testing at a 
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temperature below 77 K and to compare the micro-mechanical behaviour of the HEAs 

at different temperatures.  

In this study, we have carried out in situ neutron diffraction on a FeCoCrNiMo0.2 HEA 

at 77 and 15 K with the aim to probe its strengthening origins. This study provides a 

better understanding of the relationship among SFE, temperature, and mechanical 

properties of HEA and sheds a light on designing engineering alloys with a better 

combination of strength and ductility for cryogenic applications. 

5.3 Materials and Methods 

A HEA (FeCoCrNiMo0.2) was prepared by powder metallurgy as detailed in Ref. [102]. 

The ENGIN-X diffractometer (ISIS spallation neutron source, the Rutherford Appleton 

Laboratory, UK) was utilized to perform the in situ time-of-flight neutron diffraction 

during the tensile tests. Dog-bone tensile samples with a gauge dimension of Φ 8 × 

34.5 mm were machined. The tensile tests were carried out by a 100 kN Instron stress 

rig with a cryogenic chamber cooled by liquid helium [288]. The loading direction is 

orientated 45° relative to the incident neutron beam. The north and south detectors 

(correspond to the axial and radial detector, respectively) are capable of capturing 

diffraction signals parallel and perpendicular to the loading direction. The gauge 

volume for neutron diffraction measurements was 4 × 4 × 4 mm3 and each diffraction 

pattern collection took 20 mins.  

5.4 Results 

Representative true strain-stress curves of the alloy at 293 [102], 77, and 15 K are 

shown in Fig. 5-1a. The alloy showed high yield strength (YS) of 376 MPa, ultimate 
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tensile strength (UTS) of 767 MPa along with excellent total elongation of 52.5% at 

293 K. At 77 K, the YS, UTS, and total elongation of the sample all enhanced to 

637 MPa, 1212 MPa, and 71.2%, respectively. At 15 K, the YS further increased to 

710 MPa, UTS to 1423 MPa, and the ductility dropped slightly to 41.8% (Table 5-1). 

As shown in Fig. 5-1a, the true stress-strain curves at 293 and 77 K show a very similar 

pattern, whereas the one at 15 K was different, which consisted of a plateau period 

within 0.02 to 0.12 true strain followed by an uptrend.  

 
Fig. 5-1 (a) True strain-stress curve and (b) strain hardening rate curve at 293, 77, and 15 K. 

Strain hardening rate (SHR) curves (shown in Fig. 5-1b) at 293 and 77 K shared a quite 

similar trend. They both experienced a rapid drop at the initial stage, then the decreasing 

rates slowed down until fracture. SHR at 77 K exhibited an overall higher value than 

that at 293 K. In contrast, SHR at 15 K changed more abruptly and showed an unusually 

large strain-hardening capability. Three pronounced stages can be observed as outlined 

in Fig. 5-1b: starting from a very large value of ~7.6 GPa, the SHR curve initially 

dropped dramatically to the bottom of ~0.06 GPa, corresponding to the plateau period 

in the stress-strain curve. It then soared to a peak of ~7.5 GPa with true stress of ~1270 

MPa, characterizing stage II, after which it began dropping until facture (Stage III). 
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Table 5-1 Properties of the FeCoCrNiMo0.2 alloy at three temperatures. 

Temperature 
[K] 

YS 
[MPa] 

UTS 
[MPa] 

Elongation 
[%] 

Lattice 
Parameter 

[Å] 

SFE 
[mJm-2] 

Measured 
[MPa] 

Calculated 
[MPa] 

τtw bp τtw bp 
293 376 767 52.5 3.595 28 245±10 750±30 251 767 
173 637 1212 71.2 3.587 17 232±10 710±30 225 689 
77 710 1423 41.8 3.585 11 219±10 670±30 210 642 

The diffraction patterns collected at axial direction during tensile loading at 77 and 15 

K are plotted in Fig. 5-2a and b, respectively. The sample at room temperature 

composes of a single FCC phase with a lattice parameter of 3.595 Å and no new phases 

appeared during cooling. The lattice parameter of FCC-phase decreased to 3.586 Å at 

77 K and 3.584 Å at 15 K. During tensile testing at 77 K no new phase was observed 

(Fig. 5-2a). At 15 K (Fig. 5-2b), peaks belonging to FCC-phase were replaced 

progressively by newly formed peaks after yielding, which were identified as 

HCP/BCC- phases via TOPAS [376]. Fig. 5-2c shows the diffraction pattern between 

d spacing=2.125~1.75 Å, clearly demonstrating the occurrence of phase transformation. 

Formation of HCP/BCC- phases of the FCC HEA during tensile loading is similar to 

austenitic steels and transformation-induced-plasticity steels [75], so we simply use γ, 

ε, and α' to respectively symbolize FCC-, HCP-, and BCC- phases. 

The change in lattice strain was measured with the following formula: 

 
0

0
hkl hkl

hkl
hkl

d d
d

ε −
=  Eq. 5-1 

, where hklε , hkld , and 0
hkld  correspond to the lattice strain, inter-planar spacing under 

stress, the stress-free lattice spacing of {hkl} crystallographic grain family, respectively. 

The d spacing was obtained by fitting a single reflection with the Pseudo-Voigt function 

using the GSAS program [377]. Fig. 5-3a and c show the evolution of elastic lattice 

strain from the axial and radial direction in different grain families during tensile 

deformation at 77 and 15 K, respectively. It is noted that the lattice strain at 15 K was 

depicted only at low strain conditions (≤ 0.15) because the occurrence of new peaks 
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overlapped with original peaks, leading to high uncertainty during single peak fitting 

of γ-phase peaks at larger strains. Different trends of lattice strain response against 

applied stress were observed at different temperatures. A linear relationship was kept 

before yielding at both temperatures, while the slope of the curves at 15 K was changed 

after yielding due to the phase transformation and the following stress partitioning.  

 
Fig. 5-2 Diffraction patterns during deformation at (a) 77 K, (b) 15 K, and (c) 15 K, with higher 

magnification. 

Studies have shown that if stacking faults (SFs) formed during deformation, the shift 

of the peak positions for successive orders of reflections such as {111} and {222} will 
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be different due to the structure factor for SFs [378]. We present the lattice strain 

evolution of two successive grain planes of {111} and {222} at axial and radial 

directions at both temperatures (only strain ≤ 0.15 is illustrated at 15 K) in Fig. 5-3b 

and d, respectively. The lattice strain of {111} and {222} reflection deviated from each 

other when certain stress/strain was reached, confirming the formation of SFs.  

The peak shifting can be ascribed to two main sources: macro-strain ( strain
hklε ) and SFs 

( sf
hklε ), following a relationship [274,379] of: 

 
( )

( ) ( )2 2 2

3
4

exp strain sf strain
hkl hkl hkl hkl

b h k l
SFP

u b h k l
ε ε ε ε

π
± + +

= + = −
+ + +
∑  Eq. 5-2 

, where the exp
hklε  is the measured lattice strain, SFP is the stacking fault probability, while 

u and b are the numbers of non-broadened and broadened components due to SFs [274]. 

 
Fig. 5-3 Evolution of elastic lattice strain (a and c) and corresponding stacking fault probability (b and 
d) along with axial and radial directions in crystallographic planes of (222), (311), (220), (200), and 

(111) during tensile tests at (a)(b) 77 K, (c)(d) 15 K. “Divergence onset” indicates the start point of the 
observable separation of the two lattice strain curves belonging to (111) and (222) grain plane. 
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Accordingly, Fig. 5-3b and d illustrate the SFP change with respect to true strain at 77 

and 15 K. After SFP surpassed 0, it increased almost linearly as a function of true strain. 

The fitted line representing the SFP at 77 K showed a gentle slope of ~55 (Fig. 5-3b), 

which boosted to ~319 when the temperature dropped to 15 K (Fig. 5-3d). SFP 

increased to 42 × 10-3 at 15 K at only 0.13 true strain, whereas it increased to only 24 × 

10-3 at 77 K at 0.52 true strain. This indicated that at 15 K, the alloy has a much higher 

probability to form SFs than at 77 K. 

SFE, which indicates the ease of dissociating perfect dislocations into partial 

dislocations and SFs, can be estimated according to Reed and Schramm [171]: 

 
0.372

0 111 44 44 11 12

11 12

6.6 2
33isf

a C C C C
SFP C C
εγ

π

−
 〈 〉 + − =    −   

 Eq. 5-3 

, where 2
50 111
ε  represents mean square strain calculated by deconvoluting size and 

strain broadening effects with double-Voigt method [380]. Based on the ab initio 

simulation from [374], 11C  =216 GPa, 12C  =175 GPa, and 44C =189 GPa were used 

here for SFE calculation. The SFE evolution of the alloy at 293, 77, and 15 K was 

plotted as a function of true strain in Fig. 5-4a. All three fitted curves showed a similar 

trend that they continued to drop at lower strain until reaching the turning points and 

then kept at constant values, corresponding to the SFE of the alloy (Table 5-1). At low 

strain conditions, the calculated high SFE values are artefacts of Eq. 5-3 due to the fact 

that the formed SFs are not enough to be reflected in diffraction peaks, and uncertain 

inputs of small strain and SFP were used. The turning points indicate that the gathered 

SFs become significant enough and the SFE calculation tends to be stabilized and 

reliable. The value calculated here at room temperature is slightly higher than that in 

[200] because of the different methods used to calculate 2
50 111
ε . It is noted that Mo 
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addition to this HEA might reduce the SFE significantly as demonstrated in Fe-Cr-Ni 

system. The dropping of SFE leads to the shifting of deformation mechanisms: 

deformation-induced twinning at 293 K with SFE of 28 mJm-2 [102], and at 77 K with 

SFE of 17 mJm-2; whereas phase transformation (from γ-phase to ε-/α'- phase) occurred 

at 15 K with SFE of 11 mJm-2.  

Steinmetz’s equation was used to calculate critical stress for twinning ( twσ ) [301]: 

 
0

3
3

sf p
tw tw

p

Gb
M M

b L
γ

σ τ
 

= = +  
 

 Eq. 5-4 

, where G is the shear modulus (85 GPa), twτ  is the critical shear stress for twinning, 

pb  is the Burgers vector for partial dislocations (a0 112 6 ), M is the Taylor factor 

(3.06), and the L0 is the width of the twin embryo (~200 nm) [200]. The calculated 𝜎𝜎𝑡𝑡𝑡𝑡 

decreases progressively from 767 MPa at 293 K to 642 MPa at 15 K. Experimentally, 

we used the stress at SFP = 0 (shown with red circles at Fig. 5-3 c and d) as the critical 

stress for twinning, which are 710±30 MPa/2.5% true strain at 77 K and 

670±30 MPa/0.45% true strain at 15 K (Table 4-2). The values obtained by the two 

methods agree reasonably well. Although deformation-induced twinning and phase 

transformation are two exclusive strengthening mechanisms [381], the formation of 

twinning at low strain conditions may serve as nucleation sites for FCC-BCC/BCT 

phase transformation [45,323,382]. Hence the calculation of twinning stress at 15 K is 

relevant although the alloy tends to prompt phase transformation due to the reduced 

SFE at 15 K. 

The phase transformation process during the tensile test at 15 K was depicted at Fig. 

5-4b, where the weight fraction of the three phases (γ, ε and α') obtained by Rietveld 

refinement in TOPAS [376] was plotted with respect to true stress, along with the SHR 
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curve. During stage I (from 700 to 802 MPa), the SHR kept dropping whereas the phase 

fraction only changed slightly. The drop of SHR was due to dynamic recovery [383] 

and glide of partial dislocations in γ phase, serving as an incubation for the following 

phase transformation [108]. During stage II (from 802 MPa to 1270 MPa), the phase 

transformation occurred. At first, the phases transformed at an ultrafast speed within 

~70 MPa, with α'-phase fraction soaring to ~42%, ε-phase to ~6% while γ-phase 

decreasing dramatically to ~52%. This mainly results from that the phase 

transformation originally occurred at favourable sites (i.e., grain boundaries and grains 

with preferred orientation). The phase transformation from FCC to BCC can trigger the 

TRIP effect, which can enhance the strain hardening over a wide deformation range 

and improve the ductility significantly [384]. The induced dense γ-/α'-/ε- phase 

interfaces, can also serve as barriers against the (partial-) dislocation motion and 

strengthen the alloy [385,386]. During the rest part of Stage II (from 870 to 1270 MPa), 

the phase transformation continued (α'-phase increased to ~81%, γ-phase decreased to 

~16% and ε-phase disappeared gradually), however, with lower speed. This originates 

from that the phase transformation shifted to grain interior or not-so-good-orientated 

grains [53]. It also led to the slow-down of SHR growth. At stage III (>1270 MPa), the 

phase transformation reached a plateau (~87% for α'-phase and ~13% for γ-phase). 

Consequently, the SHR started to decrease since the supply of new phases was stopped. 
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Fig. 5-4 (a) Stacking fault energy calculation curve at 293, 77 and 15 K and (b) fraction evolution of γ-, 
αʹ- and ε- phase and strain hardening rate curve as a function of true stress during deformation at 15 K. 

5.5 Conclusion 

In situ neutron diffraction measurements and tensile tests were applied to study the 

strengthening mechanisms of a high-performance HEA alloy (FeCoCrNiMo0.2) at 77 

and 15 K. The alloy prepared comprises a single FCC phase, which exhibited 

astonishing mechanical properties at both temperatures (YS of 637 MPa, UTS of 1212 

MPa and elongation of 71.2% at 77 K, while YS of 710 MPa, UTS of 1423 MPa and 

elongation of 42% at 15 K). The strength and ductility enhancement at 77 K mainly 

benefit from the interaction between twinning boundaries and dislocations, while phase 

transformation plays a majority role in strengthening at 15 K. The transition of 

strengthening mechanism can be ascribed to the temperature-dependent SFE dropping, 

which was calculated to be 28, 17, and 11 mJ/m2 at 298, 77, and 15 K, respectively. 

Hence, engineering SFE by tunning alloy composition and deformation temperature 

can induce desirable strengthening mechanisms (twinning and phase transformation), 

effectively improving the mechanical performance of alloys, which is a promising 

concept to exploit more advanced cryogenic HEAs. 
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6.1 Abstract 

We investigated the mechanical and microstructural responses of a high-strength equal-

molar medium entropy FeCrNi alloy at 293 and 15 K by in situ neutron diffraction 

testing. At 293 K, the alloy had a very high yield strength of 651±12 MPa, with total 

elongation of 48±5%. At 15 K, the yield strength increased to 1092±22 MPa, but the 

total elongation dropped to 18±1%. Via analysing the neutron diffraction data, we 

determined the lattice strain evolution, single-crystal elastic constants, stacking fault 

probability, and estimated stacking fault energy of the alloy at both temperatures, which 

are critical parameters to feed into and compare against our first-principles calculations 

and dislocation-based slip system modelling. The density functional theory calculations 

show that the alloy tends to form short-range order at room temperatures. However, 

atom probe tomography and atomic-resolution transmission electron microscopy did 

not identify the short-range order. Additionally, at 293 K, experimental measured 

single-crystal elastic constants do not agree with those determined by first-principles 

calculations with short-range order but agree well with the values from the calculation 

with the disordered configuration at 2000 K. This suggests that the alloy is at a 

metastable state related to the fabrication methods. In view of the high yield strength of 

the alloy, we calculated the strengthening contribution to the yield strength from grain 

boundaries, dislocations, and lattice distortion. The lattice distortion contribution was 

based on the Varenne-Luque-Curtine strengthening theory for multi-component alloys, 

which was found to be 316 MPa at 293 K and increased to 629 MPa at 15 K, making a 

marked contribution to the high yield strength. Regarding plastic deformation, 

dislocation movement and multiplication were found to be the dominant hardening 

mechanism at both temperatures, whereas twinning and phase transformation were not 

operative. This is mainly due to the high stacking fault energy of the alloy as estimated 



Chapter 6                             Cryogenic Deformation of a FeCrNi Medium Entropy Alloy 

162 
 

to be 63 mJm-2 at 293 K and 47 mJm-2 at 15 K. This work highlights the significance 

of lattice distortion and dislocations played in this alloy, providing insights into the 

design of new multi-component alloys with superb mechanical performance for 

cryogenic applications. 

6.2 Introduction 

In the past decade, a revolutionary new metallurgy design strategy, multi-component 

alloys (MCAs), containing several equimolar or non-equimolar components (in the 

range of 5-35 at.%), has been developed [232], which include high entropy alloys 

(HEAs) and medium entropy alloys (MEAs). Among different groups of MCAs, the 

group based on 3d transition elements (Cr, Mn, Fe, Co, Ni, V, and Cu) can form a single 

face-centred cubic (FCC) structure, which shows great potential in achieving superior 

strength-ductility combinations [99,102,198,254,259,387–389]. The compositions 

include FeNiCo MEA [198], FeMnCoCr HEA [259], CrMnFeCoNi HEA [254], and 

other variations.  

Recently, the intriguing mechanical performance of 3d element-metal MCAs under 

cryogenic temperatures has been demonstrated, such as high fracture tolerance [254], 

fatigue-crack growth resistance [390], and exceptional strength-ductility balance 

[282,348]. This makes them highly desirable in the rapid-growing cryogenic 

applications such as liquid gas storage, fusion reactors, and medical diagnosis. The 

application of MCAs at cryogenic temperatures, however, can be severely limited since 

the yield strength (YS) of those alloys is relatively low compared to conventional 

structural alloys. Many studies show the YS of these MCAs is generally lower than 400 

MPa at room temperature and 500 MPa at cryogenic temperatures [198,200]. For 
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example, the YS of a single-phase FeCoCrNi HEA is only 260 MPa at 293 K and 480 

MPa at 77 K [200]. Therefore, several conventional strengthening strategies (such as 

precipitating hardening and grain refinement) were applied to overcome this dilemma 

via introducing extensive dislocations and interfaces.  

Based on the uniqueness of MCAs, two more promising strengthening strategies are 

emerging to resolve this dilemma: chemical short-range order (SRO) [117,391,392] and 

severe lattice distortion (i.e., a wide fluctuation of the atomic bond distances) [232]. 

SRO stems from the enthalpic interactions among constituent elements, and its 

formation is thermodynamically favoured in MCAs [117,391,392]. The densely 

distributed SROs can create strain fields; thus, an extra force is required to break the 

SROs when dislocations pass by. The cutting-through and the following de-trapping 

process during dislocation migration are expected to increase the opportunity for 

dislocation to interact and form entanglement [391]. However, the formation 

mechanism of SROs in MCAs has only been directly observed in two MEAs of VCoNi 

[117] and CrCoNi [391]. 

Severe lattice distortion originates from the randomly distributed constituent elements 

with varying atomic radii as no matrix or host element could be defined in MCAs [232]. 

Each individual atom in MCAs thus experiences different stress fields created by its 

interaction with a set of different neighbouring atoms. However, the role of the severe 

lattice distortion in strengthening the MCAs is under debate. Wu et al. [393] suggested 

that the large lattice distortion fluctuation can only provide weak Labusch-type pinning 

effects on dislocation motions. However, research has shown that enhancing the lattice 

distortion by adding extra vanadium can induce a significant YS improvement in both 

FCC and body-centred cubic (BCC) HEAs [387]. The critical role of lattice distortion 

in strengthening was also confirmed by theoretical studies, which successfully 
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predicted the YS of several MCAs using solute misfit volumes as the core parameter 

[250,394]. These theories also predicted the growing strengthening effect of lattice 

distortion with decreasing temperature [198].  

Herein, we studied a new equimolar ternary MEA (FeCrNi alloy), which has been 

shown to achieve a high YS (644MPa) and good elongation (54%) at room temperature 

[395]. Several critical questions can be raised for this alloy: (i) Does SRO exist in the 

FeCrNi alloy, as observed in CrCoNi [391] and VCoNi MEAs [117]? Is SRO the main 

strengthening factor? (ii) To what degree the severe lattice distortion can strengthen the 

alloy and what is its strengthening contribution at cryogenic temperatures? In addition, 

the alloy should have high stacking fault energy >50 mJm-2 according to Ref. [396]. 

Twinning and phase transformation should not be operative, but the alloy still has very 

good ductility, so what are the underpinning mechanisms for the alloy to have a 

balanced combination of strength and ductility? This study intends to provide insights 

into these questions.  

6.3 Materials and Methods 

6.3.1 Materials 

Powder metallurgy was used to produce the FeCrNi MEA with a nominal composition 

of Fe33.3Cr33.3Ni33.3. Detailed procedures for the fabrication can be found in [395]. High 

purity (>99.99%) Fe, Cr, and Ni raw materials were melted in an induction vacuum 

furnace. The melted liquid was dropped through a ceramic cube and atomized by high 

purity Ar with a pressure of 4 MPa. The formed powder, with an average diameter of 

50 µm, was then capsulated in a steel cylinder chamber (Ф50 × 150 mm). After 

degassing and preheating to 1200 ℃ for 1 h, the sample was subjected to hot extrusion 



Chapter 6                             Cryogenic Deformation of a FeCrNi Medium Entropy Alloy 

165 
 

immediately with an extrusion ratio of 7:1 and a velocity of ~10 mm/s. The extruded 

bars were then cooled down to room temperature in the air. The actual chemical 

composition of the sample was measured to be Fe33.7Cr33.7Ni32.5 (at. %) by inductively 

coupled plasma mass spectrometry (ICP-MS).  

6.3.2 In Situ Neutron Diffraction 

In situ time-of-flight neutron diffraction during tensile testing were carried out at the 

beamline of ENGIN-X at ISIS, spallation neutron and muon source, the Rutherford 

Appleton Laboratory, UK. The schematic illustration of the TOF neutron 

diffractometers and strain scanner can be seen in our previous work [327]. Originally, 

a pulsed beam of neutrons with a wide energy range (incident beam) travelled through 

a 100 K liquid methane moderator, and its horizontal and vertical angular divergence 

was then modified by two pairs of motorized slits (4 × 4 mm2). A vacuum chamber and 

a 50 kN hydraulic stress rig with a horizontal loading direction (LD) were mounted 45° 

to the incident beam. Behind the collimators (4 mm wide), axial and radial diffraction 

detector bank (correspond to the north and south detector, respectively) were centred 

on a horizontal diffraction angle of ±90° to the incident beam to collect the diffraction 

signals from grain planes subjected to tensile and compressive load, respectively. 

Before the tests, instrument parameters (e.g., primary and secondary flight path 

distances) and instrumental peak broadening effects were determined by measuring a 

strain-free standard CeO2 calibrant. Dog-bone tensile samples were mounted on the 

stress rig then the high vacuum and low-temperature conditions were stabilized for half 

an hour before the test. Diffraction patterns were collected for 20-min intervals between 

each loading step, iterating until fracture. Stress-control and displacement control were 

used at the elastic and plastic stages, respectively. The in situ neutron diffraction and 
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tensile testing were repeated on two specimens for both temperatures. The data 

collected at the same condition are very similar, and thus, the reproducibility was 

confirmed and only one of the data were analysed. Rietveld refinement and single peak 

fitting (with pseudo-Voigt function) were performed with the GSAS software, allowing 

the determination of lattice parameters, peak position, and full width at half maximum 

(FWHM) of the peaks. The lattice strain is defined as the change of inter-planar spacing 

with respect to its original inter-planar spacing. Its evolution can be calculated by [102]: 

 
0

0
hkl hkl

hkl
hkl

d d
d

ε −
=  Eq. 6-1 

where hklε  is the lattice strain of {hkl} grain family, hkld  and 0
hkld  is corresponding 

lattice spacing at the current stress state and stress-free state, respectively. Procedures 

for single crystal constant and dislocation density calculations were included in Section 

A.2.4 of the Appendices.  

6.3.3 First Principal Calculation 

Density Functional Theory (DFT) for elastic constant calculations were performed 

within the Vienna Ab-initio Simulation Package (VASP) using the Projector 

Augmented Wave (PAW) method and spin-polarized electronic structure scheme 

[397,398]. The electron exchange-correlation functional was in the Generalized 

Gradient Approximation (GGA) treated with Perdew-Burke-Ernzerhof parametrization 

[399]. All the calculations in this work were carried out within the PAW potentials for 

Cr, Fe, and Ni without semi-core electrons with the core configurations [Ar]3d4s1, 

[Ar]3d7s1, and [Ar]3d9s1, respectively. The plane wave cut-off energy for the most of 

calculations was 400 eV. The total energy was converged to 10-6 eV/cell and the force 

components were relaxed to 10-3eV/Å. Total energies used for elastic constant 
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calculations were performed using the Monkhorst-Pack meshes [400] with 4 × 4 × 4 k-

point for both 3 × 3 × 3 FCC-supercell configurations with 108 atoms per unit cell 

configurations and additional calculations with the 6 × 6 × 6 k-point meshes were also 

performed for checking the convergence. A more detailed description of elastic 

constants from first-principles DFT calculations in different intermetallic phases can be 

found in Refs. [401–406].  

 
Fig. 6-1 Monte-Carlo simulations of FCC supercell configurations for equiatomic FeCrNi alloys with 
different sizes and temperatures using DFT based CE Hamiltonian: (a) 9 × 9 × 9, 300 K; (b) 9 × 9 × 9, 
2000 K; (c) 3 × 3 × 3, 300 K; (d) 3 × 3 × 3, 2000 K. The colour code for Fe atoms is orange, Cr: blue 

and Ni: grey. 

For disordered alloys, conventional approaches for evaluating elastic constants from 

DFT techniques are usually based on so-called Coherent Potential Approximation 
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(CPA) from which a single site mean field theory is applied to treat completely random 

configurations with different chemical compositions. The CPA method has been 

employed to investigate elastic property maps from DFT calculations for the case of 

concentrated random FCC Fe-Cr-Ni alloys which are the main base for austenitic 

stainless steels [407,408].  In the present study, an alternative DFT approach was 

employed to study the elastic properties of the FeCrNi medium-range entropy alloys. It 

was based on our recent and systematic work on the phase stability of both FCC and 

body-centred-cubic (BCC) Fe-Cr-Ni magnetic alloys using a combination of first-

principles constructed Cluster Expansion (CE) Hamiltonian with exchange Monte-

Carlo simulations at a finite temperature [409].  

The new approach allows us to investigate not only the free energy but also the disorder-

order transition of alloys as a function of composition and temperature in terms of 

Warren-Colley [379,410] SRO effects between different pairs of atoms. The theoretical 

expression of SRO parameters has recently been derived for MCAs in a matrix 

formulation [411–414]. The chemical SRO parameter ,A B
nα  between two species A and 

B for the n-th nearest neighbour shell can be defined as follows:  

 
,

, 1
A B

A B n
n

A B

y
x x

α = −  Eq. 6-2 

, where ,A B
ny  denotes the pair probability, Ax  and Bx  are the concentration of A and 

B atoms, respectively. Segregation between A and B components gives rise to positive 

,A B
nα , whereas the negative value of ,A B

nα  means that there is a chemical ordering 

between them. When ,A B
nα =0, A and B atoms are found to be randomly distributed in 

alloys. Fig. 6-1a and b show the atomistic configurations of medium-range and 

equiatomic FeCrNi alloys obtained from the present Monte-Carlo simulations of the 9 



Chapter 6                             Cryogenic Deformation of a FeCrNi Medium Entropy Alloy 

169 
 

× 9× 9 FCC supercell for the two temperatures: 300 K (Fig. 6-1a) and 2000 K (Fig. 

6-1b), respectively. 

For the practical study of elastic constants in the FeCrNi system from first-principles 

methods, it is more convenient to reduce the supercell size 9 × 9 × 9 (Fig. 6-1a and b) 

to 3 × 3 × 3 (Fig. 6-1c and d) in order to balance between computational time and 

accuracy of DFT calculations. Furthermore, for the high-temperature disordered 

configurations, the symmetry of the supercell is very low (space group P1) due to the 

random distribution of atoms in the supercell. Here, for obtaining the individual 

components of the elastic constants matrix, we applied the method based on the 

deformation of an unstrained structure and the analysis of the changes in the total 

energy, Etot, computed using DFT as a function of strain [415–418].  The deformation 

leads to a change in the total energy of the crystal according to the following 

expressions: 

 
6 6

0

1 10

1
2

tot
ij i j

i j

E EU c
V

ε ε
= =

−
= = ∑∑  Eq. 6-3 

, where E0 is the total energy of the unstrained lattice, V0 is the volume of the undistorted 

cell and the Cij are the elements of the elastic constant matrix with a notation that 

follows standard convention. Both i and j run from 1…6 in the sequence {xx, yy, zz, yz, 

xz, xy}. For each considered deformation, 8 magnitudes of strain (±0.2%, ±0.4%, ±0.6%, 

±0.8%) were applied. The dependencies of the total energy on the deformation were 

then fitted to quadratic equations and the respective elastic constants were obtained.  

To study the elastic properties of Fe-Cr-Ni alloys at high-temperature configuration 

(T=2000 K), strains were applied for 9 different deformation modes: 



Chapter 6                             Cryogenic Deformation of a FeCrNi Medium Entropy Alloy 

170 
 

1

2

3

4

5

6

7

8

9

{ ,0,0,0,0,0}

{0, ,0,0,0,0}

{0,0, ,0,0,0}

{ , ,0,0,0,0}

{ ,0, ,0,0,0}

{0, , ,0,0,0}

{0,0,0, ,0,0}

{0,0,0,0, ,0}

{0,0,0,0,0, }

xx

yy

zz

xx yy

xx zz

yy zz

yz

xz

xy

ε

ε

ε

ε

ε

ε

ε

ε

ε

=

=

=

=

=

=

=

=

=

 

This allowed obtaining 9 elements of the elastic constant matrix: 
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 Eq. 6-4 

Note: In this study, we assumed that the elements of the elastic constant matrix other 

than C11, C12, C13, C22, C23, C33, C44, C55, C66  are equal to zero. Based on our previous 

study with structures with low symmetry [418], the values of those elements are usually 

much smaller than C11, C12, C13, C22, C23, C33, C44, C55, C66 and can therefore be 

neglected. Therefore, the lack of those constants should not significantly influence the 

predictions of the overall elastic properties of alloys. For the low-temperature 

configuration (T=300 K), the elastic tensor matrix elements (4) have been computed by 

direct diagonalization following the tetragonal symmetry as it will be discussed in the 

Modelling section.  

Afterwards, we applied the calculation method of the anisotropy of Young’s modulus 

and Poisson’s ratio proposed by Wróbel et al. [406] to investigate the anisotropy of 
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elastic properties. In order to obtain the theoretical values of elastic moduli for 

polycrystalline materials, the Reuss-Voigt-Hill method has been employed [419]. The 

detailed procedure can be found in Section A.2.4 of the Appendices.  

6.3.4 Microstructure Characterization 

The microstructure characterizations were performed on the samples sectioned from 

the fractured tensile bars using electrical discharge machining. The samples were 

metallographically polished before electron backscatter diffraction (EBSD) test on an 

HKL EBSD detector based on a scanning electron microscope (SEM, TESCAN MIRA 

3, Czech Republic). The SEM parameters for the EBSD were set to a voltage of 20 kV, 

a current of 25 nA, and a step size of 1.5 µm. The EBSD data analysis was carried out 

with HKL Channel 5 software. To avoid ambiguous grain boundaries, misorientation 

angles less than 2° were ignored during the analysis. The thin foils for scanning 

transmission electron microscope (STEM) observation were mechanically polished to 

a thickness of ~80 µm before the twin-jet electropolishing using a constant current of 

150 mA in a solution of 5% perchloric acid and 95% methanol cooled to -30 ℃. The 

bright-field TEM observation was undertaken on a Tecnai G2 F30 microscope operated 

at 300 kV. The atomic-resolution high-angle annular dark-field STEM (HAADF-

STEM) images were performed on an aberration-corrected Titan 60-300 microscope at 

a voltage of 300 kV. The collection half-angle of the HAADF detector ranging from 60 

to 290 mrad was used, with the convergence half-angle of 21.4 mrad, giving a probe 

size of ~1.2 Å. The dilatation field of the lattice was analysed with the geometric phase 

analysis (GPA) method on the software Strain++ [420], during which a dislocation-free 

region was chosen as a reference. 
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Needle-shaped samples for APT were prepared by lift-out and annular milled in an FEI 

Scios focused ion beam (FIB)/SEM. The APT characterization was performed in a local 

electrode atom probe (CAMEACA LEAP 5000 XR). The specimens were analysed at 

70 K in voltage mode, at a pulse repetition rate of 200 kHz, a pulse fraction of 20%, 

and an evaporation detection rate of 0.3% atom per pulse. The 3D reconstructions and 

data analysis were performed on Imago Visualization and Analysis Software (IVAS) 

version 3.8.  

6.4 Experimental Results 

In this section, we first presented the microstructure and mechanical performance of the 

alloy at 293 and 15 K. We then presented the analysis of the in situ neutron diffraction 

spectra including the lattice strain, single-crystal elastic constants, the evolution of 

stacking fault probability (SFP) and dislocation density. Post-mortem TEM 

characterization was presented afterwards.  

6.4.1 Initial Microstructure 

Fig. 6-2 shows the micro to nanoscale microstructure of the virgin FeNiCr alloy 

characterized by SEM-based BSE, EDS, EBSD, HRTEM, and APT. According to the 

EBSD inverse pole figure (IPF) map on the plane perpendicular to the loading direction 

(Fig. 6-2a), the alloy is composed of large equiaxed grains with annealing twins. The 

average grain size of ~23.4 µm was determined by performing the line-intercept method 

on the EBSD maps excluding the annealing twin boundaries. In Fig. 6-2b, the band 

contrast map was overlapped with the boundaries map of Fig. 6-2a. The low-angle grain 

boundaries (LAGBs) were defined as misorientations with 15°≥θ≥2° (shown in red 
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lines) while the high-angle grain boundaries (HAGBs) comprise misorientations larger 

than 15° (shown in black lines). The annealing twin boundaries were defined as Σ3=60°

{111} (shown in blue lines). The fraction of LAGBs is very low (less than 2%) and 

most of the boundaries were HAGBs. In addition to grain boundaries, a large fraction 

of annealing twinning boundaries was observed. SEM-BSE and corresponding EDS 

analysis results (Fig. 6-2c) show a small amount of Cr-rich phase located at grain 

boundaries. Typical bright-field TEM images of the annealing twin structure are shown 

in Fig. 6-2d. Two straight and parallel twin boundaries can be identified with a spacing 

distance of ~2.18 µm. The twin relationship is confirmed by the corresponding selected 

area diffraction (SAED) pattern inserted in Fig. 6-2d. 

The chemical homogeneity of the alloy matrix was confirmed by APT analysis at the 

atomic scale. Fig. 6-2e displays the three-dimensional (3D) elemental maps of the three 

constituent elements, Fe, Cr, and Ni, from a reconstructed volume of 50 × 50 × 140 nm3 

containing ~12 million ions. There is no apparent elemental segregation in the tested 

volume. The tested region was found to have a composition of Fe 34.7, Ni 31.8, and Cr 

33.5 (at.%), showing an acceptable match to the bulk composition obtained from the 

ICP-MS. Furthermore, the homogeneity of the atomic distribution of the alloy was also 

evaluated with the chi-squared statistics with a frequency distribution analysis (FDA) 

shown in Fig. 6-2f. The curves from the binomial simulation match well with the curves 

obtained from the experiments, indicating a randomly distributed solid solution. The 

parameters used for qualifying the fit are shown in the insert table in Fig. 6-2f. The 

normalized homogenization parameter, µ, for all three constituent elements are very 

close to 0, confirming their random distribution. 
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Fig. 6-2 Microstructure characterization of the virgin FeCrNi sample: (a) EBSD map (inverse pole 
figure) perpendicular to loading direction (LD); (b) Band contrast map overlapped with boundaries 

map of (a), the red, black, and green lines in the boundary map represents the low-angle grain 
boundaries (LAGBs), high-angle grain boundaries (HAGBs), and annealing twin boundaries (Σ3 

{111}); (c) SEM-BSE images and corresponding elemental mapping of Fe, Cr, and Ni obtained from 
EDX analysis; (d) typical bright-field TEM image and SAED pattern taken along [110] zone axes; (e) 
Three-dimension APT tip reconstructions of Fe, Cr, and Ni atoms; (f) Frequency distribution analysis 
of the three constituent elements and corresponding parameters used for qualifying the fit; (g) and (h) 

HRSTEM images and the corresponding FFT images of the alloy taken from [110] and [112] zone axis, 
respectively. 
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As reported in Refs. [391,392], the existence of SROs can be confirmed by the diffuse 

superlattice features in the HRTEM images and the streaking intensity along the 

reciprocal lattice vectors in corresponding FFT images. Therefore, to determine if SROs 

exist in the present alloy, we took over 20 HRSTEM images along different zone axes 

on the undeformed sample. Two of them are shown in Fig. 6-2g and h, the inset images 

are the corresponding two-dimensional fast Fourier transforms (FFT) of the HRTEM 

images. Very vague diffusion disks were observed only in one of the HRTEM images 

(Fig. 6-2h), which may indicate the formation of a trace amount of SRO in the present 

alloy.  

6.4.2 Tensile Properties 

Fig. 6-3a shows the engineering and true stress-strain curves (up to the UTS points) of 

the FeCrNi alloy at 293 and 15 K. The alloy shows a high YS of 651±12 MPa and UTS 

of 1020±3 MPa, as well as a great elongation of 48±5% at 293 K. The mechanical 

properties of the alloy, were then compared with other high strength steels and single 

or multiphase MEAs/HEAs as shown in Fig. 6-3b, in which the YS was plotted with 

respect to uniform elongation [62,102,198,233,259,390,421–426]. The FeCrNi alloy 

shows an advantage in achieving high YS and a large elongation combination compared 

to other MCAs at 293 K.  

At 15 K, the YS of the FeCrNi alloy increased to 1092±27 MPa, the UTS increased to 

1451±2 MPa, while the total elongation decreased to 18±1%. Corresponding values of 

strength and ductility are listed in Table 6-1. We have also listed the mechanical 

properties of several HEA/MEA and FCC alloys at 15 K or lower in Table 6-1. The YS 

of FeCrNi alloy is highest among the listed alloys, although its elongation is much lower.  



Chapter 6                             Cryogenic Deformation of a FeCrNi Medium Entropy Alloy 

176 

 
Fig. 6-3 (a) Engineering and true stress-strain curves of the alloy deformed at 293 and 15 K; (b) Yield 
strength-uniform elongation comparison among current FeCrNi MEA, several high-strength steels and 

single or multi-phase MEAs/HEAs [47,62,99,102,233,388,421–426].  

Table 6-1 Uniaxial tensile properties of different alloys deformed at 293 K and cryogenic temperature. 

Alloy Temperature [K] YS  
[MPa] 

UTS 
[MPa] Elongation [%] 

FeCrNi 293 651±12 1020±3 48±5 
FeCrNi 15 1092±22 1451±2 18±1 

FeCoCrNiMo 0.2 [282] 15 710 1423 42 
CrMnFeCoNi [348] 15 740 2500 62 

CrCoNi [116] 15 670 2292 60 
316LN stainless steel [427] 4.2 1045 1528 33 

6.4.3 Neutron Diffraction Spectra 

The in situ neutron diffraction patterns during tensile testing at 293 and 15 K plotted 

with respect to true stress were shown in Fig. 6-4a and b, respectively. Five reflections 

of {111}, {200}, {220}, {311}, and {222} from the single FCC phase can be observed 

at both 293 and 15 K before deformation. During and after the tensile testing at both 

temperatures, no new peaks appeared, indicating the FCC structure was stable and 

maintained as a single FCC phase solid solution under loading. The lattice parameter 

(a0) was obtained by performing Rietveld refinement on neutron diffraction patterns. 

The lattice parameter decreased slightly from 3.602 to 3.594 Å as the temperature 

decreased from 293 to 15 K due to the shrinkage of atomic bands [327].   
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  Fig. 6-4 In situ neutron diffraction spectra collected during deforming at (a) 293 K and (b) 15 K. 

The measured lattice strain from five crystallographic planes of ({111}, {200}, {220}, 

{311}, and {222}) along axial and radial direction were plotted as a function of true 

stress in Fig. 6-5a (293 K) and b (15 K). The uncertainties in the measured internal 

strains were approximately 30 microstrain. The measured bulk elastic Young’s 

modulus (EM) at different temperatures were obtained by linear fitting the true stress 

and strain curves at the elastic stage. Similarly, the elastic constants of each orientation 

( 111E , 200E , 220E , and 311E ) were then obtained by linear fitting the lattice strain and 

true stress before yielding (Table 6-2). After yielding, the orientation-dependent 

yielding behaviours were observed at both temperatures. As indicated in Fig. 6-5a and 

b, the {111} grain family has the highest stiffness ( 111E  of 248.1 GPa at 293 K and 

260.4 GPa at 15 K). It, however, showed the earliest yielding behaviour (~550 MPa at 

293 K and ~1000 MPa at 15 K). Meanwhile, among all 4 grain families, {200} showed 

the lowest stiffness ( 200E  of 148.6 GPa at 293 K and 162.3 GPa at 15 K) and a delayed 

yielding behaviour (~730 MPa at 293 K and ~1150 MPa at 15 K). The varied stiffness 

and yielding behaviours among different grain families can be ascribed to the elastic 

and plastic anisotropy of the crystals. After yielding of some stiff grain families (e.g. 

{111}), the external stress gradually transferred to other soft grain families (e.g. {200}).  
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Fig. 6-5 Lattice strain evolution of crystallographic planes of {111}, {200}, {220}, {311}, and {222} 

from axial and radial directions during deforming at (a) 293 K and (b) 15 K. 

Table 6-2 Experimentally measured elastic properties of the FeCrNi alloy at different temperatures. 
Temp. 

[K] 
E 

[GPa] 
E111 

[GPa] 
E200 

[GPa] 
E220 

[GPa] 
E311 

[GPa] v111 v200 v220 v311 v G 
[GPa] 

293 200.5 248.1 148.6 220.7 185.9 0.256 0.339 0.314 0.335 0.292 77.6 
15 237.2 260.4 162.3 225.7 197.2 0.233 0.320 0.282 0.302 0.281 92.6 

6.4.4 Single-crystal Elastic Constants Calculation 

During elastic deformation, the lattice parameter obtained at axial and radial directions 

increased linearly with true stress. Their slopes at radial and axial directions were 

obtained by linear fitting and the ratio of the two slopes determines the Poisson’s ratio 

(v). Then the shear modulus (G) was obtained via 2(1 )G E v= + . The drop of 

deformation temperature increased the stiffness of the alloy as the Ehkl at all four 

orientations increased to varying degrees. 

To better understand the underlying elastic deformation behaviour of the alloy at 

different temperatures, several materials properties, including macroscopic elastic, 

shear, and bulk moduli (EM, GM, and KM), were calculated from diffraction elastic 

moduli ( hklE ) and Poisson’s ratio ( hklv ) using the Voigt, Reuss, and Kroner models 

[347]. The detailed procedure can be found in Section A.2.1 of the Appendices. In Fig. 

6-6a and b, the two reciprocal diffraction elastic constants ( 1 hklE and hkl hklv E ) 

obtained from experimental elastic lattice strain and calculated with Voigt, Reuss, and 
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Kroner models are plotted with respect to the elastic anisotropy factor 

(
( )
2 2 2 2 2 2

22 2 2hkl
h k h l k lA

h k l
+ +

=
+ +

) at 293 and 15 K, respectively. The fitting results indicate 

that among all three models, the Kroner model shows the best agreement with the 

experimental results at both 293 and 15 K. The Voigt model simply assumes that all 

grains were uniformly strained, but the force among grains cannot meet the equilibrium. 

In the Reuss model, homogeneous stress was assumed to be applied to all grains, but 

the distorted grains cannot fit together. Therefore, due to their simplicity, the Voigt and 

Reuss model are generally used to define the upper and lower bounds of the diffraction 

and isotropic macroscopic elastic constants. By contrast, the Kroner model provides a 

more accurate estimation of elastic properties after considering the orientation 

dependence of elastic parameters. The single-crystal elastic constants, elastic, 

polycrystalline moduli, and Poisson’s ratio at 293 and 15 K calculated by this method 

are listed in Table 6-4. The values of C11 and C44 decreased slightly as the temperature 

decreased from 293 to 15 K, while C12 remains nearly constant.  

 
Fig. 6-6 The reciprocal diffraction elastic moduli (1/Ehkl and vhkl/Ehkl) plotted as a function of the elastic 

anisotropy factor, Ahkl, which were obtained from the experimental measured (Mea.) elastic lattice 
strain and fitted by Kroner, Voigt, and Reuss models at (a) 293 K and (b) 15 K, respectively. 

The orientation-dependent elastic properties of the FeNiCr alloy at 293 K (determined 

from neutron diffraction and DFT simulation results) were illustrated in Fig. 6-7. To 
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calculate the elastic properties in any direction, the fourth-order elastic tensor was 

transformed in a new basis with Eq. A-36. The experimentally determined elastic 

properties of the alloy were illustrated with the three-dimensional (3D) surfaces (left 

column). The experimental results along directions at XY, XZ, and YZ planes were 

shown in the middle column by 2D contours. The Young’s modulus is shown in Fig. 

6-7a and e. The maximum and minimum values of 302 and 119 GPa were observed at 

111  and 100  direction, respectively. The ratio of maximum-to-minimum elastic 

modulus of 2.5 indicates the high anisotropy property of the alloy. The 3D surfaces of 

shear modulus and Poisson’s ratio were shown in Fig. 6-7b and f, respectively. The 

translucent outer surface represents the maximum value while the solid surface inside 

shows the minimum values. The maximum and minimum values were shown with 

dashed and solid lines in the corresponding 2D contours. The maximum value of the 

shear modulus (127 GPa) appeared at 100  direction whereas the minimum value of 

55.3 GPa is in 110  direction, yielding the ratio of the maximum to the minimum shear 

modulus of 2.3 (Fig. 6-7c and g). For Poisson’s ratio, the maximum value of 0.4 ( 100

direction) while the minimum value is approaching 0 (Fig. 6-7c and g). In Fig. 6-7d and 

h, the linear compressibility (LC) has a value of 1.9 TPa-1, showing negligible 

anisotropy in all directions.  
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Fig. 6-7 Elastic properties of the FeNiCr alloy at 293 K determined via in situ neutron diffraction 

measurements (a-h) and DFT calculations (i-l). The magnitude with respect to the directions in three 
dimensions for: (a)(i) Young’s modulus, (b)(j) shear modulus, (c)(k) Poisson’s ratio, and (d)(l) linear 

compressibility, respectively. The maximum and minimum values of shear modulus and Poisson’s ratio 
are represented by two surfaces. The magnitude with respect to directions of XY, XZ, and YZ plane for 

(e) Young’s modulus, (f) shear modulus, (g) linear compressibility, and (h) Poisson’s ratio, 
respectively. The maximum and minimum values of shear modulus and Poisson’s ratio are represented 

by dashed and solid lines, respectively.  

6.4.5 Stacking Fault Probability 

The SFP measures the amount of stacking faults formed during deformation and allows 

the determination of the stacking fault energy (SFE) [200,282] of the alloy. The detailed 
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procedure of SFP and SFE calculations can be found in Section A.2.2 of the Appendices. 

The measured SFP evolution of the FeNiCr alloy at 293 K and 15 K is compared with 

another HEA (FeCoCrNiMo0.2) (Fig. 6-8a) [102]. At high strain levels, the 

FeCoCrNiMo0.2 showed a very high level of SFP. It can reach 2.9 × 10-2 at 77 K and 

even increase to 5.1 × 10-2 at 15 K. The alloy has a very low SFE of 17 mJm-2 and 11 

mJm-2 at 77 and 15 K, respectively. By contrast, the SFP of FeNiCr alloy is very low 

(below 7 × 10-3) at both temperatures. According to Eq. A-29, the SFE of the alloy was 

estimated to be 63±4 mJm-2 at 293 K and 47±3 mJm-2 at 15 K.  

 
Fig. 6-8 Microstructure evolution during straining at 293 K and 15 K: (a) comparison of stacking fault 

probability (SFP) evolution between the FeNiCr alloy and FeCoCrNiMo0.2 alloy at different 
temperatures; (b) dislocation density evolution of the FeNiCr alloy during deformation; The 

normalized peak intensity evolution of {111}, {200}, {220}, {311}, and {222} of the FeNiCr alloy 
during deforming at (c) 293 K and (d) 15 K. 

Generally, the SFE of an alloy serves as one of the most crucial parameters determining 

the dominant deformation mechanisms. The strain hardening effects were mainly 

controlled by dislocation motion when the SFE exceeds 45 mJm-2. As the SFE 
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decreased to the range of 18~45 mJm-2, twinning is preferable to occur. The phase 

transformation, from the parent FCC to newborn phases with hexagonal close-packed 

(HCP) and/or body-centred tetragonal (BCT) structures, may occur if the SFE is further 

decreased to be lower than 18 mJm-2 [135,282,327]. The thermodynamic calculation 

results indicate that the SFE of the FeNiCr alloy is in the range of 50~60 mJm-2 [135]. 

This is also confirmed in Refs. [99,396], where the high SFE of the FeNiCr was 

predicted to be >50 mJm-2 by large-scale atomic simulations. These previous studies 

agree with our calculation based on the diffraction data analysis. The high SFE of the 

FeNiCr alloy (63±4 mJm-2 at 293 K and 47±3 mJm-2 15 K) suggests that its deformation 

behaviour is mainly controlled by the dislocation motion, while the stacking fault, twins, 

and phase transformation are less likely to operate during deformation. This also means 

that the alloys are kept as non-magnetic during deformation at very low temperatures, 

which is favourable for applications in super-strong magnets. 

The high SFE of the FeNiCr alloy can be attributed to two reasons: (1) the low 

configurational entropy and (2) the high concentration of Cr and Ni. Zaddach et al. [99] 

applied diffraction methods and first-principles calculations to investigate the SFE of a 

series of MCAs (FeCoNiCrMn) and the results indicated that the SFE decreases with 

the increase of element complexity, i.e., constituent number or configurational entropy. 

On the other hand, Ref. [428] indicates that the SFE of an alloy is the combined effect 

of each constituent element. The same element can influence the SFE differently in 

different alloy systems. For the FeCoNiCrMn alloy system, the SFE can be increased 

by increasing Ni contents due to the high intrinsic SFE of Ni (~125 mJm-2) [429]. This 

also agrees with the study of Bonny et al.[396], which suggests that the SFE of FeNiCr 

alloy can be significantly increased by increasing Cr and Ni contents. 
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6.4.6 Dislocation Density Evolution 

The dislocation density evolution of the alloy during deformation was calculated with 

the modified Williamson-Hall method [290]. The detailed procedure for dislocation 

density calculation can be seen in Section A.2.3 of the Appendices. The calculated 

dislocation density against true strain at both temperatures is shown in Fig. 6-8b. The 

evolution of dislocation density showed a very similar pattern at both temperatures. The 

dislocation density fluctuated slightly at around 6 × 1013 m-2 before yielding, after 

which both curves increase almost linearly upon further straining. At 293 K, the 

dislocation density of 1.74 × 1015 m-2 was achieved at true stress of 1392 MPa and a 

true strain of 0.31. At 15 K the dislocation density reached 7.93 × 1014 m-2 at true stress 

of 1576 MPa and a true strain of 0.12.  

Meanwhile, the dislocation evolution is closely related to the texture development 

during tensile loading. The intensity of each reflection (<111>, <200>, <220>, <311>, 

and <222>) was normalized with that of the stress-free state and their evolution with 

true stress at 293 and 15 K are shown in Fig. 6-8c and d, respectively. At both 

temperatures, the peak intensity curves changed very little during the elastic stage while 

they started to vary after the yielding points. This originates from the difference in grain 

rotation in response to external loading. At 293 K, after yielding, (111)//LD and 

(222)//LD orientated grains gradually rotated towards the loading direction, making 

their peak intensity increase almost linearly with the increase of true stress during 

subsequent straining. By contrast, the intensity of (200) peak maintained at a similar 

level of ~0.8 after a slight dropping. The intensity of the other two peaks, (311) and 

(220), decreased to 0.43 and 0.09, respectively, as grains with these orientations 

gradually rotated away from LD. A similar phenomenon was also observed at 15 K (Fig. 



Chapter 6                             Cryogenic Deformation of a FeCrNi Medium Entropy Alloy 

185 
 

8b) and reported in Refs. [102,200]. In the present study, the (111)//LD texture was 

used as a measure of the dislocation activity as the texture development is characteristic 

of dislocation slip during plastic deformation [348]. The highest (111) intensity reached 

2.62 at 293 K, compared with a much lower value of 1.29 at 15 K. Meanwhile, at 293 

K the texture developed at a faster pace (with a slope of ~2.35 × 10-3 MPa-1) than that 

at 15 K (with a slope of ~0.67 × 10-3 MPa-1). The slow texture change at 15 K also 

explains the lower strength enhancement after yielding and deterioration of the ductility 

observed at 15 K (Fig. 6-3). The inactive grain rotation and slow texture evolution 

limited the dislocation motions to well-orientated grains and led to the inability of 

catering to larger external strain [430]. Meanwhile, fewer slip systems can be activated 

in those “not-so-good-oriented” grains, leading to a much lower dislocation density 

achieved at 15 K. This result is in good agreement with the mechanical performance 

(Fig. 6-3a) and the dislocation density evolution (Fig. 6-8b).  

6.4.7 TEM Characterization of Strained Samples 

To further reveal the underlying deformation mechanisms, post-mortem TEM 

characterizations were performed on the fractured samples deformed at 293 and 15 K. 

The bright-field TEM images were taken at a two-beam condition while the SAED 

patterns of the corresponding area were collected along <110> zone axis and attached 

to the image. Fig. 6-9a shows the bright-field STEM micrograph of the alloy deformed 

to a low strain level of ~0.1 at 293 K. High density of parallel shear bands travelling 

through the whole grain interior were observed. The image on the inset of Fig. 6-9a is 

the SAED pattern taken from the area highlighted by the yellow circle, showing the 

matrix still maintained an FCC structure. The shear bands mainly consisted of closely 

arrayed dislocation walls whereas no SFs or twins were detected, indicating the alloy 
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deformed by typical planar dislocation glide on {111} planes. The shear bands were 

magnified in Fig. 6-9b, showing that the dislocation walls consisted of high density of 

parallel primary {111} slip traces. Fig. 6-9c is the bright-field TEM image taken from 

the sample sectioned near the fracture surface. Dense dislocation networks were 

produced between slip traces. Secondary {111} slip occurred and intersected with the 

primary slip traces, separating the matrix into small parallelogram blocks. No SFs or 

twins were formed according to the corresponding SAED patterns. The mean free path 

of mobile dislocations can be effectively reduced by the concentrated slip bands.  

Similar dislocation motions were also observed at 15 K. Fig. 6-9d is the bright-field 

TEM image and corresponding SAED pattern showing the microstructure of the alloy 

deformed to a strain of ~0.1 at 15 K. Comparing with Fig. 6-9b, the secondary slip 

system is more easily activated at 15 K, and more dislocation tangling kinks were 

observed. Dislocations were preferably gathered around the crossing slip systems and 

formed parallelogram blocks. The interior of the nanosized dislocation substructure 

shows a relatively lower dislocation density than the block boundaries. The 

morphologies of dislocation networks deformed to a strain of ~0.1 and near the fracture 

surface were further revealed by STEM-HAADF images in Fig. 6-9e and f, respectively. 

The white lines were identified as dislocation traces according to the HRTEM image 

(Fig. 6-9f). In Fig. 6-9f, the density of intersecting active slip planes increased 

significantly as more slip systems were activated, refining the spacing between coplanar 

slip bands significantly. The concentrated slip bands can hinder dislocation slip on 

parallel slip bands by increasing the passing stresses. Furthermore, rapid dislocation 

multiplication occurred in both dislocation walls and the small dislocation-free zones 

(Fig. 6-9e), thickening the dislocation walls effectively and gradually expanding 

dislocations to the whole block interior (Fig. 6-9f). Fig. 6-9g displays the HAADF 
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image of a slip trace junction in Fig. 6-9f. Fig. 6-9h is the lattice dilatation resulting 

from the presence of a high strain field, obtained from the trace of the lattice distortion 

matrix via the GPA method [420]. This result identified the crossing slip traces, 

especially their junctions, mainly consisted of tangling dense dislocations accompanied 

by a high residual strain field. It is also worth noting that at both temperatures, very few 

short and isolated stacking faults were observed from our STEM observation, which is 

consistent with our neutron diffraction results in Fig. 6-8a. 
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Fig. 6-9 Deformed microstructure of the alloy at different strain levels and different temperatures, 293 

K and 15 K: (a) typical bright-field TEM image  (at the strain of ~0.1, 293 K) and corresponding 
SAED pattern of the area marked by the yellow dashed circle; (b)(c) bright-field TEM images at the 
strain of ~0.1 and near the fracture surface at 293 K, respectively; (d) bright-field TEM image at the 
strain of ~0.1, 15 K; (e)(f) HAADF-STEM images of the deformed structure at the strain of ~0.1 and 
near the fracture surface at 15 K, respectively; (g) HRTEM image of the dislocation tangling zone in 

(e); (h) The geometric phase analysis (GPA) conducted on (g). 
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6.5 Modelling Results 

In this section, we used density functional theory calculation to identify SRO and 

determine the single-crystal elastic constants, which were compared against 

experimental results. Via dislocation-based slip system modelling with key parameters 

taken from the neutron diffraction data, we were able to determine strengthening 

sources contributing to the yield strength, and the underlying factors controlling strain 

hardening during plastic deformation for the FeCrNi alloy. 

6.5.1 Phase Formation Parameters 

Several thermodynamic parameters related to phase formation including mixS∆  

(entropy of mixing), mixH∆  (enthalpy of mixing), and Tm (melting point) were 

calculated (see Section A.2.5 of the Appendices). Besides, the parameter 𝛺𝛺, which can 

be applied to predict the solid-solution formation of random MCAs was calculated 

according to Ref. [223]: 

 m mix

mix

T S
H
∆

Ω =
∆

 Eq. 6-5 

When Ω >1, the MCAs are mainly composed of solid solutions while Ω ≤1, the 

formation of intermetallic compounds or segregations are favoured.  

Another important parameter in predicting the solid-solution formation is the parameter 

𝛿𝛿 [223], which describes the atomic size difference of the MCAs and can be expressed 

as follows: 
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, where ir  is the atomic radius and 
1

n
i ii

r c r
=

= ∑  is the average atomic radius. According 

to Refs. [223,431], when Ω ≥1.1 and δ ≤6.6%, stable solid-solution phases can be 

formed in MCAs. 

Furthermore, Guo et al. [222] indicated that the valence electron concentration (VEC) 

serves as a criterion for determining the lattice structure of the MCAs as it correlated a 

structure’s VEC with its FCC/BCC phase formation. It is defined by: 

 
1

( )
n

i i
i

VEC c VEC
=

= ∑  Eq. 6-7 

, where ( )iVEC  is the VEC for ith element and can be found at Ref. [222]. When VEC 

≥8, FCC structure is more stable while VEC ≤6.87, BCC phases are more stable. 

Therefore, multiple phase formation parameters can be calculated based on Eq. 6-5-Eq. 

6-7and the results are shown in Table 6-3. As can be seen, the FeCrNi alloy has a very 

high mixS∆  (9.132 J·K-1mol-1), Tm (1906.6 K), and relatively small mixH∆ (-4.3972 

KJ·mol-1), yielding the high value of Ω (3.9596). Accompanied with a low δ value (only 

0.002), the result indicates the alloy can favourably form stable solid-solution phases. 

Additionally, the VEC of the alloy is calculated to be 7.97, which is very close to the 

theoretical criterion of forming a single FCC structure [222]. According to the neutron 

diffraction spectra (Fig. 6-3) and TEM results (Fig. 6-2 and Fig. 6-9), a single FCC 

solid solution phase was observed, in good agreement with the theoretical prediction. 

Table 6-3 Multiple phase formation parameters, δ, mixH∆ , mixS∆ , and Ω of the FeCrNi alloy. 

Alloy mixS∆ [JK-1mol-1] mixH∆ [KJmol-1] Tm [K] Ω δ VEC 
FeCrNi 9.132 -4.3972 1906.6 3.9596 0.002 7.97 
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6.5.2 DFT Results 

According to the DFT results, up to the melting point, the free energy calculations 

considering magnetic corrections demonstrate that the FCC phase is stable at the 

equiatomic composition of FeCrNi alloy, which is in excellent agreement with the 

available experimental data. The atomistic configurations of medium-range and 

equiatomic FeCrNi alloys obtained from the present Monte-Carlo (MC) simulations of 

the 9 × 9 × 9 FCC supercell for two temperatures: 300 and 2000 K are shown in Fig. 

6-1a and b, respectively. At 2000 K, the configuration is more related to a disordered 

distribution of Fe, Cr, and Ni atoms over the simulation cell, whereas at 300 K, the 

configuration is more related to an ordering configuration. To understand this disorder-

to-order transition, Fig. 6-10 shows the dependence of the first nearest-neighbour (1NN) 

SRO parameters of Fe-Cr, Fe-Ni, and C-Ni pairs as a function of temperature. At the 

high-temperature region, all the values of SRO trend to approach the zero values 

corresponding to random alloy configurations. For the region of temperature lower than 

1000 K, it is found that the SRO parameters for Fe-Cr and Fe-Ni are negative expressing 

the chemical interactions between these pairs in the ternary FeCrNi alloy. Between 

them, the SRO parameters for Fe-Cr pairs are more negative than those of Fe-Ni 

demonstrating a stronger chemical ordering between Fe and Cr. The SRO parameters 

between Cr and Ni are positive in this temperature range demonstrating that these two 

atoms did not like each other within the 1NN shell of the FCC lattice.  

Fig. 6-1c and d show the 3 × 3 × 3 supercell configurations used for DFT calculations 

of elastic constants in equiatomic FeCrNi alloys within the present work. They were 

generated by using combined first-principles CE Hamiltonian with exchange Monte 

Carlo simulations at 300 and 2000 K. Space group symmetry of these configurations 
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are found to be P1 and Pnnm, respectively. The prediction of orthorhombic symmetry 

for the 300 K configuration demonstrates that the ordered structure obtained from the 

present theoretical study is strongly correlated with the SRO effects shown in Fig. 6-10 

at low temperature for the medium-range FeCrNi alloy at equiatomic composition. It is 

worth noting that the point group symmetry of Pnnm crystal represents a subgroup of 

the tetragonal structure P4/mmm which has been previously predicted for intermetallic 

phase Fe2CrNi from our DFT study in the FCC Fe-Cr-Ni system [409].  

 
Fig. 6-10 Dependence of SRO parameters as a function of temperature between the three different pairs 

in equiatomic FeCrNi alloys.  

The elastic constants calculated by DFT for configurations generated by MC 

simulations at 300 and 2000 K MC are shown in Table 6-4. Note that for the high-

temperature (2000 K) configurations with P1 symmetry, the elastic constant values 

were computed by the new method outlined from Eq. 6-3 and Eq. 6-4, where the 12 

components from 21 independent elastic tensor components are negligible for the 

random alloy configuration. For the low-temperature configuration (300 K), DFT 

calculations provide 9 independent elastic constant values according to the 

orthorhombic group symmetry Pnnm. The optimized lattice constants from DFT 
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calculations for the low-temperature configurations are a=3.5549Å, b=3.5486Å, and 

c=3.6264Å which are slightly different from the ones for a cubic cell. The 

corresponding values for high-temperature configurations are a=3.5385Å, b=3.5459Å, 

and c=3.5722Å. A larger lattice constant value at low temperature can be explained by 

magneto-volume effects due to high values of predicted magnetic moments in the 

ordered FeCrNi alloys. According to our DFT calculations, the average ferromagnetic 

moments of Fe and Ni sites are 2.1 and 0.16 µB, respectively, whereas an average anti-

ferromagnetic moment of ±2.2 µB was found from Cr sites within the orthorhombic 

structure Pnnm. Note that the magnetic moment value predicted for the Fe site in the 

Fe2CrNi structure is also found to be close to 2.1 µB [409]. For the high-temperature 

configuration, magnetic moments at different atomic sites are found to be randomly 

distributed and their average values are smaller than those predicted above for the 

ordered structure as expected. As it can be seen from Table 6-4, the DFT calculations 

were performed within different options, either with the lattice and ionic relaxations 

(denoted as “Relaxed”) or without ionic relaxations (denoted as “Unrelaxed”).  

From the DFT results, it is found that elastic constants at high temperatures are smaller 

than the ones under low-temperature configurations, demonstrating the strong effect of 

disorder with respect to chemical ordering for the latter one. From Table 6-4, the 

predicted DFT elastic properties for the disordered configuration generated by MC 

simulations at 2000 K are in very good agreement with the experimental values 

measured in this work. The elastic properties obtained by DFT are shown in Fig. 6-7i 

to l, which also closely resembles those measured experimentally. This strongly 

indicates that the prepared experimental FeCrNi alloy samples are more likely to be in 

a metastable state as a result of the fabrication (fast cooling after hot extrusion) without 

annealing treatment, which may prevent the formation of SROs and ordered 
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intermetallic phase predicted by DFT calculations at a low-temperature regime 

[391,392]. This means that the SRO effects shown in Fig. 6-10 from our modelling 

work are absent in the present experimental alloys. The absence of the SRO effect is 

checked by the neutron diffraction results (Fig. 6-4) and it is found that no other diffuse 

superlattice peaks can be identified experimentally. SRO formation preferably occurred 

after long-time annealing at high temperatures. For example, in CrCoNi alloy, SROs 

were observed after annealing at 1000 ℃ for 120 h [392].  

Table 6-4 Elastic constants and moduli predicted by DFT calculations and compared with experimental 
data. (More detailed comparison can be found in Section A.2.4 of the Appendices) 

 FeCrNi DFT 
2000 K 

DFT 
2000 K 

DFT 
300 K 

DFT 
300 K 

In situ  
Exp. 

293 K 

In situ  
Exp. 
15 K 

 Symmetry P1 P1 Pnnm Pnnm   

 K-points 4 × 4 × 4 4 × 4 × 4 4 × 4 × 4 6 × 6 × 6   

  Relaxed Unrelaxed Relaxed Relaxed   

Elastic Constant 
[GPa] 

C11 210.79 222.45 239.41 237.44 225 220 
C12 141.19 134.8 117.01 116.4 151 134 
C13 136.06 142.6 136.48 137.24 - - 
C22 200.47 213.16 231.37 229.99 - - 
C23 127.42 132.09 109.34 108.92 - - 
C33 206.05 218.31 257.46 259.19 - - 
C44 123.42 125.36 163.14 163.46 123 127 
C55 122.36 138.84 143.22 142.18 - - 
C66 122.19 131.67 141.19 140.99 - - 

C′ (average) 35.4 40.7 60.9 60.7 37.0 43.0 
Young’s Modulus 

[GPa] Eav 180.83 199.81 248.02 247.12 187.95 201.8 

Poisson’s Ratio Pav 0.3093 0.2962 0.2429 0.2433 0.3216 0.2932 

Polycrystalline 
Moduli 
[GPa] 

B(VRH) 158.33 163.53 161.09 160.77 175.65 162.67 
G(VRH) 74.57 82.45 103.62 103.27 76.17 82.35 
E(VRH) 192.64 211.12 255.64 254.82 199.06 210.9 

 

6.5.3 Yield Strength Modelling 

For the FeNiCr MEA, the YS can be the accumulative result of several strength 

contributors including frictional stress ( frσ ), initial dislocation density ( disσ ), 
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precipitate hardening ( pptσ ), grain boundary strengthening ( gbσ ), and SRO 

strengthening ( SROσ ) [198]: 

 YS fr dis ppt gb SROσ σ σ σ σ σ= + + + +  Eq. 6-8 

First, the precipitation strengthening can be ignored in the present study. According to 

the neutron diffraction results shown in Fig. 6-4, during elastic deformation at both 293 

and 15 K, the alloy keeps a single FCC phase, and no precipitates were detected except 

a small amount of Cr-rich phases at grain boundaries (Fig. 6-2c). The bright-field TEM 

images and corresponding SAED patterns (Fig. 6-2 and Fig. 6-9) did not reveal nano-

precipitates. Next, we address the SRO hardening effects. On one hand, the HRTEM 

characterization in Fig. 6-2 indicated only a trace amount of SRO may be present. On 

the other hand, the strengthening effects of SRO can be very limited according to Ref. 

[432]. Therefore, the strengthening effects of trace SRO in the MEA can be neglected. 

The strengthening contribution from forest dislocations can be evaluated by the classic 

Taylor hardening model [433]: 

 dis M Gbσ α ρ=  Eq. 6-9 

, where M is the Taylor factor and equals 3.06 for an FCC polycrystalline matrix, α is a 

constant of 0.35 [434] related to the interaction strength between dislocations, G is the 

shear modulus, b is the Burger’s vector, and ρ is the dislocation density. The neutron 

diffraction results indicate that the dislocation density of the virgin sample is around 6 

× 1013 m-2 at both 293 and 15 K (Fig. 6-8b). According to Eq. 6-9, the strengthening 

effects from initial dislocations are ~164 MPa at 293 K and ~196 MPa at 15 K.  
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The strengthening effect of grain boundaries ( gbσ ) can be calculated via the Hall-Petch 

equation. The grain boundary strengthening effect keeps a linear relationship with the 

inverse square root of average grain size [67]: 

 1/2( )
( )gb gb

G T K d
G RT

σ −=  Eq. 6-10 

, where the Hall-Petch coefficient (Kgb ) of 0.966 MPa·m1/2 was used based on Ref. 

[388], G(T) and G(RT) are the shear modulus at a given temperature and room 

temperature, respectively. With the average grain size of ~23.4 µm, the grain 

boundaries contributed ~200 MPa (293 K) and ~218 MPa (15 K) to the yield stress.  

Next, we address the lattice friction stress ( frσ ) of the alloy at the two temperatures. 

Note that the classical solid-solution strengthening mechanism is limited to the 

conventional ductile alloy systems where the dislocation movement can be inhibited by 

the strain field arising from the mismatch between discrete and solvent atoms [389]. 

The flexibility of dislocation lines enables them to bend to overcome the energy barriers 

and take on low-energy configurations. However, as the notion of “one principal 

element” was abandoned in MCAs, the constituent atoms with different sizes can be 

randomly distributed among the matrix, in which each elemental atom in the alloys can 

act as a solute. In this scenario, the traditional “solvent” lattice does not exist and the 

spacing distance between each energy barrier can be decreased significantly [250,387]. 

Thus, the traditional methods of depicting lattice friction stress and solution 

strengthening effects are no longer suitable for MCAs. According to Ref. [198], the 

MCAs can be treated as a stoichiometric compound with a fixed atomic ratio albeit 

disordered. Therefore, the traditional solid solution hardening contribution can be 

included in the lattice friction effect, which can be more representative of the averaged 

lattice resistance provided by all types of constituent elements.  
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Recently, Varvenne et al. [250] proposed a general mechanistic solute strengthening 

theory (here named as the Varvenne-Luque-Curtin theory) for arbitrary MCAs, 

showing great success in predicting the YS of multiple HEAs and MEAs by correlating 

composition, temperature, and strain rate [394]. Different from traditional solute 

strengthening effects, the Varvenne-Luque-Curtin theory assumes the MCA is an 

effective-medium matrix having all the average properties of the alloy. Each 

substitutional element is treated as a solute embedded in the matrix and serves as local 

fluctuation. The strengthening effect then originates from the rising fluctuating 

interaction energies between dislocations and dense local fluctuations. To reduce the 

total potential energy, the dislocation adopts a wavy configuration and is locally pinned 

in a low-energy region. The representative wavy configuration of dislocations was 

observed in the slightly deformed samples at 15 K (as shown in Fig. A-6 in Section 

A.2.6 of the Appendices), where the dislocation motion shows sluggish features, 

indicating high resistance originating from the pronounced lattice distortion in MCAs 

[392]. With the aid of stress-assisted thermal activation, the trapped dislocation can 

escape the adjacent energy well and reach the next low-energy region along the 

dislocation gliding plane. This theory calculated the zero-temperature flow stress ( 0yτ ) 

and fundamental zero-stress energy barrier ( bE∆ ) at finite temperature (T) and finite 

strain-rate (ε ) [250]: 
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, where 10.04865 1
40

AAτ
− = −  

 and 12.5785 1
80E

AA − = −  
 are two constants related 

to the core structure of FCC dislocations consisting of two separated partial dislocations 

accompanied with a correction for elastic anisotropy with the Zener anisotropy factor 

44

11 12

2CA
C C

=
−

. τα =0.125 is a dimensionless line tension parameter for FCC alloys 

[394]. nV∆  is the misfit volume of a type-n element at composition (cn) in the alloy 

[387]: 
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V V
V c

c c
∂ ∂

∆ = −
∂ ∂∑  Eq. 6-13 

, where 1 2 3 1( , , ,..., )alloy alloy NV V c c c c −=  is the atomic volume of the alloy and 0alloy

N

V
c

∂
=

∂
. 

The volume misfit can then be experimentally determined by measuring the lattice 

parameter evolution over a series of alloys [394]. It can also be computed precisely with 

the first-principles calculation, after replacing one type-n atom multiple times with a 

type-m atom at many different atomic environments [435]. In our case, we applied 

Vegard’s law ( alloy n nn
V c V= ∑ ) to estimate the misfit volume [250,387]:  

 n n alloyV V V∆ = −  Eq. 6-14 

, where Vn is the apparent volume of the type-n element. Based on the experimental 

results on Ni, Ni-Cr, and Ni-Fe binary alloys from Ref. [250], the apparent atomic 

volumes of the three constituent elements Fe, Cr, and Ni were adapted to be 12.09, 

12.27, and 10.94 Å3, respectively. 

At finite temperature T and finite strain-rate, Eq. 6-11 and Eq. 6-12 can be combined 

based on the standard thermal activation [436]:  
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 Eq. 6-15 

where the strain rate (ε ) of 8 × 10-5 s-1 was used in the present study, 0ε  is a reference 

strain rate and a value of 104 s-1 was adapted according to Refs. [250,394], and k is the 

Boltzmann constant. Therefore, the uniaxial friction stress can then be calculated by 

multiplying the shear stress by the Taylor factor:  

 ( , ) ( , )fr yT M Tσ ε τ ε=   Eq. 6-16 

Finally, with inputs obtained from the experiments (Table 6-4 and Table 6-5), the lattice 

friction stress of the FeCrNi alloy was determined to be 316 and 629 MPa at 293 and 

15 K, respectively.  

According to Eq. 6-8, the YS of the alloy at 293 and 15 K can be estimated to be 680 

and 1043 MPa, respectively. As compared in Table 6-5, the modelled strength shows 

acceptable agreement with the measured results at both temperatures. The calculation 

of strengthening contribution from lattice distortion based on the Varvenne-Luque-

Curtin theory of random MCAs plays a critical role in understanding the strengthening 

mechanisms and can serve as a guideline in designing and optimizing new MCAs.  

 Table 6-5 The modelled and measured strength of the alloy at different temperatures. 
Temperature 293 K 15 K 

disσ [MPa] 164 196 

gbσ  [MPa] 200 218 

frσ  [MPa] 316 629 
Modeled YSσ  [MPa] 680 1043 
Measured YSσ  [MPa] 651±12 1092±22 

 

6.5.4 Plastic Deformation 

Generally, the large elongation of FCC alloys can be achieved via introducing extra 

strengthening mechanisms (such as TWIP and TRIP effects) [327]. The FeCrNi has 
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high SFE and no TWIP or TRIP effects were observed when deformed. The high SFE 

of the FeCrNi MEA means that the activation of multiple strengthening mechanisms is 

impeded. Hence, the dislocation activity becomes the main strain contributor during the 

plastic deformation [135,282,327]. Even with the only dislocation strengthening for the 

FeCrNi, a notably good combination of strength and ductility was obtained. This result 

further augments recent research [321] showing that TWIP and TRIP are not 

necessarily required for extra-large ductility. The large ductility (48%) at 293 K might 

be attributed to many slip systems activated and the high dislocation multiplication 

capacity of the alloy. According to the diffraction results (very low level of SFP, high 

SFE, and no twinning and phase transformation during deformation), together with the 

post-deformation TEM observations (Fig. 6-9), the dislocation motion and 

multiplication are the main strengthening resource and carrier of plasticity during 

plastic deformation.  

Based on dislocation motions, the deformation procedure at 293 and 15 K was 

schematically compared in Fig. 6-11. At 15 K grain rotation from other orientations to 

(111)//LD developed much slower than that at 293 K (Fig. 6-8c and d). A similar 

phenomenon can also be observed in another MEA of CrCoNi during deforming at 15 

K [116]. Grains orientated near (111)//LD were highly strained and dislocation 

entanglement forms more easily, leading to the deterioration of the ductility. Besides, 

the low temperature also impeded the dislocation motion, especially dislocation 

annihilation, contributing to the faster dislocation increment at 15 K (Fig. 6-8b) [327]. 

At 293 K, the rapid growing texture endowed not-so-good-orientated grains with the 

ability to activate more slip systems thus providing extra strain carriers. This process 

can sustainably support dislocation multiplication, providing a stronger dislocation 

strengthening effect and improved ductility.  
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Fig. 6-11 Schematic illustrations of the deformation procedure at 293 and 15 K. 

Based on the dislocation-dominated deformation mechanism, a constitutive model to 

depict the total flow stress (σ) of the alloy can be derived as follows: 

 fr gb disσ σ σ σ= + +  Eq. 6-17 

The strengthening effect from dislocation can be determined by Eq. 6-9 and the 

dislocation density evolution (Fig. 6-8b). After yielding, the dislocation density 

increased almost linearly with the true stress at both temperatures. When deforming at 

293 K to a true strain of 0.31, strengthening contribution from dislocations can reach 

854 MPa. At 15 K, dislocations contributed 697 MPa at a true strain of 0.12. The 

accumulated strengthening contributions from different resources at 293 and 15 K 

according to Eq. 6-17 are compared with the measured flow stress at 293 and 15 K as 
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shown in Fig. 6-12a and b, respectively. The model calculations agree very well with 

the experimental results.  

 
Fig. 6-12 The comparison between the calculated strength originating from different strengthening 

resources and the measured total flow stress at (a) 293 K and (b) 15 K. 

6.6 Conclusion 

In this study, we have investigated the deformation behaviours and strengthening 

mechanisms of an equiatomic ternary FeNiCr MEA at 293 K and 15 K. In situ neutron 

diffraction and theoretical simulations (DFT and dislocation slip system driven 

modelling) were synergistically employed to (i) map the microstructure evolution (e.g., 

lattice strain, SFP, and dislocation density); (ii) determine key mechanistic parameters 

(single-crystal elastic constants and SFE) and (iii) confirm the strengthening 

mechanisms. The investigation leads to the following conclusions: 

1. The equiatomic ternary FeNiCr alloy showed excellent strength-ductility balance at 

293 K with YS of 651±12 MPa, UTS of 1020±3 MPa, and total elongation of 48±5%. 

At 15 K, ultrahigh YS of 1092±22 MPa and UTS of 1451±2 MPa were achieved, while 

the elongation decreased to 18±1%. 

2. MC simulation predicts the formation of short-range ordering and Fe2CrNi 

intermetallic. However, no short-range orderings were observed according to the 

neutron diffraction spectra and APT. TEM analysis shows a very small amount of short-
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range ordering. This indicates that the alloy was at a metastable state and the SRO effect 

was almost absent possibly due to the sample fabrication technique used. 

3. Single-crystal elastic constants and bulk elastic moduli were calculated from the 

neutron diffraction data, which agree well with the DFT simulation for the disordered 

configuration generated by MC simulations at 2000 K, but less well with the ordered 

configuration generated by MC at 300 K. This again suggests that the alloy produced 

was in a metastable configuration. 

4. At both 293 and 15 K, the FeNiCr MEA showed high phase stability and maintained 

as an FCC solid solution during deformation. Meanwhile, it showed a very low level of 

stacking fault probability during deformation and had high SFE (63±4 mJm-2 at 293 K 

and 47±3 mJm-2 at 15 K), indicating its inability of producing dense stacking faults and 

introducing TWIP and TRIP effects. The in situ neutron diffraction data and TEM 

analysis confirmed that no TWIP or TRIP effects occurred when the alloy was 

deformed at both temperatures.  

5. The high solute misfit volumes of the FeNiCr can effectively introduce severe lattice 

distortion, which substantially improves the yield strength, especially at extremely low-

temperature conditions. Based on the Varenne-Luque-Curtin theory, the strengthening 

contribution from the lattice distortion was calculated. At 293 K, the friction stress, 

resulting from the lattice distortion, can contribute 316 MPa to the YS, while it 

increased significantly to 629 MPa at 15 K. Strengthening contributions from 

dislocation and grain boundaries were also calculated. And the sum of the three 

contributions agreed well with the measured yield strength at both temperatures. 

6. During plastic deformation, dislocation motion and multiplication serve as the 

dominant deformation mechanism and the main strain carrier at 293 and 15 K. The as-
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fabricated samples had a low dislocation density of ~6 × 1013 m-2. After yielding, 

dislocation density increased almost linearly with true stress.  
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7.1 Abstract 

Manufacturing austenitic stainless steels (ASSs) using additive manufacturing (AM) is 

of great interest for cryogenic applications. Here, the mechanical and microstructural 

responses of a 316L ASS built by laser powder-bed-fusion (L-PBF) were revealed by 

performing in situ neutron diffraction tensile tests at the low-temperature range (from 

373 to 10 K). The L-PBF procedure increased the stacking fault energy (SFE) level of 

the 316L ASS to 23.7±2.2 mJm-2 at room temperature. SFE almost linearly decreased 

from 29.2±3.1 mJm-2 at 373 K to 8.6±1.2 mJm-2 at 10 K, with a slope of 0.056 mJm-

2·K-1, leading to the transition of the dominant deformation mechanism from strain-

induced twinning to martensite formation. As a result, excellent combinations of 

strength and ductility were achieved at the low-temperature range. 

7.2 Introduction 

With valuable combinations of excellent corrosion/oxidation resistance and strength-

ductility balance, austenitic stainless steels (ASSs) serve as workhorse materials in 

various cryogenic applications such as liquified gas storage/transportation, 

superconductivity realization, and nuclear fusion devices [270,437]. Recently, ASSs 

have been gaining enormous research interests as a desirable material for additive 

manufacturing (AM), which fabricates 3-dimensional components layer-by-layer thus 

enabling complex geometrical design [438,439]. ASSs fabricated by laser powder-bed-

fusion (L-PBF), one of the most promising AM methods, yields superior mechanical 

performance [95,440] originated from a variety of concurrent strengthening effects 

including dislocation slips, twinning, and strain-induced martensite transformation 

(SIMT), where the parent face-centred cubic (FCC) matrix (γ-austenite) can undergo 
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an athermal transition into martensite with hexagonal close-packed (ε) or body centred-

tetragonal (α′) structures. It is well-accepted that these strengthening mechanisms are 

strongly dependent on the stacking fault energy (SFE), which is an inherent parameter 

measuring the energy barrier of dissociating perfect dislocations and can be influenced 

by chemical composition, strain rate, and temperature [68,200,327]. The decreasing of 

SFE can shift the dominant deformation mechanisms from dislocation motion (SFE > 

45 mJm-2) to twinning (45 mJm-2 > SFE > 18 mJm-2) and to SIMT (SFE < 18 mJm-2) 

[135,140,373]. 

The relationship among SFE, temperature, and the deformation mechanisms in the 

ASSs fabricated by AM, however, was still under debate. Pham et al. [441] reported 

very active twinning behaviour since the SFE of a 316L SS was reduced after L-PBF, 

This is attributed to the use of protective nitrogen atmosphere. Solute N atoms diffused 

into the faulted regions and reduced the SFE. Contrarily, Karthik [270] reported a 

much-delayed SIMT of a 316L ASS and the cellular dislocation structures produced by 

L-PBF has been attributed to the main contributor to the increased SFE. Similar 

phenomena were also reported in another L-PBF-built 316L ASS during cryogenic 

deformation [440], where SIMT was significantly postponed compared with the 

annealed counterparts. In addition, most of the previous investigations focused on the 

high or room-temperature performance of the AM-fabricated ASSs, the SFE-related 

mechanical responses and strengthening effects at ultralow temperatures, have rarely 

been investigated, which severely limited the application of L-PBF build ASSs for 

cryogenic environments.  

Herein, in situ neutron diffraction and tensile tests were performed on an L-PBF-built 

316L ASS at the low-temperature range (from 373 to 10 K), providing a better 

understanding of the relationship among SFE, temperature, and deformation 
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mechanisms of AM-built ASSs and thus paving a way to develop ASSs fabricated by 

L-PBF with superior cryogenic mechanical properties.  

7.3 Materials and Methods 

Near spherical-shaped 316L powder with a diameter of 32±5 μm was prepared by gas 

atomization. Specimens with a size of 100 × 40 × 40 mm3 were manufactured in an L-

PBF machine (FS271M, Farsoon, China) under the protection of nitrogen atmosphere 

and then annealed at 400 ℃ for 3 h, followed by air cooling. The printing parameters 

are listed in Table 7-1. The laser beam was rotated 67° after printing each layer. Dog-

bone tensile samples (with gauge volume of Φ8 × 32 mm3) were then machined along 

the building direction and used for the in situ tensile testing. The details of in situ 

neutron diffraction tensile testing and related data interpretation, such as the calculation 

of lattice strain, dislocation density, stacking fault probability (SFP), and SFE can be 

found at Refs. [102,200,282,327]. The phase volume fraction evolution was determined 

by Rietveld refinement performed with TOPAS (Coelho Software, Australia). The 

electron back scatter diffraction (EBSD) observation on the focal plane of the L-PBF 

was performed on a scanning electron microscope (SEM, Tescan Mira-3) with an 

accelerating voltage of 15 kV. The thin foils for transmission electron microscope 

(TEM) characterization were mechanically polished to a thickness of ~80 μm and then 

subjected to twin-jet electropolishing using a constant current of 150 mA in a solution 

of 5% perchloric acid and 95% methanol cooled to -30℃. The TEM observation was 

performed on a Tecnai G2 F30 TEM operated at 300 kV. 

Table 7-1 Parameters used in building 316L SS with L-PBF. 
Scanning speed 

[mm·s-1] 
Laser beam spot 

size [μm] 
Laser power 

[W] 
Layer thickness 

[μm] 
Hatching space 

[μm] 
1000 80 225 30 90 
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7.4 Results and Discussion 

In Fig. 7-1 the heterogeneous distribution of grain shape/size and orientation gradient 

of the as-built 316L ASS were revealed with EBSD and bright-field TEM image. The 

inverse pole figure (IPF) shows multiple ripple patterns consisting of large elliptic 

grains, formed by the solidified molten pools, and slim grains distributing along the 

melt pool boundaries (Fig. 7-1a). The average grain size (d) of 19.5 μm was determined 

with the intercept length method. Unconventional orientation gradient across grains 

was observed and shown as a high-resolution kernel average misorientation map in Fig. 

7-1b. The local misorientation within the large grain interior was in the range of 0.5°-

1.5°, while the high local misorientation (>2°) was preferably located in slim grains or 

around (sub)grain boundaries. The misorientation distribution of the alloy was 

compared with random misorientation in Fig. 7-1c, showing a very high fraction of low 

angle grain boundaries (LAGBs, 2° < θ < 15°, 67.7% of the total grain boundaries). The 

bright-field TEM image in Fig. 7-1d reveals the densely arrayed dislocation cells (~200 

nm in width and ~500 nm in length) within the grain interior, which can be the origin 

of the high fraction of LAGBs and high level of local misorientation. A high density of 

dislocations trapping within/along the fine dislocation cells are visible and induced 

dislocation entanglements (Fig. 7-1d).  

Table 7-2 Mechanical properties of the 316L ASS at the low-temperature range (from 373 K to 10 K). 
Temperature [K] YS [MPa] UTS [MPa] Total elongation [%] 

373 562 627 55 
293 657 750 34 
173 750 1017 55 
77 849 1298 37 
10 935 1364 34 
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Fig. 7-1  Initial microstructure of the as-built 316L SS revealed by EBSD and TEM characterization: 
(a) inverse pole figure (IPF) map took at the plane perpendicular to the building direction, low angle 

grain boundaries (LAGBs, 2° < θ < 10°) and high angle grain boundaries (HAGBs, θ > 10°) were 
shown with white and black lines, respectively; (b) high-resolution kernel average misorientation map 
showing the morphology of the ripple grains, (c) Misorientation distribution of the sample compared 

with theoretical random misorientation from Ref. [15], and (d) typical bright-field TEM image. 

The temperature-dependent mechanical performance of the steel was presented in Fig. 

7-2. Fig. 7-2a shows the representative true stress-strain curves, which shows typical 

parabolic patterns when the temperature is higher than 173 K and progressively evolves 

to sigmoidal/S-shaped type as temperature decreased to the ultra-low temperature range 

(< 173 K). The evolution of mechanical properties with temperature was summarized 

in Fig. 7-2b and listed in Table 7-2. With the decrease of temperature, the yield strength 

(YS) of the steel increased almost linearly from 562 MPa at 373 K, reaching its peak of 

935 MPa at 10 K. The ultimate tensile strength (UTS) was also enhanced significantly 

from 627 MPa at 373 K to 1364 MPa at 10 K. The elongation was 55% at 373 K and 
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maintained at a high level of ~35% at cryogenic temperatures. The strain hardening rate 

(SHR, d dσ ε ) (Fig. 7-2c) can be roughly divided into three stages. At Stage I, SHR 

exhibited a steep decrease to a very low level (< 2 GPa) due to the elastic-plastic 

transition [442]. Afterwards, the SHR curves increased to a peak value at Stage II, 

indicating new sources contributing to strain hardening, followed by continuous 

decreasing until fracture (Stage III). The transition points from Stage I to Stage II were 

also marked with dash lines. The strain hardening effects mainly occurred at Stage II 

and can be significantly enhanced by decreasing the temperature. The peak value of 

SHR at Stage II was only 0.98 GPa at the strain of 0.17 at 373 K and boosted to 6.25 

GPa at 0.29 strain level at 10 K. 

Table 7-3 Lattice parameter and elastic properties of the 316L SS at the low-temperature range. 
Temperature [K] 373 293 173 77 10 

a0 [Å] 3.582 3.578 3.572 3.568 3.565 
E [GPa] 192 192 193 194 194 

E111 [GPa] 257.2 263.2 267.1 270.8 277.6 
E200 [GPa] 134.6 145.6 153.1 156.5 165.7 
E220 [GPa] 221.2 218.8 236.2 239.9 243.2 
E311 [GPa] 179.2 188 204.4 197.4 196.9 

v 0.26 0.26 0.26 0.25 0.25 
v111 0.25 0.24 0.23 0.22 0.24 
v200 0.24 0.33 0.31 0.24 0.31 
v220 0.33 0.31 0.28 0.27 0.29 
v311 0.27 0.28 0.3 0.27 0.28 

G [GPa] 75.7 76.9 77.3 77.6 77.7 
C11 [GPa] 200 218 221 232 234 
C12 [GPa] 132 136 127 144 148 
C44 [GPa] 116 121 118 122 122 
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Fig. 7-2 Mechanical performance of the 316L SS at the low temperature range: (a) true stress-strain 

curves, (b) evolution of mechanical properties with respect to deformation temperature, and (c) strain 
hardening rate (SHR) plotted with true stress. 

The diffraction spectra collected during deformation at different temperatures were 

plotted as a function of true stress in Fig. 7-3. The as-built steel exhibited an FCC 

structure during the temperature decreasing stage with decreasing lattice parameters (a0, 

Table 7-3) as only five reflections of γ-phase can be identified. SIMT only occurred 
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during deforming at 173 K or lower (Fig. 7-3c-f), as three new diffraction peaks 

emerged and grew with strain, which can be identified as α′-(110), α′-(211), and ε-

(1011) . The diffraction patterns at 10 K were magnified in Fig. 7-3f. The intensity of 

the α′-(111) increased progressively with straining, while the peak intensity of γ-(111) 

and γ-(200) decreased contrarily. Lattice strain evolution at axial and radial directions 

during deformation at different temperatures was shown in Fig. 7-4a-e. The lattice 

strain evolution at 77 and 10 K was plotted only at the low strains due to the overlap of 

diffraction peaks of γ and αʹ phases, which can cause high ambiguity in determining 

lattice strain using the peak position.  

The lattice strain evolution at radial and axial directions were applied to determine the 

macroscopic and hkl-specific moduli (See details at Ref. [327]) which are shown in 

Table 7-3. E is Young’s modulus, v is the Poisson’s ratio, and G is the shear modulus. 

The hkl-specific elastic moduli were then applied to determine the single-crystal elastic 

constants (C11, C12, and C44) with the Kroner model [347] using the procedure detailed 

at the Section A.2.1 of the Appendices. The value of C11, C12, and C44 are consistent 

with literature data of 316L stainless steel [443]. They increase gradually as the 

temperature decreases. 
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Fig. 7-3 The in situ neutron diffraction patterns collected during deformation at different temperatures: 
(a) 373 K, (b) 293 K, (c) 173 K, (d) 77 K, (e) 10 K, and (f) 10 K, with a narrow d-spacing range. 

The SFP, which measures the amount of SFs, can be determined by the separation 

distance of lattice strain of two consecutive grain planes (See details in Refs. [282,327]). 

The lattice strain of {111} and {222} grain planes and SFP at different temperatures 

were plotted in Fig. 7-4f. SFP showed a nearly linear increase with true strain, whereas 

the slope of the fitted line ( SFP ε∂ ∂ ) depicts the speed of SFs formation. At 373 K 

SFs gathered with a very slow pace with SFP ε∂ ∂ of 23.2×10-3, which boosted to 

336.8×10-3 at 10 K. The evolution of SFP ε∂ ∂  and SFE (calculated according to Refs. 

[282,327]) were plotted as a function of temperature in Fig. 7-5a, showing that the low 

temperature significantly reduced the SFE thus accelerated the formation of SFs. The 
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SFE of the 316L SS decreased almost linearly from 29.2±3.1 mJm-2 at 373 K to a very 

low value of 8.6 mJm-2 at 10 K, with a slope of 0.056 mJm-2·K-1. This result agrees well 

with the SFE-temperature relationship for typical ASSs predicted in [145]: 

0.05( 293)T RTSFE SFE T= + − , where TSFE  and RTSFE  are the SFE of the alloy at a 

designated temperature (T) and room temperature, respectively. It is worth noting that 

the L-PBF-fabricated 316L ASS showed a higher SFE level (23.7±2.2 mJm-2 at 293 K) 

than the annealed 316L ASS, which was only 14.2 mJm-2 measured by TEM [150,151] 

and 10 mJm-2 predicted by the ab initio calculation [444]. The increased SFE can be 

ascribed to the inhomogeneous distribution of grain size/shape and misorientation 

gradient produced during L-PBF. The formation of faulted structures (i.e., SFs and 

following twins), is not favourable in refined grains [445]. Chen et al. [446] reported 

the SFE of a high Mn steel increased from 26.0 mJm-2 to 34.0 mJm-2 as the grain size 

decreased from ~47 to ~11 μm. According to the thermodynamics simulation [447], the 

reduced grain size (d) can increase the excess of free energy ( exG∆ ) required to create 

SFs: ( )170.06exp 18.55exG d∆ = − . SFE can be increased exponentially when d 

decreased to be below 35 μm [448]. The work here demonstrated that SFE of 316L ASS 

can be tuned by L-PBF via modulating the grain structure. A possible future work 

would be to investigate the effect of L-PBF processing parameters on the SFE of 

austenitic steels.  
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Fig. 7-4 The lattice strain evolution of crystallographic planes {111}, {200}, {220}, {311}, and {222} 
along the axial/radial direction and the stacking fault probability evolution at 373 K, 293 K, 173 K, 77 

K, and 10 K. 

Meanwhile, the measured SFE matches well with the SFE-deformation mechanism 

map (Fig. 7-5a). According to the diffraction results (Fig. 7-3), the strain-induced phase 

transformation occurred only when temperature decreased to 173 K or lower and SIMT 

can be significantly promoted by decreasing temperature due to the reduced SFE. The 

larger dissociation width between partial dislocations provided a higher probability of 

nucleating martensite. The strain-induced phase transformation occurred only when the 
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temperature decreased to be 173 K or lower, as the SFE lowered to 15.8±1.6 mJm-2 at 

173 K. SIMT was significantly promoted (Fig. 7-3) as the temperature decreased further. 

 
Fig. 7-5 (a) The temperature dependency of the stacking fault probability (SFP) increase rate and 

stacking fault energy (SFE) overlapped with SFE-deformation mechanism map; (b) The measured 
volume fraction of strain-induced ε- and α′-martensite and the fitted curves with Olson & Cohen model 

at different deformation temperatures: 173, 77, and 10 K. 

The volume fraction evolution of the strain-induced ε- and α′-martensite was plotted as 

a function of true strain in Fig. 7-5b. The transition of ε-martensite initialized at very 

low strain levels (< 5%), after which its volume fraction was maintained at a level of 

~10% and decreased slightly at high strains. The formation of α′-martensite, following 

ε-martensite, started at higher strains (>5%). The volume fraction of α′-martensite 

increased monotonically with strain at the three temperatures, 173, 77 and 10 K (Fig. 

7-5b). Initially, they increased with an accelerated rate after nucleation, gradually 

saturated until reaching their maximum values (20.46% at 173 K to 52.78% at 77 K and 

to 61.09% at 10 K) before fracture. This indicates that two sequences of phase 

transformation, γ ε α′→ →  and γ α′→ , were both involved during plastic straining. 

The ε-martensite was first produced and served as an intermediate phase for the 

following α′-martensite formation. As indicated in Refs. [75,207], the ε/ε interface, 

including intersection/non-intersection of ε laths, serves as preferable nucleation sites 

of α′-martensite, which can grow into the interior of the ε-domain and γ matrix at high 
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strain levels, consuming the ε-martensite and triggering the direct transition from γ to 

α′ [125].  

The volume fraction of α′-martensite ( fα′ ) was fitted based using the sigmoidal Olson-

Cohen model [449]: 

 ( ){ }1 exp 1 exp
n

Tf B Aα ε′ = − − − −    Eq. 7-1 

, where Tε  is the true strain, A is the parameter that defines the course of the 

deformation bands formation and is related to SFE. Parameter B corresponds to the 

probability of the deformation bands intersection forming α′-martensite embryo. An n 

value of 4.5 was set according to Refs. [207,266,449]. The fitted lines were compared 

with the measured results in Fig. 7-5b, indicating that the kinetic of SIMT can be well 

predicted by the Olson-Cohen model. 

The strengthening behaviour during plastic straining is closely related to dislocation 

multiplication, twinning, and most importantly, SIMT. According to Fig. 7-2c, new 

strengthening resources appeared at the SHR transition points (from SHR Stage I to 

Stage II), where the decreasing trend of SHR curves at Stage I were reversed to be an 

increasing trend at Stage II. At 173 K, the transition point located at a true strain of 0.05, 

where no αʹ-martensite was produced, and the volume fraction of ε-martensite reached 

8%. This indicates the ε-martensite dominated the strengthening effects at low strains. 

The ε-martensite can exist as thin laths/plates, which creates extensive matrix/phase 

interfaces to continuous segregate gains and thus reduce the mean free path of 

dislocations [359,360]. At 77 and 10 K, the transition points were observed at strains 

of 0.08 and 0.09, respectively. The volume fraction of both ε-martensite and αʹ-

martensite reached ~10%, indicating their strengthening effects originate from the 

synergistic hardening effects of the two martensites. Refs. [65,66] indicated that α′-
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martensite can serve as an elastic reinforcing phase, which withstands higher stress and 

co-deforms with the soft austenite. Refs. [112,113] indicated SIMT can refine the 

structure continuously and create stress partitioning, thus enabling composite-like 

strengthening effects. Additionally, the strengthening effects of the multiphase 

structure can be interpreted based on dislocation activities [115], where γ and ε phases 

withstand the plastic strain while SIMT creates multiple impenetrable obstacles and 

promotes dislocation multiplication. 

7.5 Conclusion 

In situ neutron diffraction and tensile tests were utilized to explore the SFE-deformation 

mechanisms of an L-PBF-built 316L ASS at the low-temperature range. The 316L ASS 

showed excellent strength-ductility combinations at the low-temperature range. At 373 

K, the alloy showed a high YS of 562 MPa, UTS of 627 MPa, and large elongation of 

55%. The ultralow temperature of 10 K boosted YS to 935 MPa and UTS to 1364 MPa 

while maintaining a large elongation of 34 %. SFE of the L-PBF-built 316L ASS is 

higher than that of the fully annealed counterparts due to its inhomogeneous distribution 

of grain size/shape and misorientation gradient. The SFE showed strong temperature 

dependency, decreasing from 29.2±3.1 mJm-2 at 373 K to 8.6±1.2 mJm-2 at 10 K, with 

a slope of 0.056 mJm-2·K-1. The decrease of SFE shifted the dominant deformation 

mechanism from dislocation and twinning (373 and 293 K) to SIMT (173, 77, and 10 

K), significantly enhancing the strain hardening effects. The work shows that ASSs 

fabricated by L-PBF is very promising in achieving desirable strengthening 

mechanisms and thus premier mechanical performance for cryogenic applications. 
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Chapter 8. Conclusions and Future Work 

8.1 Conclusions 

In situ neutron diffraction and tensile tests were combined with post-mortem 

microscopic characterization to explore the mechanical behaviours (e.g., strength, 

ductility, elastic moduli, and single-crystal elastic constants) and microstructural 

responses (dislocation multiplication, strain-induced twinning, and phase 

transformation). The superior strength-ductility combinations and strengthening 

mechanisms of several types of face-centred cubic alloys (high Mn steel, multi-

component alloy, and additively manufactured austenitic stainless steel) were revealed 

from 373 K to an ultralow temperature of 10 K. The investigation leads to the following 

conclusions: 

(1) Excellent combinations of high strength and large ductility at cryogenic conditions 

were achieved in the three FCC alloys, high Mn steels, multi-component alloys, and 

additively manufactured austenitic stainless steel. The YS, UTS, and elongation of the 

alloys at different deformation temperatures are shown in Table 8-1. 
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Table 8-1 Mechanical properties of the high Mn steels, multi-component alloys, and 316L stainless 
steel at different temperatures. 

Alloys Temperature 
[K] 

YS 
[MPa] 

UTS 
[MPa] 

Total  
Elongation 

[%] 

High Mn 
Steels 

Fe-24Mn-4Cr-0.5C 
293 336 930 104 
173 539 1159 79 
77 700 1361 68 

Fe-24Mn-4Cr-0.5Cu-0.5C 
293 442 918 72 
173 625 1107 54 
77 760 1312 56 

Fe-24Mn-4Cr-1Cu-0.5C 
293 457 876 78 
173 643 1115 94 
77 793 1323 86 

Multi-
component  

Alloys 

FeCoCrNiMo0.2 
293 376 767 52.5 
77 637 1212 71.2 
15 710 1423 41.8 

FeNiCr 293 651 1020 48 
15 1092 1451 18 

Austenitic 
Stainless 

Steels 
316 L 

373 562 627 55 
293 657 750 34 
173 750 1017 55 
77 849 1298 37 
10 935 1364 34 

 

(2) SFE of the three alloys at cryogenic temperatures was measured via in situ neutron 

diffraction method, allowing the validation of the SFE-deformation map in the three 

FCC alloys at the cryogenic conditions: the decrease of SFE can lead to the shifting of 

dominant deformation mechanisms from dislocation motion (SFE>45 mJm-2) to TWIP 

(45 mJm-2> SFE > 18 mJm-2) and strain-induced martensite phase transformation (SFE 

< 18 mJm-2). Adjusting SFE is a very promising method in tailoring deformation 

mechanisms and achieving superior strength-ductility combinations. The effect of 

temperature, chemical composition, and microstructure on tailoring SFE were 

investigated in the present study: (i) The decrease of deformation temperature can 

effectively promote the formation of stacking faults. The stacking fault probability 

increased almost linearly with the strain and its increase rate became higher at lower 

temperatures. As shown in Fig. 8-1, the SFE of the alloys can be decreased almost 

linearly with the temperature decreasing with a similar slope of ~0.05 mJm-2·K-1. (ii)  
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Micro alloying with Cu serves as a promising method in tailoring SFE of high Mn steels, 

adjusting strengthening mechanisms, and thus enhancing mechanical properties of high 

Mn steels. It cannot only enhance the YS (~100 MPa with 1 wt.% of Cu addition) but 

also enhance the SFE (~5 mJm-2 with 1 wt.% of Cu addition). (iii) L-PBF enhanced the 

SFE of the 316L ASS, which might be due to the process-induced inhomogeneous grain 

structure and orientation gradient. 

 
Fig. 8-1 The temperature dependence of several FCC alloys: FeCoCrNiMo0.2, FeCrNi, Fe-24Mn-4Cr-

0.5C, Fe-24Mn-4Cr-0.5C-0.5Cu, Fe-24Mn-4Cr-0.5C-1Cu, and 316L ASS, overlapped with SFE-
deformation map. 

(3) The decrease of deformation temperature can effectively increase the yield strength 

of the alloys by activating multiple strengthening effects working synergistically. At 

the elastic stage, a variety of hardening effects from initial dislocations, grain 

boundaries, precipitates, and lattice friction stress can contribute to the yield strength. 

The lattice friction stress can be improved by solid solution strengthening in 

conventional alloys and severe lattice distortion in multi-component alloys. The lattice 

friction stress can also be improved almost linearly with the temperature decreasing. 

The lattice friction stress contributed 316 MPa to the YS of the FeCrNi MEA at 293 K 
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and 629 MPa at 15 K; At a high Mn steel (Fe-24Mn-4Cr-1Cu-0.5C wt.%), the lattice 

friction stress contributed 214 MPa at 293 K and the contribution increased to 596 MPa 

at 77 K. 

(4) During plastic deformation, a variety of concurrent strengthening mechanisms not 

only contributed to the high strain hardening rate but also guaranteed large elongations. 

(i) Dislocation serves as an important strength contributor, the dislocation density 

increases with strain after yielding, the decrease of deformation temperature and SFE 

can promote the dislocation multiplication by accelerating the formation and reducing 

dynamic recovery. (ii) The strain-induced twinning can effectively segregate the 

original large FCC matrix by introducing dense hierarchical twin structures, which 

serve as dislocation barriers, significantly reduce the mean free path of dislocation 

motion, and thus provide high strain hardening effects. (iii) During plastic deformation, 

the hardening effects of dislocation and twinning can work synergistically and increase 

almost linearly with strain. Their hardening rates in three high Mn steels with different 

SFE can be linearly increased by decreasing deformation temperature with a slope of 

~2.0 MPa·K-1 for dislocation and ~1.1 MPa·K-1 for twinning. (iv) As the SFE 

approaches the SFE boundary separating TWIP and TRIP effect (18 mJm-2), the phase 

transformation from γ to ε can be triggered. The newborn ε-martensite exists in the form 

of thin laths/plates and preferably distribute distantly or along twin boundaries. The ε 

laths serve as an additional source of introducing dense phase/matrix interfaces, 

refining grain structure, reducing mean free path of dislocations, and thus providing 

strain hardening effects. Its strengthening effects at high Mn steels can be very limited 

with a low volume fraction (< 5.2%) due to the thin thickness and far distributing 

distance. (v) During plastic deformation of ASS (316L, with SFE of 8.6±1.2 mJm-2 at 

10 K) and HEA (FeCoCrNiMo0.2, with SFE of 11 mJm-2 at 15 K), two sequences of 
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strain-induced phase transformation, γ ε α′→ →  and γ α′→ , were involved. The ε-

martensite transition initializes at low strain levels (< 5%) and serves as an intermediate 

phase for the following αʹ-martensite formation. The volume fraction of ε-martensite 

was maintained at a low level (< ~10%) and strengthening the alloy at low strains. The 

αʹ-martensite formation serves as the dominant strengthening resource and strain carrier 

at high strains. The volume fraction evolution of αʹ-martensite can be well described 

with the sigmoidal Olson-Cohen model. The decrease of deformation temperature can 

significantly motivate the αʹ-martensite transition, the highest volume fraction for the 

316L ASS is only 20.5% at a true strain of 0.37 with SFE of 15.8±1.6 mJm-2, which 

increased to 61.1% at a true strain of 0.29 with SFE of 8.6±1.2 mJm-2. 

(5) The merits of these three alloys at cryogenic conditions can be summarized as: (i) 

With very low production cost and suitable SFE, high Mn steels have shown great value 

in cryogenic applications since it has great potential in activating multiple strengthening 

effects and achieving premier strength-ductility combinations. (ii) The multi-

component alloys, due to their inherent high flexibility in adjusting chemical 

composition, show the huge potential of reducing production cost, enhancing YS, 

tailoring SFE, and thus improving strain hardening behaviour. (iii) The ASSs can be 

more attractive for cryogenic applications, not only because of the valuable 

combinations of excellent corrosion/oxidation resistance, but also because it is easily 

printable by L-PBF and very promising to tailor microstructure, SFE, and enhance 

mechanical performance via adjusting parameters of L-PBF. 
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8.2 Future Work 

The excellent mechanical properties of three types of FCC alloys were revealed by in 

situ neutron diffraction and tensile tests at cryogenic temperatures. However, there are 

still a lot of problems that remain unsolved.  

First, other mechanical properties (such as fatigue, cyclic loading, and fracture 

toughness), and corresponding microstructural evolution (such as de-twinning) are very 

interesting and important in various working conditions. But these aspects remain rarely 

explored. To deal with the complex deformation conditions, it can be very helpful to 

combine other in situ methods, such as in situ TEM and X-ray diffraction, to capture 

some phenomena fast-occurring and understand the microstructural responses at the 

atomic level. 

Second, considering the low speed of experimental validation, especially for the large 

number of multi-component alloys, it is hoped that the data collection efficiency of 

experiments can be improved, such as developing and using high-speed neutron 

diffraction. On the other hand, it is of great interest and importance to combine 

theoretical calculation methods (e.g., first principal calculation and molecular 

simulation) and experiments to establish a well-rounded system concerning 

strengthening mechanisms, temperature, chemical composition, SFE, and 

microstructure. With very high efficiency, it might provide valuable guidance in 

developing more economical alloys not only just for cryogenic conditions but also 

various serving conditions, such as high temperature and high strain rate. 

Furthermore, the potential of FCC alloys in achieving improved mechanical 

performance has not been fully explored and investigated. Since the FCC matrix is 

relative soft than other phases, it is very promising to introduce other strengthening 
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mechanisms, e.g., fine grain strengthening and precipitation strengthening, to enhance 

the mechanical performance, especially the yield strength. The interaction among 

multiple strengthening effects and their influence on their mechanical performance at 

cryogenic conditions are very interesting and should be further explored. 
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Appendices 

A.1 Appendices of Chapter 3 (a high Mn steel) 

A.1.1 Calculation of Dislocation Density 

This method was also used in dislocation density determination of high Mn steels 
(Chapter 4). 
 
 
The instrumental broadening was determined by measuring a reference CeO2 specimen. 

The instrumental broadening effects ( 2
instK∆ ) were removed through  [450,451]: 

 2 2 2
sample meas instK K K∆ = ∆ − ∆  Eq. A-1 

, where 2
sampleK∆  and 2

measK∆  is the broadening of each peak of the steel specimens, and 

the measured broadening, respectively.  

According to the Williamson-Hall model [452], the diffraction peak broadening can be 

described with the following equation:  

 saK Nb K
D

ρ∆ ≅ +  Eq. A-2 

, where sa
D

 and Nb Kρ  correspond to the peak broadening caused by size effect and 

strain effect, respectively. K∆ is the full width at half maximum (FWHM) of each 

diffraction peak after removing the instrumental broadening via Eq. A-1, sa  is the 

shape factor for cubic-symmetric spherical crystals and equals 0.9 [453]. D is the 

crystalline size, N is a constant (0.263), 𝜌𝜌 is the dislocation density, b is the magnitude 

of the Burger’s vector and K is defined to be 1/d for TOF neutron diffraction spectra, 

wherein d is the planar spacing. After considering the effect of strain anisotropy, the 
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modified Williamson-Hall  model developed by Ungár et al. [289] used in this study 

can be written as follows: 

 ( )1/2 2( ) ( )
2

s
hkld

aK W g bM KC O K C
D

πβ ρ′∆ − ≅ + +  Eq. A-3 

, in which dM depicts the shape of the tail of a profile and is defined with the outer cut-

off radius of dislocation [454]. ( )W gβ ′  depicts the influence of stacking faults and 

twin-boundaries. (1.5 ) aβ α β′ = + , where α  and β  denote the density of stacking 

fault and twin boundary. ( )W g  is a scaling factor of the faulting-induced peak 

broadening and varies with hkl indices [290]. The derivation related to dislocation 

correction is represented with ( )2O K C  and was ignored for simplicity as suggested by 

[453]. hklC  is the average dislocation contrast factor for each hkl reflection [349]: 

 ( )2
00 1hkl hC C qH= −  Eq. A-4 

, where the q is a parameter that depends on the edge or screw character of the 

dislocation, which can be determined experimentally. H2 is the fourth-order invariant 

of hkl indices: 
( )
2 2 2 2 2 2

22 2 2

h k h l k l
h k l
+ +

+ +
[455]. 00hC  is the average contrast factor for {h00} 

peak and is determined by the screw/edge dislocation ratio and their contrast factors for 

{h00} reflections. 00hC  for pure screw and edge dislocations can be calculated with 

[349]: 

 00 00 00

0000 1 exph h h

h

c c ci
h i i i i ic

i

AC a c A d
b

  −
= − + +  

  
 Eq. A-5 

 , in which 44

11 12

2
i

CA
C C

=
−

 is the elastic anisotropy parameter. The coefficients 00hc
ia , 

00hc
ib , 00hc

ic , and 00hc
id  (i means edge or screw dislocation) are determined by the elastic 
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constants of the alloy [349]. According to Ref. [290], the stacking faults and twinning 

can introduce order dependence broadening effects. As shown in Fig. A-1, we used the 

( )W gβ ′  as a fitting parameter and ρ was carefully determined to obtain the best fitting 

results between ( )K W gβ ′∆ −  and 
1/2
hklKC  of five reflections of (111), (200), (220), 

(311), and (222). β ′  can reach ~0.04 at high strain stages (~0.4).  

Fig. A-1 The modified Williamson-Hall plots of the Fe-24Mn-4Cr-0.5Cu-0.5C steel deformed to 
different strains at 77 K. 

A.1.2 Mean-square Strain Calculation 

This method was also used for the mean-square strain determination of high Mn steels 
(Chapter 4), FeCoCrNiMo0.2 high entropy alloy (Chapter 5), FeCrNi medium entropy 
alloy (Chapter 6), and the 316L ASS (Chapter 7). 

Warren-Averbach (W-A) [456] and integral breadth method [457] were widely used to 

separate the size and strain component of the intrinsic sample broadening profile. In W-

A approach the broadened profile was formulated as Fourier transform coefficients (A), 

consisting of size (As) and distortion (AD) components. As and AD contribute the 

broadening effect separately and a simple Voigt function was developed in Ref. [294]:  

 ( )2 2 2 2 2 2( ) exp 2 ( ) exp( 2 )D LD GDA L s L L L Lπ ε β π β≅ − = − − Eq. A-6 
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in which L is the distance between diffraction planes in real space, 1 /s d= is the 

diffraction vector. LDβ  and 2
GDβ  is the Lorentzian (L) and Gaussian (G) integral 

breadth strain breadth, respectively. According to Ref. [93], 2
111ε〈 〉  (mean-square 

strain), defined as averaged strain component normal to reflecting planes, can be 

measured with [456]: 

 
2

2 , ,
111 2 2

1
2

LD hkl GD hkl

hklL s
β β

ε
π π

 
〈 〉 = + 

 
 Eq. A-7 

The measured diffraction profile ( Lhβ  and Ghβ ) is the mathematical convolution of the 

instrumental effects ( Lgβ  and Ggβ ) and intrinsic specimen effects ( Lβ  and Gβ ). In the 

present study, the double-Voigt method was applied to perform the deconvolution and 

subtraction of instrumental broadening. We developed a Matlab code using modified 

Thomson–Cox–Hasting (TCH) pseudo-Voigt function [458] for peak fitting and the 

Gaussian ( 2δ ) and Lorentzian (H) width of the peak profile were obtained. After 

measuring a standard reference sample under the same condition of the sample, the 

peak position (d, Å) was calibrated with TOF by 2
0 1 2TOF C C d C d= + + , in which C 

is the instrumental parameter. Then the instrumental broadening effect was fitting with: 

 
2

0 1 2insH d dγ γ γ= + +  Eq. A-8 
2 2 2 2 4

0 1 2ins d dδ δ δ δ= + +  Eq. A-9 

, in which the γ  and δ  are the instrumental width parameters. Then the instrumental 

broadening effect was subtracted according to Ref. [450,457]:  

 
: L Lh LgLorentzian β β β= −  Eq. A-10 

2 2 2: G Gh GgGaussian β β β= −  Eq. A-11 
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The intrinsic broadening effects ( 2L Hβ π=  and 2 22Gβ πσ= ) from the sample can be 

obtained and used as input parameters in following double-Voigt size-strain analysis 

[380], in which the size and distortion broadening effects of Lorentzian ( LSβ  and LDβ ) 

and Gaussian ( 2
GSβ  and 2

GDβ ) components can be obtained by plotting Lβ  and 2
Gβ  via 

[380]: 

 
2

2
0

L LS LD
s
s

β β β= +  Eq. A-12 

 
2

2 2 2
2
0

G GS GD
s
s

β β β= +  Eq. A-13 

, where 0 01 /s d=  is the position of peak maximum. The real-space integral breadths 

were then converted into reciprocal space by 2
1

L
L C d

ββ ∗ =  and 
2

2
2 4
1

G
G C d

ββ ∗ =  considering 

1 0 2,C C C . According to Ref. [294], the size broadening components are constant for 

the pattern while the strain broadening components dependent differently on the 

diffraction vector. Then the unknown LDβ , 2
GDβ  (slopes) and LSβ , 2

GSβ  (intercepts) can 

be obtained by plotting both Lβ  and 2
Gβ  as functions of s for different orders of 

reflections. Here we used the peak of (111) and (222), thus Eq. A-12 and Eq. A-13 

became: 

 * * 2 2
222 111 222 1112

0

( ) ( ) (1 1 )LD
L L d d

s
β β β

∗

 = − −   Eq. A-14 

 *2 *2 2 2
222 111 222 1112

0

( ) ( ) (1 1 )GD
G G d d

s
β β β

∗

 = − −   Eq. A-15 

The mean-squared strain in SFE calculation, defined as the inhomogeneous strain 

quantity resulting from the faulting components averaged over a Fourier length L=50 

Å along [111] direction, can be calculated with: 
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 2 * 2 *2 2
50 111 0 0( ) 50 ( ) 2LD GDs sε β π β π〈 〉 = +  Eq. A-16 

The mean-square strain evolution during deforming at different temperatures is 

illustrated in Fig. A-2. 

Fig. A-2 Mean-square strain of the Fe-24Mn-4Cr-0.5Cu-0.5C steel during deforming at 373, 293, 173, 
and 77 K. 

A.1.3 The Influence of Temperature on Elastic-constants-
related Parameters 

Single-crystal elastic constants play an important role in dislocation density and SFE 

calculation, since 11 44C C , 44

11 12

2
i

CA
C C

=
−

 can influence the contrast factor in 

dislocation density calculation [289] while 
0.37

44 44 11 12

11 12

2
3

C C C C
C C

−
  + − 
   −   

serves as 

a coefficient in SFE calculation [171]. According to Ref. [296–298], at the low-

temperature range (< 400 K), elastic constants can monotonously increase with 

temperature decreasing. We investigated the influence of temperature on the three 

parameters, 11 44C C , iA , and 
0.37

44 44 11 12

11 12

2
3

C C C C
C C

−
  + − 
   −   

 based on single-crystal 



Appendices 

233 
 

elastic constants of Fe [296], CrCoNi medium entropy alloy [298] and Cr-Mn-Fe-Co-

Ni high-entropy alloy [299].  

 

Fig. A-3 Temperature dependence of 11 44C C , iA , and  
0.37

44 44 11 12

11 12

2
3

C C C C
C C

−
  + − 
   −   

 of (a) Fe 

[296], (b) CrCoNi medium entropy alloy [298], and Cr-Mn-Fe-Co-Ni high-entropy alloy [299]. 

Even though the three elastic constants can be increased during temperature dropping, 

the three parameters, 11 44C C , iA , and  
0.37

44 44 11 12

11 12

2
3

C C C C
C C

−
  + − 
   −   

 is not 

sensitive to temperature change (Fig. A-3). Considering the narrow temperature range 

(from 77 K to 373 K) in our case, we used the elastic constants at room temperature in 

dislocation density and SFE calculation. 
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A.1.4 TEM Observation 

 
Fig. A-4 Typical bright-field TEM images of the Fe-24Mn-4Cr-0.5Cu-0.5C alloy deformed to a true 

strain of (a) ~0.2 and (b) ~0.3 at 77 K. 

A.2 Appendices for Chapter 6 (FeCrNi MEA) 

A.2.1 Single-crystal Elastic Constants Calculation 

This method was also used in the single-crystal calculation for the high Mn steels 
(Chapter 4) and the 316L ASS (Chapter 7). 
 

The diffraction shear moduli based on the Voigt [459], Reuss [460], and Kroner [461] 

model can be defined with three independent elastic constants, C11, C12, and C44:  

 
1 (2 3 )
5VG µ η= +  Eq. A-17 

 ( 3( ) )R
hkl

G
A

µη
η µ η

=
+ −

 Eq. A-18 

, in which 
( )
2 2 2 2 2 2

22 2 2hkl
h k h l k lA

h k l
+ +

=
+ +

 is the elastic anisotropy factor, 11 12( ) 2C Cµ = −  

and 44Cη =  are the shear moduli, while the diffraction shear moduli in the Kroner 

model can be written with: 
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 3 2 0K K KG G Gα β γ− − − =  Eq. A-19 

, in which GK is the shear modulus in Kroner model and the coefficients, α, β, and γ are 

given by: 

 ( ){ }1 3(2 3 ) 3 4 3
5 8 hklK Aα µ η η µ η= + − + + −    Eq. A-20 

 ( )3 3(6 9 20 ) 3
40 4 hklK K K Aβ µ η µη η µ η= + + − + −    Eq. A-21 

 
3
4

Kγ µη=  Eq. A-22 

, where 11 12( 2 ) / 3K C C= +  is the bulk modulus. Then the reciprocal diffraction elastic 

moduli (1 hklE and hkl hklv E ) can be calculated with: 

 
1 1

6 9
hkl

hkl hkl

v
G K E

− =  Eq. A-23 

 
1 12( )hkl

hkl hkl hkl

v
G E E

= +  Eq. A-24 

Then least squares estimation was applied to obtain the optimized combination of the 

three single-crystal elastic constants to minimize the value of a cost function: 

( ) ( )( ) ( ) ( )(22 2
1,, , , ,

1
1 1

n

hkl hkl i hkl hkl hkl hklmea i mod i mea i mod i
i

E E e v E v Eχ
=

= − + −∑  Eq. A-25 

, where n is the number of the reflections, the subscript of “mea” and “mod” represents 

the values obtained from the experimental measurement and theoretical calculation 

with Kroner models, respectively. The e1 and e2 are the corresponding experimental 

errors. 

The diffraction shear moduli (GK) in Eq. A-19 can become the isotropic macroscopic 

shear modulus (GM) when Ahkl equals 0.2. The isotropic macroscopic Young’s modulus 

(EM) can be obtained via: 
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9

3
M

M
M

G KE
G K

=
+

 Eq. A-26 

The best-fitted single-crystal elastic constants, macroscopic moduli (EM, GM, and KM), 

and corresponding Poisson’s ratio (vc) at 293 and 15 K are listed in Table. A-1. 

Table. A-1 The macroscopic moduli of the FeCrNi MEA fitted with neutron diffraction. 
Temperature [K] EM [GPa] GM [GPa] KM [GPa] 

293 202.3 77.6 175.7 
15 213.3 83.7 162.7 

 

A.2.2 SFP and SFE Calculation 

This method was also used in SFE and SFP determination of high Mn steels (Chapter 
4), 316L ASS (Chapter 7). 
 

According to Ref. [462], the shifting of Bragg’s diffraction peaks can be influenced by 

both orientation-dependent macro-strain and stacking faults. Therefore, the 

experimentally measured lattice strain ( exp
hklε ) can be concurrent effects of the macro-

strain ( strain
hklε ) and stacking-fault-induced strain ( sf

hklε ). To determine the influence from 

stacking faults, a deconvolution procedure was proposed in Ref. [379]: 

 
2 2 2

( )3
4 ( )( )

exp strain sf strain b
hkl hkl hkl hkl

h k l
SFP

u b h k l
ε ε ε ε

π
± + +

= + = −
+ + +
∑  Eq. A-27 

, in which u and b are the number of un-broadened and broadened components due to 

stacking faults [463]. Considering the successive grain families are equivalent in 

crystallographic directions and their lattice strain evolution should be consistent 

without the disturbance from stacking faults. This allows us to calculate the SFP via 

subtracting 111
expε  from 222

expε : 

 ( )222 111
32
3 3

exp expSFP π ε ε= −  Eq. A-28 
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The stacking fault energy (SFE) of the alloy can then be calculated with the Reed and 

Schramm equation [171]: 

 
0.372

0 44 44 11 12111

11 12

6.6 2
33

a C C C CSFE
SFP C C
ε

π

−
  + − =    −   

 Eq. A-29 

, in which 2

111
ε is the mean square microstrain, which is obtained by deconvoluting 

size and strain broadening effects with the double-Voigt method [294].  

 

A.2.3 Dislocation Density Calculation 

The peak broadening effect analysis was carried out to obtain the dislocation density 

via the modified Williamson-Hall method. The sample and instrumental factors can 

both contribute to the broadening of diffraction peaks. It is critical to remove 

instrumental broadening effects (Kinst) before further characterization of the 

microstructure of the samples. The instrument contribution to peak broadening was 

determined with the stress-free calibrant of CeO2 and was then subtracted from the 

measured FWHM (Kmea) to obtain the broadening effects of samples (Ksample) via [327]: 

 2 2 2
sample meas instK K K∆ = ∆ − ∆  Eq. A-30 

, as a result of deconvolution considering the line profile is very close to Gaussian 

function as the Gaussian fraction in pseudo-Voigt function is higher than 0.8 for most 

peaks. Then the dislocation density of the sample was calculated with the modified 

Williamson-Hall method (W-H), which considers the anisotropy in strain broadening 

due to the orientation-dependent geometric factors thus a good linear relationship 

between strain broadening and diffraction vector length can be obtained. In the 

modified W-H model, sample broadening effect can be ascribed to several factors: 
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average crystalline size (D), stacking faults/twinning probability (β'), and dislocation 

density (ρ)  [290]: 

 ( )1/2 2( ) ( )
2

s
hkld

aK W g bM KC O K C
D

πβ ρ′∆ − ≅ + +  Eq. A-31 

, where ΔK is the FWHM of each diffraction peak after subtracting instrumental 

broadening with Eq. A-30. (1.5 ) aβ α β′ = + , where α  and β  denote the density of 

stacking fault and twin boundary. W(g) is a scaling factor to obtain the broadening 

effects of the faults at different peaks [290].  as =0.9 is the shape factor for cubic-

symmetric spherical crystals, b is the magnitude of the Burger’s vector, and Md is a 

coefficient depicting the shape of the tail of a profile and was decided by the effective 

outer cut-off radius of dislocations. K=1/d is the diffraction vector length in TOF 

neutron diffraction and d is the d-spacing of each reflection. hklC is the averaged 

contrast factor for each hkl reflection and can be calculated with: 

 
( )
2 2 2 2 2 2

00 22 2 2
1hkl h

h k h l k lC C q
h k l

  + +  = −
  + +  

 Eq. A-32 

, in which q is a parameter related to the characteristic of edge of screw dislocation and 

can be determined experimentally. Three elastic constants (C11, C12, and C44) of the 

alloy obtained at 293 and 15 K were applied in the calculation of 00hC , the average 

contrast factor of {h00} reflection, which is also dependent on the ratio of screw/edge 

dislocation and their contrast factors of {h00} reflections ( 00,h iC , the subscript i means 

the dislocation type). The 00hC  of pure screw/edge dislocations can be determined with: 

 00 00 00

0000 1 exph h h

h

c c ci
h i i i i ic

i

AC a c A d
b

  −
= − + +  

  
 Eq. A-33 



Appendices 

239 

, where ( )44 11 122iA C C C= −  is the elastic anisotropy parameter. According to Ref. 

[349], the four coefficients of 00hc
ia , 00hc

ib , 00hc
ic , and 00hc

id  are dependent with two 

parameters ( 11 44C C  and Ai) strongly related to the elastic constants. The low SFP 

results shown in Fig. 6-6c and d indicate that the very low density of stacking 

faults/twinning were introduced at both temperatures, hence we do not consider the 

faults-induced broadening effects ( ( )W gβ ′ ) in the peak broadening analysis. Then the 

screw/edge ratio ranging from 0 to 1 was used in Eq. A-31 to fit the modified W-H 

plots and the Chkl gives the highest R-square value was chosen to evaluate the 

dislocation density [464].  ΔK and K of five reflections of (111), (200), (220), (311), 

and (222) were used for fitting the modified W-H plots at 293 and 15 K (a and b) with 

very high R-square values (above 0.9). 

 
Fig. A-5 Modified Williamson Hall plots of the FeCrNi medium entropy alloy alloy during deforming 

at (a) 293 K and (b) 15 K. 

A.2.4 Elastic Modulus Calculation from DFT

In this study, we applied the method of calculation of the anisotropy of Young’s 

modulus and Poisson’s ratio proposed by Wróbel et al. [406] in order to investigate the 

anisotropy of elastic properties. The variation of Young’s modulus and Poisson’s ratio 

as a function of the orientation with respect to the crystal lattice required the calculation 

of the fourth-order elastic compliance tensor, Sijkl, which was determined via inversion 
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of the second-order elasticity tensor, Cij. The Young's modulus, E(hkl), and the average 

Poisson ratio, υ(hkl), along a direction normal to the lattice plane system described with 

Miller indices (hkl) (in amorphous structure these Miller indices describe spatial 

coordinates) are given as: 

 ( ) '
3333

1
hklE

s
=  Eq. A-34 

 
' '
1133 2233

( ) '
33332hkl

s sv
s
+

= −  Eq. A-35 

Here, s′ijkl are components of the compliance tensor in the new reference system (the 

new lattice plane system rotated from the original one and described with Miller indices 

(hkl)) written in fourth-order tensor notation and transformed from the compliances of 

the crystal, smnop, in the original cubic crystal axes. Hence 

 '
ijkl im jn ko lp mnops a a a a s=  Eq. A-36 

, where aim, ajn, ako, and alp are the transformation matrices [465]. The transformation 

matrix, art, from the original cubic crystal axes to the new lattice plane system described 

with Miller indices ( )hkl  can be expressed explicitly in terms of Miller indices of this 

plane [466]. 

 

2 2

2 2 2 2 2 2 2 2 2 2 2 2 2

2 2 2 2

2 2 2 2 2 2 2 2 2
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h khl kl
h k h k l h k h k l h k l

k h
rt h k h k

h k l
h k l h k l h k l
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+

+ + + + + + + +

+ +

+ + + + + +

 −
 
 = −
 
  

 Eq. A-37 

, where h, k, l are the direction cosines. 

In the method presented here, the transformation matrix, art, is calculated for each 

orientation (chosen from a uniformly distributed set of directions) and E(hkl) and υ(hkl) 

are obtained from Eq. A-34-Eq. A-36. A convenient representation of anisotropy is a 

plot of Young’s modulus and Poisson’s ratio surfaces. Each point on a given surface 
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represents the magnitude of Young’s modulus in the direction of a vector from the 

origin to a given point on the surface. In this way, the surfaces map out how Young’s 

modulus varies with direction.  

In order to obtain the theoretical values of elastic moduli for polycrystalline materials, 

the Reuss-Voigt-Hill method has been employed with the following equations [419]: 

 11 22 33 12 23 13
1 [ 2( )]
9VoigtB c c c c c c= + + + + +  Eq. A-38 

 11 22 33 12 23 13 44 55 66
1 [ 3( )]

15VoigtG c c c c c c c c c= + + − − − + + +  Eq. A-39 
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 Eq. A-40 

 1
11 22 33 12 23 13[ 2( )]ReussB s s s s s s −= + + + + +  Eq. A-41 

 1
11 22 33 12 23 13 44 55 6615[4( - - - )+( + + )]ReussG s s s s s s s s s −= + +  Eq. A-42 
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Table. A-2 Elastic constants and moduli of the FeCrNi MEA predicted by DFT calculations and 
compared with experimental data. 

 FeCrNi DFT 
2000 K 

DFT 
2000 K 

DFT 
300 K 

DFT 
300 K 

in situ  
Exp. 

293 K 

in situ  
Exp. 
15 K 

 Symmetry P1 P1 Pnnm Pnnm   
 K-points 4×4×4 4×4×4 4×4×4 6×6×6   
  Relaxed Unrelaxed Relaxed Relaxed   

Elastic 
Constant 

[GPa] 

11C   210.79 222.45 239.41 237.44 225 220 

12C  141.19 134.8 117.01 116.4 151 134 

13C  136.06 142.6 136.48 137.24 - - 

22C  200.47 213.16 231.37 229.99 - - 

23C  127.42 132.09 109.34 108.92 - - 

33C  206.05 218.31 257.46 259.19 - - 

44C  123.42 125.36 163.14 163.46 123 127 

55C  122.36 138.84 143.22 142.18 - - 

66C  122.19 131.67 141.19 140.99 - - 

11 22 33( ) 3C C C+ +   205.8 218.0 242.7 242.2 - - 

12 13 23( ) 3C C C+ +  134.9 136.5 120.9 120.9 - - 

44 55 66( ) 3C C C+ +  122.7 132.0 149.2 148.9 - - 

C′ (average) 35.4 40.7 60.9 60.7 37.0 43.0 

Young’s 
Modulus 

[GPa] 

Emin 94.2 111.02 148.21 146.05 103.71 118.55 
Emax 292.52 311.98 341.52 340.82 299.1 302.27 
Eav 180.83 199.81 248.02 247.12 187.95 201.8 

Emax/Emin 3.105 2.81 2.304 2.334 2.884 2.55 
SD 50.77 52.26 48.63 48.78 50.93 48.31 

SD/Eav (%) 28.08 26.15 19.61 19.74 27.09 23.94 

Poisson’s 
Ratio 

Pmin 0.1914 0.1823 0.1449 0.1447 0.2162 0.1903 
Pmax 0.4196 0.3985 0.3569 0.3572 0.4016 0.3785 
Pav 0.3093 0.2962 0.2429 0.2433 0.3216 0.2932 

Pmax/Pmin 2.192 2.186 2.463 2.468 1.856 1.989 
SD 0.055 0.0539 0.0534 0.0539 0.04016 0.0496 

SD/Pav (%) 17.78 18.21 21.97 22.14 15.08 16.93 
Polycrysta

lline 
Moduli 
[GPa] 

B(VRH) 158.33 163.53 161.09 160.77 175.65 162.67 
G(VRH) 74.57 82.45 103.62 103.27 76.17 82.35 
E(VRH) 192.64 211.12 255.64 254.82 199.06 210.9 

 

A.2.5 Calculation of Phase Formation Parameters 

Solid-solution phases are the more desirable in multi-component alloys as their 

promising mechanical properties. There are several criteria in predicting the constituent 
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phases of the multi-component alloys. According to Ref. [467], the Gibbs free energy 

difference between solid- and liquid-state ( mixG∆ ) can be expressed with: 

 mix mix mixG H T S∆ = ∆ − ∆  Eq. A-44 

, in which T is the absolute temperature, mixS∆  and mixH∆  are the entropy of mixing 

and the enthalpy of mixing, respectively. For a random multi-component alloy with n 

elements, they can be calculated with [245,468]: 

 ln
n

mix i i
i

S R c c∆ = − ∑  Eq. A-45 

 
1,

n

mix ij i j
i i j

H c c
= ≠

∆ = Ω∑  Eq. A-46 

, in which R=8.314 JK-1mol-1 is the gas constant, ic  is the mole percent of component 

i. 4 mix
ij ABHΩ = ∆  is the regular solution interaction parameter between two elements (ith 

and jth). mix
ABH∆ is the mixing enthalpy mixH∆ of binary alloys, its values can be 

calculated with the Miedema macroscopic model in Ref. [431]. The multi-component 

alloys preferably form solid-solution phases if their mixG∆  drops to the lowest level 

compared with other possible phases. According to Ref. [468], the large absolute value 

of mixH∆ can impede the solid-solution formation. When mixH∆ approaches zero, the 

different elements can randomly distribute among the matrix and form a solid-solution 

phase. On the other hand, increasing mixS∆  can effectively lower mixG∆  and lower the 

tendency of ordering and segregation of alloy elements. 
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A.2.6 TEM Characterization 

 
Fig. A-6 Two-beam bright-field TEM image shows the representative wavy configuration of 

dislocation in the FeCrNi medium entropy alloy. 
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