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Abstract
Plastic production relies on the formation of ethylene through steam cracking of hydrocarbons at
high temperatures. Coking is one of the biggest issues in the ethylene cracking process, resulting in
reduced production efficiency and lifespan of the pipes used. This work was undertaken to assess
Optim-Al, a new, aluminium containing alloy, as an improvement over the currently used alloy.
The focus of the research was on the ability of Optim-Al to form a thin, protective aluminium oxide
layer to inhibit catalytic coking, and specifically to provide greater protection than the alloy
currently used. Optim-Al was found to form a continuous aluminium oxide layer after oxidation in
air and demonstrated greater coverage and adhesion of the oxide even under more extreme
conditions. Optim-Al was found to be an improvement over alloys currently used in the industry.
Spalling of the surface oxide layer was found to concentrate around machining marks on the
substrate surfaces, and a smoother surface to be oxidised should lead to improved coverage of
oxide layer on both alloys in service, resulting in greater retardation of catalytic coking.
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Introduction
Plastic is one of the most vital and versatile materials in the world today, being used in a multitude
of situations; from lightweight car parts to food packaging, wire insulation to water pipes, and many
other applications in between. The variety of uses of plastics come from their uniquely beneficial
range of properties; easy net shape forming without significant post production machining
required, highly varied mechanical properties which different plastics are able to meet for many
given conditions, the electrical and heat insulation properties, their durability, and ability to be
recycled, to name but a few. These properties mean that plastic is the ideal material for use across
a wide spectrum of applications.
Plastic production and use continue to grow, year on year, therefore the demand for plastic
precursors continues to grow. Many forms of plastic are derived from one precursor: ethylene.
Ethylene, or ethene, is the shortest unsaturated hydrocarbon molecule, made up of two carbon
atoms joined by a double bond, with four hydrogen atoms. This molecule is the building block for
many of the different plastics used. Ethylene is produced by the process of steam cracking of
hydrocarbons. This process involves heating the longer chain hydrocarbons to temperatures in the
range of 800°C with steam, which results in the splitting of the long chain hydrocarbons into much
shorter chain hydrocarbons, such as ethylene.
The high temperature and creep properties required of the pipes in which the hydrocarbons are
cracked mean that highly developed alloys are required to operate in such conditions. Despite
decades of progress with the alloys and the optimization of the cracking process, a significant
amount of coke is still created during cracking, which builds up on the pipe walls over time. This
coke causes substantial limitations on the run lengths of the cracking process, requiring the
furnaces to be shut down, and cleaned out to remove the build up. This cleaning process currently
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occurs around every 40 days, and takes up to 48 hours, resulting in a significant reduction in
production efficiency.
The alloys used for the pipes are necessarily rich in iron and nickel in order to withstand the high
temperatures and conditions required. However, nickel and iron act as catalysts for the coking by
carbon rich feedstock, therefore protection of the alloy from the gas stream is necessary to inhibit
this coking from occurring. Currently, the alloys used in industry rely on the generation of a
chromium oxide layer on the inner surface of the pipe to act as a barrier between the gas and the
alloy matrix, however this does not provide perfect protection, as coking still readily occurs. Studies
have shown an aluminium oxide layer to have better anti-coking properties than those of chromium
oxide, however such aluminium containing alloys have not yet been made which effectively
produce or maintain an oxide layer whilst also demonstrating the necessary properties for service
conditions.
The aims of this research were to investigate the effects of aluminium content and other alloying
elements on the microstructure of new alloys to be used in ethylene cracker furnace tubes.
Furthermore, the oxidation behaviour of these alloys was investigated, and compared to those of
an alloy currently used in industry, to assess the potential improvements that the new aluminium
containing alloy could bring to the anti-coking properties of the pipes. The growth and adherence
of the aluminium oxide layer onto the new alloy was compared to that of the chromium oxide layer
generated on the alloy currently used.
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Literature Review
Introduction
Hydrocarbons are vital in current society, both for fuels for transport and energy, and as precursors
to plastic products, which make up a vast proportion of the worldwide manufacturing sector, with
global plastic production over 400 million tons in 2015, per Geyer et al. (1). Crude oil is the main
source of hydrocarbons, and around 4% of the world’s crude oil is used for plastic production (2).
Ethylene, or ethene, is a key building block for numerous different forms of plastics, as illustrated
in Figure 2.2.1-1. The global demand for ethylene is vast and rising, estimated at 112 million tons in
2009 (3), 130 million tons in 2013 (4), and increasing to greater than 150 million tons per year in
2016, and growing further still (5). Figure 2.2.1-2 demonstrates that between low-density and highdensity polyethylene (LDPE and HDPE respectively), these two plastics make up in the region of one
third of global plastic production. Sources suggest that 60% of produced ethylene is used as LDPE
or HDPE precursors (3,6). This suggests that ethylene is the precursor for around 50% of all plastic
production, worldwide, or over 200 million tons.
Crude oil, and natural gas, are made up of many different, long chain hydrocarbons, and are
processed to form the short chain hydrocarbons required for plastic production by cracking.
Cracking is the act of shortening long chain hydrocarbons by breaking the carbon-carbon bonds,
yielding shorter hydrocarbons which are in a greater demand and generally perceived as more
useful of a product than long chain hydrocarbons.
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Figure 2.2.1-1: Illustration of chemicals derived from ethylene and their applications (7)

Figure 2.2.1-2: Global primary plastic production (in million metric tons) according to polymer type from 1950 to 2015
(8)

Steam cracking of hydrocarbons is employed as this process yields much greater volumes of
unsaturated hydrocarbons compared to other cracking techniques such as catalytic cracking, due
to the dilution of the hydrocarbon mix in the gas stream being preferential for olefin production

4

(9). Steam cracking occurs at high temperatures, over 850°C and higher, so the radiant coils must
be able to withstand these relatively harsh conditions. Abghari found that the optimal operating
temperature for ethylene cracking was 883°C, demonstrating the necessity for the alloy to cope at
these high temperatures (10).
One of the major heat resistant alloys used in the petrochemical industry are high temperature
steels, due to their excellent high temperature properties. These materials have much higher
melting points, resistance to oxidation, and good creep resistance, all of which allow them to
maintain their requisite properties during use in the steam cracking industry (11). Before the
addition of nickel to steel, the mechanical properties were significantly poorer at high temperature,
as nickel improved the creep resistance at high temperatures significantly. This allowed these
nickel-containing high temperature steels to be employed and demonstrate significant
improvement over previously used high temperature steels (12).

High temperature alloys for ethylene cracker furnaces
2.2.1 History of high temperature alloys
The requirement for high temperature materials occurred at the start of the 20th century, initially
through the driving factors of the World Wars looking for high temperature materials for gun
barrels, and later with the development of the jet engine, with other technologies emerging such
as steam turbines and internal combustion engines prior to the wars. Since this period,
development has been to push alloys to greater operating temperatures at which the materials can
continue to maintain their beneficial properties. This is useful across a multitude of industries, such
as ethylene cracking , fossil fuel power plants, and high temperature turbines, as the desire for
greater efficiency in jet engines comes with ever increasing temperature (13–15).
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Figure 2.2.1-1: Major industrial milestones and associated material milestones (16)

The initial development was seen through advances in alloying in steels; the first chromiumcontaining steel was created in 1865, and the first nickel containing in 1888 (17). The first stainless
steel was reportedly created in 1912 through the addition of chromium and molybdenum, resulting
in a steel with good creep, oxidation and high temperature resistance properties (13). Following
on from this discovery, chromium became an important alloying element, yielding the high
temperature oxidation resistance required from the components.
The high melting point and relative abundance of nickel compared to similarly high melting point
elements led to its use as an alloying addition, and then to becoming a base element for alloys, to
be used in high temperature applications without costs being unfeasibly high. These high service
temperature materials, the precursors to modern superalloys, were developed mainly for use in jet
engines, first being developed in the 1930s (16).
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In 1929 the alloying elements of aluminium and titanium were added to a nickel chromium alloy
consisting of 80% nickel, and with this addition the creep strengths were seen to grow rapidly,
forming the basis of the first ‘superalloy’. Since the first ternary and quaternary alloys were
developed, the development of superalloys has seen massive growth, with alloys containing over
10 elements being created for different applications across industry. All of these alloys consist of
an FCC matrix with secondary phases present (14).
Whilst the petrochemical industry required high temperature resistance, carburisation resistance
and good creep properties, the full benefit of superalloys was not realized in these applications,
therefore Cr-Ni steels became commonplace in the early 1960s, benefiting from the desired
properties but at a reduced cost, due to significantly lower nickel content compared to superalloys,
in what has been termed the “second generation” of high temperature steels, following on from
the carbon steels of the turn of the century (15,18,19). Through the mid to late 20th century the
alloy composition evolved, increasing in nickel content, followed by additions of first niobium in
small quantities, and then followed by other elements in even smaller volumes, forming the “third
generation” of alloys (15,19). This included the addition of silicon to volume fractions in the region
of 2%, which was found to greatly improve the carburisation resistance of the second generation
alloys (15). The “fourth generation” alloys revolved around the nickel-chromium steel with added
niobium and other elements such as titanium, but also included the addition of rare earth element
in very small quantities, giving rise to the term “microalloys” to describe them. These additions
were used to further enhance the service temperatures which they could withstand by further
promoting creep strength (15). The latest developments in the alloy allows for operational
temperatures to exceed 1150°C (20).
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2.2.2 Metallurgy of current alloy
The high temperature steels widely used in industry today are termed “type 35/45”; typically a
35/45 Cr-Ni austenitic steel (21–24) with numerous further alloying additions. The high nickel
content causes the austenitic nature of the alloy, with nickel being a strong austenite former,
despite chromium and silicon acting as ferritic formers (25,26). Both nickel and chromium additions
are well known for their improvement of creep strength, as well as corrosion resistance (27).
Carbon is present, as another austenite former and for the formation of the carbides within the
alloy which are paramount for their inherent strength. The carbon content has been reported to
need to be over 0.2% for adequate strength to be imparted (26). Niobium is also included, both as
a precipitation hardener, and to reduce the potential for intergranular corrosion arising out of
chromium depletion after oxidation (25,28,29).
Further alloying elements added as microalloying additions may include manganese, yttrium,
titanium, vanadium, molybdenum, tungsten, tantalum, zirconium, cerium, neodymium,
praseodymium and hafnium (19,30). These additions were added in an effort to further promote
the high temperature strength of the alloys (31) whilst the transition elements can also form
protective oxides (32). Yttrium has been shown to have an effect on the carbide distribution and
the maintenance of oxide layer adhesion (33,34), whilst manganese aids in promotion of oxidation
rate (35,36). Titanium, zirconium and hafnium act in a similar fashion to niobium as carbide formers
to reduce the chromium carbide content (18,37) as well as aiding in carburisation resistance, as is
the case with cerium (38). Molybdenum and tungsten are added to reduce the coarsening rate of
carbides (39). Table 2.2.2-1 summarizes the roles of different elements as alloying additions.
The alloy currently used is made up of the austenitic matrix with M23C6, M7C3 and MC carbides.
These carbides are typically Cr23C6 or Cr7C3, formed within the austenite matrix in the interdenritic
region, with NbC (niobium carbides) formed at the grain boundaries (26,40,41). The carbide phases
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act to inhibit grain movement, especially at high temperatures, therefore reducing creep in service
conditions as well as adding strength properties (42,43). The NbC particles are more stable than the
chromium carbides, therefore are formed preferentially and lead to greater chromium in solution
in the matrix (33). Subsequent aging of the alloy either as a treatment or during service results in
further precipitation of secondary carbides of Cr23C6 within the matrix phase (26,44,45), but this is
not seen to greatly degrade the properties of the alloy (46).
Table 2.2.2-1: Summary of roles of alloying additions used in examined materials.

Alloying Addition
C
Al
Si
Cr
Mn

Role
Austenite former, carbide former
Oxide former, solid solution strengthener
Creep resistance, oxide adhesion, carburization resistance
Creep resistance, oxide former
Aids oxidation rate, reduce Cr evaporation

Ni

Austenite former, high temperature resistance, corrosion resistance

Nb

High temperature strengthener, intergranular corrosion resistance,
carburization resistance
Intergranular corrosion resistance
Oxide adhesion, microstructure refinement

Ti
Y

2.2.3 Processing of nickel based high temperature alloys
2.2.3.1

Alloy production

Metallic alloys are generally produced through the induction heating of the raw elements, or more
simple alloys (as they may be more stable than their elemental form), to a molten liquid form, and
then combined with the other desired elements. The melting procedure and element addition
schedule will vary between different alloys, usually predetermined through computer modelling as
well as manufacturer experience. Slag removal may be required for alloys produced in furnaces
open to the air, as oxidation products are common occurrence on the liquid alloy surface, along
with additions to aid in desulfurization (47).
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Heating methods are usually induction heating furnaces, or electric arc furnaces, as both have the
ability to produce high heating rates and higher maximum heating temperatures than those
achievable with traditional fuel-based furnaces.
Electric arc furnaces act by setting up an electrical arc between the feedstock material and an
electrode, usually made from carbon to withstand the high temperatures without drastic
denaturing of the electrode material itself. The molten alloy will undergo various processes to
remove impurities from the feedstock material before being cast into either a final shape or an
ingot for future processing.
Induction heating furnaces heat the material by inducing current into the feedstock material by
induction coils. The induction coils are regularly made from copper and sit around the outside of
the crucible which holds the feedstock material. A current is run through the induction coils,
creating a magnetic field within the coils, which in turn induces a current into the feedstock
material. This internal current is the source of the heating of the material and is maintained until
complete melting of the feedstock material has occurred. This process is regularly completed under
vacuum, resulting in much fewer compositional changes from the feedstock than those seen in
electric arc melting which usually occurs in air (47).
2.2.3.2

Casting

Casting has been a technique used in metallurgy for millennia, in some form or another, and can be
simplified to the melting of a metallic element, ore, or alloy, and pouring the molten material into
a vessel - or die - to produce the desired new shape of the metal. Over time, the act of casting has
become much more of an exact science, with precise, complex alloys being able to be created and
very complex shapes able to be cast into, however the principles stay the same.
There are however many different casting techniques which are now used, such sand casting, die
casting, investment casting, centrifugal casting and lost foam casting to name a few. These
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processes generally differ in the die composition and layout, with some die materials being
expendable, such as sand or foam casting. In other forms such as die casting the dies are permanent
and continually reused. The major casting technique used in the production of ethylene cracker
furnace tubes is centrifugal casting, and has been the case since the 1950s (15).
2.2.3.2.1

Centrifugal Casting

The ethylene cracker furnace tubes are formed by centrifugal casting of the alloy. The process of
centrifugal casting is that of using the centrifugal force acting upon molten metal to form the shape
of the die, forming a dense structure usually with a hollow centre, as shown in Figure 2.2.3-1. (48).
This is used in the formation of pipes or other shapes which are symmetrical around the long axis
and are hollow, without the requirement for a core to cast around. It is also a beneficial process
due to its ability to cast thinner walled products than that of conventional casting, in part due to
the reduced amount of cooling time before reaching the mould, and also in part due to the
pressures applied to the molten material (49).
After creating the specific alloy and removing any slag forming upon the surface, the alloy is
transferred to a ladle. From the ladle the alloy is poured into the mould which is already rotating at
the required speed. The rotation speed can vary from 100rpm up to 3000rpm, depending upon the
requirements for the part. If the rotation speed is too slow, full adherence to the mould walls will
not be achieved, and so when material is at the top of the rotation some will ‘rain’ down upon the
material below, creating what is known as a rain defect (48).
The die may be preheated to limit the effect of rapid cooling in the region in immediate contact
with the die. The molten metal is poured into the rotating die at the specific casting temperature
and it cools while the die continues to spin. As the material is constantly under pressure from the
centrifugal force, and the material starts to cool at the surface of the die, this process does not
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require a runner system as the molten material from the casting is always feeding the cooling
process. Thus the products are dense and free from porosity and shrinkage (50).
The centrifugal force will also act upon the constituent elements in varying degrees, dependent
upon their molecular weight. Lighter elements will migrate towards the inner walls of the solidifying
metal tube, and similarly, any slag formed will usually be lighter and end up on the inner surface
with slow enough solidification rates. Post processing is often undertaken to remove the inner
surface to remove any impurities that have moved to this surface, and to obtain the exact required
diameter for the finished product. In the case of the nickel rich high temperature steel pipes a
cylindrical length of around 10 meters can be produced using horizontal centrifugal casting.

Figure 2.2.3-1: Schematic diagram of the centrifugal casting process adapted from (48) to show casting technique of
molten alloy to form tube.

Ethylene cracking and coking
2.3.1 Ethylene cracking
In steam cracking, the hydrocarbon gas mixture is fed into the radiant coils, where they are heated
to temperatures in the region of 800°C-1000°C whilst being mixed with steam. As the gases pass
through the tubes with the steam the conditions cause the breakdown of the carbon-carbon bonds
in the hydrocarbon backbone, splitting the hydrocarbon into smaller hydrocarbon molecules. Per
Li and Yang, there are three cracking states, with the one utilized in ethylene cracking consisting of
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a few dehydrogenation reactions, with most C-C bonds cracked, yielding the desired short chain
hydrocarbons (21). The desired reaction for ethylene formation is shown, where a long chain alkane
is cracked to form ethylene and a shorter chain alkane:
𝐶𝑛 𝐻𝑛+4 → 𝐶2 𝐻4 + 𝐶𝑛−2 𝐻𝑛
When cracking purely ethane, the dehydrogenation of ethane to ethylene is the desired reaction:
𝐶2 𝐻6 ↔ 𝐶2 𝐻4 + 𝐻2
Low pressures are required in the tubes to promote ethylene as the thermodynamically favourable
product of the reaction, whilst similarly the partial pressure of hydrogen is minimized to further
promote the desired ethylene formation by increasing the favourability of H2 formation, and
forming ethylene, as shown in the reaction above (20). When cracking mixed hydrocarbon
feedstock (naphtha), many reactions may occur, both as a direct ethylene forming reaction such
as those shown previously, or one of many potential intermediate reactions which form precursors
to ethylene formation, as described by Seifzadeh et al. (51).

2.3.2 Coking and de-coking
There is one major issue that does occur in the steam cracking process, despite the high
temperature steels good thermal properties – coking. Coking, or the build-up of a high carbon
content substance, on the inner surface of the radiant coils in ethylene cracking has been well
documented by many studies, and the damage it can lead to (10,11,60–66,52–59). The deposited
coke on the internal walls of the pipes also leads to increases in pressure and reduced heating of
the feedstock, both of which act to negatively affect the yield of the cracking process (20,67). This
coke must be removed from the internal walls of the pipe when it reaches a critical level, found by
Sundaram et al. (60) to usually be reached after 20-60 days, depending on the feedstock and
operating conditions.
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The de-coking cycle takes in the range of 24-48 hours and causes a significant delay and cost to the
production of ethylene. For de-coking to occur, high temperatures are required, with temperatures
reaching 1100°C at points during the cleaning cycle, so the tubes employed for this role must be
able to withstand these temperatures without undergoing degradation, melting, or significant
creep processes. The cleaning process is the most thermally challenging part of service for the
alloys, as it is undertaken at the fastest possible rate to reduce lost service time. This involves the
gasification of the coke built up on the inner surface with steam through the following reactions:
𝐶 + 𝐻2 𝑂 → 𝐶𝑂 + 𝐻2
𝐶 + 𝐶𝑂2 → 2𝐶𝑂 + 𝑂2
This process must avoid damage through carburisation and metal dusting of the inner diameter of
the pipes (68). Avoiding metal dusting is achieved by maintenance of a protective oxide layer on
the surface of the alloy (69).
Coking occurs in numerous different forms, with Albright et al. describing seven discrete forms of
coke (70) and the exact nature of coke formation varies dependent on feedstock and operating
conditions, thus the literature varies depending on conditions (10,65). However, the majority of
coke initiates as a result of two major pathways; catalytic coke formation and pyrolytic coke
formation (71).
2.3.2.1

Catalytic coke formation

Catalytic coke formation occurs mainly during the initial few hours of operation when the surface
of the pipes are exposed. If not fully covered with a protective layer, this allows the metal surface
to act as a catalyst for the coking reaction. The elements responsible for this are commonly nickel,
iron and cobalt, therefore the high temperature steels required to cope with the temperature
demands are equally problematic when considering coking resistance (72,73). Cr-Ni steel was found
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to elicit coking rates two orders of magnitude greater than on the surface of a quartz or platinum
pipe (56).
The coking initiates through the absorption of coke precursors from the hydrocarbon gas stream
onto the surface of the exposed radiant coil pipes. The coke precursor forms a σ-π bond to the pipe
surface material, leading to a weakening in the C=C bond, and subsequently promoting coke
deposition (74).
Surface reactions follow to form coke from the hydrocarbon precursors, and this coke is able to
diffuse into the surface of the pipes, accumulating at specific regions in the metal matrix (62,75).
As the coke builds up in susceptible regions beneath the surface of the pipes the stress on the grain
boundaries or dislocations of the alloy increases, until the yield stress is exceeded and failure occurs
along the grain boundaries or dislocations, and a small particle of the metal pipe is removed from
the pipe surface. This process is illustrated in Figure 2.3.2-1 (63). This particle of the pipe is found
atop the tip of the now formed carbon deposit which protrudes from the pipe. The particle at the
tip of the carbon protrusion has been found by both Baker et al and Rostrup-Nielsen & Trimm
(58,75) to resemble a pear in shape, with the base of the shape facing the direction of the carbon
growth away from the pipe surface.
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Figure 2.3.2-1: Diagram of catalytic coke formation mechanism, adapted figure from (63). Six phases of catalytic coking
shown, from adsorption onto the pipe surface, accumulation, and to carbon filament growth.

The coke that has been produced protrudes from the surface of the pipe filament and continues to
lengthen

as

coking

continues,

forming

the commonly

identified

filamentous

coke

(10,58,79,59,63,66,67,75–78). More coke is able to add to the filament as growth of the carbon
filament occurs along with the formation of active centres in the carbon beneath the metal particle
through the formation of structural deficiencies. These active sites react with susceptible molecules
in the gas stream to provide the carbon to build the filament further. The filaments are found to be
flocculent and hollow, and of an amorphous nature (63,75,79).
Catalytic coke formation is the fastest coking process affecting the radiant coils during their life;
whilst it occurs mainly for a small period of time early in each cracking run, it creates significant
volumes of coke. It has been found that coking rates are greatly reduced, if not halted entirely when
the particle of metal at the tip of the filament is encased with carbon itself. This illustrates that the
metal particle at the tip of the filament has a catalytic effect to drive forward the filamentous coke
formation, and once this effect is inhibited the catalytic formation of coke is halted (79). Once this
phase of coking has terminated, a porous coke layer of interwoven filaments is left coating the inner

16

surface of the radiant coils. These coke filaments further add to the accumulation of carbon by
acting to catch pyrolytic carbon formed in the gas stream, and becoming a site for formation of
pyrolytic carbon (65)(see Pyrolytic coke formation).
With carbon building up in the grain boundaries of the surface layer of the pipes, as well as being a
precursor to catalytic carbon filaments, a continuous carbide network accumulates. These carbides
in the pipes act as a path for crack propagation to occur due to the brittle nature of the carbides.
Some pipes employ a deposited protective coating to inhibit the coke accumulation; however this
is usually removed after the first cleaning process, and therefore carbides and catalytic coke are
much more readily produced (80,81). As more carbon is absorbed and more carbides are formed,
the internal stresses are also rising, making crack initiation more likely (52).
2.3.2.2

Pyrolytic coke formation

Pyrolytic coke formation is the second major coke forming pathway occurring in ethylene cracker
radiant coils and is a process that occurs in the gas stream. This is sometimes known as radical coke
formation. The high temperature of operation in cracking creates the conditions needed for some
degradation of the hydrocarbons in the gas stream, as with radicals being generated from the
hydrocarbons many different reactions are possible (65,82). Operating temperature plays a large
part in the rate of coking via this method, as higher temperatures lead to greater radical numbers,
which in turn boosts the coking rate as more of the coke molecules are formed via radical pathways.
Wauters and Marin found an increased coking rate of 10 times for a 100°C temperature rise (83).
Glasier and Pacey found that pyrolytic carbon coking rate was a function of the concentration of
benzene in the system, and that three acetylene molecules can readily react to form benzene (84).
Abghari also stated that the highest rate of pyrolytic coke formation is coke generated from
acetylene precursors which fits the same theory (10). Glasier and Pacey also found that while
benzene molecules may decompose to coke themselves, they may also be a step in other routes of
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coke formation, with addition reactions of the benzene forming large polycyclic aromatic
hydrocarbons, which go on to dehydrogenate, forming coke which is then deposited. This suggests
that a proportion of the pyrolytic carbon formed in the ethylene cracking process is via benzene
which occurs in the gas stream as an intermediate reaction in the cracking reactions. Cai et al
suggested that the aromatic molecule precursor route is only prominent above 700°C, suggesting
this is a dominant pyrolytic carbon formation mechanism in ethylene cracking radiant coils which
operate at temperatures in excess of 850°C (65).
The generation of larger molecules through radical addition in the gas stream, as mentioned
previously, is also a potential coke forming pathway as the molecules can grow to form structures
which condense in the gas stream as their boiling point is greater than the cracking conditions. The
filamentous coke on the alloy surface formed by initial catalytic coking acts to trap pyrolytic or
radical coke formed in the gas stream, along with other coke precursors such as tar condensation.
These interwoven carbon structures and deposits subsequently dehydrogenate and cross link to
form dense coke deposits on the surface of the radiant coils (63,65,68,85,86).

2.3.3 Failure mechanisms
Damage to the pipes can be avoided through careful operation practices, and regular maintenance.
However, if emergency stoppages or rapid cooling occurs due to poor operating standards, the
pipes can easily fracture. This is due to the difference in thermal expansion coefficient between the
coke layer inside the pipe, and the pipe material itself, as there is an order of magnitude difference
between the coke and the pipe, with the pipe having a larger change. This means that as the pipes
cool, the coke restricts the metals contraction, and therefore increase the hoop stresses imparted
upon the pipe. If a large enough coke build-up occurs such that the contracting stresses cannot
cause the coke to be broken up; the generated hoop stresses can overcome the yield stress of the
material. This causes fractures in the metal, and therefore ends the life of the pipes (11). As the
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failure is in the direction of the hoop stresses, the cracks are characteristically large and longitudinal
(52).
The second major failure mechanism is creep exhaustion of the pipes – this is the ductile mechanism
of failure. As the pipes are cooled for the cleaning cycle, they compress upon the coke layer as
previously discussed. If failure does not occur, the pipes experience a strain in order to remain with
a greater diameter than would be present if the coke was not restricting contraction. This strain
imparts a great stress upon the pipes. Once the plant is back up to high temperatures during
decoking, these stresses relax through the action of creep. As this mechanism occurs repeatedly,
the pipes experience creep every cycle to some degree, and this will at some point reach its creep
limit. These failures are often characterised by bulges in the pipes, along with small cracks on the
surface (52,81).
While creep exhaustion and brittle failure are the most common failures in ethylene cracker furnace
tubes, other failure mechanisms can be present. Creep elongation is one such failure mechanism,
caused by the weight of the pipes combined with the high operating temperatures, leading to the
lengthening of the vertical pipes under the act of gravity. This can result in bowed and thinned coils,
leading to elevated stresses and creep in these sections of pipe. Tube burnout is another issue, with
overheating of the pipes due to the raised temperatures and the insulating effect of the carbon on
the inner surface of the pipe, resulting in melting of parts of the pipe, destroying it (52).
Furthermore, excessive temperatures have deleterious effects on the alloy microstructure, which
can lead to significant declines in the mechanical properties. Subsequently a degradation of the
creep and ductility properties can enable failure to occur more readily (87). Overheating can also
be a function of poor furnace design and operation, which is controllable through more careful
design and computational analysis of the conditions in the furnace (87).
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One further mechanism leading to premature pipe failure is that of erosion. This occurs mainly in
the bends of the pipes. It is thought that erosion occurs during the cleaning process; as larger coke
particles are mechanically removed travel through the remainder of the pipe and impact the walls
and bends in the pipes. This can be reduced by either ensuring the coke is gasified rather than
spalled, or by reducing the gas flow velocity (52).

Attempts to reduce coking
Research into reducing and completely eradicating the coke build up inside the radiant coils of
ethylene cracker furnaces has been mainly split across two main fields: alloy composition of the
pipe material, and coatings on the inner surface of the pipes to protect them during service.
Feedstock additions to chemically inhibit coking has also been researched.

2.4.1 Composition optimization
The alloys used in ethylene cracking necessarily use transition metal elements to cope with the
service requirements placed upon them¸ however these are the elements which are also the
catalysts for catalytic coking. To avoid exposure of these elements to the gas stream, the alloys are
oxidised to form a physical barrier between the carbon in the gas stream and the reactive elements
in the pipe. This drastically improves the resistance to catalytic coking of the transition elements
(74). Shubo et al. found that excessive oxidation of the pipe inner surface can lead to a loose, porous
oxide being formed after numerous cleaning cycles. This is negated by creation of a thinner, dense
oxide which does not degrade during the cleaning cycles (74,88).
The 35/45 alloys currently used rely on the formation of a chromium oxide (Cr2O3) scale to form on
the inner diameter of the tube, as uncoated alloys have regularly been shown to have significant
growth of filamentous coke formation on the surface (88–90). Typical 35/45 alloys are known to
produce this chromia layer after oxidation, with TiO2, or rutile, often found atop the chromium
oxide dependent on the alloying additions (91,92). The formation of the chromium oxide layer is
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dependent on sufficient chromium availability in the alloy, and the ability of the chromium to
diffuse to the alloy surface (93,94). This can be dependent on the chromium carbides, as Durham
et al. found that coarser carbides did not allow sufficient chromium diffusion to the alloy surface,
therefore resulting in a non-protective iron-rich oxide layer being formed (95).
This dependence on carbides for oxidation is due to the chromium depletion which occurs in the
near surface region of the matrix after initial oxidation (96–98). Without further supply of chromium
to the surface, oxidation rate of chromium is arrested, and alternative, undesired oxide products
are capable of forming.
The addition of silicon to the alloy, which is commonplace due to its ability to improve carburisation
resistance (15) also aids in altering the oxidation results of these alloys, by forming a dual oxide
layer structure, with a silicon oxide layer forming beneath the surface chromium oxide scale which
aids in the formation of the Cr2O3 oxide (94,95). Furthermore, the chromium oxide layer is
commonly found to be topped with a MnCr2O4 spinel phase when manganese is included in the
alloy. This has been found by many researchers to be more resistant to coking than chromium oxide
(23,30,89,99–102).
The major issue facing protection with a chromium oxide layer is that of spallation, exposing the
matrix and depleting the alloy of chromium and chromium carbides. Evans found that up to 40%
loss of a chromium oxide layer can occur until sufficient relaxation of internal stresses occurs (103).
Furthermore, as the oxide layer thickness increases, the temperature drop required to initiate
spallation reduces. An oxide layer 4µm thick would be expected to initiate spallation with a
temperature change of 300°C. As the changes in operating and cleaning temperatures are in this
range, this demonstrates the readiness of a chromium oxide layer to spall.
The third oxide layer which is considered for effective protection of the alloy is that of aluminium
oxide. However, there has been limited success in producing an alloy with adequate mechanical
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properties and ability to form a protective layer. This is due to the formation of a highly brittle nickel
aluminide phase which can render the alloy unsuitable for the service requirements, despite the
inherent protective qualities that the aluminium oxide layer can provide (104), or the inability to
produce an alloy with the necessary mechanical properties that can withstand the high
temperatures required (105). In alloys which have been produced, the oxide layer is found to be
either solely aluminium oxide, or a dual layer oxide made up of aluminium oxide topped by a spinel
phase of nickel aluminate (NiAl2O4) (77,106–110).
An alumina layer has been found to exhibit greater adhesion and less spallation compared to
chromia, therefore demonstrating the significant benefits of an alloy which is able to grow and
maintain an aluminium oxide layer (111). Furthermore, Chyrkin et al. found repassivation of the
oxide layer to occur with an aluminium oxide forming alloy via lateral diffusion of aluminium (111),
whilst the reduction of coking created by an alumina surface has been regularly reported
(23,112,113).
Currently there has not been an alloy which has been shown to provide a stable and adherent
aluminium oxide layer, with equal mechanical properties to those used in industry which utilize the
chromium oxide surface layer for protection. This research evaluates aluminium containing alloys
ability to form, and maintain, a protective alumina layer, and compare this to an alloy currently
used in industry, demonstrating the deficiencies of the current, chromia-forming alloy in
comparison to an alumina-forming one.

2.4.2 Surface coatings
Coating the inner pipe surface is an obvious solution to protecting against the catalytic coke
formation process. These coatings can either be a one off coating applied before service, or as an
online process, recoating the surface after each decoking cycle is completed (114). This
reapplication of the protective coating is generally more effective, especially across the life of the
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pipe component, however inevitably it comes at a greater price and complexity than those solely
pre-treated before service.
The main area of coating research has been in the area of SiO2/S coatings, and these coatings
combined with coking inhibitors in the gas flow. Zhou et al found a decrease in coking within the
radiant coils of 69% with the coking inhibitor chemicals in the gas flow, and a decrease of 96% when
the coking inhibitors were combined with an anti-coking coating of SiO2/S. This study found that
when the anti-coking coating and coke inhibitors were combined, the coke filaments
characteristically seen as a result of catalytic coking were only found in the tests without the
coating; that is that the SiO2/S coating appeared to inhibit the formation of the filamental coke.
Granular coke was instead found to be present on the inner surface of the radiant coils (22,76,115).
One potential disadvantage of the SiO2/S coatings is the potential for the preferential creation of
some olefins compared to others, with Zhou et al finding an increase in the C2H4 yield, and a drop
in yield of C4H8 (116). Dependent on the desired yield products, this may lead to a reduction in
profitability and therefore negate the positive effects seen as a result of the coatings.
Furthermore, coatings can lead to premature failure in the pipes, with Goswami and Kumar finding
that a coating containing cerium used on a nickel based pipe saw failure occur within two years of
service due to a preferential diffusion of the cerium to a defect, leading to catastrophic failure of
the component (38).
Other coatings have involved chemical vapor deposition techniques, which may be multistage and
considerably expensive, even if they do demonstrate improved coking resistance. The AlcroPlex
treatment descried by Zychlinski et al. demonstrated such results, driving chromium and then
aluminium into the pipes inner diameter (117). Whilst the results demonstrated improvements in
coking resistance, if this surface layer could be formed through oxidation of the as cast alloy the
costs would be lower and potential for repassivation would be significantly more beneficial.
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It would appear that the research in coating technologies, whilst still in its infancy, has shown
significant promise, and future development may well start to make coating of ethylene cracker
furnace tubes commonplace. Currently the SiO2 based coatings are those mainly being researched,
with more complex glass coatings also having had some development (21). The economic viability
and cost of these coatings along with their effectiveness can only be expected to improve in the
coming years, with further research and development. They may well be the future for the industry,
assuming they can be appropriately applied and can overcome the likely hurdles which will occur
as progress continues, however their use appears significantly distant at the current moment.

2.4.3 Feedstock additions
Addition of coking inhibitors to the feedstock is another major avenue which has been explored to
reduce coke formation. Towfighi et al. found additives to the feedstock were beneficial in three
ways; replacing the carbon in adsorption onto the pipe inner surface, therefore impeding the ability
of carbon-based particles to do so; interference with the chemical reactions occurring on the pipe
surface leading to coke accumulation; and promotion of gasification of coke which has formed on
the surface (32,63).
The addition of sulfur and phosphorous containing compounds have been the main source of
success when evaluating the effectiveness of coking inhibition (88,118), however a H2PtCl6 additive
has also been found to reduce surface coke formation, but in doing so it also appears to increase
the activation energy of cracking (67).
A main issue with addition of sulfur comes in its effect on the alloy. Fedorova et al. found that
addition of sulfur caused a decrease in adhesion of the surface oxide on the pipe alloy, therefore
despite a potentially beneficial impact on coke production, the balance between coking rate and
coking protection of the alloy may render the addition of sulfur deleterious to the anti-coking
nature of the system (119).
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Summary
The importance of ethylene cracking due to the global demand of plastics has been outlined. In
industrial practice, the problem of coking of the ethylene cracker furnace pipes is well known and
numerous studies have investigated the mechanisms of coking. Coking of the pipes causes
significant costs in reduced efficiency of the cracking process, requirement for regular cleaning
regimes to be undertaken, and can result in premature failure of the pipes.
The catalytic coking process occurs due to the contact of the hydrocarbon-rich gas stream with
catalytic elements in the pipes, notably nickel and iron. Whilst both of these elements are required
for the temperature and mechanical properties of the alloy, forming a continuous, dense oxide
layer across the inner surface can isolate them from the gas, and stop the process of catalytic coking
from occurring. Stopping or inhibiting the catalytic coking process would significantly improve the
cracking process run time, as the catalytic coke acts as a trap for pyrolytic coke. Without the
filamental coke formed on the surface of the alloy, the build up of coke would be significantly
impaired.
Currently, the alloys in use form a chromium oxide layer as a protective barrier, however spallation
and incomplete oxide coverage can allow the nickel- and iron-containing matrix to come into
contact with the gas stream, promoting the catalytic coking action. Alumina has been shown to
provide greater protection of the pipe from coking compared to chromia, however forming and
maintaining an alumina layer on alloys which are viable and have the necessary mechanical and
thermal properties required for use in industry has not been demonstrated.
This research will investigate three aluminium containing alloys and compare them to an alloy
currently used in industry. The ability to form and retain a protective oxide layer will be the focus
of the research, in doing so demonstrating the likely anti-coking abilities of these alloys and
therefore improvement on currently used alloys.
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Experimental Procedure
Material preparation
All the materials were created and provided by Doncasters Paralloy. The four alloys examined were
all centrifugally cast alloys, the process of which was described in 2.2.3.2.1. The composition and
description of the four alloys investigated are listed in Table 4.1.1-1 in section 4.1. The alloys were
heated to a tapping temperature of 1730°C in the induction furnace before being poured into the
die which was rotated at 100G. The alloys were supplied in the form of sections of cast tubes, either
in the as cast form, or after processing. This processing involved the machining of the innermost
region of the alloy through deep hole boring, removing the slag and potential shrinkage porosity,
as well as any potential slag entrapped from within the inner diameter region of the tube.
Samples were cut from the pipe sections using Struers Accutom-5 and Accutom-50 cutting
machines, using silicon carbide cutting discs spinning at 3000rpm, with a feed rate of 0.025mm/s.
Figure 2.4.3-1 illustrates the sample location, shape and cross sectioning method employed after
treatments. The cut samples were processed under the desired experimental regime (see Table
2.4.3-1), before being examined. In the case of oxidation treatment samples, the treated samples
were first cross-sectioned (shown in Figure 2.4.3-1), then gold plated using an Emscope SC500 gold
sputterer at 25mA for 3 minutes. This gold sputtered layer was followed by a nickel electroplating
process using Frost Matt Nickel Plating Solution and a Skytronic 650.679 adjustable DC power
supply, with current limited to 0.1A, plating for 6 minutes. The nickel-plated samples were then
mounted in conductive bakelite using an ATM Opal 460 or Opal 400 bakelite press. After mounting,
the samples were ground using grit paper incrementally decreasing in grit size from 120 grit to 1200
grit on a Struers LaboPol-5, followed by ultrasonic cleaning in acetone in an Ultrawave U2500H
ultrasonic bath. The samples were then polished on the Struers LaboPol-5 using Dac polish cloth
with 3µm diamond suspension, followed by 1µm diamond suspension with a Nap cloth to achieve
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a mirror finish, free of all visible scratches. The samples were subsequently polished using a napless Chem cloth with activated alumina and once again cleaned ultrasonically in an acetone bath.
Sample analysis was taken at different depths of the alloys, as illustrated in Figure 2.4.3-1.

Figure 2.4.3-1: Diagram of sample cutting location and cross-sectioning of samples post oxidation.

Figure 2.4.3-2: Schematic diagram of sample locations as investigated.

Heat treatments
Numerous oxidation heat treatments were completed, as shown in Table 2.4.3-1 The samples were
cut as described previously, and cleaned using acetone, before being placed into the furnace. The
air oxidation treatments were completed in Elite Thermal Systems BSF 12/10 full muffle kilns.
Where the samples were furnace heated and cooled, the samples were put in at room temperature
and heated at a rate of 5°C/minute until reaching target temperature. The samples were then held
at temperature for the specified time before being furnace cooled. Where the samples were only
furnace cooled, the furnace was heated to target temperature, and the samples put in once the
furnace was at temperature. This was undertaken rapidly to avoid temperature fluctuations,
however a dip in furnace temperature by up to 10°C was recorded during the sample insertion
process. This temperature drop was recovered within 60 seconds.
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The low partial pressure oxygen oxidation treatments were achieved using Carbolite CTF 12/65/550
tube furnaces with 5.1% hydrogen in argon gas at 35L/min flow rate. These treatments were either
with or without titanium foil upstream, acting as an oxygen scavenger to further lower the partial
pressure of oxygen. Titanium foil was used due to titanium’s ability to oxidize at significantly lower
partial pressures of oxygen than chromium as illustrated by the Ellingham diagram (Figure 4.2.4-1),
but not as low as aluminium. The aim therefore was to inhibit chromium oxidation whilst allowing
aluminium oxidation to occur. These low partial pressures of oxygen oxidation conditions were
undertaken to evaluate the potential for a pre-treatment on the alloys before being placed into
service conditions.
The gas was run through a first tube furnace to raise temperature and remove the oxygen with the
titanium foil. The gas oxygen content was measured using a hygrometer to monitor the H2O content
of the gas stream, in ppm volume, comparing this to the hydrogen content of the gas to calculate
the oxygen content. The samples were placed in an alumina boat, and moved into the tube furnace
once at temperature, and removed after the 24-hour treatment time, without exposing the system
to the external environment until returned to room temperature. This set up is illustrated in Figure
2.4.3-1.
For cyclic oxidation treatments, the samples were pre-oxidised at 875°C for 48 hours at PO2 = 10-27,
before cyclic oxidation between 1150°C and 25°C, at 1150°C for 45 minutes and 25°C for 15 minutes,
for 50 cycles.
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Figure 2.4.3-1: Schematic diagram of low partial pressure of oxygen oxidation furnace set up, using titanium foil as
optional oxygen scavenger and hygrometer to monitor oxygen content via H 2O presence.
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Table 2.4.3-1: Oxidation heat treatments
Treatment

Sample

Temperature

Time

Environment

Regime

Base

Low-Al

High-Al

Optim-Al

1100°C

30 minutes

Air

Furnace Heated and Cooled

x

x

x

x

1100°C

8 hours

Air

Furnace Heated and Cooled

x

x

x

x

1100°C

24 hours

Air

Furnace Heated and Cooled

x

x

x

x

800°C

24 hours

PO2=10-25

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-25

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-25

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-25

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-23

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-23

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-23

Furnace Cooled

x

x

x

x

800°C

24 hours

PO2=10-23

Furnace Cooled

x

x

x

x

1100°C

1 hour

Air

Furnace Cooled

x

x

1100°C

2 hours

Air

Furnace Cooled

x

x

1100°C

4 hours

Air

Furnace Cooled

x

x

1100°C

8 hours

Air

Furnace Cooled

x

x

1100°C

16 hours

Air

Furnace Cooled

x

x

1100°C

24 hours

Air

Furnace Cooled

x

x

1100°C

36 hours

Air

Furnace Cooled

x

x

1100°C

48 hours

Air

Furnace Cooled

x

x

950°C

1 hour

Air

Furnace Cooled

x

x

950°C

2 hours

Air

Furnace Cooled

x

x

950°C

4 hours

Air

Furnace Cooled

x

x

950°C

8 hours

Air

Furnace Cooled

x

x

950°C

16 hours

Air

Furnace Cooled

x

x

950°C

24 hours

Air

Furnace Cooled

x

x

950°C

36 hours

Air

Furnace Cooled

x

x

950°C

48 hours

Air

Furnace Cooled

x

x

800°C

1 hour

Air

Furnace Cooled

x

x

800°C

2 hours

Air

Furnace Cooled

x

x

800°C

4 hours

Air

Furnace Cooled

x

x

800°C

8 hours

Air

Furnace Cooled

x

x

800°C

16 hours

Air

Furnace Cooled

x

x

800°C

24 hours

Air

Furnace Cooled

x

x

800°C

36 hours

Air

Furnace Cooled

x

x

800°C

48 hours

Air

Furnace Cooled

x

x
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Metallurgical observations
Metallurgical observations were undertaken using a Tescan MIRA 3 XMU scanning electron
microscope (SEM), utilizing the secondary electron imaging and the backscattered electron imaging
processes. An accelerating voltage of 20keV was used. EDS (energy dispersive x-ray spectroscopy)
analysis was achieved using a X-MaxN EDS detector on the Tescan SEM, using AZtec software for
data capture manipulation, and presentation. Similarly, EBSD (electron back scatter diffraction)
analysis was undertaken using the detector with the Tescan SEM, and utilizing AZtec software for
data capture, and Channel5 Tango software for data manipulation and presentation.

Material Properties
Oxide layer thickness measurements and percentage oxide loss measurements were completed
using the image processing software ImageJ. Thickness measurements were completed using the
measurement feature, measuring the oxide thickness at a minimum of 100 measurements per
sample and taking average values and standard deviations of these values. Oxide loss
measurements were achieved using the particle analysis feature (120).
Differential scanning calorimetry (DSC) was undertaken with Netzsch STA 449 F3 thermal analyser.
The heating regime for the samples is illustrated in Figure 2.4.3-1. The samples were heated to
1450°C, above their melting points, held, and cooled to 800°C. The heating was then repeated, to
allow identification of any changes in properties. Thermogravimetric analysis (TGA) was also
completed using the Netzsch STA 449 F3 thermal analyser. The samples were cut from the
machined inner diameter region of the relevant alloys to have similar surface areas and a mass of
50mg. The samples were heated rapidly to 1100°C and held at temperature for 60 hours. This was
undertaken to assess mass changes and compare with observed oxide growth of the alloys.
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Figure 2.4.3-1: Heating profile of DSC measurements

Microhardness measurements were taken using a Mitutoya MVK-H1 hardness testing machine,
taking three measurements of each indent at each applied load to acquire an accurate reading.
Loads applied were 100g, 200g and 500g. Movement of the sample was controlled by integrated xaxis and y-axis micrometers to ensure accurate spacing of measurements. Hardness measurements
allowed evaluation of the alloys properties, and changes through the depth of the alloys to be
related to the observed microstructure changes.
X-ray diffraction (XRD) was undertaken to identify the crystallographic structure and phase
composition of the as cast and oxidised samples. This was achieved using a Bruker D8 Advance Xray diffractometer with CuKa (1.5405A) radiation. An X-ray beam was projected on the surface of
the sample at incident two theta angles from 30° to 70°. After scanning, the results obtained were
analysed and indexed using X’pert High Score Plus V.2 analytical software with database the
PDF2004.
For the scratch tests, the four different alloys were cut, ground and polished as described
previously. The different alloys were then oxidised under conditions to elicit the most consistent
oxide layer for each of the four alloys. A force was applied by a diamond tip at a defined increasing
rate; in this case a linear increase in force over time, from 0N to 60N as 1N per second for 60
seconds. Friction and acoustic emission of the test were measured, and the scratch tracks were
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examined after the test using electron microscopy. The European Standard EN 1071-3 describes the
scratch test procedure (121). Scratch tests allowed the adherence of surface oxides to the bulk alloy
of each sample to be observed.
Phase composition and solidification modelling was completed using JMatPro (Java-based materials
properties) modelling software. The software was used to model the predicted phases present at
equilibrium during solidification from a liquid state in the four alloys. NiFe based superalloys was
chosen as the material type, and the composition of the four alloys was input in weight percentage.
The desired phases and properties to be modelled were selected, followed by temperature range
(1500°C-800°C) and step rate, which was chosen as 5°C. Cooling rate was set to 1°C/s. The desired
properties were then selected, and calculated volume fraction values were exported.
Glow-discharge optical emission spectroscopy (GDOES) analysis was undertaken using a Spectruma
Analytik GMBH GDA 650HR analyser, using the software WinGDOES Professional to acquire the
data. This was used to analyse the composition of the alloy surface layer from the external surface
and moving in to the bulk material after oxidation treatments.
Thin foils for Transmission Electron Microscopy (TEM) were prepared using a FEI Quanta 3D FEG
FIB-SEM microscope via Focused Ion Beam (FIB) milling. A platinum layer was deposited onto the
site to protect the surface oxide layer during the FIB milling process, and then cut with the gallium
ion beam with accelerating voltage of 30kV. This formed a thin film from the top of the oxide surface
and down into the alloy matrix (Figure 2.4.3-2). The extracted section was thinned to <100nm using
successively smaller ion beam milling currents once attached to a copper grid. The produced
samples were examined under TEM, using a Jeol 2100 LaB6 TEM at a beam accelerating voltage of
200kV, and a FEI Tecnai F20 with STEM and Oxford Isis EDS instrument at 200kV. This was
undertaken to assess crystallographic details and layer structures of the sample. Bright-Field (BF)

33

TEM images, Dark-Field (DF) TEM images and Selected Area Diffraction (SAD) patterns were taken
from the sample areas. TEM analysis was undertaken for confirmation of XRD and EDS analysis.

Figure 2.4.3-2: FIB/SEM images showing TEM sample preparation for a 1100⁰C, 8 hour oxidised Base alloy sample, showing
selected area, platinum coating, and FIB milling to form sample.

For the surface roughness oxidation tests, the machined tube sections were prepared to give three
different surface roughness conditions. One sample was left as machined, one was ground with just
120grit silicon carbide paper, and a third was ground from 120grit incrementally down to 1200grit
silicon carbide paper. Surface roughness measurements were taken using a Surfcorder SE1700
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surface roughness measuring instrument. Each sample was measured 3 times in both the x- and yaxis to get an average Ra measurement.
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Results
Comparison of the microstructure of the alloys
The microstructural properties of the alloys being examined were analysed to investigate the
differences in microstructure, caused by the differences in composition. The microstructure of the
alloys in the as-cast state affects the mechanical properties and the oxidation behaviour of the
alloys, and hence the potential protective surface.
All the samples were taken from cut sections of the as-cast pipes. Analysis was undertaken looking
through the full diameter of the pipe, between the outer diameter surface of the tube, through to
the inner diameter. This was done incrementally at 2mm intervals, allowing the changing nature of
the microstructure to be observed. The nature of the centrifugal casting process used to form the
pipes means differences between the microstructure of the pipe throughout its thickness are to be
expected. Figure 2.4.3-2 demonstrates the regions of the samples that were analysed.

4.1.1 Chemical composition of the alloys
Four different alloys were investigated with slight differences in their composition. One alloy – Base
– was an austenitic 35/45 Cr-Ni alloy which is currently used in industry (Paralloy trade name H46M)
did not contain aluminium and therefore acted as the control alloy for comparison to the
experimental addition of aluminium in the other three.
4.1.1.1

Chemical Analysis of the alloys

The four alloys investigated were analysed by spectrometer to assess their bulk composition. Their
compositions are shown in Table 4.1.1-1.
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Table 4.1.1-1: Composition of all four alloys investigated, as measured by mass spectrometry

Wt %

C

Al

Si

Cr

Mn

Fe

Ni

Nb

Ti

Y

Base

0.39

0.00

1.36

33.05

0.92

19.47

43.70

0.85

0.03

0.00

Low-Al

0.49

3.79

0.62

29.25

0.47

20.50

43.90

0.76

0.16

0.02

High-Al

0.48

5.56

0.61

30.35

0.67

17.94

43.15

0.81

0.36

0.07

Optim-Al

0.26

4.49

0.62

29.50

0.76

21.01

42.40

0.82

0.15

0.01
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Figure 4.1.1-1 Composition differences between the four different alloys

The main differences between the Base alloy and the aluminium containing alloys came from the
differing contents of oxide formers; the Base alloy contained a greater volume of silicon, chromium
and manganese, which were replaced by the aluminium additions in the Low-, High- and Optim-Al
alloys. The aluminium content in the three aluminium containing alloys naturally varied between
the Low-Al alloy containing 3.78% Al, the High-Al alloy containing 5.55% aluminium, and the OptimAl alloy containing 4.49% aluminium. This difference in aluminium content created the variation of
the nickel and iron content between the three Al-containing alloys as balancing elements.
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Figure 4.1.1-2: Graph showing carbon content of all four alloys.

Figure 4.1.1-2 shows the significant reduction in carbon content in the Optim-Al alloy compared to
the other Al containing alloys and the Base alloy. This reduction in carbon was the major
compositional difference between the Low-Al alloy and the Optim-Al alloy.
Glow discharge optical emission spectroscopy (GDOES) allows the composition of a conductive
material to be measured by plasma sputtering of the top layer of the material and recording the
resultant photons. When using GDOES to analyse the variation in alloy composition between the
near outer and near inner diameter regions, as shown in Figure 4.1.1-3 and Figure 4.1.1-4, the LowAl alloy was inconsistent with the other three alloys with regards to the nickel and chromium
content changes. It showed a rise in chromium nearer the inner diameter compared to a fall seen
with the other alloys. Correspondingly, the nickel content showed the inverse trend.
The largest variation in aluminium presence was observed in the Optim-Al alloy, with a significant
increase of aluminium closer to the inner diameter. This is potentially beneficial, as more aluminium
present at the inner surface of the pipe means the availability of aluminium to be oxidised to create
an aluminium oxide layer is increased.
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Figure 4.1.1-3: GDOES bulk composition analysis of all four alloys near both the inner and outer diameter of each alloy.
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Figure 4.1.1-4: GDOES bulk composition analysis of low volume elements of all four examined alloys at ID and OD.

4.1.1.2

Compositional evolution of the matrix phase through the cross section of the alloys

These alloys are known to be made up of two distinct phases; the matrix, the austenitic phase of
steel, resultant from the high nickel content, which makes up the bulk of the alloy; and the carbides,
usually chromium or niobium based, which are found dispersed throughout the alloy. These two
distinct phases are indicated in Figure 4.1.1-5. When analysing the composition of solely the matrix
phase of all four alloys some further differences become evident. These measurements were taken
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as the average composition of the matrix of the alloys generated by EDS point analysis, therefore
excluding carbides and any other secondary phases generated during solidification of the alloy.

Figure 4.1.1-5: Indication of appearance of matrix and carbide phases within the alloys in backscattered electron imaging
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Figure 4.1.1-6 Variation in average matrix content of constituent elements in all four alloys
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The content of chromium and silicon was higher in the Base alloy. This was due to the absence of
aluminium when compared with the alloys containing aluminium. Within these aluminium
containing alloys, a greater iron content was observed in the High-Al alloy compared to the other
alloys’ compositions. Similarly, there was an apparent relative increase in chromium retention in
the matrix with the Optim-Al alloy compared to the other aluminium containing alloys. These
differences will be discussed in detail later. The apparent high carbon concentrations in the matrix
was due to the differing experimental techniques used to acquire the compositional data. The
matrix composition data was gathered using EDS analysis, a technique which has limitations in low
atomic number elements, with sources suggesting elements lighter than beryllium are
indistinguishable through this technique (122). Carbon readings are known to be inflated above
true values when using this technique due to the inaccuracies whilst sample and equipment
contamination also leads to the increased presence of carbon.
When analysing the chemical composition of the four alloys, some variance between the
compositions was seen – most notably reduced carbon content in the Optim-Al alloy, and varying
levels of oxide formers in all of the alloys.

4.1.2 Modelling of solidification and phase formation of the alloys
Modelling software JMatPro (Java-based Materials Properties) was used to predict the phase
formation and solidification properties of the four alloys. This powerful modelling software is used
for the accurate prediction of multicomponent alloy properties, with numerous metallic alloy
systems able to be evaluated. JMatPro can calculate phase equilibria, solidification calculations,
mechanical properties, phase transformations, physical properties and other properties. The
models are widely used in both industry and research and the software is widely accepted
throughout industry, as it uses physical principles rather than databases for the basis of the models,
and extensive validation of the models have been completed to ensure accuracy (123,124).
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The software was used to model the predicted phases present at equilibrium during solidification
from a liquid state of multiphase alloys. The compositions used for the models were those displayed
previously in Table 4.1.1-1.
Table 4.1.2-1 displays the calculated liquidus and solidus temperatures, as shown in Figure 4.1.2-1Figure 4.1.2-4 . The Base alloy displayed the highest liquidus and solidus temperature, whilst all
three aluminium containing alloys demonstrated a wider solidification temperature range. This is
potentially due to the decrease in silicon content from the Base alloy to the Al containing alloys, as
Han et al. (125) showed that solidus and liquidus temperatures increased with silicon content in FeCr-Al stainless steels. However Cieslak et al. (126) suggested addition of silicon and carbon to a
nickel based alloy caused a reduction in solidus and liquidus temperature. The large difference in
carbon content between the Optim-Al alloy and the Low-Al and High-Al alloys is likely the cause of
the widened solidification range.
Figure 4.1.2-1 displays the predicted solidification of the Base alloy under equilibrium,
demonstrating Cr23C6 and NbC carbides precipitating expected to be observed in the SEM imaging.
Table 4.1.2-1: Calculated solidus and liquidus temperatures for all four alloys as calculated by JMatPro

Alloy

Base

Low-Al

High-Al

Optim-Al

Liquidus (°C)

1348

1345

1321

1339

Solidus (°C)

1250

1240

1195

1200

98

105

126

139

Difference (°C)

Table 4.1.2-2: Solid fraction (by weight) of phases at 800°C predicted by JMatPro model

Phase
M7C3
M23C6
M7C3+M23C6
MC (NbC)
Ni3Al

Base
0.0566
0.0566
0.00667

Low-Al
0.0333
0.0245
0.0578
0.0054
0.0399

High-Al
0.0242
0.0448
0.0690
0.00147
0.17

Optim-Al
0.0397
0.0397

0.00353
0.091
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The predicted volume fractions of all phases are shown in Table 4.1.2-2. Addition of aluminium
resulted in the formation of the nickel aluminide phase, as predicted by the model in all three Al
containing alloys. The onset of precipitation of the Ni3Al phase in the solidification range seen in
the High-Al alloy in Figure 4.1.2-3 is in contrast to the much lower temperature onset of this phase
seen in the Low-Al and Optim-Al alloys, as shown in Figure 4.1.2-2 and Figure 4.1.2-4. This suggests
the Ni3Al phase will precipitate early during solidification in the High-Al alloy when compared to the
other aluminium containing alloys, and therefore also results in a much greater volume fraction,
compared to the other two aluminium containing alloys.
The higher carbon content and aluminium presence in the Low-Al and High-Al brings in the potential
formation of Cr7C3 carbides as well as the Cr23C6 carbides seen in the Base alloy, whilst the reduced
carbon content in Optim-Al supresses this, allowing only the primary chromium carbide to
precipitate. Furthermore, the onset of carbide precipitation at temperatures above the liquidus
temperature of particularly the High-Al alloy is in line with the widespread carbide precipitation
between the dendrites of solidifying matrix.
The correlations and trends of the modelled alloys when compared to the observed microstructure
is further explored in 5.1.

43

Figure 4.1.2-1: JMatPro model of Base alloy solidification phases solid fractions predicting the two carbide phases.
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Figure 4.1.2-2: JMatPro model of Low-Al alloy solidification phases solid fraction predicting formation of three carbide
phases, and a nickel and aluminium rich phase.
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Figure 4.1.2-3: JMatPro model of High-Al alloy solidification phases solid fractions predicting similar phases to the LowAl alloy, however with much greater presence of the nickel and aluminium rich phase.
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Figure 4.1.2-4: JMatPro model of Optim-Al alloy solidification phases solid fractions predicting the same carbide phases
as Base, with the addition of the nickel and aluminium phase.

4.1.3 Changes of microstructure through the cross-section of the alloys
Imaging of the different alloys was undertaken at regions between the inner and outer diameters
of the pipes to allow for the changing microstructure to be observed. A differing microstructure
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throughout the samples was to be expected due to the nature of the centrifugal casting process by
which all samples were produced. The microstructure of all four alloys showed three distinct
regions, as illustrated in Figure 4.1.3-1. These regions varied in depth and size amongst the alloys
but allowed each alloys’ microstructure to be analysed in the three separate regions.

Figure 4.1.3-1: Three regions of microstructure seen in the alloys

4.1.3.1

Base alloy

The images in Figure 4.1.3-2 display the three distinct regions of the alloy microstructure; the near
outer diameter region as seen in the outer diameter, 4mm and 6mm images (a, b and c), which
display clear dendrites and interdendritic growth of a precipitated secondary phase; the crossover
region at 8mm to 10mm depth (d and e) where both dendritic growth and equiaxed grains appear
evident; and the near inner diameter region, characterized by the presence of almost entirely
equiaxed grains, as seen at 12mm and the inner diameter (f and g). Steadily increasing grain size
was observed moving from the outer diameter through the sample towards the inner diameter, as
a result of the greater solidification times closer to the inner diameter due to the nature of the
centrifugal casting process. The grain size shows progressive coarsening through the alloy; finer
nearer the outer diameter and at its most coarse near the inner diameter. This was a function of
the cooling rates being fastest at the pipe outer diameter as the cooling effect of the mould caused
more rapid nucleation at the pipe outer surface. Furthermore, the centrifugal casting process
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causes the inner diameter of the pipe to be the final region to solidify, as the lower density of the
liquid material is forced towards the inside of the casting.
The increased solidification time also leads to changes in the nature of the carbide precipitation.
The more rapid solidification experienced at the outer diameter region leads to finer carbide
production, whereas slower cooling rates towards the inner diameter results in larger carbides
which sit around the larger grains, therefore their distribution is less evenly spaced through the
alloy compared to the outer diameter region. Comparing Figure 4.1.3-2 a and f demonstrates these
observations.
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Figure 4.1.3-2: SEM backscattered images of Base alloy in the as cast state: Outer diameter (a); 4mm depth (b); 6mm
depth (c); 8mm depth (d); 10mm depth (e); 12mm depth (f); Inner diameter (g). Images show the changing nature of the
carbides and grains through the alloys depth.
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4.1.3.1.1

Near Outer Diameter Region

The near outer diameter region is characterized by the dendritic growth of the matrix into columnar
grains, growing away from the outer surface. This is a result of the temperature gradient introduced
by the cold mould surface on the molten alloys. Subsequent growth of a secondary phase between
the dendrites in these grains was observed. These secondary phases were identified as chromium
carbides and niobium carbides by EDS elemental mapping, as shown in Figure 4.1.3-4. The
backscattered image appearance of the chromium carbide is a darker feature than the matrix,
demonstrating a lower mass phase, whilst the niobium carbide appears much brighter, due to it
being a much heavier phase. This contrast in the backscattered images allowed for easy
identification of the phases.
The formation of these carbides occurred due to carbide formers being ejected from the solidifying
grain matrix and concentrating between the dendrites, creating a local concentration high enough
to form the secondary phases.
The dendrites also showed some effect of the Coriolis force from the centrifugal casting technique,
causing the grains to grow at an angle to the outer surface, rather than directly down the
temperature gradient towards the inner surface of the pipe.
The EDS elemental map (Figure 4.1.3-4) shows the chromium carbides and the niobium carbides
which were formed throughout the alloy. The chromium carbides appear to form with the primary
dendrites shown by their acicular appearance as the darkest phase in the backscattered images.
This showed them to run along the sides of a large vein of matrix – the primary dendrite. The
niobium carbides however appeared to be present at secondary dendrites of the matrix, appearing
between the primary dendrites and running at 90 degrees to them. This growth was expected, as
carbide formation occurs primarily where there was significantly greater chromium in the alloy
relative to niobium.
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Figure 4.1.3-3 SEM backscattered image of 4mm region of Base alloy, representing the near outer diameter region of the
alloy, showing dendrites and carbide growth.

In some cases, the formation of niobium carbides in contact with chromium carbides was also
observed (Figure 4.1.3-5). This was caused by the niobium carbides acting as nucleation sites for
the chromium carbide. This is due to the niobium carbides solidifying in the molten alloy, and these
particles being trapped in the interdendritic regions of the solidifying matrix. The chromium was
ejected into these regions as the matrix solidified, and the chromium carbides form. The niobium
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carbides formed before the solidification of the matrix are identifiable by their triangular
morphology, as seen in Figure 4.1.3-5. Slower cooling rates allow these carbides to move with the
solidification front, whereas more rapid cooling, as seen near the outer diameter of the pipe,
freezes the carbides within the solidifying alloy. These particles act as nucleation points for the
matrix grains, aiding the formation of finer matrix grains in the outer diameter region.
Silicon ejection to the grain boundaries was also evident, with raised silicon concentrations
apparent in Figure 4.1.3-4.
The apparent presence of manganese in the carbides is misleading, due to the overlapping energy
intensities of chromium and manganese. These carbides are confirmed to be chromium carbides,
demonstrated in Figure 4.1.3-5, and do not contain significant quantities of manganese as the
elemental mappings would suggest. This occurs throughout the elemental mappings of the alloys;
therefore true manganese presence is identified accordingly.
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Figure 4.1.3-4 Elemental mapping of the near outer diameter region of the Base alloy, highlighting chromium and niobium
carbide phases.
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Figure 4.1.3-5 Elemental mapping and EDS quantitative analysis of Base alloy in the near outer diameter region, identifying
chromium carbides and niobium carbides.

4.1.3.1.2

Crossover Region

In the cross over region there was evidence of both columnar grain growth and equiaxed grains,
and similar carbide formation patterns were also evident along the dendritic structure. Equiaxed
grains being produced and surrounded by intergranular carbide formation were also observed, as
shown in Figure 4.1.3-6.
The silicon concentration seen in the elemental mapping (Figure 4.1.3-7) displayed higher
concentrations of silicon in the matrix regions at the very edge of the grains, giving further evidence
for the ejection of the non-matrix formers into the intergranular region during solidification of the
matrix. The higher affinity of chromium and niobium for carbon leads to the carbide formations,
whilst silicon remained in solution.
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The morphology of the niobium carbides was more varied deeper into the alloy, with particulate,
triangular carbides present, however they were also joined by carbides which appeared as long,
thin veins. These were formed during slower solidification of the alloy, whereas the triangular
carbides formed before solidification of the bulk alloy. These carbides were formed by ejection of
niobium from the solidifying matrix grain into the intergranular region when solidification rates are
slow enough.

Figure 4.1.3-6 SEM backscattered image of Base displaying both dendritic and equiaxed grain structure and accompanying
carbide formation.
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Figure 4.1.3-7 Elemental mapping of Base alloy in the crossover region, showing carbides, and silicon ejected to grain
boundaries.
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4.1.3.1.3

Near Inner Diameter Region

The near inner diameter region displayed equiaxed grains dominating the structure of the alloy,
with carbides forming in the intergranular spaces. A new, square shaped particle was present in the
near inner surface region of the alloy, as shown in Figure 4.1.3-8 b.
Intergranular carbides of both chromium and niobium were found in the near inner diameter region
of the Base alloy. More of the vein-like niobium carbides were present at the inner diameter region
due to the increased solidification times.
At the very inner surface, the square phase indicated in Figure 4.1.3-8 was shown to be a titanium
carbonitride using elemental analysis (Figure 4.1.3-10) and observations of some oxide formation
on the surface were made. The titanium carbonitride phase is very light, therefore these particles
are pushed towards the inner diameter of the pipe by the centrifugal casting process. Rapid cooling
rates can cause their entrapment within the matrix, while slower cooling allowed them to travel
inwards at the solidification front. Like the triangular niobium carbides, these particles can act as
nucleation sites for matrix grains if they are trapped in the solidifying matrix. The surface oxides
were chromium and manganese oxides, with some thin sub-surface silicon oxides also being
evident. These defects and unwanted phases are removed through machining after casting,
therefore are insignificant with regards to impact in service.
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Figure 4.1.3-8 SEM backscattered image of the near inner diameter region of the Base alloy showing shrinkage porosity
and square phase found at the very inner diameter surface.
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Figure 4.1.3-9: SEM backscattered images of the Base alloy; near outer diameter region (a & b); crossover region (c & d);
and near inner diameter region (e & f). Shows change in carbide spacing and size at different regions of the alloy.
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Figure 4.1.3-10 Elemental mapping of the near inner diameter region of the Base alloy, identifying titanium concentration
at the inner surface, along with oxidized inner surface slag layer.
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Figure 4.1.3-11: EBSD phase map of Base alloy at: (a) Outer diameter region; (b) cross-over region and; (c) inner
diameter region showing grain structure and carbide location.
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4.1.3.2

Low-Al alloy

As with the Base alloy, the Low-Al alloy was split into representative regions. Grain size and
variations across this alloy were consistent with those of the Base alloy, with coarsening of grains
.evident throughout the alloy due to the increasing solidification time, and there was little variation
of grain size within the regions, as shown in Figure 4.1.3-12.

Figure 4.1.3-12: SEM backscattered images of Low-Al alloy in the as cast state: Outer diameter (a); 4mm depth (b); 8mm
depth (c); 10mm depth (d); 12mm depth (e). Grain coarsening evident moving from the outer diameter inwards.
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4.1.3.2.1

Near Outer Diameter Region

In the near outer diameter region, the microstructure displayed a similar pattern of dendritic matrix
growth and interdendritic carbide formation, as seen in Figure 4.1.3-13, however these carbides
were more acicular in appearance than those seen in the Base alloy.

Figure 4.1.3-13 SEM backscattered image of the near outer diameter region of the Low-Al alloy showing interdendritic
growth of carbides.

Chromium carbides and niobium carbides were present throughout the alloy. The volume of
chromium carbides appeared to be reduced when compared to similar regions in the Base alloy.
This could be expected due to the reduction in chromium content and increase in aluminium.
However, as the elemental mappings in Figure 4.1.3-14 showed, there was no clear aluminium rich
phase present in this region of the alloy, with the aluminium staying in solution in the matrix of the
alloy. The chromium carbides were found to be acicular in nature, with the only discernible
difference to be found their relative size – the chromium carbides in the Low-Al alloy appear to be
larger in places than those seen in the Base alloy. This can be explained by the lowered chromium
content leading to a larger region of dendrite that needs to eject chromium before formation of the
carbide can occur, so this was formed over a larger area of the alloy.
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Figure 4.1.3-14 Elemental mapping of the near outer diameter region of the Low-Al alloy demonstrating aluminium
presence in the matrix.
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4.1.3.2.2

Crossover Region

The crossover region occurred in the 8mm to 10mm region of the Low-Al alloy, which had a
combination of columnar and equiaxed grains. However, there was also a new secondary phase not
present in the Base alloy, as indicated in Figure 4.1.3-15. This new secondary phase was again found
in the intergranular areas as with the carbides, but it had a much lower volume fraction in
comparison.

Figure 4.1.3-15 SEM Backscattered images of the crossover region of the Low-Al showing newly identified nickel and
aluminium rich phase as predicted by the JMatPro model.

The new phase (indicated in Figure 4.1.3-15) present in the crossover region of the Low-Al alloy was
not found to be present in the Base alloy or in the near inner diameter surface of this alloy. The
elemental mappings in Figure 4.1.3-16 and Figure 4.1.3-17 showed this new phase appeared to be
aluminium and nickel rich, as predicted by the JMatPro model (Figure 4.1.2-2). The appearance of
this phase only at this deeper region can be explained by the casting process causing solidification
from the outer diameter inwards, and more rapid solidification occurring at the outer diameter,
with solidification times increasing through the pipes cross section. The slower solidification rate
closer to the inner diameter allowed the formation of this phase.
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Figure 4.1.3-16: Elemental mapping of Low-Al alloy in the crossover region, showing the new nickel and aluminium rich
phase.
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Figure 4.1.3-17 Higher magnification elemental mapping of the Low-Al alloy in the crossover region with the new phase.
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4.1.3.2.3

Near Inner Diameter Region

At the near inner diameter region, the microstructure was similar to the Base alloy; with equiaxed
grain structure and intergranular carbides. These maintained their more acicular nature compared
with those in the Base alloy. The additional phase identified as a nickel and aluminium phase in the
crossover region was also present, whilst the square titanium carbonitride phase identified in the
near inner diameter region of the Base alloy was also found in the Low-Al alloy (Figure 4.1.3-18).

Figure 4.1.3-18 SEM backscattered images of near inner diameter region of Low-Al alloy highlighting features of the alloy
microstructure.

Figure 4.1.3-20 shows the intergranular formation of the two carbides – chromium carbide and
niobium carbide – and some formation of the nickel and aluminium phase in this near inner
diameter region, as also seen in the crossover region. Titanium carbonitrides are again present in
the near inner surface region of the alloy, indicated by the titanium elemental mapping in Figure
4.1.3-20.
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Figure 4.1.3-19: SEM backscattered images of the Low-Al alloy; near outer diameter region (a & b); crossover region (c &
d); and near inner diameter region (e & f) showing the changing nature of the microstructure through the alloy.
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Figure 4.1.3-20 Elemental mapping of the near inner diameter region of the Low-Al alloy, showing titanium presence in
the alloy
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Figure 4.1.3-21: EBSD phase map of Low-Al alloy at: (a) Cross-over region and; (b) inner diameter region

4.1.3.3

High-Al alloy

The High-Al alloy displayed a dissimilar microstructure (Figure 4.1.3-22) to the two former alloys
that were investigated; a dendritic structure in the near outer diameter region is evident, however
fine carbide formation and widespread formation of the secondary phase is seen, which was only
present sporadically through the crossover and near inner diameter region of the Low-Al alloy
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(Figure 4.1.3-12 b-e). The carbides near the inner diameter showed large variability, with some
faceted carbides seen in Figure 4.1.3-22 e and f measuring up to 50µm in diameter.
Grain size appeared more consistent throughout the alloy’s depth; however, it displayed
significantly large variability within regions - there were orders of magnitude of differences
between the sizes of grains throughout the alloy, displaying an inconsistent nature in the grain
growth. This could be due to the rapid formation of some of the abundant secondary phases before
the solidification of the matrix, rather than after as was seen in the previous two alloys.
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Figure 4.1.3-22 SEM backscattered images of High-Al alloy in the as cast state: Outer diameter (a); 4mm depth (b); 6mm
depth (c); 8mm depth (d); 10mm depth (e); 12mm depth (f); Inner diameter (g) displaying significantly different
microstructure compared to the Base and Low-Al alloys, with widespread carbide precipitation.
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Figure 4.1.3-23:SEM backscattered image of High-Al alloy; near outer diameter region (a & b); crossover region (c & d);
and near inner diameter region (e & f) showing facetted and Chinese scrip morphology carbides

4.1.3.3.1

Near Outer Diameter Region

The near outer diameter region (Figure 4.1.3-22 a-c) displayed a much higher volume fraction of
the newly identified nickel and aluminium phase, whereas this was not present in the
corresponding region of the Low-Al alloy. This falls in line with the JMatPro prediction of a four-fold
increase in volume of the nickel and aluminium rich phase as displayed in Table 4.1.2-2. The other
major difference between these two aluminium-containing alloys was the nature of the carbides.
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Whilst they were found to be acicular in nature in the Low-Al alloy, in the High-Al alloy they are
characterized as ‘Chinese script’ morphology, as indicated in Figure 4.1.3-23 a & b. This formation
was a result of slower cooling rates of the alloy, which resulted in the interconnection of the
carbides in the interdendritic space of the solidifying matrix (42).
The significant difference that was seen between the Low-Al and High-Al alloys was the alloy wide
presence of the nickel and aluminium phase in the High-Al alloy, confirmed in Figure 4.1.3-24. This
was sparse in the Low-Al alloy and only found closer to the inner diameter. This was due to the
greater aluminium content in this alloy allowing for the formation of this phase even at the pipe’s
outer diameter surface. The microstructure was dissimilar, displaying the formation of the ‘Chinese
script’ chromium carbides in this alloy, and they appeared to be less evenly spaced through the
alloy, with the growth of the nickel and aluminium phase clearly developing preferentially in some
regions.
The niobium carbides were again present, however they occurred much more readily on the
surfaces of the nickel and aluminium phase, rather than in contact with the chromium carbide as
was seen in the Low-Al and Base alloys.
This demonstrated the change in solidification sequence of the alloy, with the niobium carbide
formed after the chromium carbide, with the chromium carbides found in significantly higher
volumes, demonstrating the greater affinity for carbon of the chromium in this alloy. The niobium
carbides only form after the chromium carbides, with more veined carbides indicating the
formation due to ejection of niobium from the matrix and then subsequent carbide formation. This
is confirmed by the reduced niobium carbide content in this alloy. These differences are evident in
Figure 4.1.3-25.
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Figure 4.1.3-24 Elemental mapping of High-Al alloy in the near outer diameter region, with widespread aluminium and
nickel rich phase and chromium carbide presence.
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Figure 4.1.3-25: Backscattered images of Base, Low-Al and High-Al alloy matrix demonstrating change in volume of
carbides between the three alloys.

4.1.3.3.2

Crossover Region

The crossover region from 6mm to 10mm (Figure 4.1.3-23 c & d) also showed a mixture of dendritic
and equiaxed grain structure, and displayed the formation of much larger, faceted carbides in the
alloy accompanying the ‘Chinese script’ carbides. The grains appeared significantly more varied in
size than those seen in the previous two alloys, with some much larger grains present and regions
of much finer grain structure overall, displaying a less consistent matrix than the previous two
alloys. The faceted carbides demonstrated characteristic hexagonal morphology of the Cr7C3
carbide (127).
The prevalence of the aluminium and nickel phase appeared to be even greater in the area closer
to the inner diameter of the pipe (Figure 4.1.3-26), again due to the lower atomic mass of the
aluminium resulting in migration of the element closer to the inner diameter during the centrifugal
casting process.
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Figure 4.1.3-26 Elemental mapping of High-Al alloy in the crossover region, showing the facetted and scrip like carbides.
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4.1.3.3.3

Near Inner Diameter Region

At the near inner diameter region (Figure 4.1.3-23 e & f), the microstructure was consistent with
the other alloys investigated, with a fully equiaxed grain structure and the presence of the square
phase, whilst overall the High-Al alloy maintained the inconsistent matrix nature, with differing
carbide morphology. The carbides display two vastly differing morphologies; the Chinese script
morphology as previously identified in the outer diameter region and the crossover region, and the
large faceted carbides which are more frequently found in the cross over region and the near inner
diameter region.
The near inner diameter region showed the equiaxed grain structure and the presence of square
titanium carbonitrides. These titanium carbonitrides were formed during the casting process
through the reaction between the constituent titanium and the nitrogen in the air atmosphere in
which the casting took place. Due to the significantly high melting point of titanium carbonitride
this phase solidified rapidly and formed as slag within the casting alloy. This phase is significantly
lighter than the majority of the other elements in the alloy, and thus the centrifugal force acting
towards the outer diameter acted on the heavier elements to a much greater degree, leading to
the accumulation of the titanium carbonitride phase almost exclusively on the very inner surface of
the pipe during casting. Another new phase found in this alloy was one of fine particles of yttrium
oxide, as seen in Figure 4.1.3-27. This was caused by a reaction of the yttrium with oxygen in the
air during casting. Despite the high density of yttrium, this phase finished close to the inner surface
of the alloy after the completion of the casting process due to being pushed to the inner diameter
on the melt front, rather than solidifying in the matrix. The presence of this phase was due to the
significantly higher yttrium content added to this alloy compared to the other three alloys, as shown
in Table 4.1.1-1.
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Figure 4.1.3-27 Elemental mapping of High-Al alloy in the near inner diameter region with a large faceted carbide, as well
as titanium and yttrium presence.
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Figure 4.1.3-28: EBSD phase map of High-Al alloy at: (a) Outer diameter region; (b) cross-over region and; (c) inner
diameter region
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4.1.3.4

Optim-Al alloy

The Optim-Al alloy, similar to the other alloys, displayed the same dendritic grain growth
characterized in the near outer diameter region by all four alloys, shown in Figure 4.1.3-33 a & b.
The chromium and niobium carbides also appeared present, as with the other three alloys
investigated, however they appeared to be significantly reduced in volume and decreased in size in
comparison to the others. This matched the reduction of carbon in this alloy compared to the others
investigated, resulting in a reduction in the carbide formation. This apparent raised matrix
chromium content mentioned previously is in line with this finding, with more chromium staying in
solution in the matrix with reduced availability of carbon present to form carbides. The carbide
morphology was more similar in nature to that seen in the Base alloy when compared to the more
acicular nature of the Low-Al alloy and the ‘Chinese script’ morphology seen in the High-Al alloy,
which was caused by low cooling rates.
Thinner pipe thickness of the Optim-Al alloy compared to the other alloys resulted in faster cooling
rates, which in turn has a large effect on the microstructure, as observed in the microstructure of
the High-Al alloy.
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Figure 4.1.3-29 SEM backscattered images of Optim-Al alloy in the as cast state: Outer diameter (a); 4mm depth (b); 6mm
depth (c); 8mm depth (d); Inner diameter (e) demonstrating the carbide morphology and position.

4.1.3.4.1

Near Outer Diameter Region

The reduction in carbon in this alloy (Table 4.1.1-1) is noticeable with the decrease in volume of
carbides found in the alloy (Figure 4.1.3-29). The vastly reduced number of carbides compared to
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the other three alloys was clearly evident in Figure 4.1.3-30, with chromium carbide size appearing
marginally reduced compared to the Base and Low-Al alloys which displayed similar morphology
carbides. This is reflective of the modelled composition, with total chromium carbide formation
predicted to be between half and two thirds that of the other aluminium containing alloys (Table
4.1.2-2). The niobium carbides were also finer in appearance; both observations reinforcing the
expected reduction due to the lower carbon content.
There is some formation of a yttrium rich phase, on the very outer diameter surface, which due to
its heavy nature is much more likely to present at the outer diameter when cooling rates are high
enough to entrap the particles, rather than moving with the melt front to the inner diameter, as
was the case with the High-Al alloy. A titanium rich phase is present, which is seen across all four
alloys, however it is usually found at the inner diameter (Figure 4.1.3-31). The titanium rich phase
is present near the outer diameter in this alloy as the titanium is not fully oxidised, thus maintaining
a more metallic nature, and being entrapped in the rapidly solidifying metal matrix. Furthermore,
bonding to the heavy yttrium phase further reduces the ability to move towards the inner pipe
diameter. These were both considered slag entrapments caused by the rapid cooling that occurs
on contact with the surface of the mould, and therefore this slag was unable to travel through the
molten alloy to end up on the inner surface.
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Figure 4.1.3-30: Backscattered images of all four alloys demonstrating differences in carbide size and distribution.
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Figure 4.1.3-31 Elemental map of Optim-Al alloy near outer diameter region.
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4.1.3.4.2

Crossover Region

The cross over region appeared to occur at a shallower depth compared with the other alloys, with
some equiaxed grain growth evident in the 4mm region (Figure 4.1.3-29 b). The volume of the Ni3Al
phase appeared to be much more similar to that seen in the Low-Al alloy, with sparse formation of
this phase found throughout the crossover region (Figure 4.1.3-33 d), and again a reduced carbide
presence is observed.
Figure 4.1.3-32 shows continuation of the reduced presence of carbides throughout the alloy, and
the presence of the nickel and aluminium phase in similar quantities compared to the Low-Al alloy.
Other than this reduced carbide content the microstructure was widely similar to the Low-Al alloy.
There was evidence of titanium carbonitrides being present throughout the alloy which was the
main difference, with Figure 4.1.3-29 showing the dark, square phase occurring sporadically
throughout the alloy, unlike the other alloys. This alloy contained five times the titanium content
compared to the Base alloy (Table 4.1.1-1) therefore the increased prevalence of titanium rich
precipitates was to be expected. The presence of titanium carbonitrides through the alloy is due to
the more rapid cooling rate, entrapping the light particles rather than allowing them to all flow to
the inner diameter at the melt front.
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Figure 4.1.3-32 Elemental mapping of Optim-Al alloy crossover region showing titanium rich phase presence.
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4.1.3.4.3

Near Inner Diameter Region

The depth of the near inner diameter region also appeared to be reduced, with the solely equiaxed
grain structure only clearly present at the inner diameter (Figure 4.1.3-29 e, Figure 4.1.3-33 e & f).
This is explained by the method of production of this alloy – the sample created was significantly
thinner than the other three alloys, measuring at around 10mm in thickness, compared to 16mm
average thickness of the other three alloys. With the faster cooling rates which accompanied this
change, the depth of the fully equiaxed structure would be reduced, found solely close to the inner
diameter as this has the longest cooling rate, however still faster than that of the other alloys at
their inner diameters.
The secondary phases appeared to be very similar to those seen in the Low-Al alloy – the carbides,
the Ni3Al secondary phase and the square titanium carbonitride phase found solely at the extreme
inner surface. The niobium carbides were found in contact with the chromium carbides, as was the
case with the Base and Low-Al alloy, demonstrating the difference between these alloys and the
High-Al alloy which had a slower cooling rate.
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Figure 4.1.3-33: SEM backscattered images of the Optim-Al alloy; near outer diameter region (a & b); crossover region (c
& d); and near inner diameter (e & f) displaying changes in microstructure features through the alloy thickness.

The near inner diameter region was broadly similar to the Base and Low-Al alloys, with titanium
carbonitrides being present in large quantities near the surface (Figure 4.1.3-35), whilst similar
secondary phases were identified throughout.
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Figure 4.1.3-34: Elemental map of Optim-Al alloy at near inner diameter region
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Figure 4.1.3-35: Elemental map of Optim-Al alloy at near inner diameter region higher magnification showing titanium
and niobium rich phases at inner diameter surface,
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Figure 4.1.3-36: EBSD phase map of Optim-Al alloy at: (a) Outer diameter region; (b) cross-over region and; (c) inner
diameter region
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4.1.3.5

XRD analysis of alloy phases

X-ray Powder Diffraction, or XRD, is an analysis technique used for phase identification of crystalline
materials. XRD was undertaken to confirm the matrix phase and investigate the other phases
present across the four alloys, with the results displayed in Figure 4.1.3-37.
All four alloys displayed large peaks at 43.5° and 50.8°. These peaks correspond to the matrix
consisting of the nickel and iron phase. A small peak at 39.2° was present, corresponding to the
chromium carbide Cr7C3, whilst the peak at 44.4°, evident in the High-Al alloy, matches that of the
aluminium and nickel rich phase Ni3Al. This was in line with the widespread nickel and aluminium
rich phase found across the High-Al sample in SEM and EDS analysis. The minor presence of this
phase in the Low-Al and Optim-Al alloys was likely masked by the strength of the peak for the matrix
at 43.5°.
The High-Al alloy also showed peaks correlating to the Cr23C6 form of chromium carbide, reinforcing
the findings of the SEM analysis which found the carbide content of the High-Al alloy to be
significantly greater than the other alloys. Therefore, both carbide forms were present in the alloy
to a great enough extent to register in XRD analysis.
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Figure 4.1.3-37: XRD traces of all four alloys in the as cast state, showing peaks for the matrix at 43.5° and 50.8°, whilst
the High-Al alloy trace shows a peak at 44.4°, corresponding to the Ni3Al phase, which was observed to be widespread in
this alloy.

4.1.3.6

Summary of alloy microstructures

Across all four alloys under the current casting conditions as described in 3.1, the near outer
diameter region was characterized by dendritic grain growth of columnar grains, growing away
from the outer surface. This was a result of the temperature gradient introduced by the colder
mould surface on the molten alloys. Carbides grew interdendritically after the solidification of the
matrix as a result of localized raised carbide formers due to their ejection from the solidifying
matrix. Slower cooling rates of the High-Al alloy resulted in a significantly different microstructure,
with Chinese script style carbides replacing the more acicular carbides seen throughout the other
alloys. Faster cooling rates in the other alloys resulted in an increased presence of triangular
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niobium carbides which precipitate in the melt and are entrapped in the rapidly solidifying matrix.
More vein-like carbides are present when cooling rates allowed the dissolved niobium to be ejected
and carburise in the interdendritic region.
The Optim-Al alloy displayed finer carbide precipitation of both niobium and chromium, and
chromium carbides had a significantly lower volume fraction. These observations were a result of
the reduced carbon content in the alloy causing the lower volume fraction, coupled with the faster
cooling rate which ensured finer carbide precipitates.
The High-Al alloy displayed widespread precipitation of the nickel aluminide (Ni3Al) phase, which
formed early, identifiable by the presence of niobium carbide growth on their surface, unlike the
other alloys which saw niobium carbides in contact with the chromium carbides. This occurred due
to the already precipitated niobium carbides acting as nucleation sites for the Ni3Al phase.
The cross over region in all alloys showed a mixed microstructure of columnar grains and equiaxed
grains. The columnar grains had carbide formation in the interdendritic regions, whilst the carbides
formed more readily at the grain boundaries of the equiaxed grains. All the aluminium containing
alloys displayed differing volume contents of the nickel aluminide phase in the crossover region,
with the High-Al again showing widespread presence, whilst the Low-Al and Optim-Al alloys were
significantly more sparsely populated.
The near inner diameter region of all four alloys was made up of equiaxed grains and carbide growth
at the grain boundaries. Light phases, such as the observed square phase of TiCN, were present
mainly at the very inner surface due to the centrifugal force of the casting process causing lighter
phases to migrate to the inner surface of the melt. Due to the thinner pipe depth and faster cooling
rates, the Optim-Al alloy displayed only a very small region of equiaxed grains.
In the three aluminium containing alloys, the prevalence of the nickel and aluminium rich phase
separated them, with the High-Al alloy displaying vastly greater volumes of this phase, whilst the
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Low-Al and Optim-Al alloys both had significantly reduced volumes. Furthermore, this phase was
concentrated in the crossover region and the near inner diameter regions of the latter two alloys,
but widespread throughout the High-Al alloy. This shall be discussed in more detail in section 5.1.

4.1.4 Illustration of microstructural impact on alloy properties
4.1.4.1

Thermal Properties

Differential scanning calorimetry was employed to assess the thermal events occurring in each alloy
as they underwent non-isothermal heating. The samples were heated to 1450°C, well above the
operating temperatures experienced in service. The samples were then cooled and re-heated,
allowing for confirmation of phase change events to be identified. Endothermic events appear as
peaks on the DSC trace.
The first minor peak observed in all four alloys (Figure 4.1.4-1 to Figure 4.1.4-4) occurred at 811°C,
which was close to the reported precipitation temperature of the Cr23C6 carbide of 820°C by Li et
al., 2018. The onset of this peak was seen between 750°C and 800°C across all four alloys,
demonstrating the onset of carbide precipitation occurring just below 800°C. The variation of this
peak from the expected precipitation temperature was due to the imperfect carbides – instead of
being pure chromium and carbon, the phases contained a small fraction of other elements, most
likely iron or nickel, which leads to a shift in the precipitation temperature. Table 4.1.4-1 shows the
average composition of the carbides in the four alloys in the as cast state, as measured by EDS point
elemental analysis. All four alloys displayed a quantity of iron or nickel in the chromium carbides.
Whilst some of the signal is potentially being generated by the matrix in the EDS interaction volume
beneath and around the carbide, there is enough evidence to confirm the impurities in the carbides.
Other than the precipitation of carbides, no other thermal events were obvious below 1280°C in
any of the alloys. This was significantly higher than the service and cleaning temperatures,
demonstrating the stability of the alloy throughout the required temperature range. Similarly, all
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four alloys generated the same peaks during the second heating regime as the first, confirming
these thermal events to be physical transformations of the alloys.
The Base alloy, High-Al alloy and Optim-Al alloy all displayed a dual peak in the range of 12801330°C (Figure 4.1.4-1, Figure 4.1.4-3 and Figure 4.1.4-4). This dual peak is characteristic of a quasiperitectic reaction of the formation of the Cr7C3 carbide (129), whilst the single peak at 1315°C
observed in Figure 4.1.4-2 for the Low-Al alloy was found to be the precipitation of the Cr7C3 carbide
in hexagonal needle morphology. This precipitation temperature was seen to vary with different
alloys in Thorpe and Chicco’s work, and alternate alloys displayed this peak at 1259°C and 1199°C
(129). It can therefore be considered that the precipitation temperature was variable dependent
on the alloy’s composition.
These temperatures were lower than predicted by the binary phase diagram of chromium and
carbon (Figure 4.1.4-5), however the complex nature of the alloy resulted in differing conditions
compared to the predicted ideals.
The other discernible change in the DSC traces were a result of the change in heating rate.

99

4.00

2500

2.00

DSC (mW/mg)

-2.00
1500

-4.00
-6.00

1000

-8.00
-10.00

Temperature (°C)

2000

0.00

500

-12.00
-14.00

0
0

20

40

60

80

100

120

140

160

180

200

Time (mins)
DSC/(mW/mg)

Temp/°C

Figure 4.1.4-1: DSC trace and heating profile for Base alloy
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Figure 4.1.4-2: DSC trace and heating profile for Low-Al alloy
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Figure 4.1.4-3: DSC trace and heating profile for High-Al alloy
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Figure 4.1.4-4: DSC trace and heating profile for Optim-Al alloy
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Figure 4.1.4-5: Chromium - Carbon phase diagram (40)
Table 4.1.4-1: Average composition of chromium carbides measured via EDS analysis

Element

Base Alloy

Low-Al Alloy

High-Al Alloy

Optim-Al Alloy

C

9.43

9.58

7.53

11.64

Al

0.00

0.19

0.15

0.27

Cr

83.06

81.34

79.06

77.81

Fe

4.48

6.04

7.83

5.43

Ni

2.94

2.73

5.35

4.65

4.1.4.2

Hardness

Service requirements of these alloys do not depend heavily on their material hardness, with the
strength required to be endured only likely to occur during the transportation and installation of
pipes, along with some internal impacts caused through coke removal during the cleaning cycle.
However, the hardness measurement of the alloys throughout their thickness was a useful measure
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to further observe how the alloy microstructure changed through its thickness and allowed these
observations to be linked to the differences observed in the microstructure.
All the aluminium containing alloys (Figure 4.1.4-7, Figure 4.1.4-8 & Figure 4.1.4-9) had a greater
average hardness than the Base alloy (Figure 4.1.4-6), possibly as a result of the solid solution
strengthening effect of the aluminium dissolved in the matrix, as well as the addition of the nickel
and aluminium phase. This acts as a precipitation hardener, something which the carbides bring to
all four alloys. The hardness of all the alloys exceeded 200HV at all measured points, therefore the
hardness of any of the alloys appears sufficient for the service requirements.
Both Base and Optim-Al alloys displayed a gradual decline in hardness, moving from the outer
diameter to the inner diameter, which was due to the increasing grain size, resultant from the
solidification times. The smaller the grains the greater the hardness, and this was reflected in both
microstructural studies and hardness results. This reaffirmed the increased grain size that was
observed, caused by the longer solidification times experienced towards the inner diameter of the
pipe.
As would be expected due to the dissimilar microstructures, there appeared to be a relatively large
difference in average hardness between the Low-Al alloy and the Optim-Al alloy. This was due to
the reduced carbides in the Optim-Al alloy which act as precipitation hardeners, impeding
dislocation movement. Therefore, the lower volume of carbides leads to a reduced hardness,
despite the greater solid solution strengthening effect of increased dissolved chromium and
aluminium in the Optim-Al alloy.
The variation in values of the same sample region seen in Figure 4.1.4-8 showed the variability of
the microstructure of the High-Al alloy. This correlated with the observed microstructural
inconsistencies in grain size and secondary phases, in accordance with the precipitation previously
observed (4.1.3.3).
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Figure 4.1.4-6 Hardness variation of Base alloy through depth of as cast alloy
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Figure 4.1.4-7 Hardness variation of Low-Al alloy through depth of as cast alloy
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Figure 4.1.4-8 Hardness variation of High-Al alloy through depth of as cast alloy
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Figure 4.1.4-9 Hardness variation of Optim-Al alloy through depth of as cast alloy
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4.1.4.3

Summary of illustration of microstructural impact on properties

All four alloys demonstrated precipitation of chromium carbides onset between 750°C and 800°C.
The Base, High-Al and Optim-Al alloys displayed a quasi-peritectic reaction of the formation of the
Cr7C3 carbide, whilst the Low-Al alloy
trace indicated the formation of the Cr7C3 carbide in hexagonal needle morphology.
Hardness differences between the alloys were closely linked to the carbide content of the alloys,
with the High-Al alloy displaying a significantly greater hardness, matching the apparent greater
volume fraction of carbides throughout that alloy. The hardness appeared greater at the inner and
outer surfaces. The outer surface had a finer grain structure, resulting in greater hardness, whilst
the inner surface contained titanium carbonitride particles, and experienced solid solution
strengthening via the raised aluminium content.
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Oxidation
To inhibit catalytic coking occurring, the elements that act as catalysts to cause this need to be
separated from contact with the reactive gas stream when in service. The high temperature
requirements of ethylene cracking mean nickel and iron are needed for the mechanical properties
to remain consistent at working temperatures, however these two elements cause the catalytic
coking action to occur. Therefore, it is necessary to have a physical barrier between the alloy matrix
and the gas stream to prevent contact between the gas and the nickel and iron in the pipe material
and arrest this catalytic coke formation.
A continuous, stable oxide which does not contain catalytic elements, formed on the inner surface
of the pipe would be an ideal solution – protecting the gas from the matrix forming elements and
not requiring complex and expensive treatments or coatings to be applied to the inner surface of
the pipe.
A thick oxide with a coefficient of thermal expansion not in line with that of the bulk alloy will be
susceptible to fracture via stresses induced in the oxide upon changes of temperature from those
at which the oxide was formed. Most likely this will be during a cool down of the pipes, which leads
to contraction of the pipe alloy and the oxide. If the oxide contracts to a greater degree than the
pipe, the stresses generated in the oxide will be upon the oxide-alloy interface, resulting in potential
debonding. Conversely, if the pipe contracts to a greater degree than the oxide, compressive
stresses will be imparted into the oxide, potentially leading to fracture and spallation of the oxide.
This issue is exacerbated with increasing oxide thickness, and is relatively negligible with a very thin
oxide, therefore a thinner oxide which is protective is always more beneficial in the service
applications.
The coefficient of thermal expansion of chromium oxide scale grown on a steel substrate was found
to be 10.75x10-6 K-1 by Mougin et al. (130) which is larger than the generally reported values which
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are usually up to 9.6 x10-6 C-1 as reported by Wang et al. (131). Similarly, the coefficient of thermal
expansion of alumina when grown as a film was higher than generally reported bulk values, with
Huntz et al. measuring it to be 10.7 x10-6 K-1 at 700°C, and rising not significantly above 11.5 x10-6 K1

in the operational temperature range used in ethylene cracking (132).

As both coefficients of thermal expansion are of the same order of magnitude and very similar in
actual value, the thickness of the oxide layer becomes significantly important, as the greater
thickness of the oxide layer, the greater the volume change and therefore the more potentially
detrimental the effect.

4.2.1 Oxide layer formation analysis
The oxidation behaviour of the four alloys were investigated to analyse and compare them, to
assess which alloy would produce the most protective oxide on the pipe’s inner surface for ethylene
cracker furnace tubes.
All oxidised samples were cut, gold coated, and nickel plated before mounting of the sample for
analysis of the layer structure of both the oxides and the alloy. The nickel-plating layer was clearly
evident atop the external oxide on each sample image shown. This was used to maintain the oxide
layer during the mounting process, and aid in distinguishing between the bakelite and the oxide
layer on the surface of the samples.
4.2.1.1
4.2.1.1.1

Base Alloy
SEM Analysis

The effects of air oxidation of the Base alloy over 30 minutes, 8 hours and 24 hours at 1100°C are
shown in Figure 4.2.1-1. The images show a clear oxide layer which had grown on the surface of the
alloy which thickened with increased oxidation time, as displayed in Figure 4.2.1-2. The average
oxide layer thickness was found to be 2.90µm ± 0.58µm after 30-minute oxidation, increasing to
7.83µm ± 1.48µm after 8 hours, demonstrating almost a 2.5x increase in the oxide layer thickness.
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After 24 hours the oxide layer is measured at 13.16µm ± 1.41µm, which showed almost another
doubling of the oxide layer thickness.
The longer oxidation period images distinctly show the formation of a sub-surface second phase
(marked in Figure 4.2.1-1 c, f and i). There was evidence of both fracture of the oxide and regions
where the oxide layer either has not formed or has formed and subsequently detached from the
matrix.
Very fine chromium carbides precipitated during the treatment of the sample. These were much
smaller than those seen in the as cast alloy (4.1.3), and appear to form closer to the grain
boundaries than the centre of each grain, indicated in Figure 4.2.1-1 b and e. However, they were
not exclusively found at the grain boundaries. The appearance of these carbides was in line with
the typical morphology of Cr23C6 carbides (42,129). These fine precipitates were absent in the near
surface region, and that region was also deeper, in line with the increased oxidation time. The depth
of the region without the very fine precipitates was found to be almost the same depth as the
deepest oxides within the sample.
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Figure 4.2.1-1: Base alloy oxidation after 30 minutes (a, b, c), 8 hours (d, e, f)and 24 hours (g, h, i) at 1100°C in air showing
development of oxide layer and sub surface oxidation
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Figure 4.2.1-2: Oxide layer thickness of Base alloy after 30 minute, 8-hour and 24-hour oxidation
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Figure 4.2.1-3 shows the surface oxide layer to be chromium and oxygen rich, sat beneath the
nickel-plating layer which was applied after oxidation to retain the oxide and improve the contrast
between the oxide and the bakelite on which the samples were mounted. The manganese
elemental mapping (Figure 4.2.1-3) displayed significant concentrations on the very top surface of
the oxide, suggesting a secondary oxide layer on the surface of the chromium oxide. This was
expected to be manganese chromite (MnCr2O4). Manganese appeared to be present throughout
the oxide, however the majority of this was due to the overlapping energy intensities of chromium
and manganese, so only the regions of manganese which appeared significantly concentrated and
were found in regions of lower chromium content were true representations of the presence of
manganese.
Between the matrix and the chromium oxide a silicon rich layer formed under the chromium oxide.
This also appeared to be another form of oxide.
The chromium elemental map also showed a clear chromium depleted zone beneath the oxide
layer when compared to the rest of the matrix. The reduced chromium in this near oxide region
explained the lack of fine chromium carbides, as the chromium was utilized in oxide formation, due
to chromium oxide being more stable than chromium carbides, and thus the carbides are dissolved
near the surface, and the chromium oxide layer was formed instead.
Large chromium carbides near to the sample surface had also undergone some oxidation, but this
appeared to occur only in the carbides within 20 microns of the surface of the 30-minute oxidation
of the Base alloy, with those deeper within unaffected, demonstrating that the oxygen penetration
depth was limited to the near surface region.
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Figure 4.2.1-3: Base alloy 30-minute 1100°C oxidation elemental map showing chromium oxide surface layer and
subsurface oxidized silicon.
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Figure 4.2.1-4: Base alloy 8h 1100°C oxidation elemental map showing manganese rich oxide on chromium oxide surface.
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Figure 4.2.1-5: Base alloy 24h 1100°C oxidation elemental mapping demonstrating three clear oxide layers.
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Figure 4.2.1-4 and Figure 4.2.1-5 show the
EDS mapping of the surface layers of the
Base alloy after 8 hours and 24 hours
respectively at 1100°C in air. Both showed
a transformation of the silicon oxide layer
that was found beneath the chromium
oxide after the 30-minute oxidation. The
thin silicon oxide transformed from a
continuous layer and became globular in
nature,

showing

discrete

phases

measuring in the one to ten-micron range.
They occurred either on or beneath the
matrix-oxide interface, with some seen up
to 30 microns deep into the matrix (Figure
4.2.1-1), suggesting that this silicon oxide
phase was evidence of internal oxidation.
This,

along

with

deeper

oxidised

chromium carbides showed that the
oxygen penetration depth was increased
with longer oxidation time.
The major oxide of chromium thickened
with increased oxidation time, shown in
Figure

4.2.1-6,

and

the

surface Figure 4.2.1-6: Absence of fine chromium carbide precipitation in 30-

manganese chromite appeared present,

minute (top), 8-hour (middle) and 24-hour (bottom) oxidation
samples of the Base alloy

identified by the manganese elemental mappings in Figure 4.2.1-3 to Figure 4.2.1-5. Signs of
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debonding of the manganese chromite from the chromium oxide were present in the 24-hour
oxidation sample, seen as fractures parallel to the surface within the oxide layer in Figure 4.2.1-6.
Across all three oxidation states, the fine chromium rich precipitates that precipitated during the
heating of the sample were absent closest to the sample surface. The depth of this absence
increases with oxidation time, as indicated in Figure 4.2.1-6. This further demonstrated the depth
of the chromium depleted zone in the alloys that formed during the oxidation process. This loss of
carbides in the near surface region is due to chromium oxide being more thermodynamically
favourable compared with chromium carbide, therefore the chromium present closest to the
available oxygen preferentially oxidises instead, removing the carbides from the near surface
region.
4.2.1.1.2

Phase Analysis

XRD (X-ray Powder Diffraction) was used for phase identification of the oxide layer on the surface
of the Base alloy. This was employed to reinforce the findings of the EDS and SEM analysis, and to
confirm the different oxides present on the surface of the alloy after the oxidation treatment. This
was compared with the XRD results of the as cast alloy presented in 4.1.3.5.
Oxidation of the Base alloy for 8 hours at 1100°C showed significant presence of manganese
chromite, with strong peaks at 35°, 42.7°, 56.4° and 62°. The oxidation sample also showed
significant depressions in the matrix peaks, reinforcing the observations of a thick, dense oxide layer
on the surface. This was further investigated in 4.2.2.1.3. The peak at 51° in all oxidised samples
confirmed the chromium oxide layer as Cr2O3, as previously identified with EDS analysis.
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Figure 4.2.1-7: XRD traces of oxidised and as cast Base alloy with oxide products identified.

Transmission electron microscopy (TEM) was also undertaken on the Base alloy to confirm the
phases present on the oxide layer. The surface chromium oxide was confirmed to be present, with
the sub-surface silicon oxide found to be an amorphous silicon oxide. The manganese chromite
layer was also confirmed to sit atop the chromium oxide layer.
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Figure 4.2.1-8: Scanning TEM image and EDS mapping of Base alloy oxide layer after oxidation at 1100°C for 8 hours
displaying primary chromium oxide with secondary manganese chromite layer atop, and silicon rich oxide within the
near surface matrix.
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Figure 4.2.1-9: TEM image and corresponding selected area diffraction (SAD) patters of Base alloy oxidised at 1100°C for
8 hours, showing layer structure formed

4.2.1.2
4.2.1.2.1

Low-Al Alloy
SEM Analysis

Oxidation of the Low-Al alloy is shown in Figure 4.2.1-10. The matrix changes appeared very similar
to those observed in the Base alloy, with a large volume of fine precipitates forming after a 30minute heat treatment, precipitating out in an acicular morphology. The matrix of the 8-hour
oxidation samples showed these precipitates to have coarsened and reduced in number. After the
24-hour oxidation the majority of the carbides had either re-dissolved or agglomerated to form
larger, less structured carbides, with very fine precipitates only around the grain edges
accompanying the larger carbides sitting on the grain boundaries.
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The chromium oxide was present on the surface of the alloy (as in the Base alloy), however the
oxide did not appear to be as continuous as that seen on the Base alloy, being noticeably patchy on
the sample surface. A second layer beneath the chromium oxide was again present, but, as Figure
4.2.1-12 shows, this was no longer silicon rich, but now aluminium rich. The average oxide layer
thickness was measured for the 30-minute oxidation as 1.96µm ± 2.27µm, with a doubling of the
oxide layer seen after 8-hour oxidation, measured as 3.86µm ± 1.99µm. Average layer thickness
again doubled to 7.28µm ± 4.10µm after 24-hour oxidation compared to the 8-hour oxidation.
These increases were in line with the growth rate of the Base alloy, however the oxide was around
half the thickness of the Base alloy, with significantly greater standard deviation. This is due to the
patchy, inconsistent nature of the oxide, as well as the much thinner aluminium oxide being
produced along with the chromium oxide, which utilized some of the available oxygen, partially
stifling the chromium oxide growth.
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Figure 4.2.1-10: Low-Al alloy oxidation after 30 minutes (a, b, c), 8 hours (d, e, f) and 24 hours (g, h, i) at 1100°C in air

Whilst some silicon was still present in raised quantities at the matrix-oxide interface, the majority
of the layer beneath the surface oxide was found to be aluminium rich (Figures Figure 4.2.1-12 and
Figure 4.2.1-14). This surface oxide appeared to be chromium oxide, however some regions were
devoid of this oxide and this left the sub-surface aluminium oxide exposed to the environment. This
aluminium oxide was more characteristic of internal oxidation, rather than continuous surface
oxidation. With longer oxidation times, the internal oxidation products agglomerated and formed
regions of continuous, sub-surface oxide, but this was beneath regions of matrix, encapsulating a
pocket of matrix sitting between the surface chromium oxide and the aluminium oxide layer (Figure
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4.2.1-14 O and Al mappings). An aluminium and nitrogen rich phase, AlN, was also evident deeper
than the aluminium oxide layer, presenting as very square or rectangular precipitates.
Areas with matrix fully exposed to the atmosphere were still present after all three oxidation
treatments, indicating that the chromium oxide either formed on the surface spalled, or did not
form at all.
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Figure 4.2.1-11: Graph of average oxide layer thickness of Low-Al alloy with increasing oxidation time
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Figure 4.2.1-12: Low-Al 30-minute 1100°C oxidation elemental mapping showing mixed surface oxide with chromium
oxide scales and disontinuous aluminium oxide.
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Figure 4.2.1-13: Low-Al 8-hour 1100°C oxidation elemental mapping with significant aluminium oxide near the surface.
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Figure 4.2.1-14: Low-Al 24h 1100°C oxidation elemental mapping demonstrating aluminium oxide beneath chromium
oxide layer.
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4.2.1.2.2

Phase Analysis

Figure 4.2.1-15 shows the XRD traces from the Low-Al alloy after oxidation compared to the as
cast alloy. The matrix peaks showed a slight shift in position compared to the trace from the as
cast alloy, a result of the diffusion of elements and the precipitation of phases which lead to
changes in the d-spacing of the matrix.
Glancing angle XRD was used to gather greater signal from the surface of the sample, allowing
clearer identification of surface phases. The peaks at 44°, 47° and 61° all confirm the presence of
Al2O3 on the surface of the Low-Al alloy, whilst the peaks at 36.5° and 41.5° confirmed Cr2O3
formation after oxidation, reinforcing the EDS results. The peak at 35° also demonstrated the
presence of CrMn1.5O4, despite the low volume making it difficult to resolve any other peaks.

Figure 4.2.1-15: XRD traces of Low-Al alloy as cast and after 24h oxidation at 1100°C
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Figure 4.2.1-16: SEM backscattered image of Low-Al alloy sample oxidised for 24h at 1100°C analysed using XRD indicating
oxide structure.

4.2.1.3
4.2.1.3.1

High-Al Alloy
SEM Analysis

Cross section images (Figure 4.2.1-17) showed the inconsistent and patchy production of an oxide
layer on the surface of the alloy, with even less oxide coverage compared to the Low-Al alloy. This
left a significant area of the matrix exposed at the surface, rather than forming the continuous oxide
as desired. Some patches of oxide on the surface were present in places, and they followed a similar
pattern to those seen in the Low-Al oxide alloy, with a surface chromium oxide and a subsurface
aluminium oxide. The subsurface aluminium oxide appeared as interjoined internal oxidation after
the 30-minute oxidation, however this became a continuous layer beneath the surface oxide with
longer oxidation times. The continuity of the subsurface oxide layer was a significant improvement
over the discrete globular silicon oxide layer that was seen on the Base alloy, because this layer
gave complete coverage of the matrix in the regions where it was produced.
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The areas covered by an oxide layer were measured, with the oxide layer 2.29µm ± 0.58µm in
average thickness after 30-minute oxidation, 2.52µm ± 2.26µm after 8-hour oxidation and 8.13µm
± 5.70µm after 24-hour oxidation. The apparent minimal increase between 30-minute oxidation
and 8-hour oxidation is due to the huge variation in the oxide thickness on the surface seen after
8-hour oxidation and reinforced by the standard deviation being almost 100% of the average
thickness. The oxide layer thickness more than tripled between the 8-hour and 24-hour oxidation,
however once again these figures are difficult to evaluate due to the nature of the oxide layer, again
demonstrated by the large standard deviation of the measurements. Whilst the Base and Low-Al
alloys displayed comparable measurements and changes in oxide layer thickness, the highly
inconsistent nature of the oxide on the High-Al alloy results in much more unreliable results.
Comparing the appearance of the three oxidation times of the High-Al alloy and the Base alloy
showed that whilst a thickening layer of the surface chromium oxide occurred, it was reduced in
the aluminium containing High-Al alloy. The aluminium oxide produced was formed as a semicontinuous layer, compared to the dispersed particles of silicon oxide found in the Base alloy. This
aluminium oxide layer was significantly thinner than the measured oxide thickness which included
the chromium oxide layer. The thin aluminium oxide layer beneath the chromium oxide layer is
what is desired, as a thinner oxide gives benefits due to the disparity of coefficients of thermal
expansion between the oxide and the bulk alloy, aiding in oxide retention.
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Figure 4.2.1-17: High-Al alloy oxidation after 30 minutes (a, b, c), 8 hours (d, e, f) and 24 hours (g, h, i) at 1100°C in air
showing similar oxide structre to Low-Al alloy.
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Figure 4.2.1-18: Graph of average oxide layer thickness of High-Al alloy samples oxidised at 1100°C with increasing time
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Formation of intragranular carbides during the oxidation treatment is evident in Figure 4.2.1-17 c,
with the carbide precipitation far more widespread than seen in the Base alloy, and greater than
seen in the Low-Al alloy. The higher chromium content of this alloy compared to the Low-Al alloy,
coupled with the greater carbon content compared to the Base alloy caused this amplification in
carbide precipitation. These carbides were acicular as also seen in the Low-Al alloy. This is a
characteristic morphology of the Cr7C3 carbide, compared to the Cr23C6 carbides that formed during
the oxidation of the Base alloy (42,129). The formation of these carbides in both this alloy and the
Low-Al alloy was concerning, as if they were found to be the acicular form of the Cr7C3 carbide, they
are known to be deleterious to the stress rupture properties, therefore vastly impacting the viability
of these alloys for use in service.
As well as the precipitation of fine carbides, the elemental mapping in Figure 4.2.1-19 also showed
some of the needle-like phases to be nickel and aluminium rich, demonstrating precipitation of the
nickel aluminide phase. This precipitation can be seen as positive, as these particles aid in creep
resistance for the alloy, however they are very brittle, therefore may cause an issue in practice
(18,104,133).
The elemental mapping of the 30-minute oxidation of the High-Al alloy (Figure 4.2.1-19) confirmed
the surface chromium oxide and subsurface aluminium oxide layer, and also displayed manganese
chromite atop the chromium oxide layer that was observed on the other alloys. Furthermore, the
region which appeared to be matrix trapped between the internal oxidation and the chromium
oxide, indicated in Figure 4.2.1-19, was primarily nickel and iron rich, being highly depleted of
chromium compared to the matrix regions. This demonstrated that the chromium forming the
oxide scale was all derived from this region, as no clear chromium depleted layer was seen
elsewhere, as was the case with the Base alloy. Conversely, there was evidence of a depletion in
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the near surface aluminium that corresponded to the aluminium oxide layer across the surface in
the mapped region.
Longer oxidation time showed an agglomeration of the internal aluminium oxides that lead to the
formation of a continuous layer of aluminium oxide beneath the surface oxide (Figure 4.2.1-20 and
Figure 4.2.1-21). This was in keeping with scale formation described as type 4 by Stott et al.(134)
(Figure 4.2.4-37), where the internal oxidation healed over beneath the surface oxide layer, leaving
a complex mix of oxides above the aluminium oxide layer. This explained the presence of titanium,
silicon and iron in the surface oxide regions, particularly those of the 24-hour oxidation, seen in
Figure 4.2.1-21. Once the aluminium was exhausted in the sealed region the rest of the component
elements were then oxidised. This resulted in a complex mixture of oxides above the “healing”
oxide layer which separated them from the matrix.
The apparent presence of niobium across the surface of the oxide beneath the nickel plating in
Figure 4.2.1-20 was actually the gold coating applied after oxidation treatment, but before the
nickel plating procedure, with niobium and gold having very similar x-ray energies; niobium
Lα=2.169 and gold Mα= 2.123. Figure 4.2.1-20 showed a titanium and niobium rich phase adjacent
to a large chromium carbide. This is an imperfect (Nb,Ti)C formed in the latter stages of the cooling
of the alloy during the casting process, with a raised localized concentration of these minor
elements able to form on the carbide surface which minimizes the surface energies required for the
phase formation.
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Figure 4.2.1-19: High-Al alloy 30-minute 1100°C oxidation elemental mapping showing matrix trapped between internal
aluminium oxidation and surface chromium oxide scale.
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Figure 4.2.1-20: High-Al alloy 8-hour 1100°C oxidation elemental mapping
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Figure 4.2.1-21: High-Al alloy 24-hour 1100°C oxidation elemental mapping with significant aluminium oxide benath
chromium oxide layer.
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4.2.1.3.2

Phase Analysis

Figure 4.2.1-22 shows the XRD traces of the as cast High-Al alloy and after 24-hour oxidation at
1100°C. Whilst the peaks of the matrix and the Ni3Al phase were present in both alloys, the oxidised
sample displayed peaks correlating to the presence of Al2O3 on the surface of the sample, as seen
in SEM and EDS analysis. Some shift of the matrix peaks is evident, a result of the changes of dspacing caused by the precipitation of the phases and diffusion of elements through the matrix.

Figure 4.2.1-22: XRD traces of oxidised and as cast High-Al alloy
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Figure 4.2.1-23: SEM backscattered image of surface of High-Al sample oxidised for 24h at 1100°C analysed for XRD with
indication of oxide layers.

4.2.1.4
4.2.1.4.1

Optim-Al Alloy
SEM Analysis

Backscattered electron images of the Optim-Al alloy after three different oxidation lengths (30minute, 8-hour and 24-hour) are shown in Figure 4.2.1-25. This displays a clear, continuous oxide
across the surface of the alloy. The contrast of the layers in the backscattered image was very similar
to the aluminium oxide seen beneath the chromium oxide scales in the Low-Al and High-Al alloys.
The clear difference was that this alloy generated the aluminium oxide on the surface without the
formation of a surface chromium oxide. Whilst some small chromium oxide scales were present,
the aluminium oxide was clearly the dominant oxide, and appeared to form a complete covering of
the alloy surface, as desired.
As was evident in Figure 4.2.1-25, an oxide was present across the surface, and formed around and
beneath features on the surface of the sample, giving a complete barrier between the external
environment and the bulk matrix of the alloy. Furthermore, this surface layer was significantly
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thinner than that of the chromium alloy produced on the surface of the Base alloy, which, as
discussed previously, is beneficial in the maintenance of the oxide layer during temperature
changes. Moreover, there was the lack of any obvious loss of material or cracks in the surface oxide
– these were present throughout the chromium oxide on the Base alloy but did not appear in this
aluminium oxide layer.
The first obvious difference between the former two aluminium containing alloys and the OptimAl alloy was the nature of the aluminium oxide after a short, 30-minute oxidation treatment. The
Optim-Al alloy showed the aluminium oxide to be consistent and covering the full surface of the
oxide, without any evidence of internal oxidation veins running perpendicular to the surface as was
seen in both of the other aluminium containing alloys. The cause of these differences will be
discussed later (5.2.2).
The thickness of the oxide layer was markedly lower when compared with the other alloys, with
the oxide thickness 0.44µm ± 0.12µm after 30-minute oxidation, six times lower than that of the
Base alloy, and more than four times thinner than the other aluminium containing alloys. After 8hour oxidation the layer thickness was measured to be 1.25µm ± 0.46µm, displaying a similar 2- to
3-fold increase to the Base and Low-Al alloys, which were discussed previously as having a more
similar microstructure than the High-Al alloy. After 24-hour oxidation the average oxide thickness
was 1.80µm ± 0.69µm, a further growth of only around 50%, similar to the Base and Low-Al alloy,
with a slightly greater reduction in growth rate. These measurements were in line with the SEM
observations displaying the consistent, thin oxide growing across the surface.
The EDS mappings of all three different length oxidation treatments (Figure 4.2.1-26, Figure
4.2.1-27 and Figure 4.2.1-28) show evidence of only surface breaking niobium rich carbides, which,
as previously discussed, are known to be present throughout the alloy and are unable to be sealed
over with an aluminium oxide layer (marked in Figure 4.2.1-26). Instead the oxide grew beneath
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these particles, maintaining a continuous oxide across the alloy. The absence of iron or nickel at the
surface of the sample, which, as previously discussed, are the prime factors in catalytic coke
formation, indicated that this alloy should be protective in service. The surface oxide provided a
physical barrier between the catalytic elements and the active gas stream, minimizing the potential
for catalytic coking.
Despite having surface breaking chromium carbides (indicated in Figure 4.2.1-26) which are, by
their nature, chromium rich, no scale of chromium oxide appeared to grow on the surface of the
alloy. Whilst a growth of chromium oxide would not necessarily be detrimental, it appeared that
the lack of the chromium oxide allowed the ideal situation for growth of the aluminium oxide,
without creating a competing oxide as with the previous two aluminium containing alloys.
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Figure 4.2.1-24: Graph showing average oxide layer thickness of Optim-Al alloy oxidised at 1100°C for increasing time

138

Figure 4.2.1-25: Optim-Al alloy oxidation after 30 minutes (a, b, c), 8 hours (d, e, f) and 24 hours (g, h, i) at 1100°C in air
indicating surface coverage of single oxide layer.
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Figure 4.2.1-26: Optim-Al alloy 30 minute 1100°C oxidation elemental map with aluminium oxide across the surface unless
a surace breaking niobium carbide is present.
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Figure 4.2.1-27: Optim-Al alloy 8-hour 1100°C oxidation elemental mapping, showing aluminium oxide protecting matrix
beneath from surface.
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Figure 4.2.1-28: Optim-Al alloy 24-hour 1100°C oxidation elemental mapping, with surface layer showing two different
phases, with an aluminum and nickel oxide apparet on the surface.
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Whilst the formation of fine carbides was seen throughout the oxidised samples, and the nature of
these carbides could be changed through adjustments of the cooling rates, the service conditions
mean very gentle cooling rates were required to achieve the optimum product life. This is due to
the disparity in thermal coefficients of expansion of the coke which builds up on the inner surface
of the pipe, and the pipe itself, as discussed in 2.3.2, which is required to avoid premature failure.
Due to this, no rapid cooling tests were undertaken as these would not occur in practice for the
alloys. Furthermore, rapid cooling will cause greater loss of surface oxide material because of the
dissimilar coefficients of thermal expansion of the oxide and matrix material.
4.2.1.4.2

Phase Analysis

XRD analysis of the Optim-Al alloy was undertaken to identify the different oxide phases produced
on the surface of the alloy after the oxidation treatment.
Figure 4.2.1-29 shows the surface oxide previously presumed to be aluminium oxide to be
confirmed as Al2O3 present on the surface of the samples in all oxidation treatments, with major
peaks at 35° and 57.5°. The spinel phase NiAl2O4 was also present, particularly in the 48-hour
oxidation sample, which is seen growing atop the aluminium oxide layer in Figure 4.2.2-38. This was
identified by the peaks at 36.5° and 65°, with the 8-hour 1100°C oxidation sample also
demonstrating this phase presence.
Furthermore, TEM analysis confirmed the Al2O3 oxide layer formed on the matrix, with presence of
the NiAl2O4 atop the aluminium oxide layer (Figure 4.2.1-31 & Figure 4.2.1-30).
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Figure 4.2.1-29: XRD traces of oxidised and as cast Optim-Al alloy

Figure 4.2.1-30: TEM image and corresponding selected area diffraction (SAD) patters of Optim-Al alloy oxidised at
1100°C for 8 hours, showing layer structure formed and identifying the different phases.
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Figure 4.2.1-31: Scanning TEM image and EDS mapping of Optim-Al alloy oxide layer after oxidation at 1100°C for 8
hours

4.2.1.5

Summary of oxide layer analysis

The Base alloy produced a thick chromium oxide layer across the surface of the alloy. This chromium
oxide layer was topped with a thin manganese chromite layer with extended oxidation time, whilst
silicon oxide was present as a non-continuous sub-surface oxide.
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The Low-Al and High-Al alloys displayed inconsistent surface coverage of an aluminium oxide which
was topped with a chromium oxide. The silicon oxide formation seen in the Base alloy was no longer
present in these alloys, having been superseded by the formation of aluminium oxide. Neither of
the Low-Al or High-Al alloys presented with an oxide which fully covered the surface of the matrix.
The Optim-Al alloy on the other hand produced a dense, continuous aluminium oxide layer across
the surface after all three treatment lengths. The aluminium oxide layer formed across the matrix
surface, and over surface breaking chromium carbides. The only non-oxide phase which was
present on the surface after oxidation were niobium carbides.
Oxide layer thickness of the aluminium oxide layer in the Optim-Al alloy was significantly lower than
the chromium oxide layer formed on the Base alloy, as Table 4.2.1-1 displays a roughly six-fold
difference between the two. The presence of chromium oxide and aluminium oxide on the Low-Al
and High-Al alloy oxide layers resulted in significantly greater variability in oxide thickness, as
indicated by the standard deviation of the oxide thickness. Excluding the High-Al alloy, due to the
great standard deviation in the 8-hour oxidation average thickness, the other three alloys all
displayed similar increases in the region of a three-fold increase between the 30-minute and 8-hour
oxidation.
All the alloys displayed precipitation of secondary phases during the oxidation treatments, most
commonly precipitation of fine chromium carbides, whilst nickel aluminides were seen to have
precipitated in the High-Al alloy. The EDS mapping of the Base alloy displayed a clear chromium
depleted layer in the matrix beneath the surface oxide layer, which was absent of precipitated
chromium carbides due to the greater affinity of chromium for oxygen than carbon.
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Table 4.2.1-1: Average oxide layer thicknesses of all four alloys after 30-minute, 8-hour and 24-hour oxidation

Average oxide layer thickness (µm)

Alloy
Base
Low-Al
High-Al
Optim-Al

30-minute
2.90 ± 0.58
1.96 ± 2.27
2.29 ± 0.58
0.44 ± 0.12

Average Oxide Layer Thickness (µm)
8-hour
7.83 ± 1.48
3.86 ± 1.99
2.52 ± 2.26
1.25 ± 0.46

24-hour
13.16 ± 1.41
7.28 ± 4.10
8.13 ± 5.70
1.80 ± 0.69
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Figure 4.2.1-32: Graph of average oxide layer thickness progression for all 4 alloys

4.2.2 Effects of time and temperature on oxide layer growth
In order to evaluate the difference in the growth and nature of the oxides formed on the surface of
the Base alloy and the Optim-Al alloy, oxidation of both alloys was undertaken at three
temperatures – 800°C, 950°C and 1100°C, and over 8 different oxidation times: 1 hour, 2 hours, 4
hours, 8 hours, 16 hours, 24 hours, 36 hours and 48 hours. This procedure was undertaken to allow
the evolution of the oxides to be observed, and for the most appropriate oxidation conditions to
be determined. 800°C was selected to determine the potential evolution of the oxide in conditions
similar to those used in service and to confirm that the oxide was able to withstand at least
relatively short periods at the temperature necessary to achieve the desired protection. 1100°C
was chosen as the high-end temperature as this is the peak temperature used in the cleaning cycle
for the pipes. If the oxide is able to grow and maintain at 1100°C the cleaning cycle may be used as
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a re-passivation step, reforming the oxide and maintaining the protection from catalytic coking
occurring. If the scale could not withstand these conditions, another oxidation step would be
necessary to reform the oxide layer after the cleaning cycle.
4.2.2.1

Base Alloy

The Base alloy, as previously discussed, formed a thick chromium oxide layer across its surface. This
oxide showed evidence of incomplete coverage, fracturing, and loss of material. Oxidation over
different temperatures and times allowed the nature and changes in the oxide layers formed to be
explored.
4.2.2.1.1

800°C Oxidation

Comparing the surface appearance of the Base alloy oxidised at 800°C across the different oxidation
times (Figure 4.2.2-1) showed little obvious change; the surface did appear to have a consistent
oxide across the surface with no remarkable changes, especially after 4 hours. Whilst the oxide was
thickening, there was very little evidence on the surface of any other major changes, with some
sparse evidence of loss of oxide material, but this was not widespread.
Figure 4.2.2-2 more clearly illustrated that the oxide thickened and became more rounded in nature
on the surface with increased oxidation time, but this change was gradual. The oxide grew in a
relatively uniform manner, with the pattern of the machining marks on the surface of the sample
still evident, as the 16-hour and 24-hour images in Figure 4.2.2-2 clearly illustrated the mirroring of
the pattern of the machining marks. Figure 4.2.2-2 also shows the changing nature of the oxide with
increased oxidation time, with the 16-hour and 48-hour showing the sample surface to be covered
in small, angular scales of manganese chromite. This was found atop the chromium oxide,
completely covering the surface of the samples oxidised for longer than 4 hours, demonstrated by
Figure 4.2.2-4 and Figure 4.2.2-5. These show a manganese presence atop the chromium oxide
layer.
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Figure 4.2.2-1: Base Alloy 800°C Oxidation progression surface images, with little difference clear throughout.
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Figure 4.2.2-2: Base 800°C oxidation surface images higher magnification showing changing nature of surface texture,
demonstrating oxide growth.

The cross-section images of the Base alloy shown in Figure 4.2.2-3 display a very thin oxide layer
which thickened with oxidation time. However even after 48-hour oxidation the oxide layer
thickness rarely reached 2 microns at its thickest point. Figure 4.2.2-6 shows the progression of the
oxide growth, where there was a clear rapid thickening of the oxide layer during the first 8 hours of
oxidation, followed by a more gentle increase in oxide layer thickness, with a plateauing at just over
0.8 microns. This plateauing could be a result of the depletion of near surface chromium, identified
in Figure 4.2.1-6, limiting the chromium availability to continue the chromium oxide growth.
Manganese is clearly present across the surface of the sample, as displayed in Figure 4.2.2-4, with
notable differences between the manganese and the chromium mappings, confirming the
manganese presence, rather than overlapping energy intensities giving false readings.
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Furthermore, the cross-section EDS mapping shows manganese concentration atop the chromium
rich layer in Figure 4.2.2-5.
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Figure 4.2.2-3: Base Alloy 800°C Oxidation progression cross section images showing thickness growth of surface oxide
layer.
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Figure 4.2.2-4: EDS elemental mapping of highly textured surface of Base alloy oxidised at 800°C for 48 hours
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Figure 4.2.2-5: Cross section EDS elemental mapping of Base alloy oxide layer after 36h oxidation at 800°C
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Figure 4.2.2-6: Average Oxide Thickness for Base Alloy 800°C Oxidation Progression

4.2.2.1.2

950°C Oxidation

An increase in the oxidation temperature saw a marked difference in the oxide produced on the
surface of the samples. Figure 4.2.2-7 showed an oxide covering the surface of the samples,
highlighted by the lost oxide which exposed the matrix material beneath. The lost material was
concentrated around the machining marks on the sample surface; this will be discussed later (5.4).
The surface was covered by manganese chromite (see Figure 4.2.2-9), which formed early along
with the chromium oxide, rather than the manganese chromite developing after the chromium
oxide. This demonstrated the increased oxidation kinetics due to the higher temperature which
allowed this phase to form almost instantly.
The loss of oxide on the surface increased in volume with increased oxidation time. The cross
sections of the samples (Figure 4.2.2-8) showed the thickening of the oxide layer over time, as also
measured in Figure 4.2.2-10. This thickening is possibly the cause of the loss of material. Increased
thickness of the oxide would exacerbate the effects of the differences in thermal oxidation between
the matrix material and the superficial oxide. These differences would lead to stresses in the oxide
layer and the interfacial bond, which, when the threshold levels are reached, will lead to fracture
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and debonding of the oxide layer. This fracture of the oxide was seen in the cross-section images
of Figure 4.2.2-8, particularly in the 24-hour and 36-hour samples. This loss of protective oxide at
temperatures below those encountered during the cleaning process in industry demonstrated the
need for a more durable and resilient oxide to maintain the protective nature throughout the life
cycle of the alloy in use and thus allow elongated service interval times.
When comparing the thickness of the oxide developed at 950°C to the 800°C oxidation, as shown
in Figure 4.2.2-11, it is seen that the oxide layer has increased roughly four-fold through the first 8
hours of oxidation at 950°C. The oxide layer thickness moved towards six and seven times that of
the 800°C oxidation treatment sample at the longer oxidation treatments.
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Figure 4.2.2-7: Base alloy 950°C oxidation progression surface images showing loss of surface oxide with longer oxidation
times
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Figure 4.2.2-8: Base alloy 950°C oxidation progression cross section images indicating lost surface oxide.
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Figure 4.2.2-9: EDS mapping of Base alloy cross section oxidised at 950°C for 8 hours showing the three layers of surface
oxide.
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Figure 4.2.2-10:Average Oxide thickness of Base 950°C oxide layer
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Figure 4.2.2-11: Comparison of average oxide layer thickness between Base alloy oxidised at 800°C and 950°C

4.2.2.1.3

1100°C Oxidation

Oxidation was undertaken at 1100°C to examine the effects of the temperature of the cleaning
process on both the alloy and the oxide on its surface. Whilst the Base alloy was able to grow and
maintain the oxide layer at 800°C (a commonly used operational gas temperature) an increase
above these levels has been shown to be detrimental to the maintenance of the surface oxide in
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this alloy. Figure 4.2.2-12 displays the surface of the alloy after oxidation at 1100°C over various
times. The cleaning cycle in service is usually run at 1100°C for up to 48 hours, therefore the results
of this oxidation treatment allowed comparison with the conditions that the alloy undergoes in
service.
The surface images displayed evidence of the loss of oxide layer from the first hour of oxidation.
This loss of material appeared to increase with longer oxidation times. As previously discussed, the
increased stresses associated with the thicker oxide layer were the probable cause of the loss of
material. The surface images of the oxidised samples (Figure 4.2.2-12) display a clear correlation
between the area of lost surface oxide and the machining marks which run vertically down the
samples in the images, particularly in the samples oxidised longer than 4 hours. This observation
will be explored further in 4.2.2.3.
Elemental mapping of the surface of these oxides (Figure 4.2.2-14) illustrated the presence of the
matrix forming elements, nickel and iron, on the surface in regions also rich with silicon. This silicon
presence was the globular silicon oxide previously seen formed beneath the chromium oxide in the
Base alloy. The discontinuous nature of this phase (as seen previously) is evident in both the
elemental mapping and the cross-sectional images (Figure 4.2.2-14 and Figure 4.2.2-15), leaving
small pockets of matrix exposed in the regions where the oxide was lost. This silicon oxide was
widespread in the Base alloy oxidised at 1100°C, however it did not present at all in the 800°C
oxidation samples and did not form initially in the 950°C oxidation samples. The nature of this phase
in the 950°C oxidation sample was also very different; forming a thin, continuous phase beneath
the chromium oxide, rather than the rounded form seen in the 1100°C oxidation.
Manganese chromite was clearly seen on the surface of the chromium oxide layer (Figure 4.2.2-16),
appearing as much smaller, smooth, angular scales atop the chromium oxide. Shorter oxidation
time samples displayed almost complete surface coverage of manganese chromite, however this
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phase was lost from the region surrounding the exposed matrix, leaving exposed chromium oxide,
as illustrated in Figure 4.2.2-13. This phenomenon also occurred in the 950°C oxidation samples,
however significantly less manganese chromite was lost, suggesting that the energy released in the
fracture of the thicker oxides produced at the higher temperatures, lead to greater debonding and
loss of manganese chromite from the sample surface around the fracture sites. This was in line with
XRD findings discussed previously, where 48-hour oxidation at 1100°C saw a large drop in XRD signal
for the manganese chromite phase (4.2.1.1).
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Figure 4.2.2-12: Base alloy 1100°C oxidation progression surface images, again showing clear loss of surface oxide
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Figure 4.2.2-13: Surface of Base alloy oxidised at 1100°C for 2h, 8h and 38h showing the loss of manganese chromite
around the area where the chromium oxide was lost

The cross-sectional images paired with the average oxide thickness graph show that the growth
rate of the oxide displayed a consistent pattern of more rapid early oxidation, with continued
thickening of the oxide layer with time. No clear complete plateauing of the oxide growth was seen
in the plots, therefore further oxidation could be reasonably expected to occur throughout
exposure to temperatures in the service range.
Thermogravimetric analysis (TGA) was undertaken to measure the mass gain over time with
oxidation of the alloy. This was done to compare with the oxide thickness measurements taken and
confirm the observed oxidation behaviour of the alloy. When comparing the average thickness
measurements to the mass gain over time as measured by the TGA (Figure 4.2.2-20) there was a
large step up in mass at around 21 hours of oxidation at 1100°C. This will be discussed later (5.2.1).
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Figure 4.2.2-14: Elemental mapping of Base alloy 24 hour oxidation at 1100°C indicating regions of exposed matrix,
chromium oxide and manganese chromite.

165

Figure 4.2.2-15: Base alloy 1100°C oxidation progression cross section images showing thickening of surface oxide and
subsurface oxides.
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Figure 4.2.2-16: EDS mappings showing manganese chromite atop chromium oxide throughout 1100°C oxidation of the
Base alloy
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Figure 4.2.2-17: XRD traces of Base alloy as cast and after different oxidation treatments, identifying the manganese
chromite and chromium oxide layers.

Figure 4.2.2-18: Cross section images of oxide layer of the samples analysed by XRD, showing three different oxide layer
structures.

Samples which had undergone differing temperature and time oxidation treatments,
demonstrating three different surface conditions of the oxide layer, were analysed via XRD to
confirm the different phases present on the sample surface; the oxide layer produced during the
initial stages of oxidation, with widespread coverage of the manganese rich layer on the surface of
the oxide layer was present, and after spallation had occurred.
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As previously identified, oxidation of the Base alloy for 8 hours at 1100°C showed significant
presence of manganese chromite, with strong peaks at 35°, 42.7°, 56.4° and 62°. These peaks were
found to be significantly depressed after 48-hour oxidation. This suggested the loss of the
manganese chromite phase from the surface, a result of spallation or debonding of this layer, as
observed in Figure 4.2.2-13. The 8-hour oxidation sample showed significant depressions in the
matrix peaks, reinforcing the observations of a thick, dense oxide layer on the surface. The larger
matrix peaks seen after 48-hour oxidation is evidence of the spallation of the oxide layer, which
allowed more signal from the matrix. The peak at 51° in all oxidised samples confirmed the
chromium oxide layer as Cr2O3, as previously identified with EDS and TEM analysis.
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Figure 4.2.2-19: Average Oxide thickness of Base 1100°C oxide layer
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Figure 4.2.2-20: Graph of TGA (thermogravimetric analysis) of oxidation of Base alloy at 1100°C for 60 hours

Figure 4.2.2-21 clearly illustrates the significant difference in oxide layer thickness growth between
oxidation temperatures and times, with all three temperatures displaying an increased rate of
oxidation in the early stages, but all maintaining oxide growth throughout the experiment. As
mentioned previously, the oxide layer thickness increased by between four to six times with the
increase from 800°C to 950°C. Increasing the temperature from 950°C to 1100°C saw a thickness
increase of between three and four times.
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Figure 4.2.2-21: Graph comparing growth rates of oxide layer in Base alloy at 800°C, 950°C and 1100°C
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4.2.2.2
4.2.2.2.1

Optim-Al Alloy
800°C Oxidation

Surface images of the Optim-Al alloys oxidised at 800°C for various times (Figure 4.2.2-22) did not
generate any significant information, with signs of an oxide formed on the surface but little
evidence available to allow major distinctions between the samples. EDS mapping of the regions
displayed concentrations of aluminium and oxygen across the sample, however due to the
interaction volume of the SEM, and the sub-micron scale of the oxide, much of the information
gathered was from the subsurface region. A lower accelerating voltage being used would have
allowed for more surface information to be gathered, and less subsurface signal to be generated.
Figure 4.2.2-23 shows evidence of fine chromium precipitates, which are known to form during the
heat treatment in the near surface region, however they were not all surface-breaking, as the EDS
mapping suggested. The presence of aluminium across the surface gave evidence of the presence
of an aluminium oxide covering the surface of the sample. This was backed up by the cross-sectional
images of the samples (Figure 4.2.2-24).
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Figure 4.2.2-22: Optim-Al 800°C Oxidation progression surface images, with some surface texture changes visible.
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Figure 4.2.2-23: Surface EDS Mapping of Optim-Al alloy oxidised at 800°C for 36 hours, highlighting subsurface chromium
carbides
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Figure 4.2.2-24: Optim-Al 800°C Oxidation progression cross section images showing much thinner oxide layer than Base.
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Figure 4.2.2-24 shows the thin oxide layer atop the matrix in the Optim-Al alloy after oxidation at
800°C. Whilst difficult to resolve in the backscattered SEM images, EDS mapping of the sample
oxidised for one hour (Figure 4.2.2-25) indicated concentrations of oxygen and aluminium on the
surface, beneath the protective gold and nickel layers that were added after the oxidation
treatment. This demonstrated that, despite minimal oxidation treatment time, the aluminium oxide
layer still formed. Note that some lateral drift of the sample occurred during the mapping process,
however the surface oxide layer is still evident.
Figure 4.2.2-26 displays the oxide thickness changes with time for the Optim-Al alloy. This oxide
growth follows a similar pattern to that seen in the Base alloy, characterized by more rapid oxide
growth in the initial oxidation period, followed by plateauing. When comparing the thickness of the
Optim-Al alloy to the Base alloy in the same conditions, the oxide thickness was in the range of four
times thinner than that of the Base alloy (Figure 4.2.2-27). This is beneficial to the service properties
of the alloy, as previously discussed, due to reduced stress generation between the oxide and the
bulk material during contraction during cooling, leading to greater retention of the oxide on the
pipe surface.
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Figure 4.2.2-25: EDS mapping of Optim-Al alloy oxidised at 800°C for 1 hour, showing a very thin aluminium oxide layer
present on the surface after short oxidation time.
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Figure 4.2.2-26: Graph of Average Oxide thickness of Optim-Al alloy oxidised at 800°C
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Figure 4.2.2-27: Comparison of average oxidation oxide layer thickness of Base alloy and Optim-Al alloy after oxidation at
800°C

4.2.2.2.2

950°C Oxidation

Surface images of the Optim-Al alloy oxidised at 950°C (Figure 4.2.2-28) showed significantly more
changes between one another than those of the 800°C oxidation. An oxide layer was present across
the surface of all the samples, as was the case in the 800°C oxidation. However, variations in
thickness of the oxide were observed in the backscattered images in Figure 4.2.2-28, with the
thicker oxide layer appearing as darker regions on each image. This is a result of the lower atomic
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mass of the aluminium oxide compared to the matrix beneath, meaning fewer backscattered
electrons are generated by interaction with the surface aluminium oxide. When the oxide was
thicker, less of the signal was received from the subsurface matrix, thus creating a darker region on
the backscattered image. It was therefore observed that the oxide, whilst being present across the
samples, was not uniform in growth.
These observations were reinforced by the EDS mapping, Figure 4.2.2-29, where the darker regions
of the backscattered image correlated to regions with a greater presence of aluminium.
Cross sections of the oxidised samples displayed the oxide layer beneath the nickel plating, atop
the matrix (Figure 4.2.2-30). This oxide layer was significantly thicker than that seen on the OptimAl samples oxidised at 800°C, with average oxide thickness measured at around three times thicker
at all oxidation times. When compared to the Base alloy, the oxide layer was still significantly
thinner on the Optim-Al alloy, measuring at between three and four times thinner than the Base
alloy through the first 8 hours of oxidation, and increasing to over seven times the thickness of the
Optim-Al alloy by 48 hours, due to the continually growing nature of the Base alloy oxide layer,
compared to the plateauing seen in the growth of the Optim-Al alloy oxide layer(Figure 4.2.2-32).
As with the Optim-Al alloy oxidised at 800°C, the oxide appeared to be continuous across the
surface, with no evidence of fracture or regions of exposed matrix. This observation was particularly
important for the maintenance of protection afforded by the oxide in service, as the oxide will
maintain its presence at operating service temperatures, forming the physical barrier necessary to
inhibit catalytic coke formation.
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Figure 4.2.2-28: Optim-Al 950°C Oxidation progression surface images, showing varied surface appearance.
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Figure 4.2.2-29: Optim-Al Alloy EDS Mapping after oxidation at 950°C for 2 hours demonstrating mixed thickness of oxide
through aluminium concentration.
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Figure 4.2.2-30:Optim-Al 950°C Oxidation progression cross section images, showing increasing oxide thickness.
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Figure 4.2.2-31: Graph of oxide thickness with increasing oxidation time of Optim-Al alloy at 950°C
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Figure 4.2.2-32: Graph comparing average oxide thickness of Optim-Al alloy oxidised at 800°C and the Optim-Al and Base
alloys oxidised at 950°C

4.2.2.2.3

1100°C Oxidation

Surface images of the Optim-Al alloy oxidised at 1100°C displayed oxide across the majority of the
sample, however there were clear regions of lost material, as seen previously with the Base alloy.
The loss appeared greatest in the 48-hour oxidation treatment, but the losses were similar in
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volume from the 4-hour through to the 36-hour samples. As seen previously with the Base alloy,
the oxide layer appeared to be lost primarily along the machining marks present on the surface of
the alloy. This will be discussed in more depth later (5.4).
The nature of the aluminium oxide layer is to grow significantly thinner than that of the chromium
oxide. This leaves potential for the contrast seen in the image to be due to signal being picked up
from the matrix, beneath the thin surface aluminium oxide. When examining the cross sections of
the Optim-Al alloy (Figure 4.2.2-35), no immediate evidence of lost material was present. The oxide
covered the surface of all the samples, increasing in thickness with increased oxidation time.
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Figure 4.2.2-33: Optim-Al 1100°C Oxidation progression surface images displaying apparent lost oxide layer
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Figure 4.2.2-34: EDS mapping of Optim-Al alloy surface after 4-hour oxidation at 1100°C examining the loss of oxide layer.
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Figure 4.2.2-35: Optim-Al 1100°C Oxidation progression cross section images showing significant thickening and changing
nature of the oxide layer by 48 hour oxidation.
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Further examination of the 48-hour sample showed a clear difference in the oxide layer, with two
separate oxides present. Figure 4.2.2-36 showed the oxide on the immediate surface of the matrix
appearing to be the dense, continuous aluminium oxide seen elsewhere on the sample. However,
above this aluminium oxide, a second oxide was formed. The EDS mapping suggested a composition
of primarily nickel, aluminium and oxygen. The presence of nickel in this outer oxide was
concerning, as nickel is a catalyst for catalytic coking. However, its presence as an oxide rather than
in the matrix alters its effect, as this NiAl2O4 (nickel aluminide) spinel phase has been investigated
as a catalyst for steam reforming of hydrocarbons. The nickel aluminide layer appeared to only form
at higher temperatures after prolonged treatment times, as it was not evident in the shorter
oxidation treatments or in any of the samples oxidised at lower temperatures. Thus, service
temperatures of the order of 800°C are unlikely to elicit rapid formation of this secondary oxide. It
is possible that the nickel aluminide will form during service after significant time at operational
temperatures, beyond the timescales investigated. More likely is during the cleaning cycle; it runs
at temperatures and times in the range of this experiment; therefore the production of this spinel
phase could be expected.
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Figure 4.2.2-36: EDS mapping of 48-hour 1100°C oxidation of Optim-Al alloy examining the two differing oxide layers on
the sample surface
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Figure 4.2.2-37: XRD traces of Optim-Al alloy as cast and after three different oxidation treatments identifying the surface
oxides.

Figure 4.2.2-38: Cross section SEM backscattered images of Optim-Al alloy samples investigated by XRD analysis,
displaying the identified phases.

XRD was undertaken on three samples to confirm the changes of the oxide layer. As with the Base
alloy, a lower temperature oxidation sample was analysed to evaluate the oxide layer produced
early in the oxidation process. The longer oxidation treatment sample was included to identify the
secondary oxide layer which appeared on the sample surface after extended oxidation times.
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Figure 4.2.2-37 showed major peaks at 35° and 57.5° which correlated to Al2O3 on the surface of
the samples in all oxidation treatments. The spinel phase NiAl2O4 was also present, particularly in
the 48-hour oxidation sample, which was seen atop the aluminium oxide layer as the second oxide
identified in Figure 4.2.2-38. This was identified by the peaks at 36.5° and 65°, with the 8-hour
1100°C oxidation sample also demonstrating this phase presence.
The oxide thickness measurements (Figure 4.2.2-39) show a consistent increase in oxide thickness
with time during the short oxidation times. This continued but tailed off after 8 hours, with the
graph slowly arcing to a progressively reduced oxide growth rate.
Similarly, the thermogravimetric analysis (TGA) test displayed similar growth rate and pattern, as
displayed in Figure 4.2.2-40. The small dip seen within the first 2 hours of the TGA test was identified
as cause by the correction curve of the alumina crucible, and was also present on the curve for the
Base alloy (Figure 4.2.2-21). This is illustrated in Figure 4.2.2-41, showing the correction curve to
have a dip which is then translated onto the results for both alloys. This dip on both alloys can
therefore be ignored as significant.
The comparison of the Base alloy and the Optim-Al alloy’s oxide thickness and mass gain at 1100°C
showed roughly a six-fold decrease in mass gain and oxide thickness for the Optim-Al alloy
compared to the Base alloy, with a significantly thinner oxide on the surface (Figure 4.2.2-43). As
formerly discussed, the benefits of thinner oxide layers are significant if the oxide performs just as
well, let alone if the oxide displays greater consistency, coverage of the matrix, and increased
durability.
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Figure 4.2.2-39: Oxide thickness progression of Optim-Al alloy oxidation at 1100°C
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Figure 4.2.2-40: Graph of TGA (thermogravimetric analysis) measurement of Optim-Al alloy oxidised at 1100°C for 60
hours
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Figure 4.2.2-41: TGA traces of Base and Optim-Al alloy along with the crucible correction curve (red), demonstrating the
cause of the apparent mass loss around two hours into the oxidation treatment.
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Figure 4.2.2-42: Graph comparing Optim-Al alloy average oxide layer thickness over time at 800°C, 950°C and 1100°C
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Figure 4.2.2-43: Comparison graph of oxide layer thickness between Base alloy and Optim-Al alloy after oxidation at
1100°C

4.2.2.3

Summary of effects of time and temperature on oxide layer growth

The Base alloy showed significantly thicker oxide growth at all compared temperatures and times,
producing the chromium oxide layer previously identified in 4.2.1, compared to the aluminium
oxide layer produced by the Optim-Al alloy. Oxidation rate was found to be generally parabolic,
howeve a step change in the Base alloy oxidation was observed after around 21 hours of oxidation
at 1100°C. This will be discussed later (5.2.1).
Both alloys displayed some evidence of spalled oxide layer, however this was much more
widespread for the Base alloy and occurred at lower temperatures and shorter oxidation times.
Furthermore, repassivation of the oxide layer appeared to occur with the Optim-Al alloy, whilst that
was not consistently the case with the Base alloy.

4.2.3 Adhesion of oxide layer
As was observed in 4.2.2, the oxide layer on the Base alloy and the Optim-Al alloy displayed lost
oxide from the surface of the pipe, particularly with higher temperatures and the longer oxidation
treatments. Furthermore, the oxide clearly appeared to be lost around the machining marks on the
inner diameter surface of the processed pipes (observed primarily in Figure 4.2.2-12 and Figure
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4.2.2-33). Therefore, the effect of the surface to be oxidised, and the adhesion of the oxide to the
substrate were investigated.
4.2.3.1

Effect of surface roughness on oxide adhesion

As identified previously, the alloys lose the oxide from the surface in specific regions, apparently
related to the machining marks on the sample surfaces. The Optim-Al alloy was oxidised with
differing sample surface preparations to assess the oxide adhesion. Three preparations were
analysed; ground with 120 grit paper; as machined; and ground with 1200 grit paper. All three
samples were oxidised for 24 hours at 1100°C.
Table 4.2.3-1: Roughness measures of Optim-Al samples before oxidation

Sample
Optim-Al 120 grit grind
Optim-Al machined
Optim-Al 1200 grit grind

Average Ra
0.73
0.52
0.11

Table 4.2.3-2: Average % area of Optim-Al sample surface without oxide layer present

Surface finish
120 grit
Machined
1200 grit

Average % area without oxide
1.87
9.98
1.54

All three samples displayed evidence of material loss (Figure 4.2.3-1, Figure 4.2.3-3 and Figure
4.2.3-5), however this loss greatly varied between surface finishes. The sample with the smoothest
finish, the 1200 grit paper, displayed the lowest level of lost oxide from the surface (1.54%), whilst
the machined sample displayed the greatest loss (9.98%), as displayed in Table 4.2.3-2, as calculated
using ImageJ software.
The other features seen in Figure 4.2.3-5 which were not the surface oxide layer, nor the exposed
matrix beneath, were identified by EDS mapping (Figure 4.2.3-6) as surface breaking niobium
carbides. The presence of these is in line with the oxidation observations made in 4.2.1.4, where it
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was seen that the oxide layer formed beneath niobium carbides which were exposed to the
environment, rather than forming the aluminium oxide layer atop them as seen across the rest of
the sample.
In all three samples, the lost material shared at least one border with a scratch, machining mark, or
other defect on the surface of the sample. It is hypothesized that as the sample surface oxidises,
the walls of the scratch or machining mark will also oxidise, and as the oxide layer thickens, pressure
builds up as the two opposing oxides come into contact with one another in the scratch. As the
oxide continues to thicken with time, the pressure reaches a critical point at which the oxide
ruptures outwards, and in doing so fractures the oxide and debonds it from the bulk material. This
process is illustrated in Figure 4.2.3-7.
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Figure 4.2.3-1: Optim-Al alloy oxidised. 120 grit paper finish. Patches of lost oxide identifiable.
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Figure 4.2.3-2:EDS mapping of Optim-Al oxidised after 120 grit paper finish identifying exposed matrix material.
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Figure 4.2.3-3: Optim-Al alloy oxidised. As machined finish. Showing widespread oxide removal from surface.
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Figure 4.2.3-4: EDS mapping of as machined Optim-Al alloy indicating exposed matrix material.
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Figure 4.2.3-5: Optim-Al alloy oxidised. 1200 grit paper finish. Showing limited oxide layer loss from surface.
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Figure 4.2.3-6: EDS mapping of Optim-Al alloy oxidised surface. 1200 grit paper finish identifying exposed matrix.
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Figure 4.2.3-7: Diagram of proposed mode of failure and material loss due to surface imperfections during the high
temperature oxidation of the alloys. Stresses forming from two oxide surfaces in contact with one another lead to fracture
and debonding of the oxide layer.

These results suggested that minimizing surface scratches and machining marks will significantly
improve the oxide layer retention on the surface of the samples.
4.2.3.2

Scratch tests

To further evaluate the adhesion of the oxide layer, scratch tests were undertaken. Scratch tests
are used to assess the adhesion of a surface layer on a material, and the failure mechanism of the
surface layer. A force is applied by a diamond tip at an increasing rate; either a linear increase or a
stepped increase, until failure of the surface layer. Friction and acoustic emission of the test are
regularly measured, and the scratch tracks are examined after the test. The European Standard EN
1071-3 describes the scratch test procedure (121). This test was used to more accurately quantify
the differences in adhesion of the oxide layer between the chromium oxide layer on the Base alloy,
and the aluminium oxide layer on the aluminium containing alloys, as well as determine the failure
mechanisms of the oxide layers under applied force. Greater adhesion of the oxide layer indicates
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a lower likelihood of spallation, with greater stress build up from thermal expansion or contraction
required to cause debonding.
Samples of all four alloys at the machined inner diameter depth were polished and oxidised under
different conditions to one another to elicit the greatest coverage of surface oxide on all samples.
The samples underwent scratch tests from 0N-60N force in a linearly increasing rate.
Examination of the Base alloy scratch tests showed significant loss of surface oxide from low
pressures, with damage to the oxide apparent from the very beginning of the scratch test (Figure
4.2.3-8). Figure 4.2.3-9 displays the surface presence of matrix forming elements, confirming the
exposure of the matrix and removal of the oxide from the sample surface. These results signify poor
bonding adhesion between the oxide and the substrate beneath. The appearance of the scratch
test marks produced are in line with buckling failure followed by spallation buckling failure of the
oxide, as described by Bull (135,136) and displayed in Figure 4.2.3-13. This is characterized by failure
in an arc ahead of the contact point, followed by lateral spread of the scratch track of the spalled
material. This failure indicates high tensile stresses within the oxide layer, released by throughthickness cracks created by the stress applied in the test. The greater thickness of the chromium
oxide layer compared to the other alloys is also likely to be a factor with its potential for greater
internal stresses.
Half of all surface oxide layer material in the scratch track was lost at an average force of 10N across
the three scratches on the Base alloy. This is a significant concern, as the bonding between the
oxide and matrix is clearly poor, and the oxide is likely to experience some impact forces during the
cleaning process, where the coke layer is burned out, with debris moving through the pipe at a
significant speed, and therefore impacts with the pipe are likely to lead to removal of the protective
oxide layer.
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The Low-Al alloy, whilst not having a consistent oxide across the sample surface, as discussed
previously (4.2.1.2), showed the oxide layer remaining intact through to 25N of force, displaying
significantly greater adhesion to the matrix than the Base alloy. Failure of the oxide appears to be
buckling, with buckling spallation occurring at forces above 40N, a similar failure mechanism to the
Base alloy, however, it showed much greater adhesion and resilience to damage at lower forces.
The High-Al alloy, similar to the Low-Al alloy, maintained surface oxide throughout the low applied
force range, with no noticeable damage evident until stresses over an average of 20N were applied
(Figure 4.2.3-11). This was a similar range to the Low-Al alloy, and significantly greater than the
Base alloy. With some oxide material found outside the scratch wear track, this appeared to once
again be buckling, however there is very little evidence of buckling spallation.
The Optim-Al alloy scratch test appeared more resilient than the other tested alloys, as no visible
damage or oxide removal occurred until 30N of force was applied. The oxide layer displayed
conformal cracking, rather than buckling of the oxide as observed with the other three alloys. The
oxide layer was not removed from its initial site, instead the force of the scratch test led to
fracturing of the oxide in place, demonstrating significantly greater adhesion between the oxide
layer and the bulk matrix, with through thickness failure occurring without debonding. This result
further suggests a significantly better oxide maintenance for the Optim-Al alloy than that seen with
the Base alloy, a significant indicator of potential improved performance in service.
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Figure 4.2.3-8: Base alloy scratch tests backscattered images displaying loss of surface oxide from low loads onwards.
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Figure 4.2.3-9: EDS mapping of scratch track of Base alloy scratch test in 30-45N range, demonstrating matrix exposure.
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Figure 4.2.3-10: Low-Al alloy scratch test backscattered images showing some resilience to loss of oxide at low force.

Figure 4.2.3-11: High-Al alloy scratch test backscattered images showing some resilience to loss of oxide at low force.

Figure 4.2.3-12: Optim-Al alloy scratch test backscattered images showing good adhesion at low and moderate forces,
and differing failure patterns to the other three alloys.
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Figure 4.2.3-13: Failure modes in scratch tests (135). Demonstrating the 8 common failure modes in scratch tests, split
between interfacial failure modes and through thickness cracking modes. The chromium oxide forming alloys of Base,
Low-Al and High-Al all displayed buckling and some degree of buckle spallation, whereas the alumina forming Optim-Al
displayed conformal cracking.
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4.2.3.3

Pilling-Bedworth Ratio

Maintenance of adhesion of an oxide to a substrate with regards to the difference in densities of
the oxide compared to the substrate matrix are evaluated using the Pilling-Bedworth Ratio (PBR).
A PBR below 1 indicates a porous or cracked, discontinuous oxide on the substrate surface. A PRB
of over 2 suggests a spalling oxide, whilst a PBR between 1 and 2 will usually be a protective oxide
to the surface (137). The PBR was calculated for the different alloys and their respective oxides.
Due to the complex nature of the alloy compositions, some assumptions and simplifications were
required to give an appropriate calculation.
Equation 1: Pilling-Bedworth Ratio

𝑅𝑃𝐵 =

𝑉𝑜𝑥𝑖𝑑𝑒 𝑀𝑜𝑥𝑖𝑑𝑒 × 𝜌𝑚𝑒𝑡𝑎𝑙
=
𝑉𝑚𝑒𝑡𝑎𝑙 𝑀𝑚𝑒𝑡𝑎𝑙 × 𝜌𝑜𝑥𝑖𝑑𝑒

Where V=molar volume, M=molecular mass and ρ=density.
As XRD analysis of the as cast alloys showed, the matrix was found to be Ni2Fe, which has a density
of 7.74g/cm3. Calculating an experimental density of the Optim-Al alloy from the composition found
using EDS spot identification is shown in Table 4.2.3-3. Taking into consideration the high carbon
content readings, a pitfall of EDS analysis, it can be assumed that the calculated theoretical density
of the Optim-Al matrix is congruent to the known density of Ni2Fe of 7.74g/cm3.
Table 4.2.3-3: Optim-Al matrix composition and theoretical density

Atomic mass

weight %

density, ρ (g/cm3)

weight % x density

C

12.011

7.25

2.26

16.385

Al

26.982

3.95

2.702

10.673

Si

28.085

0.54

2.33

1.258

Cr

51.996

27.39

7.19

196.934

Mn

54.938

0.76

7.43

5.647

Fe

55.845

19.69

7.874

155.039

Ni

58.963

40.11

8.9

356.979

Element

Total
Theoretical Density

742.915
7.452 g/cm3
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Table 4.2.3-4: Densities of matrix and oxide compaounds

Compound
Ni2Fe
Al2O3
Cr2O3

density, ρ (g/cm3)
7.74
3.987
5.22

Using the atomic mass data in Table 4.2.3-3, the molecular mass of Ni2Fe is calculated to be 173.231,
whilst Al2O3 is 101.964 and Cr2O3 151.992. Therefore, the PBR for Al2O3 on the alloys is 𝑃𝐵𝑅 =
101.964×7.74
173.231×3.987

= 1.143. This is clearly in the protective oxide range, demonstrating that the

aluminium oxide layer produced on the alloy surface of Optim-Al should maintain adhesion without
spalling, and will cover the alloy surface without fracture or porosity. The PBR for Cr2O3 =
151.992×7.74
173.231×5.22

= 1.300, similarly in the protective and adhered range. The higher PBR score for the

chromium oxide shows a greater disparity in volume between the chromium oxide and the matrix,
therefore this oxide is more likely to spall than the aluminium oxide; in line with previous
observations.
4.2.3.4

Summary of adhesion of oxide layer

Spallation was found to centre around deep scratches or machining marks on the surface of the
substrate. The smoother the surface, the greater the maintenance of the oxide layer appears to be.
The adhesion of the aluminium oxide layer to the alloy matrix was found to be significantly greater
in all three aluminium containing alloys than the adhesion of the chromium oxide layer to the Base
alloy.

4.2.4 Effect of oxidation conditions on oxidation behaviour
Air oxidation was shown to produce various oxide products in the different alloys, however pretreatment with controlled oxygen levels and conditions may allow for different oxides to form on
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the sample surfaces. Moreover, after installation of new pipes in a furnace, the protective oxide
layer may then be formed in situ, therefore understanding the best conditions for this oxide
development is paramount. The effect of vastly reducing the available oxygen for oxidation of the
alloys is to allow the Low- and High-Al alloys to form aluminium oxide on their surfaces rather than
the chromium oxide which has appeared to be dominant.
Furthermore, the alloys will likely undergo cycles of differing thermal events between service
temperatures, cleaning temperatures and cool downs, which have a dramatic effect on the stability
and life of the alloy and its oxide.
4.2.4.1

Effect of low partial pressure of oxygen on oxidation behaviour

Each element has a different limit of oxygen availability at a particular temperature for the oxide to
form at equilibrium. Figure 4.2.4-1 shows the limits of oxygen partial pressures for chromium,
aluminium, titanium, silicon and manganese at 800°C. This suggests that aluminium has a
significantly lower oxygen presence dependency, in the order of PO2 = 10-45 (red line), whilst
chromium is significantly higher at around PO2 = 10-27 (green line), and silicon sits between the two
at around PO2 = 10-35 (purple line). Manganese showed a limit slightly below chromium, of the order
of PO2 = 10-29 (yellow line). As titanium sits between aluminium and chromium (blue line), it was
used to preferentially oxidize before chromium was able to, whilst allowing aluminium to continue
to oxidize in the conditions.
To limit the formation of chromium containing oxides and therefore promote the aluminium or
silicon oxide growth on the sample surfaces, all of the samples were oxidised with titanium
upstream at PO2 = 10-25 and without titanium at PO2 = 10-23 for 24 hours at 800°C, very close to the
oxygen limit of chromium oxide production, whilst still in the working temperature range of the
alloys in service.
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Figure 4.2.4-1: Ellingham diagram displaying the limits of partial pressures of oxygen required to oxidise chromium,
aluminium, titanium, manganese and silicon at 800°C.

4.2.4.1.1

Base Alloy

4.2.4.1.1.1 Oxidation: PO2 = (10-25)
The Base alloy appeared to have formed an oxide layer at this lowest partial pressure of oxygen,
after treatment for 24 hours at 800°C, and the regions with a surface oxide formed an oxide layer
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of a similar thickness to that seen after the same temperature and time oxidation in atmospheric
pressure air, as seen in Figure 4.2.4-3. The chromium however was limited to mainly surface
breaking carbides, whereas the oxide appears to be manganese heavy, with some presence of
silicon and chromium. This suggests the oxide could either be the manganese chromite, common
on the surface of the chromium oxide produced in air, or it could be a manganese oxide, produced
preferentially due to the limited oxygen preventing the formation of chromium oxide.
As discussed previously, glow discharge optical emission spectroscopy (GDOES) allows the
composition of a conductive material to be measured by plasma sputtering of the top layer of the
material and recording the resultant photons. This allows the surface layer of the treated samples
to be chemically analysed through the surface to the bulk alloy. GDOES was used to investigate the
composition of the surface layers produced after the low partial pressure of oxygen oxidation
treatments, as the composition measurements gave additional evidence in identifying the thin
surface oxide composition alongside EDS analysis.
When examining the GDOES trace of the surface of the sample, shown in Figure 4.2.4-5, the
manganese levels are clearly elevated on the sample surface, along with chromium and oxygen,
before being taken over by mainly chromium and oxygen. This reinforces the evidence for
manganese chromite or manganese oxide production on the very surface of the sample.
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Figure 4.2.4-2: SEM images of Base alloy oxidised at PO2=10-25 with some discernible surface oxide present

Figure 4.2.4-3: Comparison of Base alloy after; (a) air oxidation; (b) PO2=10-25 oxidation at 800°C for 24 hours showing
similar growth rate but poorer surface coverage when oxidized at lower oxygen availability.
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Figure 4.2.4-4: EDS Mapping of Base alloy oxidised at PO2=10-25 showing manganese rich surface oxide.
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Figure 4.2.4-5: GDOES of inner surface of Base alloy oxidised at PO2 = 10-25 with heightened manganese content at the
surface of the sample.

The matrix changed in a very similar way to that when oxidised in air, with the precipitation of fine
chromium carbides around the edge of the grain. This was to be expected, as the thermal profile of
the heat treatment had not been altered, only the atmospheric environment, therefore only the
surface reactions would be expected to differ.
4.2.4.1.1.2 Oxidation: PO2 = (10-23)
The raised oxygen content increased the possibility of chromium oxidation occurring compared to
the conditions in the previous oxidation. The SEM images showed a surface oxide layer was
produced, once again a similar thickness to that produced after the same time and temperature
oxidation in air (Figure 4.2.4-7). The EDS mapping scans in Figure 4.2.4-8 confirmed the presence of
an oxide layer. The mappings show primarily chromium and manganese present, with evidence
suggesting that nickel and iron were also oxidised at the surface.
These results demonstrated that lower oxygen availability can reduce the formation of certain
oxides and promote others. However, in this alloy, the presence of nickel and iron on the surface
indicated that this alloy did not benefit from low oxygen oxidation by forming a more beneficial
oxide for coking protection. This was to be expected with no aluminium in this alloy, as the low
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oxygen availability would be beneficial in promoting the growth of aluminium oxide on the sample
surface.

Figure 4.2.4-6: SEM images of Base Alloy oxidised at PO2 = 10-23
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Figure 4.2.4-7:Comparison of Base alloy after; (a) air oxidation; (b) PO2=10-23 oxidation at 800°C for 24 hours
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Figure 4.2.4-8: EDS Mapping of Base alloy oxidised at PO2=10-23
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4.2.4.1.2

Low-Al Alloy

4.2.4.1.2.1 Oxidation: PO2 = (10-25)
The aluminium containing alloys were expected to produce more beneficial results from low PO2
oxidation conditions than those of the Base alloy, with the oxygen availability well above the limit
for aluminium oxidation, as displayed in Figure 4.2.4-1. The images of the Low-Al alloy (Figure
4.2.4-9) showed an oxide across the surface of the alloy, beneath the nickel coating layer that was
added after oxidation.

Figure 4.2.4-9: SEM images of Low-Al alloy oxidised at PO2 = 10-25

EDS mapping confirmed the oxide presence across the surface of this alloy, with aluminium being
the clear oxide former compared to the other elements present, with some patches of a manganese
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rich oxide atop the aluminium oxide. This was probably either a manganese chromite or manganese
oxide, as seen on the Base alloy. This showed a major improvement compared to the same alloy
oxidised at the same time and temperature in air, where the alloy formed surface chromium oxide
in some regions. The oxide layer did not fully encapsulate the surface after air oxidation, however
it was able to with low oxygen oxidation, as evident in Figure 4.2.4-9. Furthermore, the aluminium
oxide was formed on the alloy surface, rather than as an internal oxidation product which
agglomerates over the oxidation period, as was observed to occur after the air oxidation.
Figure 4.2.4-11 shows the GDOES results on the surface of the alloy, displaying a rise in aluminium
and oxygen at the surface, along with a rising peak of chromium. The chromium appears present at
the surface due to the patchy oxide layer and some variation occurring due to differing sputtering
rates and oxide thicknesses on the sample surface.
The concern highlighted by these results was the apparent fracturing of the aluminium oxide along
its length in some regions, as highlighted in Figure 4.2.4-10. The oxide had not fractured at the
oxide-matrix interface, which is positive for the interfacial bonding, however the fracture is a
concern for the maintenance of an oxide across the surface. This fracture was probably caused in
the cooling stage of the treatment, with internal stresses reaching breaking point with the thermal
contraction on cool down.
As with the Base alloy, the matrix changes were in line with those seen in the air oxidation
treatments of the alloy.
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Figure 4.2.4-10: EDS Mapping of Low-Al alloy after oxidation at PO2 = 10-25 showing fracture in the oxide layer.
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Figure 4.2.4-11:GDOES of inner surface of Low-Al alloy oxidised at PO2 = 10-25

4.2.4.1.2.2 Oxidation: PO2 = (10-23)
The lower oxygen availability compared to air didn’t allow for the influx of oxygen into the Low-Al
alloy, therefore the oxide cannot form around or over features on the alloy surface, as was seen in
air oxidation in the Optim-Al alloy. However, the surface was mainly covered by an aluminium
oxide, as shown by the EDS mapping in Figure 4.2.4-13. The increased oxygen availability compared
to the previous test due to the lack of titanium as an oxygen scavenger allows surface chromium
carbides to supply the necessary chromium for chromium oxide to form on the surface in these
regions, breaking up the continuous aluminium oxide seen in the lower oxygen oxidation treatment.
Whilst there appeared to be oxide present across the surface of the alloy (which was not the case
when oxidised in an air environment) the increase in oxygen availability led to a less consistent
surface, with aluminium oxide no longer the sole barrier to the external environment.
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Figure 4.2.4-12: SEM images of Low-Al alloy oxidised at PO2 = 10-23
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Figure 4.2.4-13: EDS mapping of Low-Al alloy oxidised at PO2 = 10-23 Identifying surface aluminium oxide layer.
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4.2.4.1.3

High-Al Alloy

4.2.4.1.3.1 Oxidation: PO2 = (10-25)
The higher aluminium content in this alloy should facilitate the growth of a surface aluminium oxide
more readily than the Low-Al alloy, as it contains a higher percentage of aluminium both in the cast
material, and available in the matrix (Figure 4.1.1-6), despite the widespread formation of the nickel
and aluminium rich phase.
Figure 4.2.4-14 showed an oxide layer across the sample’s surface, which didn’t grow beneath the
chromium oxide as in the samples oxidised in air, but instead grew alone. Figure 4.2.4-15 confirmed
the oxide to be aluminium rich, absent of the surface chromium oxide, and only a small region
showing a second oxide product, which, like the Low-Al alloy, appeared to be manganese rich;
either manganese chromite or a manganese oxide. As demonstrated in Figure 4.2.4-1, manganese
is able to oxidize at lower oxygen partial pressures when compared to chromium.
The GDOES trace in Figure 4.2.4-16 showed a significantly higher aluminium content at the surface
of the alloy compared to the Low-Al alloy, and no peak in chromium in the near surface area. This
suggested a thicker and more widespread aluminium oxide layer across the surface compared to
the Low-Al alloy.
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Figure 4.2.4-14: SEM images of High-Al alloy oxidised at PO2 = 10-25
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Figure 4.2.4-15: EDS mapping of High-Al alloy oxidised at PO2 = 10-25 indicating growth of a thin aluminium oxide across
the surface of the sample.
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Figure 4.2.4-16: GDOES of inner surface of High-Al alloy oxidised at PO2 = 10-25

4.2.4.1.3.2 Oxidation: PO2 = (10-23)
Greater oxygen availability in this treatment increased the ability of chromium to oxidise on the
sample surface. That was observed to occur in the regions where the matrix material was exposed
on the surface. Whilst an aluminium oxide was present on the surface where there was a surfacebreaking nickel and aluminium rich phase and the surrounding region, areas of exposed matrix
allowed the formation of a chromium rich oxide on the surface as seen in Figure 4.2.4-18.
Whilst aluminium oxide was present across the surface of the alloy after oxidation at lower oxygen
levels, the raise in oxygen availability allowed the chromium to oxidise.
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Figure 4.2.4-17: SEM images of High-Al alloy oxidised at PO2 = 10-23
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Figure 4.2.4-18: EDS mapping of High-Al alloy after oxidation at PO2 = 10-23 showing mixed surface oxide products.
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4.2.4.1.4

Optim-Al Alloy

4.2.4.1.4.1 Oxidation: PO2 = (10-25)
The Optim-Al alloy showed formation of an aluminium oxide across the sample surface, as expected
when referring to the Ellingham diagram in Figure 4.2.4-1, and there appeared to be precipitation
of chromium carbides beneath the surface of the alloy. The carbide morphology was the main
difference observed between the air oxidation and low partial pressure of oxygen oxidation
samples, as compared in Figure 4.2.4-20. There was a clear difference between the carbides formed
immediately beneath the oxide at the surface of the alloy and those found deeper in the alloy. In
the bulk of the alloy, the acicular carbides, which were observed regularly in other oxidation
treatments, are evident. These acicular, needle-like carbides are characteristic of the Cr7C3 phase,
as discussed previously, whilst the near surface carbides appear to be of the Cr23C6 phase.
The formation of this near surface carbide was also seen in the Optim-Al alloy when oxidised in air
with the same time and temperature, however it did not noticeably occur in other states. It is
hypothesized this was a result of degradation of the near surface carbides from the Cr7C3 form to
the C23C6 form as a result of the aging.
The GDOES trace shows the aluminium presence on the surface to be significantly higher than the
other two aluminium containing alloys, with manganese and chromium both lower. This
demonstrates the continuous nature of the aluminium oxide layer on the Optim-Al alloy compared
to the others, giving further evidence of the improved coverage of the oxide layer.
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Figure 4.2.4-19:SEM images of Optim-Al alloy after oxidation at PO2 = 10-25with apparent continuous surface oxide.

Figure 4.2.4-20: Comparison of Optim-Al alloy after; (a) air oxidation; (b) PO2=10-25 oxidation at 800°C for 24 hours
demonstrating similar microstructure changes in the ner surface matrix.
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Figure 4.2.4-21: EDS Mapping of Optim-Al alloy after oxidation at PO2 = 10-25 with thin aluminium rich surface oxide layer
present.
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Figure 4.2.4-22: GDOES of inner surface of Optim-Al alloy oxidised at PO2 = 10-25

4.2.4.1.4.2 Oxidation: PO2 = (10-23)
The increase in oxygen availability allowed the formation of chromium oxide on the surface of the
other alloys. However, the Optim-Al alloy maintained its surface aluminium oxide, with no evidence
suggesting any competing oxide growth in this low oxygen availability oxidation treatment.
Similar to the previous sample oxidised at PO2=10-25, the most noticeable difference between the
alloy oxidised in air and that in the low partial pressure of oxygen was the nature of the secondary
carbide precipitation (Figure 4.2.4-24).
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Figure 4.2.4-23: SEM images of Optim-Al alloy after oxidation at PO2 = 10-23

Figure 4.2.4-24: Comparison of Optim-Al alloy after; (a) air oxidation; (b) PO2=10-23 oxidation at 800°C for 24 hours
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Figure 4.2.4-25: EDS elemental mapping of Optim-Al alloy after oxidation at PO2 = 10-23 with surface aluminium oxide
layer.
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4.2.4.2

Cyclic Oxidation

The Optim-Al alloy was consistently shown to be the most protective of the alloys with regards to
the production and maintenance of a surface oxide layer acting as a barrier between the matrix and
the reactive gas stream in service. To this point only single oxidation treatments had been
evaluated, therefore cyclic oxidation treatment was undertaken on the Optim-Al alloy, to allow
further assessment of the formation and adherence of the oxide layer to the sample surface. The
inner diameter of the machined sample was analysed, allowing the results to be representative of
the alloy in service.
The sample was pre-oxidised at 875°C for 48 hours at PO2 = 10-27, before cyclic oxidation between
1150°C ad 25°C for 45 minutes and 25°C for 15 minutes, for 50 cycles (see Figure 4.2.4-26). This
treatment was highly stressful on the alloy, vastly exceeding the recommended maximum cooling
rates in service of 100°C/hour, therefore some damage to the bulk material was possible, however
this was necessary to facilitate the desired extreme testing conditions.
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Figure 4.2.4-26: Graph showing temperature change profile of cyclic oxidation treatment, illustrating all 50 cycles.

4.2.4.2.1

Effect of cyclic oxidation on matrix structures

As seen previously, increased oxidation treatment times lead to precipitation and spherification of
the chromium carbide phases within the matrix. This was observed to continue, with Figure 4.2.4-27
displaying very rounded, almost circular carbides throughout the matrix, with both the primary
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carbides formed during casting, and the secondary carbides precipitated during the heat treatment
appearing rounded. This, as discussed before, was a result of the carbides minimizing their surface
energies. This phenomenon was not seen with the aluminium and nickel rich phase, which
appeared to maintain its as cast morphology.

Figure 4.2.4-27: SEM images of Optim-Al alloy matrix after cyclic oxidation treatment showing rounded carbides within
the matrix.
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Figure 4.2.4-28: EDS Mapping of the Optim-Al alloy matrix after cyclic oxidation showing alteration of carbide morphology.

4.2.4.2.2

Oxide Layer formation and maintenance with cyclic oxidation

Examination of the surface of the Optim-Al alloy after the cyclic oxidation treatment displayed a
thick, consistent aluminium oxide covering most of the sample surface, as shown in Figure 4.2.4-29.
Some areas showed the surface oxide fracturing and detaching from the sample surface, however
this was still found to be coated with the nickel-plating layer. This indicated the fracture occurred
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during sample preparation for imaging and was present and adhered to the sample surface before
the mounting and polishing procedures.
The widespread presence and adherence of the oxide is highly promising for the effective
protection of the alloy in service. The oxide layer thickened over the treatment time, indicating the
oxide had not spalled and regrown, or fractured and been removed during the treatment, but had
thickened and maintained the bond to the bulk sample. Figure 4.2.4-29 shows signs of fracturing of
the bulk alloy; a result of the rapid temperature changes in the treatment, however the EDS
mappings show that even this exposure of matrix material to the atmosphere was followed by
oxidation of the exposed surface, demonstrating repassivation and therefore protecting the matrix
from the environment.
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Figure 4.2.4-29: SEM images of Optim-Al alloy machined internal diameter cross section after cyclic oxidation treatment,
showing a region with a crack on the surface.
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The EDS map (Figure 4.2.4-30) shows that an internal fracture occurred along a grain boundary
populated with chromium carbides. These boundaries between the matrix and the secondary phase
were the weaknesses in the bulk alloy. This fracture however subsequently appeared to have been
oxidised, with evidence of raised aluminium content along the fracture line, albeit a smaller level
than that seen on the alloy surface. This was probably in part due to reduced space for growth and
significantly reduced oxygen availability, as well as through the reduced aluminium availability with
much of the available aluminium in the near surface region having already been oxidised on the
surface. Apparent niobium presence atop the oxide was once again due to overlapping energy
intensities between niobium and the gold used to coat the sample before nickel plating.
Figure 4.2.4-31 examines a surface breaking fracture in the alloy, which was probably a result of the
rapid change in temperature during the treatment. The crack is flanked by chromium carbide
particles, which appear to present the path of lowest energy for the crack to propagate. With this
site surface breaking, both greater oxygen availability and room for oxide growth allowed a thicker
aluminium oxide to form across the entire crack surface. This was more positive evidence for the
repassivation on the surface of fractures and exposed material in the case of minor failures of the
pipe or loss of surface oxide material.
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Figure 4.2.4-30: EDS mapping of Optim-Al alloy cross section after cyclic oxidation illustrating a dense aluminium oxide
layer atop the sample surface.
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Figure 4.2.4-31: EDS mapping of Optim-Al alloy after cyclic oxidation on crack showing growth of aluminium oxide across
the crack surface, maintaining the oxide protection of the alloy.
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Figure 4.2.4-32: Cross-sectional TEM microstructure of Optim-Al alloy after pre-oxidation (875°C, 48h PO2=10-27), then
cyclic oxidation for 50 cycles (1150°C , 45 mins-room temperature,15 mins) indicating the phases found.

The region above the surface aluminium oxide displayed formation of a secondary oxide layer atop
the aluminium oxide. The presence of chromium and oxygen was evident, however there was also
some nickel and iron in this layer. This was similar to the secondary oxide which was produced on
the Optim-Al alloy after elongated oxidation treatment at very high temperatures, where a
secondary oxide consisting mainly of nickel, aluminium and oxygen formed atop the aluminium
oxide.
TEM examination found this upper oxide to be NiAl2O4, the same oxide layer present after extended
oxidation treatments at high temperature. This layer sat atop the Al2O3 aluminium oxide layer as
identified previously, demonstrating maintenance of the oxide layer during the highly stressful
conditions of the cyclic oxidation testing.
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The secondary oxides of NiAl2O4 do not appear to be present across the inner diameter surface of
the entire sample, however they are much more prevalent on the sample edges, the area illustrated
in Figure 4.2.4-33. This is shown in Figure 4.2.4-34 where, whilst still clearly displaying the dark
aluminium oxide on the bulk matrix surface, the two additional oxide layers are clearly visible.

Figure 4.2.4-33: Schematic diagram of edge of sample analysed compared to inner diameter

Figure 4.2.4-34: Cross section SEM imaging of cyclically oxidised Optim-Al alloy along sample edge, showing mixed oxide
above the aluminium oxide layer.
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Figure 4.2.4-35: EDS mapping of cyclically oxidised Optim-Al alloy edge identifying the mix of oxide products within the
trapped matrix region.
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As Figure 4.2.4-35 shows, the aluminium oxide layer was topped by a consistent second oxide which
was identified as NiAl2O4, as formerly seen in the 48-hour 1100°C oxidation tests. This sits beneath
a third layer which appears to be columnar aluminium oxide and NiAl2O4, as identified in Figure
4.2.4-32. Examining the edge of a pre-oxidised sample in comparison to the cyclically oxidised
sample, shown in Figure 4.2.4-36, regions of internal oxidation were seen to be formed after the
initial oxidation. The pattern of the matrix between the internal oxidation products matches that
seen in the mixed, upper oxide region seen in some areas of the cyclically oxidised sample. These
observations suggest the aluminium oxide layer can fully form along the lower boundary of the
internal oxidation ‘arc’, formed by more rapid diffusion of oxygen along the gaps between
secondary dendrites, parallel to the inner diameter of the pipe. The aluminium depleted matrix
above this arc is separated from the bulk material and hence exposed to oxygen during the
treatment, where the different oxides are able to form. This internal oxidation was seen in both the
Low-Al and High-Al alloys in the single oxidation treatments, however was not evident in the OptimAl alloy oxidation treatments.
This evidence suggested that the region of alloy displayed in Figure 4.2.4-31 on the inner surface of
the sample has undergone a similar process of the isolation of a region of matrix on the surface,
due to the fracture. The isolation of this region, separated from the bulk material by the fracture
and potential internal oxidation, was then oxidised continually and preferentially the aluminium
containing oxides formed initially, and subsequently the remaining matrix elements formed other
oxides.
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Figure 4.2.4-36: Comparison between edge of sample after pre-oxidation and cyclic oxidation of the Optim-Al alloy

Figure 4.2.4-37: Scale formation modes adapted from Stott, Wood and Hobby, 1971 (134), showing Schematic diagrams
of the morphology of mode 4 of scale formation on Co-Cr-Al, Fe-Cr AI, and Ni-Cr-Al alloys. Schematic demonstrates the
progression of the formation of the mixed internal oxides near the alloy surface as seen in Figure 4.2.4-36.

The presence of internal oxidation on the sides of the sample and the absence of it on the inner
diameter could also due to the processing which took place on the inner diameter. The pipe, after
being cast, is bored out to remove the internal layer containing the slag and inclusions which
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develop in the casting process, leaving the inner diameter surface. This machining causes some
degree of work hardening to this surface, which causes the formation of higher concentrations of
dislocations on the sample surface. This in turn enables easier flow of interstitial oxide formers, in
this case aluminium, to the surface faster than the influx of oxygen into the sample, and therefore
avoids internal oxidation on the inner surface.
The previously outlined potential cause for the internal oxidation along the side of the sample is
the direction of the dendrites. The internal oxide phase runs adjacent to the sample edge; this is in
parallel with secondary dendrite growth of the alloy. The edge of the sample therefore has small,
secondary dendrites, and corresponding interdendritic regions exposed along the length of the
sample. These act as channels for oxidation to occur within the sample. As this aspect of the sample
would not be exposed during service, this does not pose an issue to the protective nature of the
alloy.
4.2.4.3

Summary of effect of oxidation conditions on oxidation behaviour

Oxidation in atmospheres with sufficiently low partial pressures of oxygen can inhibit the formation
of chromium rich oxides on all alloys. In the Low-Al and High-Al alloys this allows the aluminium
oxide to be formed across the substrate surface, unlike in air oxidation. There was no significant
difference in the oxide layer for the Optim-Al alloy however. The Base alloy was unable to form a
chromium oxide layer when the oxygen availability was on the limit of chromium oxidation,
therefore a manganese rich oxide was formed in its place.
Cyclic oxidation of the Optim-Al alloy demonstrated the ability for the alloy to maintain and
repassivate its oxide layer.
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Discussion
Microstructure of the alloys
As reported in 4.1, the four alloys displayed similar phases, made up of an iron and nickel matrix
with dissolved chromium and other additional alloying elements, with chromium carbides and
niobium carbides formed in the interdendritic areas of the alloy, whilst a nickel aluminide phase
was also present in the aluminium containing alloys. The microstructure of the four alloys differed
in numerous ways, driven by their chemical composition and by the cooling rates they experienced.
All four alloys displayed three distinct regions: the outer diameter region, characterised by dendritic
grain growth and long grains perpendicular to the outer surface of the pipe, and interdendritic
carbide formation; the inner diameter region, composed of equiaxed grains, larger than those seen
at the outer surface, coupled with carbides formed at the grain boundaries; and the cross-over
region, where there is a mix of the equiaxed grains and the dendritic grain growth.
The chromium carbides displayed significant variation between the alloys, with the Optim-Al alloy
displaying a significantly reduced volume fraction, due to the reduced carbon content (Table
4.1.1-1). The Cr7C3 carbides and Cr23C6 carbides were seen in all alloys (4.1.3), with the most
common being Cr23C6 in Base and Optim-Al.
Aluminium content was raised at the outer and inner diameters but reduced through the middle of
the alloy, illustrated in Figure 5.1-1. This was caused by the rapid solidification at the outer diameter
due to contact with the die causing aluminium to be trapped at the outer diameter. However, as
the solidification rates reduce moving towards the inner diameter, the aluminium has time to be
ejected from the solidifying grains. It is then pushed towards the inner diameter of the tube due to
the centrifugal forces as it is lighter than much of the constituent elements of the alloy. This results
in the higher concentration of aluminium at the outer and inner diameters, with reduced content
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in the cross-over region. This increase at the inner diameter is beneficial for aluminium oxide
formation, increasing the aluminium availability at the oxidation site.
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Figure 5.1-1: Graph showing aluminium content of Optim-Al alloy as cast between inner and outer diameter of the tube,
as measured by EDS point analysis, demonstrating rise in aluminium content at the inner and outer diameters.

Silicon content was observed to be greater at the grain boundaries in all four alloys, due to ejection
from the solidifying matrix grains leading to its concentration towards the grain boundaries. This
grain boundary silicon concentration has been found to be beneficial for the welding properties of
the alloys (138).

5.1.1 Effect of aluminium addition on microstructure
Comparing the Base alloy to the other three aluminium containing alloys allows for the effect of
aluminium addition to the microstructure to be evaluated. The primary difference observed was
the formation of the nickel aluminide phase which was seen in all three aluminium containing alloys
in varying volume fractions.
As shown in 4.1.2, modelling of the solidification of the three aluminium containing alloys suggests
that the raise in aluminium content of the High-Al alloy would lead to a significantly greater volume
fraction of nickel aluminide. This was the observed result when compared with the Low-Al and
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Optim-Al alloys. This increase in volume fraction of the nickel aluminide phase, identified as the
intermetallic Ni3Al by the XRD analysis (Section 4.1.3.5 and Figure 4.2.1-22), leads to a significantly
more brittle alloy, therefore widespread formation must be avoided for an alloy to be suitable for
service (29). This demonstrates a limit for aluminium content, and the requirement for careful
control of the casting parameters to limit the formation of this Ni3Al phase.
A reduction in aluminium content from the 5.56% of the High-Al alloy to 4.49% in the Optim-Al alloy
saw a reduction in the onset of formation temperature (as predicted by the JMatPro model) from
1260°C to 1230°C, leading to a shorter window of precipitation for the Ni3Al phase. This in turn
caused a significant reduction in volume fraction of the nickel aluminide phase, from a volume
fraction of 0.0333 in the High-Al alloy to 0.0067 in the Optim-Al alloy at solidus temperature. This
predicted five-fold decrease in volume fraction is in line with the observed as cast microstructure,
and therefore is expected to yield a much more ductile alloy. The brittle nature of the High-Al alloy
is evidenced by the hardness measurements, with its hardness measured in the region of 1.5 times
that of the Optim-Al alloy (Figure 4.1.4-6 to Figure 4.1.4-9).
The Low-Al alloy, with aluminium concentration of 3.79%, was not predicted to form any nickel
aluminide phase by the model, however there was some evidence of a very small volume fraction
of this phase in the alloy, shown in Figure 4.1.3-17 and Figure 5.1.1-1. This presence is explained by
the ejection rates of elements from the solidifying matrix. As the matrix grains solidify, non-matrix
formers are ejected from the grain into the melt, leading to localized regions of the solidifying alloy
having a greater aluminium content than the bulk composition. In these regions, the nickel
aluminide phase is able to precipitate during solidification of the alloy.
Differences in the shape, volume and distribution of the nickel aluminide are evident when
comparing the phase in the Optim-Al and High-Al alloys to the Low-Al alloy. Whilst the morphology
of the phase in the High-Al and Optim-Al alloys is very similar, displaying relatively round patches
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of the phase with no distinct variation, those seen in the Low-Al alloy appear similar to a delta
landform, with channels running between patches of the phase (Figure 5.1.1-1). More thorough
observation of this phase showed it to be a combination of two phases; the Ni3Al phase sat within
a silicon and chromium rich intermetallic. As reported by Tripathi et al. (139) formation of the
intermetallic phases Ni3Al and CrSi2 together has been observed in an oxygen free environment
under certain conditions. This finding is supported by the CrSi2 phase having the most negative
effective heat of formation of all chromium-silicon compounds, therefore the most likely phase to
form (140). The work done by Tripathi et al. demonstrated the adhesive effect of the formation of
the two intermetallic compounds at a boundary, probably due to co-precipitation of the
compounds creating mechanical interlocking, which is in line with the interlocking phases seen in
the precipitated phase in the Low-Al alloy.

Figure 5.1.1-1: EDS mapping and backscattered electron SEM image of nickel and aluminium rich phase in all three
aluminium containing alloys

An increase in aluminium content was also seen to lead to increased chromium carbide content in
the alloys. This effect is due to the aluminium being preferentially dissolved into the alloy matrix in
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favour of the chromium atoms, due to their significantly smaller size and therefore reduced stress
on the matrix crystal lattice. This causes less chromium to be dissolved and therefore it is available
for reacting with the available carbon.
Evaluation of the Hume-Rothery rules for solid solubility (141) of aluminium and chromium in the
austenitic matrix confirm this expectation, using the properties in Table 5.1.1-1.
Table 5.1.1-1: Hume-Rothery parameter properties of Ni, Fe, Al and Cr

Element
Ni
Fe
Al
Cr

Atomic Radius (pm)
124
132
121
139

Crystal Structure
FCC
FCC
FCC
BCC

Valency
+2
+2, +3
+3
+2, +3, +6

Electronegativity
1.91
1.83
1.61
1.66

Rule 1: <15% difference in atomic radius of the atoms. As the matrix is an austenitic stainless steel,
the atomic radii of both iron and nickel will be compared with aluminium and chromium.
Rule 1:

𝑟𝑠𝑜𝑙𝑢𝑡𝑒 −𝑟𝑠𝑜𝑙𝑣𝑒𝑛𝑡
𝑟𝑠𝑜𝑙𝑣𝑒𝑛𝑡

× 100 ≥ 15%

Al in Fe =

121−132
×
132

100 = −8.3%

Al in Ni =

121−124
×
124

100 = −2.4%

Cr in Fe =

139−132
×
132

100 = 5.3%

Cr in Ni =

139−124
×
124

100 = 12.1%

The calculations confirm that both chromium and aluminium are within the limit of disparity in
atomic radius, with aluminium being closely matched in size to nickel, whilst there is a much larger
disparity between chromium and nickel.
Rule 2: Identical crystal structure of the solute and solvent atoms leads to greater solubility.
Aluminium displays an FCC (face centred cubic) crystal structure, as does the austenitic steel matrix,
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however chromium forms in a BCC (body centred cubic) crystal lattice, therefore it will be less likely
to be soluble in the austenitic matrix.
Rule 3: A greater valency of the metals increases their likelihood for solid solution. If the solute and
solvent metals have the same valency, solubility is greatest. The valency of nickel and iron in the
matrix phase can vary; however, it is typically +2 for nickel, and either +2 or +3 for iron. Aluminium
typically has a valency of +3, whilst chromium may have a valency of +2, +3 or +6 depending on its
state. This showed that both solute atoms can have similar or identical valencies as the solvent
atoms, therefore neither hinder the potential for solution.
Rule 4: Electronegativity difference being close to zero increases the solubility. As shown in Table
5.1.1-1, the electronegativity of aluminium and chromium are very similar, with chromium being
marginally closer to the matrix elements of nickel and iron, however there is not a major difference.
All of the above demonstrate that aluminium and chromium have a similar ability to dissolve in the
matrix of the alloys, with aluminium showing greater solubility due to its matching crystal structure,
and a smaller variance in atomic radius. This effect is identifiable when comparing the Low-Al and
High-Al alloys. They have a measured carbon content of 0.49% and 0.48% respectively, with the
major difference between the two being the aluminium content, allowing the effect of the addition
of aluminium to be determined. The Low-Al alloy contained 3.79% Al, compared to 5.56% within
the High-Al alloy.
Comparison of the predicted phase composition of these two alloys showed a large disparity
between projected chromium carbide content; at solidus temperature, the High-Al alloy was
predicted to contain a volume fraction of 0.677 chromium carbides, whilst the Low-Al alloy was
predicted to contain a volume fraction of just 0.054 at solidus temperature. This is a 12.5 times
difference in expected carbide content between the alloys. As the model is a prediction of the alloy
at equilibrium, the kinetics of the solidification also play a part in the resultant alloy. Therefore the
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actual observed microstructure does not display this significant a difference, however, the carbide
content in the High-Al alloy was clearly higher when comparing the two, as shown in Figure 4.1.3-25.
Figure 5.1.1-2 shows the solidus and liquidus temperatures of the four alloys, as predicted by the
model. With increasing aluminium content, both the solidus and liquidus temperatures are seen to
decrease, with the High-Al alloy displaying the lowest and the Base alloy the highest.
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High-Al

Optim-Al

Figure 5.1.1-2: Graph showing solidus and liquidus temperatures of all four alloys as predicted by JMatPro model

The lower solidus temperature of the High-Al alloy results in slower solidification of the alloy under
the same conditions, which in turn allows greater carbide precipitation during solidification. This
means the increased aluminium content causes carbide formation to occur to a greater extent,
which is in line with the observed microstructure and the findings of Kiani-Rashid and Delagnes et
al. (142,143).
As this change in solidus and liquidus temperatures impacts the solidification, it causes changes in
the morphology of the carbides between the alloys. The slower cooling rates due to the lower
solidus temperatures of the High-Al alloy results in interconnection of the acicular carbides in the
interdendritic regions, forming the Chinese script morphology of the chromium carbides in this alloy
(18,42,144). Furthermore, the large facetted carbides in this alloy form due to the longer
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precipitation times available, as the carbides nucleate in the interdendritic space of the solidifying
alloy. However, slow enough movement of the melt interface causes the carbide to be pushed
towards the inner diameter and allowed to grow further without being instantly trapped within the
solidifying matrix (145). Both described carbide morphologies are shown in Figure 4.1.3-23.
The niobium carbide content is also affected by the aluminium content, with a significantly greater
niobium carbide (NbC) volume fraction observed in the Base alloy compared to the aluminium
containing alloys. The High-Al alloy microstructure investigation displayed a very limited presence
of NbC when compared to the others. This trend is reinforced by the JMatPro model (4.1.2), with
the niobium carbide content inversely proportional to the aluminium content. This finding is
explained by the increased chromium carbide volume fraction that is observed with increased
aluminium concentration; the greater volume fraction of chromium carbides uses up a greater
volume of the available carbon in the alloy to form carbides, therefore greater chromium carbide
content causes a reduction in niobium carbide content.
This reasoning is further reinforced by the model of phase solidification, where chromium carbides
initiate formation at higher temperatures than niobium carbides in all four alloys, confirming that
the chromium carbides begin to form before the niobium carbides.

5.1.2 Effect of other alloying elements on microstructure
Carbon content of the alloys has a significant impact on the microstructure, acting as the second
variable dictating the nature of the carbides in the alloy. Comparing the Low-Al and High-Al alloys,
which have carbon contents of 0.49% and 0.48% respectively, to the Optim-Al alloy, which contains
just 0.26% carbon, the effect of the carbon content can be observed.
The large difference in carbide content which accompanies the increased aluminium content, as
previously discussed, is counteracted by a reduction in carbon content in the Optim-Al alloy,
reducing the carbon available to react with the chromium, and leading to a predicted chromium
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carbide content of just 0.038, two thirds that of the Low-Al alloy. Therefore, despite containing a
greater amount of aluminium which was previously shown to cause an increase in chromium
carbides, as the carbon content in the Optim-Al alloy is half that of the Low-Al alloy it supresses the
carbide content.
The titanium content impacts the niobium carbide (NbC) presence in the alloys. As titanium content
increases, the volume fraction of NbC in the alloys decreases, as predicted by the model (4.1.2) and
seen in the microstructural observations (Figure 4.1.3-25). This is due to titanium being more stable
as a carbide, and therefore producing (Ti,Nb)C, and leaving niobium to dissolve into the matrix, and
available for potential oxidation (146). A reduction in niobium carbide content in the alloys is
detrimental to the oxidation properties of the alloy, as these niobium carbides act as barriers at the
grain boundaries to iron and nickel movement to the surface, and therefore aid in keeping these
catalytic elements from reaching the surface of the sample (146). The titanium presence, whilst
aiding creep resistance in the alloys, can lead to detrimental effects on the microstructure. An
increased titanium concentration promotes the NbC phase to precipitate in a finer morphology,
whereas greater niobium coupled with reduced titanium presence leads to the Chinese script
morphology (18) observed in the Base, Low-Al and Optim-Al alloys (0.03%, 0.16% and 0.15% Ti
respectively). This was not the case in the High-Al alloy which contained 0.36% Ti.

Oxidation Behaviour
The oxidation behaviour was investigated across all four alloys. As has been discussed in 2.4.1, a
continuous, stable oxide layer which does not contain catalytic elements on the inner surface of
the pipe would be an ideal solution to reduce catalytic coking – protecting the gas from the matrix
forming elements and not requiring either complex and expensive treatments or coatings to be
applied to the inner surface of the pipe.
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A thick oxide layer with a coefficient of thermal expansion which is not in line with that of the bulk
alloy will be susceptible to fracture via stresses induced in the oxide upon changes of temperature
from those at which the oxide was formed. This is most likely to occur during heating up or cooling
down of the pipes, which leads to different levels of contraction of the pipe alloy and the oxide due
to differences in their coefficients of thermal expansion. Typically, the coefficient of thermal
expansion of surface oxide ceramic is smaller than that of the metallic nickel alloy substrate. During
heating up, if the pipe expands to a greater degree than the surface oxide layer, the stresses
generated in the oxide will result in cracks and/or potential debonding under the tensile stresses in
the oxide layer. Conversely, when cooling down, if the pipe contracts to a greater degree than the
oxide, compressive stresses will be imparted into the oxide, potentially leading to buckling fracture
and spallation of the oxide. This issue is exacerbated with increasing oxide thickness, but is relatively
negligible with a very thin oxide, and therefore a protective thinner oxide is always more beneficial
in the service applications.
The reported coefficient of thermal expansion of nickel alloys is around 17-18x10-6 K-1 in the
temperature range of 100°C-1200°C (11,147,148).The coefficient of thermal expansion of
chromium oxide scale grown on a steel substrate was found to be 10.75x10-6 K-1 by Mougin et al.
(130) which is larger than the generally reported values which are usually up to 9.6 x10-6 K-1 as
reported by Wang et al. (131). Similarly, the coefficient of thermal expansion of alumina when
grown as a film was higher than generally reported bulk values (149), with Huntz et al. measuring
it to be 10.7 x10-6 K-1 at 700°C, and rising not significantly above 11.5 x10-6 K-1 in the operational
temperature range used in ethylene cracking (132).
As both coefficients of thermal expansion are of the same order of magnitude and very similar in
actual value, the thickness of the oxide layer becomes significant, as the greater the thickness of
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the oxide layer, the greater the volume change and therefore potentially more detrimental to the
maintenance of a consistent oxide layer.

5.2.1 Oxidation behaviour of the Base alloy
As shown in Figure 4.2.1-1, the Base alloy displays consistent oxidation characteristics, with a dense
chromium oxide (Cr2O3) layer forming across the sample surface, confirmed by TEM and XRD results
(4.2.1.1.2). This oxide is an outwardly growing oxide, as the inward flux of oxygen was found by Yan
et al. to be three orders of magnitude lower than the diffusion of chromium to the surface (150).
Chromium supply for the continued oxidation on the surface is fulfilled by the dissolution of near
surface chromium carbides, after the solid solution chromium supplies in the surface matrix are
exhausted. This results in a chromium depleted zone beneath the oxide layer (Figure 4.2.1-6),
coupled with a loss of chromium carbides in this region, known as denuding (52,91,150–152).
Typical chromium, nickel and iron based alloys are known to produce this chromia layer after
oxidation, with TiO2, or rutile, often found atop the chromium oxide (91,92). This is not the case in
the Base alloy, which contains only 0.03% titanium. Instead, a manganese and chromium spinel
phase, manganese chromite (MnCr2O4), was observed to be present across the surface of the
chromium oxide, particularly with extended oxidation times. This is a commonly found surface
phase (35,101,153,154).
This phase formation, which was found to occur after initial chromium oxidation formation when
examining the 800°C oxidation cross-section images, confirms the ability of manganese to rapidly
diffuse through the chromium oxide layer. It is therefore available at the surface/atmosphere
interface to oxidise (101,155). Manganese was found to diffuse through chromia significantly
quicker than any other constituent cation (155). The presence of this manganese chromite atop the
chromium oxide is particularly favourable, due to its reported anti-coking behaviour being greater
than chromium oxide (36,88–90,99,100,102).
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Analysis of the growth of the oxide layer over time on the Base alloy displayed a thickening of the
oxide with increased temperatures and oxidation times. As illustrated in Figure 4.2.2-20, when
oxidised at 1100°C, after 21 hours there was a step-change in mass gain as registered by the TGA
(thermogravimetric analysis) of the oxidation. When analysing the cross-section images of this
oxide layer over this time period and beyond, an arrest in the thickening of the manganese chromite
layer appeared to occur, coupled with further thickening of the chromium oxide layer. This was
theorized to be a result of the manganese chromite reaching a limit in thickness, due to availability
of reactants, and therefore the chromium oxide was able to grow without competition. This
observation is reinforced by previous findings, demonstrating the effect of the MnCr2O4 layer
inhibiting the growth of the chromium oxide layer on these alloys (36,88,99,100,102).
The subsurface presence of an amorphous silicon oxide layer, SiO2, was evident throughout
oxidation testing of the Base alloy. This oxide is produced beneath the chromium oxide layer as
silicon has very low solubility within chromia, unlike manganese, and therefore the silicon is ejected
into the matrix at the oxide/matrix interface, leading to a greater concentration of silicon in the
matrix immediately beneath the chromia layer (150). There are differing reports of the effect of
silicon on the adhesion of the chromium oxide layer to the matrix, with Alnegren (30) suggesting
silicon decreases adhesion, whilst other reports conversely suggest the silicon oxide layer acts to
increase adhesion to the surface (156).
Adhesion of the MnCr2O4 layer to the surface of the Cr2O3 layer does not appear to have been
investigated previously. The oxidation results gathered in this investigation clearly displayed a trend
of the manganese chromite to fracture around the spalled oxide region (Figure 4.2.2-13 and Figure
4.2.2-14). Spallation of the chromium oxide layer occurred along the machining marks of the alloy
surface, leaving matrix material exposed to the surface (Figure 4.2.2-12 and Figure 4.2.2-14). The
manganese chromite layer atop the chromium oxide layer was seen to be lost around the site of
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spallation, resulting in greater manganese chromite loss compared to chromium oxide. This
observation suggests that the adhesion between the manganese chromite and the chromium oxide
layers is poorer than that of the chromium oxide to the matrix of the alloy, as the force generated
in the spallation of the chromium oxide caused the removal of a greater area of manganese
chromite.
The loss of this manganese chromite from the surface of the alloy would be expected to elicit poorer
protection from catalytic coking in ethylene cracker furnaces, as the manganese chromite layer has
been consistently shown to provide greater protection from catalytic coking. Furthermore, the
exposed matrix caused by the spallation of the chromium oxide layer clearly leaves significant nickel
and iron in contact with the reactive gas stream, therefore catalytic coking can occur.

5.2.2 Effect of aluminium on oxidation behaviour
Addition of aluminium to the alloy caused significant differences to the oxidation behaviour of the
alloys. The first observation was that of the reduced surface coverage of the chromium oxide layer,
as seen on the Low-Al and High-Al alloys (Figure 4.2.1-10 and Figure 4.2.1-17 respectively), when
compared to the Base alloy (Figure 4.2.1-1). This difference is summarized in Figure 5.2.2-1, which
displays the reduced oxide layer thickness of the Low-Al and High-Al alloys. It also demonstrates
the much greater variability in oxide layer thickness by the significantly greater standard deviation.
This deviation illustrates the inconsistent nature of the oxide layer on the alloy, with some oxide
patches having a similar thickness to those seen on the Base alloy, whilst other regions are entirely
free from oxide formation (Figure 4.2.1-16).
The reduction in chromium oxide on the surface is linked to the microstructural changes previously
discussed; the addition of aluminium leads to greater chromium carbide formation. This results in
a reduced chromium content readily available for oxidation in the matrix, and therefore less
chromium oxide is able to form on the alloy surface.
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Furthermore, the reduction in niobium carbides observed in these two alloys compared to the Base
alloy also significantly impacts the oxidation behaviour. Niobium carbides act as barriers to the
movement of other matrix elements through the alloy, such as nickel and iron (146). By restricting
their movement, the chromium is able to more readily oxidise. Therefore, conversely, the reduced
volume fraction of niobium carbides in the Low-Al and High-Al alloys results in a reduction in the
ability of chromium to oxidise on the alloy surface, leading to a reduction in surface oxide.
The silicon oxide layer which was found beneath the chromium oxide layer in the Base alloy was
replaced by aluminium in the Low-Al and High-Al alloys. This aluminium oxide layer presence also
confirms the lack of oxide growth across regions of the alloys; as the aluminium oxide layer forms
beneath patches of chromium oxide, it can be used to evaluate whether the oxide layer has spalled,
leaving either aluminium oxide on the surface, or a deep loss of material. If there is no aluminium
oxide on the surface and the surface appears to be consistent with the original, it can be determined
that no oxide growth occurred.
This aluminium oxide layer was found to appear as internal oxidation beneath the surface
chromium oxide. Internal oxidation occurs when the movement of oxygen inwards in the alloy is
significantly greater than the diffusion of reactive species to the surface of the sample (157,158).
Manganese chromite was again found atop the chromium oxide layer for both the Low-Al and HighAl alloys, demonstrating similar oxidation behaviour in the regions of oxide growth, with the major
difference being the inconsistent nature of the oxide layer and the substitution of the silicon oxide
with an aluminium oxide layer.
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Figure 5.2.2-1: Average oxide layer thickness of all four alloys after 30-minute, 8-hour and 24-hour oxidation at 1100°C

Giggins and Petit (110) reported three different oxidation results when investigating Ni-Cr-Al alloys,
dependent on the composition of the oxidised alloy, which were separated into three groups.
Group I alloys displayed a NiO surface layer, atop significant internal oxidation, made up of multiple
different internal oxidation products. This occurs if the quantity of both aluminium and chromium
in the alloy is low. Group II alloys displayed a continuous Cr2O3 surface layer, with discontinuous
Al2O3 internal oxidation beneath, whilst Group III alloys formed a continuous Al2O3 layer across the
surface of the sample. None of these three groups accurately match the oxidation behaviour seen
in the Low-Al and High-Al alloys. Instead, Giggins and Petit describe the observations of oxidation
seen in what they described as “transition alloys”; alloys found to have compositions at the
boundaries between the different groups. In these transition alloys, the oxide layer was nonuniform
and displayed characteristics of each of the different groups (110).
The Optim-Al alloy displayed markedly different oxidation behaviour when compared to both the
Base alloy, and the other two aluminium-containing alloys. Whilst all three of the other alloys
displayed the formation of chromium oxide on the surface of the alloy, the Optim-Al alloy did not
display formation of chromium oxide on the surface, instead producing an aluminium oxide layer
across the sample surface (Figure 4.2.1-26-Figure 4.2.1-28). This oxide layer product was confirmed
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by the TEM investigation, shown in Figure 4.2.1-31. Instead of being found primarily beneath a
chromium oxide, as was the case with the Low-Al and High-Al alloys (Figure 4.2.1-12 and Figure
4.2.1-19), the aluminium layer was consistent across the surface of the alloy, except for where
surface breaking NbC particles were present. In these areas, the aluminium oxide layer was formed
beneath the NbC particle, maintaining the oxide barrier across the whole sample. This was
consistent with the characterisation of Group III alloys (110). This showed that the composition of
the Optim-Al alloy has the requisite content of chromium and aluminium to facilitate these
oxidation behaviours.
On initial inspection, the Optim-Al alloy does not appear to have greater chromium and aluminium
content when compared to the High-Al alloy, and therefore does not logically fit the theory;
however, it can be explained by the compositional and microstructural differences of the Optim-Al
alloy compared to the Low-Al and High-Al alloys. Whilst chromium content was similar across all
three, the content of chromium found in the matrix phase was greater in the Optim-Al alloy than
the other two. This, as discussed previously, is a result of the reduced carbon content in this alloy
leading to a reduction in chromium carbides throughout, coupled with an increase in the niobium
carbide content; both increasing the matrix chromium content (151). The increasing niobium
carbide content also further promotes oxide layer formation(159).
This raised chromium in the matrix would initially be assumed to favour the formation of chromium
oxide on the surface, but the chromium allows for the third-element effect to occur. This
phenomenon is not fully understood; however, its effects have been repeatedly reported
(151,160,161). The addition of chromium to an aluminium containing, nickel-based alloy allows the
volume of aluminium necessary to form an aluminium oxide to be reduced. Initial expectations
would be that the chromium would compete for oxidation, but this is not the observed case. The
most common theory is that the chromium, or third element, acts as an oxygen getter, providing
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greater oxygen availability at the surface of the alloy and reducing flux of oxygen deeper into the
alloy, therefore allowing the aluminium more time to replenish at the surface after initial oxidation
(161).
The aluminium oxide layer which forms across the Optim-Al surface is significantly thinner than the
chromium oxide layer found atop the Base alloy after oxidation, as demonstrated in Figure 5.2.2-1.
As previously discussed, the reduced oxide thickness aids greatly in adhesion of the oxide layer to
the matrix during temperature changes, resisting spallation to a greater degree through a reduced
stress concentration within the oxide layer or at the interface between the oxide layer and the
substrate.

Effect of conditions on oxidation behaviour
5.3.1 Effect of oxygen partial pressure on oxidation behaviour
As previously discussed, the oxidation behaviour in air is largely dependent on the composition and
microstructure of the alloy. The oxidation behaviour can also be affected by the oxidation
conditions. Hence, in this research the four alloys were also oxidised at low partial pressures of
oxygen to assess the possibility of manipulating the oxidation conditions to form alternate oxidation
products than those seen after air oxidation. Some investigations have been done on oxidation of
similar alloys in low-PO2 environments, but these were done at higher partial pressures of oxygen
as they were used to inhibit the formation of NiO2 (101,162). As the formation of nickel oxide has
not been observed in the air oxidation due to the high chromium and aluminium contents of the
alloys, even lower partial pressures of oxygen, close to the limit of chromium oxidation, were used
in this work to inhibit the formation of the chromium oxide and form alternate oxide layers.
It is known that each element has a different limit of oxygen availability at a particular temperature
for the oxide to form at equilibrium. Figure 4.2.4-1 shows the Ellingham diagram, displaying the
limits of oxygen partial pressures for chromium, aluminium, titanium, manganese and silicon at
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800°C. This suggests that aluminium has a significantly lower oxygen presence dependency, in the
order of PO2 = 10-45 (red line), whilst chromium is significantly higher at around PO2 = 10-27 (green
line), and silicon sits between the two at around PO2 = 10-35 (blue line).
To limit the formation of chromium containing oxides and therefore promote the aluminium or
silicon oxide growth on the sample surfaces, all the samples were oxidised at PO2 = 10-25 and PO2 =
10-23 for 24 hours at 800°C, very close to the oxygen limit of chromium oxide production, yet within
the working temperature range of the alloys in service.
In both PO2=10-25 and PO2=10-23 oxidation treatments, the Base alloy displayed the formation of an
oxide layer on the surface of the oxide (Figure 4.2.4-3 and Figure 4.2.4-7) which was of similar
thickness to the oxide layer produced under the same time and temperature conditions. However,
this oxide layer was found to be manganese rich, rather than a chromium oxide, with silicon oxide
also present. Chromium was only present at the surface when formed as an oxide over a chromium
carbide on the exposed surface. This showed that when the oxygen content was on the borderline
of the limit for oxidation of chromium, manganese and silicon were able to oxidise preferentially
over the chromium, with both elements having a lower limit of oxygen for oxidation.
The Low-Al and High-Al alloys both displayed mixed oxidation when oxidised in air, characterised
as “transition alloy” oxidation as described by Giggins and Petit (110). However, by reducing the
oxygen content of the environment, the oxidation behaviour of these alloys was markedly changed.
The Low-Al alloy displayed a continuous aluminium oxide layer across the surface of the sample, a
significantly different outcome when compared to the patchy chromium oxide scale with
subsurface internal oxidation of aluminium observed after air oxidation. This oxidation treatment
created an oxide layer much more similar to that produced on the Optim-Al alloy, with an
aluminium oxide layer across the sample surface. The lower partial pressure of oxygen results in a
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reduced oxygen flux into the alloy, and therefore oxidation around surface-breaking NbC particles
was not observed, whereas this did occur in air oxidation of Optim-Al.
The High-Al alloy similarly produced an aluminium rich oxide layer across the surface of the alloy
after the PO2=10-25 oxidation, unlike the oxide produced after air oxidation. However, when the
oxygen partial pressure was raised to PO2=10-23, evidence of the chromium oxide surface scale with
subsurface aluminium oxide internal oxidation was present, demonstrating that this alloy will
readily oxidise in this manner if the oxygen availability is great enough.
The Optim-Al alloy produced very similar results to air oxidation for both low partial pressures of
oxygen oxidation conditions. A thin, continuous oxide was formed across the sample surface, with
little evidence of defects or spallation (Figure 4.2.4-21 and Figure 4.2.4-25). This shows the
production of the aluminium oxide layer as seen in the air oxidation treatments is not limited by a
reduction in oxygen presence to any degree close to service conditions. The aluminium oxide layer
is even produced in conditions where very limited oxygen is present. Cai et al. showed that the
alumina layer will grow to a thickness limit, dependent on the oxygen pressure, however the growth
before that will be uniform, which is in agreement with these observations (65).
These observations of the ability of Optim-Al to form aluminium oxide across the surface in low
oxygen environments were further supported by the results of carburisation testing. The Optim-Al
alloy was pack-carburised at 1100°C for 200-hours, and despite these conditions, the alloy still
produced a surface aluminium oxide layer, as shown in Figure 5.3.1-1. Some loss of surface oxide is
evident; however, this is caused by rapid cooling leading to fracture of the oxide. This will be
discussed in greater detail later (5.4).
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Figure 5.3.1-1: SEM backscattered images of gas carburised Optim-Al alloy; (a) cross section and; (b) surface

5.3.2 Effect of time and temperature on oxidation behaviour
High temperature oxidation of all four alloys proved that the Optim-Al alloy produced the most
consistent aluminium oxide layer, and therefore the effect of differing temperatures and times on
oxidation behaviour of this alloy compared to the Base alloy was undertaken. The alloys were
oxidised at 800°C, 950°C and 1100°C for times ranging from 1 hour to 48 hours to track the changes
of the oxide layer over time.
The Base alloy displayed growth of a chromium oxide, which was topped by a manganese chromite
layer, evident in all samples oxidised for longer than 4 hours at 800°C, and at all times for the higher
temperatures. This shows the initial formation of the chromium oxide layer precedes that of the
manganese chromite layer, which grows atop the chromium oxide during oxidation.
The subsurface silicon oxide layer changed drastically in nature between the temperatures. In the
800°C and 950°C oxidation treatments, the silicon layer was found in a thin layer beneath the
chromium oxide layer at all oxidation times. However, oxidation at 1100°C resulted in the silicon
oxide forming as internal oxidation, appearing globular in nature and within the matrix just beneath
the chromium oxide layer. This shows that the increased oxidation temperature allows the
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oxidation of silicon to occur more rapidly than the flux of silicon to the matrix-chromia interface,
therefore the silicon oxidises deeper than that seen at the lower temperatures.
Thickness and growth rate of the chromium oxide layer increases significantly with increased
temperature. All three oxidation temperatures displayed a similar parabolic pattern of growth, with
a rapid initial growth rate through the first 8 hours, followed by a reduction (shown in Figure
5.3.2-1). This parabolic growth rate suggests that the oxidation kinetics are governed by diffusion
(163) which reinforces the observations of the change in nature of the silicon oxide layer.
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Figure 5.3.2-1: Graph comparing growth rates of oxide layer in Base alloy at 800°C, 950°C and 1100°C

The 1100°C oxidation oxide thickness growth graph appears to show a step up between the 16hour and 24-hour oxidation, which initially was interpreted as an outlier, however the alloy was
also tested in the same conditions by thermogravimetric analysis, which confirmed the rapid
increase in mass gain at around the 21-hour mark (Figure 5.3.2-2). When comparing this to the
cross-sectional images, there appeared to be no significant change in the manganese chromite
thickness between the 16-hour oxidation and the 48-hour oxidation, whereas the chromium oxide
layer continued to grow. This sudden jump in mass gain is proposed to be a result of the exhaustion
of available manganese in the near surface region, and therefore the chromium oxide was able to
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grow without competition for the first time at this temperature. This allowed growth rates similar
to the initial rate for a short period, before tapering off to a similar, consistent oxide thickening (as
seen previously).
The rapid mass gain at this temperature is thought not to be a result of spallation allowing fresh
matrix to be exposed to the air environment, as the magnitude of the mass gain was greater than
the initial oxidation rate. Furthermore, as seen previously, the volume of spalled oxide increases
over time rather than occurring at a singular event, whereas this step change suggests a unique
change in oxidation behaviour at this point.
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Figure 5.3.2-2: Graph of TGA (thermogravimetric analysis) of oxidation of Base alloy at 1100°C for 60 hours

Whilst the oxide layer of the Base alloy showed increased oxide thickness as both oxidation time
and temperature were increased, the oxide layer clearly suffered from spallation with these
increases. All samples oxidised at 800°C displayed maintenance of the oxide layer across the entire
sample surface, however all the samples oxidised at 950°C for 4 hours and longer, as well as all
samples oxidised at 1100°C regardless of time, displayed increasing volumes of spalled material,
exposing the matrix beneath. This spallation consistently occurred around surface features of the
sample, in this case the machining marks on the surface of the internal diameter of the pipe. The
cause for this will be discussed later.
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The Optim-Al alloy displayed formation of the aluminium oxide layer, rather than the chromium
oxide layer, without a sub-surface oxide layer. This layer covered the entire surface of the samples
except for where NbC particles were present at the surface. At these points, the aluminium oxide
layer was formed beneath the NbC particle, maintaining a protective layer across the matrix
throughout the alloy. This demonstrates ideal behaviour for creating a physical barrier between the
matrix and the gas stream in service.
The aluminium oxide layer maintained the same appearance throughout all oxidation lengths at
800C° and 950°C, however after longer oxidation times (beyond 16 hours) at 1100°C a secondary
oxide layer was observed to form. This secondary oxide was identified as being the spinel phase
NiAl2O4, which formed atop the aluminium oxide layer. This secondary oxide did not appear to have
any effect on the aluminium oxide layer beneath, but instead grew atop the first oxide. The
formation of this secondary oxide with elongated oxidation times and high temperature is due to
the solubility of nickel in the aluminium oxide coupled with the depletion of available aluminium,
resulting in the spinel phase evolution becoming kinetically favourable, facilitated by the high
temperature. This phase has been studied as a catalyst for steam reforming of other hydrocarbons,
therefore its presence is seen as potentially beneficial, rather than deleterious (77).
The spallation and loss of oxide from the surface during oxidation was significant for the Base alloy,
particularly at higher temperatures and oxidation times. The Optim-Al alloy did display some oxide
loss after oxidation at 1100°C, particularly after the 8-hour oxidation and longer, however this is a
much more stressful onset condition compared to the Base alloy, and the volume of oxide lost was
significantly lower for the Optim-Al alloy compared to the Base alloy.
The oxide layer growth rate, as show in Figure 5.3.2-3, demonstrates the formation of the spinel
phase with the oxide layer growth rate being maintained for longer than the Optim-Al alloy when
oxidised at lower temperatures. The 800°C and 950°C samples initially displayed more rapid growth
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rate, before plateauing at around 16-hours, whereas the growth of the oxide layer on the samples
oxidised at 1100°C showed prolonged maintenance of this higher growth rate, which was mirrored
in the mass gain plotted from the TGA (thermogravimetric analysis) experiments Figure 5.3.2-4. The
slight drop at around 2 hours in was explained in 4.2.2.2.3.
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Figure 5.3.2-3: Graph comparing Optim-Al alloy average oxide layer thickness over time at 800°C, 950°C and 1100°C
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Figure 5.3.2-4: Graph of TGA (thermogravimetric analysis) measurement of Optim-Al alloy oxidised at 1100°C for 60 hours

The difference in oxide layer thickness between the Base alloy and Optim-Al alloy was stark, as seen
in Figure 5.3.2-5. The chromium oxide layer on the Base alloy was thicker at all oxidation times for
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the same temperature than the aluminium oxide layer on the Optim-Al alloy. Furthermore, the
oxide layer of the Base alloy oxidised at 950°C was twice as thick as that on the Optim-Al alloy
oxidised at 1100°C, demonstrating the significant difference seen in both oxide layer thickness and
oxide growth rate. This distinct reduction in oxide layer thickness produced on the Optim-Al alloy
signifies a much greater likelihood for oxide layer maintenance due to reduced spallation, with a
lower chance of fracturing and loss of oxide during cool down of the pipes, as discussed previously.
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Figure 5.3.2-5: Graph of average oxide layer thickness for Base and Optim-Al alloys oxidised at 800°C, 950°C and 1100°C

Oxide layer adhesion
The adhesion or bonding of surface oxide layers to the substrate is paramount for the protective
properties of the tube alloy from catalytic carburisation. As identified previously, both the Base and
Optim-Al alloy displayed complete coverage of the sample surface after oxidation, but they both
showed some signs of spallation and loss of oxide layer from the surface to varying degrees. As
reported in 4.2.2.3, the Base alloy displayed widespread oxide loss, centred around the machining
marks on the surface of the alloy at both 950°C and 1100°C oxidation, increasing in volume with
increased time and temperature. This spallation of oxide layer is in keeping with Evans’
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observations of chromium oxide spallation. He found that a chromia layer 6µm in thickness would
spall after a temperature change of around 200°C, whilst the oxide thickness of the Base alloy was
measured up to 18µm after 48 hour oxidation at 1100°C, demonstrating clear prospects of
spallation during cool down (103).
Meanwhile, the Optim-Al alloy only displayed oxide losses at 1100°C oxidation, and this loss was
once again found around the machining marks on the alloy surface. Cross sectional imaging of the
Optim-Al alloy showed no signs of matrix exposed at the surface (see Figure 4.2.2-35), suggesting
the ability of the alloy to re-passivate, and the apparent exposed matrix was just the site of much
thinner aluminium oxide, with much of the SEM interaction volume occurring in the matrix beneath
(similar to that observed in Figure 4.2.2-22 after oxidation at 800°C). In contrast, both the Low-Al
and High-Al alloys formed patchy, discontinuous oxides on the surface, leaving areas of matrix
exposed after oxidation.
Scratch tests on all four alloys were completed to evaluate the bonding strength and adhesion of
the oxide layer to the bulk matrix beneath, and hence demonstrate a greater resistance to
spallation and oxide loss.
The appearance of the scratch test marks on the Base alloy are in line with buckling failure followed
by spallation buckling failure of the oxide, as described by Bull, illustrated in Figure 4.2.3-13
(135,136). This is characterised by failure in an arc ahead of the contact point, followed by lateral
spread of the scratch track of the spalled material. This failure indicates high tensile stresses within
the oxide layer, released by through-thickness cracks created by the stress applied in the test. The
greater thickness of the chromium oxide layer compared to the other alloys is also likely to be a
factor, with its potential for greater internal stresses.
As half of all surface oxide layer material in the scratch track was lost at an average force of 10N
across the three scratches on the Base alloy, the bonding between the oxide and matrix can clearly
277

be considered as poor. The oxide is likely to experience some impact forces during the cleaning
process, where the coke layer is burned out, with debris likely to be moving through the pipe at a
significant speed, and therefore impacts with the pipe are likely to lead to removal of the protective
oxide layer beyond that lost through spallation.
Both the Low-Al and High-Al alloys, whilst not demonstrating formation of a fully encapsulating
oxide, showed significantly greater resistance to oxide loss compared to the Base alloy, maintaining
the formed oxide through to forces of 25N and 20N respectively - more than twice that of the Base
alloy. When considering the nature of the oxides formed, this suggest that the aluminium oxide
layer produced beneath the scales of chromium oxide on the Low-Al and High-Al alloy has a greater
bond to the matrix than the silicon oxide layer does beneath the chromium oxide on the Base alloy,
as the matrix was protected until a significantly greater force was applied.
The Optim-Al alloy showed the greatest resilience to the scratch test, maintaining an oxide across
the sample until applied forces were greater than 30N, three times that of the Base alloy. The oxide
layer also displayed conformal cracking, rather than buckling of the oxide as observed with the
other three alloys. The oxide layer was not removed from its initial site, instead the force of the
scratch test led to fracturing of the oxide in place, demonstrating significantly greater adhesion
between the oxide layer and the bulk matrix, with through thickness failure occurring and without
debonding.
The results of the adhesion of the oxide layer and the observed spallation differences between the
Base and Optim-Al alloys reinforce the Pilling-Bedworth ratio calculations (4.2.3.3). These
confirmed that although both oxides were in the adherent range, the aluminium oxide was closer
to a one to one match in volume, therefore generating less internal stresses upon formation on the
alloy surface. Greater internal stresses would lead to easier oxide fracture and debonding, as
demonstrated in the chromium oxide when compared to the aluminium oxide.
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As the spallation in the high temperature oxidation treatments was found to be centred around the
machining marks, the effect of surface roughness of the sample on oxide adhesion was undertaken
for the Optim-Al alloy. Whilst the machined sample had a roughness of Ra=0.52, it displayed
significantly greater loss of oxide than the Optim-Al alloy with lower roughness. At all three
roughness levels, the lost material shared at least one border with a scratch, machining mark, or
other defect on the surface of the sample. The machined sample had significantly deeper scratch
marks than the other two ground samples, by nature of the machining process. It is hypothesized
that as the sample surface oxidises, the walls of the scratch or machining mark will also oxidise, and
as the oxide layer thickens, pressure builds up as the two opposing oxides come into contact with
one another in the scratch. As the oxide continues to thicken with time, the pressure reaches a
critical point at which the oxide ruptures outwards, and in doing so fractures the oxide and debonds it from the bulk material. This process is illustrated in Figure 4.2.3-7. This proposed
mechanism is similar to that described by Evans on the spallation of oxide scale under compression
in a concave curved section (103).

Industrial benefits of the Optim-Al alloy
Whilst no specific anti-coking tests were completed in this investigation, alumina has continually
been shown to provide greater protection than chromia, particularly in the humid environments
such as those experienced during ethylene steam cracking (23,64,105,113,164–166). It was
important therefore that the oxidation behaviour of the alloys being investigated showed the
following requirements – ease of formation, strong adhesion and resistance to spallation.
This investigation found the Optim-Al alloy produced a stable, adherent and dense oxide layer
covering the surface of the substrate. Han et al. investigated an alloy which was unable to maintain
the aluminium oxide, which spalled and eventually gave way to chromium oxide and then nickel
through subsequent aluminium and chromium depletion (167). The Optim-Al alloy has shown the
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ability to maintain a protective aluminium oxide layer across the sample surface, particularly at
temperatures in the operating range of ethylene cracker furnaces. Furthermore, despite evidence
of spallation at higher temperatures, the oxide layer appeared to re-passivate (as also found by
Chyrkin et al. (111)), demonstrating the ability for the Optim-Al alloy to potentially heal over regions
of spalled oxide scale, further supported by the cyclic oxidation testing (4.2.4.2.2). This is reinforced
by the observations of alumina forming alloys which did not demonstrate an aluminium depleted
zone beneath the surface oxide in the way that chromium does (107,168,169).
Whilst low partial pressure of oxygen oxidation regimes were investigated and found to be
beneficial for promotion of an aluminium oxide layer on the surface of the Low-Al and High-Al
alloys, such conditions were proven to be unnecessary for the Optim-Al alloy. This was successful
when oxidising in forming an adherent, dense aluminium oxide layer across the alloy surface when
oxidised in air conditions. This is significantly important, as this foregoes the need for expensive or
complex pre-service treatments to elicit the production of the desired protective oxide layer on the
Optim-Al alloy. Furthermore, the investigation into effect of oxidation time and temperature
(4.2.2.2) demonstrated the oxidation conditions required for optimal oxide growth to be in the
region of 800°C, the typical operating temperature. The pre-oxidation time also appears to be
minimal, with a fully covering, albeit very thin, oxide layer formed after just one-hour oxidation at
800°C being observed in Figure 4.2.2-25. These results all demonstrate the significant improvement
in anti-coking protection of the Optim-Al alloy over those currently used in the industry.
Surface finish of the inner diameter of the pipes appears to play a significant role in the adhesion
and maintenance of the oxide layer on the pipe surface. A smoother internal finish limits the
initiation sites for spallation to occur through build up in stresses in the oxide. A smoother surface
will enable the oxide layer to be maintained and therefore continue to provide a barrier between
the gas stream and the catalytic elements of nickel and iron in the matrix.
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Conclusions and future work
Conclusions
▪

Addition of aluminium to the Ni-Cr-Fe alloy in too great a quantity results in the formation
of the brittle Ni3Al phase. If this phase is formed throughout the alloy in large volume
fractions, the alloy will not have the properties required for service conditions.

▪

Increased aluminium content causes an increase in volume of carbides in the alloy, due to
less availability for chromium to dissolve into the matrix, superseded by the aluminium.
Increased aluminium content also reduces solidus and liquidus temperatures of the alloys,
further promoting greater carbide formation.

▪

Slower solidification rates of the alloy coupled with adequate availability of chromium and
carbon result in chromium carbides precipitating in a Chinese-scrip style morphology
through growth in the interdendritic regions of the matrix.

▪

Increased chromium carbide volume fraction results in reduced niobium carbide volume
fraction. This reduction in niobium carbides negatively effects the oxidation behaviour of
the alloy, as niobium carbides at grain boundaries act as barriers to diffusion of elements
such as nickel and iron, therefore inhibiting their impact on surface oxidation products.

▪

The Base alloy forms an outwardly growing chromium oxide layer, which is fuelled by the
dissolved chromium in the matrix and by dissolving near surface chromium carbides. A
manganese chromite (MnCr2O4) layer forms atop the chromium oxide layer.

▪

The manganese chromite layer displays poor bonding to the chromium oxide layer, when
compared to that of the chromium oxide layer to the substrate surface.

▪

The Base alloy displayed a two-stage oxidation process, which appeared to be caused by
the exhaustion of the manganese, allowing chromium oxide to form without competition.
This occurred after 21 hours at 1100°C.
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▪

Addition of aluminium to the alloy does not guarantee the formation of surface aluminium
oxide in favour of chromium oxide. The chromium dissolved in the matrix, as a function of
the chromium carbide production, has a significant effect. If there is enough matrixdissolved chromium acting by the third element effect, and precipitated niobium carbides
inhibiting elemental diffusion, an aluminium oxide layer can form on the alloy.

▪

An aluminium oxide layer is formed as a significantly thinner oxide than chromium oxide,
on the surface of the invesigated alloys. This is particularly beneficial due to the importance
of the maintenance of the oxide layer, which is impacted by the thermal coefficient of
expansion differences between the alloy and the oxide layer, with a thicker oxide layer
exacerbating these differences.

▪

Low partial pressure of oxygen oxidation treatments can be used to elicit a continuous
aluminium oxide layer on aluminium containing alloys which otherwise do not display this
behaviour when oxidised in air. Internal oxidation is also supressed due to the limited
oxygen availability. This treatment is not necessary for the Optim-Al alloy however, due to
its ability to form an aluminium oxide layer in air oxidation.

▪

An NiAl2O4 spinel phase was found to form atop the aluminium oxide layer after extended
oxidation at high temperatures. This phase has been used as a catalyst in hydrocarbon
reforming in other work.

▪

Oxide growth rates increase with increasing temperatures for both chromium oxide
forming and aluminium oxide forming alloys, however higher temperatures resulted in
greater spallation of the oxide layer for all alloys investigated, but particularly the
chromium oxide forming Base alloy.

▪

Spallation of the oxide layer was much more widespread, and seen at lower temperatures,
for the chromium oxide layer of the Base alloy when compared to the aluminium oxide
layer of the Optim-Al alloy. All spallation observed appeared to initiate around surface
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machining marks. A mechanism for this behaviour has been suggested. Suggested
improvements to the surface finish of the substrate to remove the machining marks is
hypothesized to reduce spallation or inhibit it completely.
▪

Adhesion of the aluminium oxide layer was significantly greater than that of the chromium
oxide layer, particularly on the Optim-Al alloy.

▪

The adherent and fully covering thin aluminium oxide layer produced on the Optim-Al alloy
after air oxidation represents a significant improvement for anti-coking behaviour over the
currently used Base alloy.

Future Work
Examination of the effects of surface treatments to the oxidation behaviour of Optim-Al alloy must
be explored further, to fully understand the ideal oxidation conditions of the alloy. Furthermore,
the repassivation characteristics of the alloy should be explored, to determine the extent to which
the Optim-Al alloy is able to lose and reform the aluminium oxide layer before exhaustion of
aluminium depletion. The mechanical properties of the alloy in such conditions should also be
examined to evaluate any potential degradation in necessary properties.
In-situ coking testing must be completed to validate the conclusions of the improvement in coking
resistance of the Optim-Al alloy. Such research was unable to be completed in this body of work
due to the complexities of creating an accurate rig to test the alloys.
The long-term creep properties of this alloy should be assessed to confirm its superiority to the
other alloys currently used in industry from both an anti-coking and mechanical performance point
of view.
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