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ABSTRACT 

This thesis considers a detailed assessment of SA-738 Gr. B steel regarding its mechanical 

properties and fracture mechanisms at temperatures ranging from −196 to −40ºC. Mechanical 

testing included hardness test, tensile test, Charpy V-notch test, and fracture toughness tests. A 

standard heat treatment condition (HT1) was compared with a second heat treatment (HT2) 

which corresponds to a simulated post-welding heat treatment in order to see the effect of post-

welding heat treatment on mechanical properties and microstructure on this steel.   

Tensile tests showed that yield stress, tensile strength, Lüders elongation and work hardening 

exponent were strongly dependent on test temperatures: as the temperature increased, yield 

stress, tensile strength, and Lüders elongation decreased, while work hardening increased.  

The Charpy impact testing results of HT1 and HT2 exhibited closely similar ductile-to-brittle 

transition behaviour over the temperature range from −100 to −80ºC, with a transition 

temperature of −91 and −87ºC estimated by tanh-fit curve respectively. The absorbed impact 

energy had a strong positive linear correlation with lateral expansion and ductile thumbnail 

extensions. There was a negative linear relationship between impact energy and percentage of 

cleavage area.  

Fracture toughness results for HT1 and HT2 were characterised by the reference temperature 

T0 obtained by the Master Curve methodology. The overall application of the Master Curve 

methodology to estimate the reference temperature of HT1 and HT2 specimens was reliable 

and gave closely similar reference temperatures of −101 and −97ºC at test temperature of 

−120ºC respectively.  

Detailed fractography of fracture toughness specimens tested at −196 and −170ºC showed that 

all specimens failed with transgranular cleavage, and eight out of ten cleavage cracks were 

inclusion-initiated. Nine out of ten specimens had the local fracture initiation sites located at 

positions consistent with a purely tensile stress-controlled failure criterion.  

The local cleavage fracture stresses obtained from sharp-cracked specimens tested at 

temperatures between −196 to −80ºC were compared to those of blunt-notched specimens tested 

at temperatures of −196 and −170ºC. The local cleavage fracture stresses appeared to be 

independent of test temperatures. There was a weak positive relationship between the local 



 

 

fracture stress and reciprocal square root of the initiating inclusion diameter. Local cleavage 

fracture stresses were measured as 1678 to 2699MPa.  

The study also addresses a 7% nickel steel at temperatures ranging from −196 to −60ºC. 

Hardness, tensile, Charpy V-notch, slow blunt notch bending, fracture toughness, and fatigue 

crack growth tests were performed.  

In tensile tests, yield stress and tensile strength decreased with increasing test temperature. The 

work hardening exponent of this 7% nickel steel had a weak positive correlation to test 

temperature, and total elongation was independent of test temperature. One tensile specimen 

only, tested at −196ºC, showed some cleavage facets on the fracture surface.  

Charpy tests exhibited ductile-to-brittle transition behaviour in the range from −170 to −140ºC. 

The DBTT was −140ºC estimated by tanh-fit curve. Fractography of specimens tested below 

−140ºC showed a mixed mode of micro-void coalescence and transgranular cleavage fracture, 

and as the test temperature increased, the fraction of cleavage area decreased. Slow blunt notch 

testing of 7% nickel steel showed nonlinearity even at −196ºC. Fractography was mainly 

transgranular cleavage, with micro-void coalescence located between cleavage facets.  

In fracture toughness test of 7% nickel steel tested at −196 to −163ºC, specimens failed by 

cleavage fracture after some amount of ductile crack growth. The fracture surfaces had a mix 

of transgranular cleavage facets and micro-void coalescence. KJc values of specimens tested at 

−196ºC were in the range of 214 to 291MPam1/2, while KJc values of specimens tested at −170 

and −163ºC were in the range of 547 to 726 MPam1/2. Values of local cleavage fracture stress 

for 7% nickel steel were deduced to lie between 2765 to 3501 MPa. 

The fatigue crack growth resistance of 7% and 9% nickel steels has also been tested at room 

temperature and −163ºC.   
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CHAPTER 1: INTRODUCTION AND LITERATURE REVIEW 

Energies with lower carbon emissions are preferred nowadays for sustainable development, for 

example, nuclear energy and natural gas are both alternatives for traditional fossil fuels. Nuclear 

energy is thought to be highly energy-efficient, while natural gas is cleaner with a lower carbon 

footprint. However, the development of energy is deeply correlated to the acceptance from the 

public, which is related to the safety concerns behind it, especially nuclear energy always 

reminds people of the accidents of Chernobyl and Fukushima Daiichi. Natural disasters or 

mistakes made by the operators seem to be the main causes of energy component failure, but 

real-life performance and operation life are determined by the properties of the construction 

materials. Therefore, it is important to investigate the mechanical properties of the construction 

materials and to find out the possible fracture mechanisms in order to predict the performance 

of materials and avoid failures under various conditions.  

This thesis is part of a development programme of thick-steel plates at Baowu Steel to qualify 

a range of ferritic steels for use at temperatures as low as −163ºC. It firstly investigates SA-738 

Gr. B high-strength low-alloy (HSLA) steel with specimens from two different heat treatments: 

one underwent a quenching-tempering process, and another one underwent stimulated post-

weld heat treatment (SPWHT). SA-738 Gr. B steel is designed for the construction steel of 

nuclear reactor containment vessels, with a design code specified in ASME SA738/SA738M 

standard [1]. Although the design code is aimed primarily at applications mostly at ambient 

temperature, Baowu Steel wished to assess this steel at much lower temperatures. There was 

also interest in an extended tempering treatment which historically customers had favoured 

based on the subsequent handling behaviour of these thick plates during secondary processing 

and working operations. ferritic steel to temperatures and wide application temperature range, 
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the complex environment and influencing factors inside nuclear power plant including 

accumulated radiation damage, decrease in temperature, increase in strain rate, etc., special 

attention should be paid to fracture modes in order to avoid ductile-to-brittle transition. It should 

be noticed that the carbon content of the steel studied is less than the ASME requirement, with 

0.09wt% and 0.20wt% respectively, providing a better weldability, but the mechanical 

properties of the base material must be affected.  Therefore, to secure the safety of the power 

plant during operation, it is important to investigate the ductile-to-brittle transition region of 

this SA-738 Gr. B HSLA steel, as well as to identify and understand its fracture mechanisms to 

obtain a thorough assessment to this specially developed steel. 

Secondly, it addresses a development nickel steel with a nickel content of 7%. Such nickel 

steels are designed for liquefied natural gas storage purposes at a liquefied natural gas 

temperature of −163ºC. The design code of a 9% nickel steel is specified in ASTM A553/553M 

[2]. 9% nickel steel has been applied in LNG industry for a long time, but 7% nickel steel does 

not have a specific standard and its properties require further investigation. Both nickel steels 

are ferritic steels used for low-temperature applications, facing issues from ductile-to-brittle 

transition behaviour, and therefore it is important to assess their mechanical properties and 

failure mechanisms at cryogenic temperatures. Here the thesis concentrates on the assessment 

of a 7% nickel steel, but opportunity is taken to compare results with a 9% nickel steel.  

The aims of this study are: 

(a) To investigate micro-mechanisms of cleavage fracture in ferritic steels. In parallel 

studies on such steels produced by Baowu Steel it was possible to identify dominant 

sites of fracture initiation-which can greatly aid the interpretation of the underlying 
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cleavage fracture micro-mechanism. A particular feature of this thesis is to extend such 

investigations to test temperatures as low as −196ºC; 

(b) To investigate whether the Master curve methodology can be applied to the SA-738 

Grade steel and whether its application can suggest any differences in reference 

temperature between two closely similar heat-treated conditions; 

(c) To begin the assessment of a 7% nickel steel for use at −163ºC. 

This thesis consists of three parts. This first part is a review of the previous literature to obtain 

understanding of the development of fracture mechanisms and concentrates on cleavage 

fracture micromechanisms at lower shelf and ductile-to-brittle transition region. Linear-elastic 

and elastic-plastic mechanisms as well as the Master Curve methodology are also reviewed. 

The background of both SA-738 Gr. B steel and nickel steels are briefly reviewed.  

The second part is the study on SA-738 Gr. B steel, and it includes four chapters: Chapter 2 

gives the experimental procedures including materials characterisation on microstructure, 

inclusion distribution, hardness testing, tensile testing, Charpy impact testing, fracture 

toughness testing, and fractography. The application of the Master Curve methodology in the 

analysis of fracture toughness data is also described in detail. Chapters 3 and 4 present the 

results and discussions of the testing presented in Chapter 2, with further investigations on 

characterising initiation sites of cleavage fracture in fracture toughness specimens tested at 

lower shelf temperatures, and the local cleavage fracture stresses of fracture toughness 

specimens based on McMeeking’s FEM analysis. Chapter 5 compares and summarises results 

from HT1 and HT2 and some suggestions are made for the future work of this SA-738 Gr. B 

steel.  
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The third part is the work carried out for 7% and 9% nickel steels, and this thesis focuses on 

7% nickel steel. 9% nickel steel is included only for comparison. The experimental procedures 

are described in Chapter 2 together with SA-738 Gr. B steel, as well as fatigue crack growth 

resistance curves monitored with D.C.P.D. method. Chapters 6 and 7 present the results and 

discussions of the testing presented in Chapter 2 for 7% and 9% nickel steels. Conclusions are 

made on Chapter 8. Suggestions on future work of these two nickel steels are made at the end 

of Chapter 8.  

1.1 A Review on Micromechanisms of Fracture 

Cleavage fracture is the most unwanted fracture in science and engineering due to its nature of 

being sudden and catastrophic, especially for large constructions such as nuclear power plants. 

A decrease in temperature could result in a transition of fracture mode from ductile to brittle. 

The transition region should be carefully considered for engineering materials to ensure safe 

use at operation temperatures. The micromechanisms are therefore reviewed to obtain a better 

understanding behind fracture.   

1.1.1 Ductile Fracture  

Unlike cleavage fracture, ductile fracture is more stable and predictable, and the crack would 

not grow continuously without applying a higher load at the crack tip. Figure 1.1 exhibits the 

stress condition of the crack tip of a ductile material under a load in tension. The stress 

distribution ahead of the crack is usually not evenly distributed, and the stress at the crack tip 

is much higher than the applied nominal stress. When the local stress is high enough, the 

material reaches a yield strength of Sy at a distance of ry. The distance between ry and the crack 

tip (r = 0) is plastically deformed, and this deformed region is named the plastic zone. The 
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factors that influence the size of the plastic zone include the material’s yield stress, the applied 

load, and the local loading conditions. The formation of the plastic zone involves energy 

absorption and increases the stress needed for crack growth, and as the crack length increases, 

the required applied stress to grow the crack also increases. The damage tolerance is enhanced 

as the crack is blunted and difficult to grow to the critical size for failure.  

The microscopic cracks are often initiated by dislocation interactions in the plastic zone. The 

formation and movement of a large number of dislocations entangle and lead to the 

development of tiny cracks ahead of the main crack, and these cracks link with the main crack 

to further enhance the fracture process. Formation, growth, and coalescence of micro-voids 

under stress in plastic region would also advance the fracture process. They usually develop 

from second phase particles such as inclusions and precipitates. The shape of micro-void 

coalescence is circular or semicircular, and the semicircular dimples are the results of shear 

stresses, with parabolic depressions and coalesce in planes of maximum shear stress. The 

direction of depressions points back to crack origin. The directions of depression on opposing 

surfaces point in opposite directions. The failure that combines bending and tension also leads 

to elongated dimples.  

Voids that formed due to particles generally have very weak interfacial bonds and the strain 

could be zero during occurrence, and particles with better bonding would crack and form void 

nuclei [3]. The voids link with the main crack and the ligaments between would cause ductile 

tearing. The critical void nucleation stress condition around second phase particles can be 

expressed as the following equation [4] [5] [6]:  

𝜎𝑐 = 𝜎𝑚 + 𝜎𝑙𝑜𝑐 (1.1) 
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Where c is the critical stress for void nucleation, m is the sum of mean hydrostatic stress, and 

loc is local stress.  

The average strain N for void nucleation can be written as:  

𝜀𝑁
1/2 = 𝐻(𝜎𝑐 − 𝜎𝑚) (1.2) 

where H is an empirical constant.  

In order to precisely describe the real condition of void nucleation, Iricibar et al. [4] suggested  

using particle size and spatial distribution to model the ductile crack nucleation. Rice and 

Tracey’s model [7] for ductile fracture mechanisms is the most widely accepted, the cup-and-

cone feature is influenced by the prevailing triaxial stress system. The model replaced the yield 

stress by effective stress to show the work hardening effect on void growth. This model was 

further improved by others to include the failure where voids interact and coalesce. Thomason 

[8] suggested a ductile failure model and he assumed that when the net section between two 

void reaches a critical stress level 1), the fracture would occur. The ductile crack would be 

stable when:  

𝜎𝑛(𝑐)

𝑑

𝑑 + 𝑏
> 𝜎1 (1.3) 

Where 2d is the distance between voids, 2b is the size of void in the direction of maximum 

principal stress 1. If the terms on the left-hand side and the right-hand side of inequality 1.3 

are equal, then fracture will occur.  
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1.1.2 Cleavage Fracture 

1.1.2.1 Griffith’s Theory 

Griffith’s energy balance theory [9] is the fundamental to the cleavage fracture mechanism. The 

Griffith equation suggested that propagation of a crack requires higher energy released from 

breaking of atomic bonds than the energy needed to create two new surfaces. The equation for 

fracture stress in plane stress F is given by:  

𝜎𝐹 = (
2𝐸𝛾𝑠

𝜋𝑎
)1/2 (1.4) 

Where E is the Young’s modulus, s is the surface energy per unit area of new crack surface, a 

is the half length of the crack. For plane strain condition, the equation becomes:  

𝜎𝐹 = (
2𝐸𝛾𝑠

𝜋(1 − 𝜐2)𝑎
)1/2 (1.5) 

Where  is Poisson’s ratio.  

The Griffith equation suits well for brittle materials such as glasses, but for elastic-plastic 

materials such as metals, the magnitude would be too low to predict the fractur stress. Orowan 

[10] and Irwin [11] added an extra term p describing the plastic work done around the crack 

tip prior to fracture in metals:  

𝜎𝐹 = (
2𝐸(𝛾𝑠 + 𝛾𝑝)

𝜋(1 − 𝜐2)𝑎
)1/2 (1.6) 

As p has much greater value than s, the equation could also be written as:  
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𝜎𝐹 = (
2𝐸𝛾𝑝

𝜋(1 − 𝜐2)𝑎
)1/2 (1.7) 

1.1.2.2 Models of Cleavage Fracture 

Griffith theory suggested a criterion for the unstable crack growth at a given crack length, but 

it was not clear for microcrack formation. The tensile results of iron specimens with different 

grain sizes tested at −196ºC compares the yield stress in compression and fracture stress in 

tension, as shown in Figure 1.2. Low [12] in his experiment demonstrated that yielding was 

prior to fracture in fine-grained specimens, whereas in coarse-grained specimens, yielding and 

fracture happened simultaneously, and this is due to deformation such as twinning or dislocation 

movement. This experiment proved that the initiation of cleavage microcracks requires prior 

plastic deformation, but their propagation may require additional loading in fine grain materials. 

This also suggested the importance of grain size in controlling cleavage fracture.  

There were two micromechanisms regarding the formation of microcracks:  

Zener/Stroh Micromechanism  

Zener [13] suggested the microcracks formed by the coalescence of edge dislocations. Based 

on this model, Stroh in 1954 [14] found that the dislocation pile-up with stresses around would 

either result in crack formation or operate a Frank-Read source by pulling it from its locking 

impurities. At higher temperatures, there is sufficient energy to free the sources locked by 

impurity atoms, and ductile behaviour is preferred. At lower temperatures, there is no sufficient 

thermal fluctuation to free the source, it may result in the continuous dislocation pile-up and 

when it is large enough, a crack is initiated:   
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𝜏𝑒𝑓𝑓 = 𝜏𝑦 − 𝜏𝑖 > [
𝐸 𝜋 𝛾

4(1 − 𝑣2)𝑑
]1 2⁄  (1.8) 

Where eff represents the required shear energy, y is the shear stress, I is lattice stress. E is 

shear modulus, υ is Poisson’s ratio,  is the effective surface energy of ferrite, and d is grain 

diameter.   

The critical stage for Stroh’s model is the nucleation of microcrack, providing  is constant. 

This criterion focused on the effect of shear stress but ignored propagation control of cleavage 

demonstrated by Low.  

Cottrell’s Micromechanism  

Cottrell’s idea was based on intersecting dislocation pile-ups [15]. In a body-centred cubic iron, 

the dislocation is glided on intersecting slip planes, as shown in Figure 1.5. A sessile dislocation 

is formed as the result of dislocation reactions, and Burger’s vector is parallel to the cleavage 

plane. The dislocations sliding on the slip planes attract each other, and the build-up of high-

density dislocations result in driving a wedge into the cleavage plane. This model gave a 

mechanism for the easy nucleation of a micro-crack. This model in combination with the 

influence of a notch in promoting cleavage fracture, highlighted the importance of tensile stress 

on cleavage fracture. The critical step of cleavage fracture is thus microcrack propagation rather 

than microcrack nucleation. Cottrell’s model was more widely accepted than Zener/Stroh’s 

model since the latter model could not account for the influence of notches on cleavage fracture. 

In essence, Stroh would suggest that cleavage fracture resistance would increase at lower 

temperature since the yield stress would increase.  
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The effect of carbides on cleavage fracture was investigated by McMahon and Cohen [16] 

through a series of tensile tests on steel specimens with very low carbon content. The specimens 

were heat-treated carefully and had similar purely ferrite grain sizes, but the thickness of carbide 

films located at grain boundary was different. They concluded that specimens with finer and 

thinner carbides exhibited more ductile behaviour, while specimens with coarser and thicker 

carbides generated brittle cleavage fracture. Their findings prompted the development of 

another cleavage microcrack nucleation model based around the failure of carbides, Smith’s 

fracture criterion [17]. It is a propagation-controlled fracture model based on the propagation 

of a cracked carbide into the ferrite grain:  

𝐶0

𝑑
𝜎𝐹

2 + 𝜏𝑒𝑓𝑓
2[1 +

4

𝜋
√(

𝐶0

𝑑
)

𝜏𝑖

𝜏𝑒𝑓𝑓
]2 ≥

4𝐸𝛾𝑝

𝜋(1 − 𝜐2)𝑑
 (1.9) 

where C0 is the carbide thickness inside a grain with the diameter of d, F is critical tensile 

stress required for microcrack propagation, eff is the effective shear stress, p is the effective 

surface energy that is required for the microcracked carbide to spread into ferrite matrix.  

Smith’s criterion does not consider the grain size effect on cleavage fracture. If the term eff in 

Equation 1.9 is replaced with kyd
-1/2, where ky is a constant describing the easiness of unpinning 

dislocations, and it is independent of the grain size:  

𝜎𝐹
2 +

𝑘𝑦

𝐶0

2

[1 +
4

𝜋
√(𝐶0)

𝜏𝑖

𝑘𝑦
]2 ≥

4𝐸𝛾𝑝

𝜋(1 − 𝜐2)𝐶0
 (1.10) 

However, Curry and Knott [18] illustrated that the grain size effect in the fracture stress of slow-

cooled or normalised mild steel could be represented by the thickness of carbides, as the ratio 

of carbide thickness to grain size is constant due to the diffusion processes on cooling are similar. 
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Hence, both parameters were correlated and making it difficult to say which factor is more 

important. The second term in Equation 1.10 is the dislocation term (initiation) usually accounts 

for less than 10% of total fracture energy, and if this term is neglected, the equation could be 

reduced to a Griffith formula:  

𝜎𝐹 = (
2𝐸𝛾𝑝

𝜋(1 − 𝜐2)𝑟
)1/2 (1.11) 

where C0 = 2r.  

Cottrell’s theory mainly focused on the propagation-controlled fracture rather than nucleation-

controlled and this theory continues to be supported.  

1.1.2.3 Notched Bar Fracture Mechanical Testing 

Tensile tests have limitations on cleavage fracture before necking occurs at temperatures above 

−196ºC, as the stress conditions are not severe enough, and Orowan [19] assumed the 

independence of intrinsic microscopic cleavage fracture stress to test temperature. In the early 

work of Green and Hundy [20], they applied notched bending specimens to determine the 

minimum depth of notch required to avoid the plastic zone from spreading to the notched 

surface of the specimens. Knott [21] used bars with various included angles for bending, and 

the results showed that regardless of test temperatures, the measured maximum principal tensile 

stress at general yield was equal to the fracture stress. However, as this method used slip line 

field theory without concerning work hardening, additional tests were required to determine the 

coincident temperature for fracture and general yield. The maximum principal stress estimation 

accuracy was also limited by slip line field theory.  
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1.1.2.4 The Linear Elastic Stress Intensity Factor  

Irwin [8] first suggested stress intensity factor K in 1957 to describe a mode I through-thickness 

crack, with tensile stress perpendicular to the crack, by referring to Westergaard’s theory [22] 

and this was developed as the foundation of linear-elastic fracture mechanics:  

𝐾 = 𝜎√𝜋𝑎 (1.12) 

Where K is the linear-elastic stress intensity factor,  is the applied stress, and 𝒂 is the half size 

of the micro-crack.  

For tests performed at higher temperatures, or the specimens with higher ductility, the plastic 

deformation is involved at the crack tip. There is a plastic zone developed ahead of the crack 

tip, and the size of this plastic zone would be too large that linear-elastic stress intensity factor 

needs some correction.  

The size of plastic zone in plane stress condition according to Irwin [11]:  

𝑟𝑦 =
1

2𝜋
(

𝐾

𝜎𝑦
)2 (1.13) 

In plane strain condition:  

𝑟𝑦 =
1

4√2𝜋
(

𝐾

𝜎𝑦
)2 (1.14) 

Where ry is the plastic zone size. The effective crack length would be a+ ry.  
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1.1.2.5 Ritchie, Knott, and Rice (RKR) Model 

Ritchie, Knott and Rice [23] investigated the relationship between the microscopic parameter 

of cleavage fracture stress, F, and the macroscopic parameter of fracture toughness, KIc. The 

finite element analysis of the stress field ahead of a blunted crack published by Rice and 

Johnson [24] was similar to the blunt notch work by Griffith and Owen [25]. The maximum 

principal tensile stress (yymax) is increased by the stress intensification at the crack tip, and 

when yymax is above the microscopic cleavage fracture stress F, unstable fracture was 

postulated to occur. A characteristic distance, xc, was introduced into the model for the accuracy 

in dimensions, this unit is microstructurally dependent, and it was decided to be around two 

grain diameters. The RKR model can be expressed as:  

𝐾𝐼𝑐 = 𝛽−(𝑛+1)/2

√

𝑥𝑐

𝜎𝐹

(𝑛+1)/2

𝜎𝑌
(𝑛−1)/2

 
(1.15) 

The critical distance and the microscopic cleavage fracture stress (F) are independent of test 

temperature, and the dependence of KIc with temperature could be predicted from the material 

variation in yield stress and work hardening exponent (n) with test temperature.  

Curry and Knott verified the RKR model through a series of experimental works by measuring 

the values of F and fracture toughness KIc of mild steel with different grain sizes and different 

carbide sizes [18] [26] [27]. When the grain sizes were above 40m, the characteristic distance 

xc was about 3-4 times the grain size, and for the grain sizes below 40m, xc was independent 

of grain size. For sharp-cracked specimens, the plastic zone size and high stress region are very 

small, which leads to a steep stress gradient. The carbides of different sizes located within this 

region compete under varied tensile stress during the nucleation of cleavage crack. For the 
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blunt-notched specimens, the distance is larger from a micro perspective, the stress gradient is 

relatively flat. The works from Curry and Knott concluded that the characteristic distance is not 

correlated to ferrite-carbide microstructure, but related to the probability of finding a 

microcrack that satisfies the critical size for cleavage fracture propagation from the high stress 

region ahead of the crack tip. The microscopic cleavage fracture stress is determined according 

to the largest carbide.   

1.1.2.6 Particle-Initiated Cleavage Fracture 

Carbides as the initiation point of cleavage microcrack has been widely accepted, while 

inclusion-initiated cleavage fracture of different steels and weld metals was also found in many 

other studies [28] [29]. The effect of particle-initiated cleavage fracture was studied by using 

heterogenous materials containing inclusions [30], and the maximum principal stress of 

particles is described below:  

𝜎1 = Σ1 + 𝑘(Σ𝑒𝑞 − 𝜎0) (1.16) 

Where 1 is the remote maximum principal stress, eq is the remote von Mises effective stress, 

0 is the initial yield stress, k is dependent on shape of the particles and loading orientation. As 

the second term of Equation 1.16 is stress intensification, and thus 1 is equal to critical fracture 

stress Ic. As test temperature increased, the yield stress decreased, and thus critical fracture 

stress increased with test temperature. It should be noticed that this equation does not account 

the differences between particle cracking or matrix-particle decohesion.  

For particle-initiated cleavage failure, the microcrack firstly initiates from a brittle particle such 

as carbides or inclusions induced by slipping, then crack propagates across particle or particle-

matrix interface along (100) cleavage plane of the neighbouring matrix, and then propagates 
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across grain boundary with grain-sized crack length [31] [32]. The effective surface energy of 

particle-matrix pm is not affected by temperature, but energy stored in matrix-matrix (or 

boundary energy) mm is temperature-dependent, and it will be higher as the temperature 

increases, and then becomes the dominant controlling factor of cleavage fracture [32]. The ratio 

between energy stored in matrix and surface energy of the particle at the initiation site is often 

greater than one as the result of energy dissipation in plastic deformation of the matrix [33]. 

1.1.3 Elastic-Plastic Fracture Mechanisms 

Plastic deformation involvement at the crack tip would blunt the sharp crack, leading to a rapid 

increase of strains than stresses. Wells in 1961 [34] found that critical stress intensity factor KIc 

could not define the fracture resistance of different metals through experiments, and he 

observed that before fracture, notch has been stretched comparing to the original crack, and the 

sharp crack tip was blunted. Therefore, the crack opening displacement (COD) or crack-tip 

opening displacement (CTOD) is introduced as a measurement of fracture resistance. COD is 

well-related to Griffith energy theory with small-scale plastic deformation by considering 

plastic zone correction suggested by Irwin and Dugdale-Barenblatt model [35] [36].  

Crack blunting is related to the fracture toughness of materials, as plastic work is required for 

the increase of CTOD. There should be a critical CTOD value, and its relationship with stress 

intensity factor KI following linear-elastic fracture mechanics can be presented by:  

𝛿 =
𝐾𝐼

2

𝑛𝐸𝜎𝑦
 (1.17) 

Where  is CTOD, n = 1.0 for the plane stress condition, n = 2.0 for the plane strain condition, 

E is Young’s modulus. This approach is still valid for linear-elastic fracture mechanics under 
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the condition of more plastic deformation at the crack tip. It will be invalid if total yielding 

occurs.  

Rice [37] in 1968 came up with the concept of energetic contour path integral J. J-integral is 

path-independent, and it is the energy release rate of a nonlinear-elastic body contains a crack. 

An aerial integral Equation 1.18 can be used to describe J from an arbitrary counter clockwise 

path, , around the crack tip:  

𝐽 = ∫
Γ

(𝑤𝑑𝑦 − 𝑇𝑖

𝜕𝑢𝑖

𝜕𝑥
𝑑𝑠) (1.18) 

Where w is strain energy density, Ti is the outward traction vector components, ui is the 

displacement vector components, ds is the increment of length along the contour . Strain 

energy density is defined as:  

𝑊 = ∫ 𝜎𝑖𝑗𝑑𝜀𝑖𝑗

𝜀𝑖𝑗

0

 (1.19) 

Where Ti = ijnj, and nj is the unit vector components normal to .  

For linear-elastic materials, with accordance to Irwin, energy release rate J and G is related to 

the stress intensity factor KI in Mode Ⅰ loading:  

𝐽 = 𝐺 =
𝐾𝐼

2

𝐸
 (1.20) 

Equation 1.21 represents plane stress conditions, and for plane strain conditions:  

𝐽 = 𝐺 =
𝐾𝐼

2

𝐸
(1 − 𝑣2) (1.21) 

The critical J-integral JIC can be used to represent fracture toughness of materials.  
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Griffith and Owen [25] suggested an advanced elastic-plastic analysis for a bent bar by finite 

element modelling. A linear work hardening rate was included, and the maximum stress 

intensification ahead of the notch root for varied load/load at general yield was predictable. The 

analysis also found that the maximum tensile stress was inside the plastic zone with some 

distance from the elastic-plastic boundary.  

1.1.4 Ductile-to-Brittle Transitions  

The above reviews on cleavage fracture suggest that it is more propagation-controlled. Orowan 

[10] suggested that the cleavage fracture stress is inversely proportional to the square root of 

the grain size, in accordance with the Griffith theory. It is verified by Petch [38] with 

experiments. Petch also highlighted the cleavage strength is comparable to the lower yield stress 

of ferrite. Yielding and the propagation of a Lüders band arise from the shear stresses around 

the pile-up.  

Cottrell’s theory [15] focused on the intersection of dislocation pileups. Crack nucleus is formed 

during the dislocation coalescence on two intersecting {110} slip planes:  

1

2
𝑎[1̅1̅1] +

1

2
𝑎[111] → 𝑎[001] (1.22) 

In which the new dislocation is parallel to the {001} cleavage plane and if let it run, it would 

form a cleavage crack. If the crack size and slip bands are greater than Griffith value, the crack 

would continue to grow and results in cleavage fracture, and if the joint value is smaller than 

Griffith value, the crack would not exceed the critical value and become blunted due to the 

plastic flow at the crack tip. A transition would occur in grains with the diameter of 2d when 

the following equation is satisfied:  
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(𝜎𝑖𝑑1/2 + 𝑘𝑦)𝑘𝑦 = 𝛽𝛾𝜇 (1.23) 

Where i is shear stress,  is a constant related to deformation mode,  is the surface energy of 

the crack,  is shear modulus, ky is related to Hall-Petch equation with the shear stress for yield 

y:  

𝜎𝑦 = 𝜎𝑖 + 𝑘𝑦𝑑−1/2 (1.24) 

The value of ky indicates the stress required to initiate dislocation, i represents the stress 

hinders the dislocation motions, and this term can be divided into two parts according to Heslop 

and Petch in 1956 [39]:  

𝜎𝑖 = 𝜎1 + 𝜎2 (1.25) 

Where 1 is the hardening effect from impurities, precipitates, etc., and 2 is the resistance from 

the lattice. By increasing ky, i, or d, cleavage fracture would be preferred. Temperature is a 

factor that affects i of materials with a body-centred cubic (BCC) crystal structure, as BCC 

crystal structure has 24 slip systems but a lower atomic density compared to face-centred cubic 

(FCC) crystal structure. The movement of atoms is temperature-sensitive, the decrease in 

temperature would increase i, resulting in the ductile-to-brittle transition. Other factors such 

as radiation damage or strain rate can also affect i. Irradiation can increase yield stress with 

Δi without affecting cleavage fracture stress [40], while strain rate can affect both y and i. 

The specimen geometry could affect ductile-to-brittle transition temperature by affecting stress 

state, and  in Equation 1.23 can incorporate this geometry effect.  

For the occurrence of cleavage fracture, a critical stress F should be reached over a critical 

distance ahead of the crack tip, even though the distance is microstructurally significant. If the 
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stress is below this critical value, the fibrous fracture would occur, and a stable crack growth 

would be initiated before final cleavage failure. The reasons for ductile-to-brittle transition are 

summarised below [41]:  

1) The ductile crack growth rate in homogeneous materials increases, and the strain rate at 

the crack tip also increases, in which the local stress at the crack tip would be raised by 

the strain rate. Once the stress exceeds the critical cleavage stress, the cleavage fracture 

would occur. According to Zhang’s work of monitoring the ductile crack growth rate of 

fracture toughness test by potential drop method, the crack growth rate at the first 1.5 to 

2mm accelerated until reaching the maximum load, and then the crack growth of the 

material would drop, and the specimens would fail with plastic collapse.  

2) If there is a stress-raising defect exists in a specimen, e.g., a notch or other flaw, another 

fracture mechanism is possible to take place. The notch could be opened by applying 

tensile stress, and ductile tearing could start at the root of the notch. A crack could be 

generated during this ductile tearing formed at this region, in which sharpens the notch, 

and the stress state would be raised to a level much higher than before. This increased 

cleavage stress may overpass the critical cleavage fracture stress and induce cleavage 

fracture.  

1.1.5 Master Curve Methodology 

Due to the sudden and catastrophic nature of cleavage fracture, ductile-brittle transition should 

be avoided for the development of engineering materials. Apart from Charpy impact test and 

drop weight test, the Master Curve methodology was suggested to analyse the behaviour of 

ferritic material at the transition region.  
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There is a Wallin, Sarrio and Törrönen (WST) cleavage fracture model developed by Wallin, 

Sarrio and Törrönen that describes cleavage fracture statistically [42]. According to Griffith 

instability criteria for a round carbide in the ferritic matrix, WST model gives the relationship 

between the size of the crack initiators and the local stress that caused failure [43]:  

 
𝑟𝐶𝑅𝐼𝑇 =

𝜋𝐸(𝛾𝑠 + 𝑤𝑝)

2(1 − 𝑣2)𝜎𝑦𝑦
2

 (1.26) 

Where rCRIT is the radius of inclusion that causes cleavage fracture, E is Young’s modulus, v is 

Poisson’s ratio, s is the surface energy of the matrix, wp is the plastic work needed for crack 

propagation, yy is a function of flow properties of the material. If there is an initiator located 

before the crack tip with a radius exceeding the critical value, cleavage fracture can occur easily. 

If the size distribution of carbides and the number of carbides per unit volume are known, the 

probability of fracture can be expressed as [44]:   

 

𝑃𝑓 = 1 − ∏ [1 − 𝑃(𝑟 ≥ 𝑟𝑐𝑟𝑖𝑡)]𝑁∙𝐹∙𝐵∙𝑑𝑋∙𝑋∙sin 𝜃

𝑟𝑝𝑙𝑎𝑠𝑡𝑖𝑐

𝑋=0

 (1.27) 

Where Pf is the probability of cleavage fracture, X is the distance at the onset of the crack tip, 

rplastic is the distance between the crack tip and the interface of elastic and plastic, N is the 

number of initiation sites of cleavage crack per unit volume, F is the fraction of initiation sites 

affecting fracture, B is the thickness of specimen, dX is the summation volume width, X∙sinθ 

is the summation volume height, θ is the angle that measuring from crack plane in counter-

clockwise direction, and this angle is assumed to be constant.  

In the 1970s, a PVRC task group collected all valid KIc (dynamic initiation) and KIa (crack 

arrest) fracture toughness data at transition temperature to develop an ASME code as a fracture 
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mechanics methodology for pressure vessel steels [45].  This methodology also collected drop-

weight and Charpy impact test data. All the test temperatures were normalized to a single 

transition temperature, RTNDT.  The plotted underlying curve was defined as the universal lower 

bound curve for all ferritic pressure vessel steels, and it was applied for thirty years. The RTNDT 

was originated from an older test method with few direct relationships with fracture mechanics 

[46].  

The data scatter gained more attention when a better refined test method for structural steels 

was developed. Landes and Schaffer found the size effect for transgranular cleavage failure[47]: 

smaller specimens tend to have higher fracture toughness than larger specimens. They came up 

with two possible reasons, the first is that the phenomenon might be due to constraint loss. As 

the specimen size increases, the plastic zone at the crack tip grows larger, and it is sufficient to 

have interactions with specimen free surface. Constraint loss would lead to a large increase in 

deformation, and the driving force to fracture is also enhanced, therefore the toughness value is 

also elevated. Compared to larger specimens, smaller specimens are more easily affected by 

loss of constraint, as the plastic zone-free boundary interaction of a small specimen tends to 

occur at lower deformation levels, which would increase the toughness value. The second one 

is the fracture initiation site sampling. The toughness value depends on the microstructure of 

the material and the location of the weakest point along the crack front. The latter may vary 

from specimen to specimen, and it is more obvious for ferritic steels fractured in a transgranular 

way. Ferritic steels tested at transition region generally have a very small number of initiation 

sites, some have single initiation site, which suggests that the toughness behaviours of ferritic 

steels are controlled by local initiation site.  
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Landes and Schaffer analysed the data scatter of the multiple test results of a NiMoV generator-

rotor steel. The outcome two-parameter Weibull model can be expressed as:  

 
𝑃𝑓 = 1 − 𝑒𝑥𝑝 − (

𝐽𝐶

𝜃
)𝑏 (1.28) 

Where Pf is the probability of cleavage fracture, Jc is the J-integral level at the onset of cleavage 

fracture for a specially selected specimen,  is a scale parameter, and b is the Weibull slope of 

the model. After examining the fracture surfaces of the tested specimens, they found that the 

distance between the initiation point of cleavage cracks to the initial crack front was related to 

Jc values and the J-integral at the point of onset of cleavage instability, and therefore they 

confirmed the data scatter of Jc values and the weakest-link phenomenon, and it was further 

proven by Heerens and Read in 1991 [48].  

The establishment of the weakest-link theory encouraged the future work by Wallin and other 

co-workers in 1984 [49]. They developed a method to test the cleavage fracture toughness of 

materials by combining the weakest-link theory with cleavage fracture mechanical model stated 

by Curry, Knott, etc. The elastic-plastic stress intensity factor, KJc, can be used to calculate the 

critical flaw size and the critical stress for a given flaw. Its relationship with Jc is given 

below[27]:  

 𝐾𝐽𝑐 = (𝐸𝐽𝑐)1/2 (1.29) 

The two-parameter Weibull distribution is written as:   

 
𝑃𝑓 = 1 − exp {−[

𝐾𝐼

𝐾0
]𝑏} (1.30) 



23 

 

Where KI is the applied stress, K0 is a normalization factor. Cleavage initiator distribution does 

not affect the scatter of fracture toughness values. However, this model gives wide tolerance 

bounds, and the lower bound is too low. In order to enhance the reliability of this Weibull model, 

Wallin analysed KIc data from a set of tests with different sizes of samples by Monte Carlo, and 

he introduced Kmin in his 1984’s paper, and it is a value of applied stress that is too low for 

cleavage fracture to occur (Pf = 0) as the lower bound value. If the Jc value is zero, then the 

probability Pf in Equation 1.31 can be finite if there are sufficient amount of data. Below is the 

new three-parameter Weibull model [42]:  

 
𝑃𝑓 = 1 − exp {−[

𝐾𝐽𝑐 − 𝐾𝑚𝑖𝑛

𝐾0 − 𝐾𝑚𝑖𝑛
]𝑏} (1.31) 

Where K0 is the toughness that corresponds to a 63.2% probability of failure, and K0 – Kmin is 

the scale parameter. Wallin gave two reasons why Kmin was not set to zero: 1. With lower values 

of KI, cleavage initiator at the crack tip could be larger than that of the volume of material at 

the crack tip subjecting to plastic flow, which would against the fact that the propagation of 

cleavage fracture requires the plastic flow [17]. 2. The initiation of cleavage fracture always 

starts from a pre-existing crack. It was noticeable that if Kmin was set to be 20MPam1/2, then the 

Weibull slope b was approaching to 4. However, it only happens when there are sufficient 

number of specimens. This work concluded that comparing to other two scale parameters Kmin 

and b, a limited number of data would be enough to treat K0 – Kmin as a known constant. Wallin 

also suggested that the minimum number of specimens required to estimate the data scatter was 

three. Since then, there were many works surrounding this discovery taking place. The round 

robin activity was taken place in 18 different laboratories located in different countries, and the 

material they used is from one single A508 Class 3 pressure vessel steel plate [50]. They took 

three test temperatures: −50ºC, −75ºC and −100ºC, and for each temperature, five 1T C(T) 
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specimens were tested. The outcome illustrated that most of the predicted median values of KJc 

were close to the combined median value of KJc. The results also illustrated that despite the 

different test temperatures, taking Kmin as 20MPam1/2 and b as 4, the three-parameter Weibull 

distribution model still had a good fit to all test data.  

The improved understanding of fracture mechanism and statistical methods gave the emerge of 

the Master Curve methodology. This methodology contains three characterizations [51]: 1. 

Ferritic steels with certain microstructures would show data scattering. The data scatter is often 

fitted by a three-parameter Weibull cumulative probability statistical model. 2. J-integral is 

calculated and converted into KJc. The specimens would remain constraint even with 1/40th of 

the size required for KIc defined in ASTM Standard E399. 3. The weakest-link theory can 

explain the specimen size effect, which enables data obtained from one size of specimens 

convert into another size. Here are some reasons that support the application of this master 

curve referring to WST statistical model of cleavage fracture [44]:  

1. Plastic deformation is required for the occurrence of cleavage fracture. Nearly all the 

RPV are ferritic steels, and they all have the same BCC crystal structure.  

2. The crack tip stress state at failure can be determined if the amount of yielding is small, 

and initiator distribution of cleavage fracture of a material can affect the median of 

fracture toughness. However, initiator distribution has no correlations to the scatter of 

toughness values, and therefore the scatter of toughness values will not be affected by 

the materials.  

3. The cleavage crack initiation sites are distributed randomly throughout the material. The 

welding may affect the homogeneity of microstructure of material, but for other steels 
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produced with grain refinement and tempering procedures, they can keep their 

homogeneity.  

All the works above led to the development of ASTM Standard E1921-97 ‘Test Method for 

Determination of Reference Temperature, T0, for Ferritic steels in the Transition Range’. The 

fracture toughness results of ferritic steel can be plotted against test temperatures to form a 

‘Master Curve’. In Wallin’s paper published in 1993, he suggested the equation for the position 

of the Master Curve [44]:  

 𝐾𝐽𝑐(𝑚𝑒𝑑𝑖𝑎𝑛) = 30 + 70 ∙ exp [0.019(𝑇 − 𝑇0)] (1.32) 

Where T is the test temperature, and T0 is the reference temperature at which the median KJc 

values of six or more 1T specimens equals to 100MPam1/2. It is a normalized equation showing 

the shape of the median KJc for 1T specimens, and the position of this universal curve of 

cleavage fracture depends on the reference temperature T0. 

ASTM Standard E1921 is applied to all ferritic and bainitic steels with homogeneous 

microstructures, and it is not limited by the size of the specimens according to the weakest-link 

theory, which enables the data conversion between different specimens [51]. The test 

temperature selection is suggested to use the lower part of the ductile-to-brittle transition region 

in order to get closer to real T0. The positions of the curve are influenced by the microstructures 

of different steels with respect to test temperatures [52].   

Lots of experimental works have supported this Master Curve methodology. Comparing to the 

early fracture mechanics ASME KIc reference curve methodology, the Master Curve method 

only uses data tested based on fracture mechanism. The Master Curve method is more 

statistical-based and gives better prediction on the fracture toughness of materials under 
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cleavage fracture compared to ASME code. The experimental results from the Japanese KIR 

Project also supported that the reference temperature obtained by the Master Curve method was 

a stronger indexing parameter than RTNDT in ASME Code [53]. Among all the test specimens 

stated in ASTM Standard E1921, compact tension specimen is suggested to have a more 

conservative estimation of T0 compared to other specimens. The appearance of side grooves 

may decrease the mean fracture toughness in the upper shelf of the transition region and 

increase the mean fracture toughness in the lower shelf of the lower transition region. Using 

CVN test to obtain the value of reference temperature is less reliable compared to using C(T) 

and SE(B) specimens, as CVN specimens would give much lower reference temperature values 

than other specimens. The Master Curve method also has limitations. It has the best accuracy 

for failures occurring under conditions of small-scale yielding only. It is only applicable to 

homogenous materials, but not to inhomogeneous materials such as heat-affected zone (HAZ). 

It is also found to be not applicable at temperatures above room temperature [54]. However, 

this does not affect its effectiveness, and it has been proved to be a valid way to find out the 

integrity of RPV materials and to ensure the safety of nuclear power plants during the operation 

time.  

1.2 A Brief Review of HSLA Steels Application in Nuclear Industry 

1.2.1 Nuclear Power Plant and Material Selection of Containment Structure 

Nuclear power has the advantages of very low carbon emission, high energy capacity, very 

reliable operation, longer operation life, and more cost-effective in the long term than other 

types of energy sources. It is also more reliable than other green energies as its operation is not 

as weather-dependent as solar or wind energy. However, safety is always a big concern for 



27 

 

nuclear energy, therefore the construction of nuclear power plants and the selection of nuclear 

materials should be very careful to avoid any failure.  

Containment vessel is the third barrier for radioactive substances and acts as a heat exchanger, 

and it should be able to withstand internal pressure caused by loss of coolant accident (LOCA) 

or main steam-line break (MSLB) [55]. Conventional containment structure uses pre-stressed 

concrete, but AP1000 Advanced Passive Nuclear Power uses steel-made containment and 

reinforced concrete shield building [56] [57]. AP1000 is a generation III nuclear power plant 

designed by Westinghouse, and it is a pressurised water reactor [55]. The illustration for 

AP1000 containment vessel is shown in Figure 1.7. 

Containment vessel steel should satisfy the properties of good mechanical properties such as 

toughness and strength. As large containment vessel is often constructed by welding, vessel 

steel should also have good weldability to ensure the safety of nuclear power plants during 

operation. According to the requirement suggested in ASME NE Code 2007 [58], materials 

with a thickness of more than 44.5mm are required to apply post-welding heat treatment 

(PWHT), but another ASME CODE case N-841 in 2015 suggested that the PWHT could be 

exempted if the thickness of the steel plate is in the range of 44.5 to 60mm [59]. The latter case 

was not approved by the US Nuclear Regulatory Commission due to safety concerns [60]. As 

an alternative, simulated post-welding heat treatment (SPWHT) is performed on as-delivered 

steel plates, and it is a preliminary inspection of steel welding ability without doing welding 

tests on the steel plates.  

As a better cost-effective solution than austenitic steels, ferritic/martensitic steels have been 

widely applied in the nuclear industry, for example, FI ferritic steel is applied as the fuel 

cladding tubes, A508 Gr. 3 and A533B are used as the reactor pressure vessels. However, apart 
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from the possible non-homogeneity of the microstructure due to the larger thickness, 

ferritic/martensitic steel plates are subjected to ductile-to-brittle transition under the effects of 

decreased temperatures and increased irradiation dose. Their cryogenic properties are mainly 

achieved with heat treatment in ferrite + austenite region after rolling [61].  

1.2.2 High-Strength Low-Alloy Steels and Effects of Alloying Elements 

The nuclear structural steels mentioned in the previous section such as A533B and A508 have 

low alloying element contents. High-strength low-alloy (HSLA) steels are micro-alloyed , and 

they have a balanced combination of mechanical properties such as strength, toughness, 

corrosion resistance, weldability, formability, and relatively cheaper production cost, which 

make them ideal for not only nuclear industry, but other engineering applications such as 

offshore pipelines and aeronautical components [62].  

The alloy element content can affect the mechanical properties of steels via influencing their 

microstructure. The alloying elements in steels could either be the solid solution of iron, 

forming inter-metallic compounds with Fe or with each other, forming non-metallic inclusions 

such as oxides and sulphides, forming carbides, or being in the free state [63]. Oxygen and 

sulphur have limited solubility in the solid phase of iron and form some oxides and sulphides 

of iron, such as FeO and FeS. The ductility of steel is decreased with increasing oxides or 

sulphides. The most detrimental effect on toughness and ductility of steels is the deformation 

of inclusions within the matrix, therefore the content of these elements and their inclusions are 

unwanted.  

Some elements such as silicon, manganese, and aluminium, they are acceptable for commercial 

steels due to their affinity nature to oxygen [64]. They act as deoxidizers, and they could form 

deoxidation products by adding into molten steel. Unlike oxygen, sulphur could not form non-
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metallic sulphides with most of the elements, and therefore they should be removed by slag 

refining and precipitation reactions. In order to prevent the formation of iron sulphide in steels, 

manganese is often added to form manganese sulphide (MnS), which has a higher melting point, 

and enhances the hot working of steels.  

HSLA steels have a restricted carbon content, with carbon equivalent CE of less than 0.3 [65]. 

It was found by Irvine and Pickering in 1957 that bainitic/martensitic steels with lower carbon 

content have better tensile ductility than steels with higher carbon content [66], as carbon 

content would influence the size and number of carbides: the higher the carbon content, the 

higher the number of carbides per unit volume in steels. Steels with a higher density of carbide 

particles would result in a shorter separation distance in fracture due to faster micro-void 

coalescence, thus the ductility is lowered. A lower carbon content could also avoid the increase 

in hardness at heat affected zone (HAZ) [67].  

The reduced strength in steel due to the reduction of carbon content could be compensated by 

optimizing the addition of other alloying elements. In the subsequent work from Irvine and 

Pickering in 1965 [68], they found that the strength of low carbon bainitic steel could be 

improved by solid solution strengthening. Elements such as Cr, Ni, V, Mo, and Ti can 

strengthen HSLA steels [69].  

The term PCM is defined as the following [67]:  

𝑃𝐶𝑀 = 𝐶 +
𝑆𝑖

30
+

𝑀𝑛
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+
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+
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+
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+

𝑀𝑜
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+

𝑉
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+ 5𝐵 (1.33) 

The value of PCM is weld-crack sensitive, and it includes large temperature softening resistant 

elements such as Mo, V, Cr, Si, etc [70]. The reduction of phosphorus and sulphur has been 



30 

 

proven to improve the toughness of the base material and suppress the toughness loss of the 

matrix [67].  

The content of manganese in HSLA steel is usually between 0.4-2.0 wt.%. With a higher 

content of 1.5 to 2.0 wt.% of Mn, acicular ferrite formation or bainitic transformation is 

promoted, and pearlite reaction slows down greatly. The manganese content of more than 2.5wt.% 

should be prohibited, as it would cause manganese segregation and thus lead to a brittle banded 

structure.  

The addition of N, Nb, V, and Ti is intended to refine the grain size of steel by changing 

sulphides from elongated shapes into discrete particles. The addition of calcium could also 

control the shape of inclusions. N could form carbo nitride in liquid solutions. The 

recrystallisation and grain size of austenite are restricted by their precipitation as fine 

dispersions in austenite. At high temperatures, titanium could form stable nitride, which can 

control the austenite grain size at reheating temperatures below hot working. However, titanium 

nitride with the properties of high hardness and brittleness, together with its high interfacial 

bonding with the surrounding matrix, could become the initiator of cleavage fracture.  

1.2.3 Microscopic Features of HSLA Steels 

HSLA steels are typical ferrous materials with body-centred cubic structure due to their low 

carbon content. In order to optimise the mechanical properties and the effects from alloying 

elements, heat treatments are carefully selected. Steels are often treated in a sequence of 

austenising, quenching, and tempering, and the microstructure can contain martensite, bainite, 

retained austenite, or ferrite by adjusting cooling rate, tempering temperature, and tempering 

time. These microscopic features can be either beneficial or detrimental to the mechanical 

properties of steels.  
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Martensite 

Martensite is formed by fast cooling of austenite, and it is the product of transformation reaction 

without diffusion. The face-centred crystal (FCC) lattice of austenite is transformed into a 

distorted BCC lattice. The compositions of steel affect the cooling rate for martensite 

transformation, and also affect the formation of other non-martensitic transformation products. 

MS is defined as the starting temperature of diffusionless transformation.  

Prior austenite grain size restricts the size of martensite. Martensite with smaller grain size is 

preferred due to the small internal stress and isotropic properties. Therefore, any heat treatment 

that could result in austenite grain growth before cooling below MS should be avoided.  

The martensite is often classified as lath martensite or plate martensite according to the 

morphology, and the former one is often related to low to medium carbon steels. The lower 

carbon content (<0.20%) of steel in general has the structure of BCC. There are many 

dislocations within the lath martensite, as the invariant shear is often undertaken by dislocations. 

Then these laths form larger packet. For alloys with the MS below ambient, plate martensite 

could be found with lenticular shape, and very fine twins could be found within these plates. 

Twins could also be found in lath martensite, however, according to the TEM result from Tan 

et al [71].  

The transformation of FCC to BCC or body-centred tetragonal (BCT) results in a large number 

of defects such as substitutional solute atoms, prior austenite grain boundaries, vacant lattice, 

twins, and dislocations. Steel is often reheated above ambient in order to improve toughness, 

and thus carbon could be removed from solid solution and precipitates out as carbides. Low-

carbon steel is preferred for improved toughness and weldability and a lowered quench-

cracking. The embrittlement of tempered martensite can be avoided by adding silicon. Silicon 
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could prevent the growth of ε carbide and cementite, and maximise the yield strength and notch 

toughness [72, 73].   

Bainite 

Bainite was detected by Davenport and Bain in 1929 [74]. Bainite could be formed in steels 

with a wide range of temperatures during isothermal transformation of austenite or during 

continuous cooling. Similar to martensite, bainite formation has a displacive mechanism, which 

can minimise the strain energy associated and makes bainite grow into thin plates. Bainite forms 

at the temperatures between MS and ferrite formation temperature, or at the cooling rates which 

is too fast for diffusion to form other transformation products but insufficient to form martensite.  

Bainite mainly divides into two forms: upper bainite and lower bainite. Upper bainite consists 

of aggregates of ferrite platelets, and each has a thickness of about 0.2m and a length of 10m 

[75]. They are initiated from austenite grain boundaries, and they are in parallel as they have 

the same crystallographic orientations, with low-angle grain boundaries or thin cementite plates 

located between the platelets. The clusters formed due to platelet aggregation is called sheaves. 

During the formation of bainitic ferrite, residual austenite is enriched with carbon, cementite 

precipitates from the austenite layers, and cementite particles/layers are located within these 

sheaves, the amount of cementite is related to the carbon content of the steel. When alloying 

elements such as Al and Si are added, the formation of cementite can be restricted.  

Lower bainite has a similar microstructure to upper bainite, the only difference is that the 

carbides can also precipitate inside the ferrite platelets. The orientations of carbides are related 

to the ferrite they initiated, and therefore they are in parallel arrays, with 60º to the bainite plate 

axis, which makes lower bainite different to the tempered martensite. The latter microstructure 

has carbides precipitate in Widmanstätten arrays. The carbides from lower bainite are fine in 
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size, with a thickness of a few nanometres, and a length of 500nm. As carbides precipitate 

within the ferrite platelets, carbon is partitioned into residual austenite, and carbides are further 

reduced and refined. In this case, lower bainite is often tougher than upper bainite.  

Granular bainite has the appearance of equiaxed bainitic ferrite matrix and M-A constituents. It 

was first found by Habraken [76] in the late 1950s. The formation of granular bainite is at higher 

temperatures than upper bainite by continuous cooling. A low-carbon content is necessary for 

the formation of granular bainite to limit the existence of austenite or carbide in sub-unit grains.  

Retained Austenite  

The formation and influence of retained austenite would be reviewed in detail in the nickel steel 

section.  

1.2.4 SA-738 Gr. B High-Strength Low-Alloy Steel  

SA-738 Gr. B steel is a high-strength low-alloy (HSLA) steel under the American Society 

Mechanical Engineers (ASME) SA738/SA738 M standard [1], and it was preliminary designed 

as pressure vessel steel for intermediate and low-temperature application, later it is also applied 

as containment vessel of pressurised water reactors such as AP1000 and CAP1400 [55]. Its heat 

treatment follows quenching and tempering procedures, and its microstructure varies under 

different tempering temperatures, according to the experimental work from Li et al. [77]: the 

microstructure of as-quenched steel was lath martensite, as the tempering temperature increased, 

M3C carbides precipitated out and grew, and at the tempering range of 690 to 710ºC, carbides 

would stop growing as the enrichment of carbon and other alloying elements in austenite. 

Ferrite became polygonised as tempering temperature increased and fully polygonised after 

690ºC. At 670ºC, martensite plates precipitated out and grew along grain during the cooling 
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process after tempering. The drop in strength and toughness were deeply correlated to the 

amount of plate martensite as dislocation movements would be hindered and plugged, plate 

martensite would become stress concentrator, and thus microcrack could be easily initiated and 

grow at plate martensite or the surrounding matrix of plate martensite, which may cause 

cleavage fracture.  

The work from Li et al. [77] mainly focused on microstructure evolution and the corresponded 

tensile strength and toughness of SA-738 Gr. B steel. Liu et al. [78] have carried out 

investigation on mechanical properties of SA-738 Gr. B steel plates with the thickness of 55mm 

and 103mm at ductile-to-brittle transition region from −100ºC to room temperature, and the 

properties analysed including tensile strength, impact toughness, fracture toughness, etc. The 

specimens obtained from the 55mm-thick steel plate had excellent cryogenic properties, 

regardless of thickness and heat treatment conditions (QT vs. SPWHT), while 130mm-thick 

steel plate might need further treatment to become more homogeneous to meet the requirement 

for containment vessel materials. Wang et. al [79] also investigated the weldability of SA-738 

Gr. B steel by comparing the mechanical properties and microstructure of as-delivery (QT) 

specimens and specimens with an additional SPWHT (QT with an additional heating procedure 

at 600ºC for 10 hours). The tensile tests were carried out at a temperature range of −80 to 20ºC, 

and CVN tests were carried out at a temperature range of −100 to 20ºC. Their results showed 

that the carbide size of SPWHT specimens were larger than that of as-delivery specimens, and 

they concluded that this should be the reason for reduced strength and toughness of SPWHT 

specimens. Ma et al. [80] investigated the mechanical properties and irradiation behaviours of 

SA-738 Gr. B steel, and the material exhibited some irradiation resistance with a radiation dose 

up to 1dpa (displacement per atom), and the maximum neutron dose for normal operation in 60 

years is no more than 0.05dpa [81].  
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The above works are mainly concentrated on mechanical properties of SA-738 Gr. B steel at 

transition region, while the lower shelf behaviour of this steel was not investigated much. 

Therefore, it should be worth analysing the mechanical properties and fracture mechanism of 

this low-temperature steel.  

1.3 A Brief Review of Nickel Steels for LNG Industry 

1.3.1 Development of LNG Storage 

As a relatively clean, non-toxic, non-corrosive, and low-carbon energy, natural gas is preferred 

to meet the energy demands as well as sustainable development goals. The storage and 

transportation of liquified natural gas (LNG) saves a volume factor of more than 600 of natural 

gas, which is more economical than storing natural gas, and LNG is safer in liquid form as it 

cannot be ignited. However, the very low temperature of LNG is also very challenging for the 

properties of the storage materials. In 1962, prestressed concrete was verified to be suitable for 

LNG storage after testing by Linde and the Institute of Gas Technology [82]. In 1964, a 2000m3 

LNG tank was completed by Preload (Cryocrete/Kvaerner) for Gaz de France at Nantes, and it 

has a prestressed concrete outer layer and Invar membrane inner container. An 80,000 m3 LNG 

tank with a prestressed outer layer and flexible inner container was built in Texas Eastern of 

Staten Island, New York.  In the late 1970s, M. W. Kellogg Ltd designed the Full Containment 

type LNG tanks for Abu Dhabi Gas Liquefaction Co. and Abu Dhabi National Oil Co. The tank 

has a PC outer wall, 9Ni steel inner wall, and reinforced concrete roof, and the project was 

completed by CBI in 1985 [83].  

The later work started in the early 80s was focused on improving the resistance of the inner 

tank materials to brittle fracture and using proper welding procedures. Steels with 5-9% nickel 
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content, especially 9% nickel steel, have been widely used for low-temperature applications 

such as LNG storage and transportation containment vessels, with the advantages of relatively 

high yield stress as well as lower cost than stainless steel [84]. 9% nickel steel is proven to have 

good cryogenic toughness, great strength, good ductility, and good weldability, and it has been 

widely used in the LNG industry as the inner wall of storage tanks and pipelines.  

1.3.2 Nickel Steels and Effects of Nickel Content on Cryogenic Properties 

Nickel steels are usually subjected to quenching and tempering (QT) heat treatments, and their 

microstructure is mainly composed of tempered martensite. During the transformation from 

FCC to BCC, many defects are formed as a result of strain change. If the carbon content is 

higher, the primary defects would be internal twins, and they will be too brittle to use. Like 

other high-strength structural steels, nickel steels have relatively lower carbon contents with the 

primary defects of dislocations, and the microstructure is mainly lath martensite, which 

combines good toughness and good strength [85] [86].  

Cooling from austenization to room temperature could not transform all the austenite into 

martensite/bainite completely, especially under lower temperatures, and may results in a portion 

of retained austenite. Retained austenite has the features of block or film and is located between 

martensite laths or prior austenite grain boundaries, as grain boundary energy is lower for 

heterogeneous nucleation [87] [88]. The concentration of carbon as well as other austenite 

stabilising elements in film austenite is higher than the block austenite, due to the morphology 

of film austenite is more prone to the segregation of austenite stabilising elements into austenite 

[89]. Even with a lower carbon concentration, film austenite is more stable than block austenite. 

This is due to the surrounding matrix of film austenite is martensite, which is stronger than that 

of block austenite with the surrounding proeutectic ferrite matrix. Film austenite would 
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experience a higher hydrostatic pressure than block austenite due to the residual stress inside 

[90]. Film austenite also has better tensile elongation than block austenite [91].  

The amount of retained austenite has a positive correlation to nickel content, and the addition 

of nickel content as well as increasing retained austenite content have proven to enhance the 

cold resistance of nickel steels, which should be determined by their microstructure. Strife and 

Passoja [92] compared 5Ni and 9Ni steel, and they found that after QT treatments, 9Ni steel 

had higher retained austenite content and better cryogenic toughness than 5Ni steel nickel steels, 

and higher degrees of work hardening in tensile tests as the result of transformation from 

austenite to martensite at 77K. Wang et al. [93] increased the nickel content of steels from 3wt.% 

to 9wt.%, and then retained austenite gradually appeared within the matrix and increased with 

nickel content, while cementite precipitates decreased. The mechanical properties including 

impact toughness, yield stress and tensile strength increased with the increasing nickel content 

as well.  

Transgranular cleavage fracture is correlated to the block size of the lath martensite in nickel 

steels. The existence of retained austenite within the martensite lath could hinder the 

propagation of cleavage cracks, and thus its crystallographic block sizes are refined [94]. 

Retained austenite is further refined as the nucleation of martensite is restricted. The cleavage 

fracture stress F is raised due to this refinement, and the toughness of steel is increased [95].  

The toughness of nickel steel is also improved through scavenging carbon and other deleterious 

elements from ferrite by retained austenite, according to Marshall et al [96]. The existence of 

retained austenite could lead to the depletion of interstitials from the matrix, the resistance to 

cleavage fracture is enhanced [97] [98]. The carbon content is limited in the matrix as thermally 

stabilised retained austenite is formed by attracting carbon from the surrounding matrix during 
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tempering process, which has an inhibiting effect on carbide formation [92] [96] [99]. 

Cementite precipitation is also eliminated by retained austenite, DBTT is thus lowered, and the 

impact toughness is improved. The results from Wang et al. [93] exhibit a slow increase in 

strength when the nickel content increased from 5% to 7%, and this is due to a decrease in 

cementite content with an increase in nickel content, as cementite could inhibit the movement 

of dislocations and strengthen the material. A decrease in cementite content will reduce the 

precipitation strengthening, while increase in nickel content enhances solid solution 

strengthening as nickel could move towards ferrite matrix and raise the staking fault energy to 

hinder dislocation movement [100].  

The external load can induce the transformation of retained austenite to martensite during 

deformation at the crack front of 9Ni steel, and this is called transformation-induced toughening 

(TRIP) [101]. The TRIP effect is correlated to retained austenite content [102]. The volume 

expansion introduced by this TRIP effect could release local stress concentration [103] [104], 

and improve crack arrest properties and cleavage fracture stress. The retained austenite could 

also deform plastically in the vicinity of fracture path under external load, the toughness as well 

as the fatigue resistance of steel is improved via the crack blunting [105] [106].   

Retained austenite could be beneficial if it satisfies a high thermal stability of austenite and a 

high mechanical stability of austenite. The major stabilising elements are Ni, C, and Mn. High 

thermal stability of 7% nickel steel is mainly achieved by a higher concentration of Ni and 

Mn[107], as a decreased Ms temperature [108]. The partitioning of austenite stabilising 

elements into austenite could also be promoted by heat treatments. During tempering of 9% 

nickel steel, C is partitioned from martensite to austenite, causing increased content of C in 

austenite, and thus decreased Ms temperature, and improved TSA of 9Ni steel [109].  
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In contradiction, retained austenite is sometimes thought to have no effect or even detrimental 

to the properties of nickel steels. According to Pampillo and Paxton in 1972 [110], retained 

austenite improves ductility, but it has no correlation to the impact toughness of maraging steels. 

The results from Hwang et al in 1975 [111] also showed that retained austenite has beneficial 

effects on the tensile elongation and Charpy impact toughness of fine-grained 12Ni titanium 

gettered alloys, but a decrease in KIc. The reduction in hardness of carbon steel is commonly 

thought to be caused by the presence of retained austenite [85], and which is also correlated to 

lower yield stress.  

1.3.3 QLT Heat Treatment for Nickel Steels 

Due to the high price of nickel, for a better cost-effective solution, nickel content is preferred 

to be lower while good cryogenic properties should be maintained. 5-7% nickel steels were 

chosen as the substitute for 9% nickel steel.  

From Strife and Passoja’s work [92], 5Ni steel had an indistinguishable microstructure from 

9Ni steel after quenching and tempering, but the maximum retained austenite content was only 

3.8wt.%, and relatively poor cryogenic properties compared to 9Ni steel. Strife and Passoja 

applied a three-step heat treatment to 5Ni steel developed by ARMCO [97] [112]: the specimen 

was firstly austenised and quenched, and then reheated between Ac1 and Ac3 to form a lamellar 

structure, followed by water quenching, at last the specimen was heated just above Ac1, 

followed by air cooling or water quenching. After this three-step heat treatment, they found that 

the specimen was composed of tempered martensite, ferrite, and retained austenite, and the 

retained austenite content as well as cryogenic properties of 5Ni steel were significantly 

enhanced and comparable to 9Ni steel from their research work.  
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Syn et al. [113] and Kim et al. [114] found a heat treatment procedure called QLT could help 

with the improvement of the mechanical behaviours of nickel steels, and it consists of direct 

quenching (Q), secondary quenching at intercritical temperature (L), and tempering (T). By 

following this treatment, the microstructure of steel was refined, together with the reduction of 

carbides and carbon content of the matrix, in which could also help with the improvement of 

toughness behaviours. According to Kim and Morris [115], the carbides within the matrix 

would be dissolved during the secondary quenching process, and oversaturated ferrite would 

be diffused during the precipitation of the austenite. The experimental work from Wu et al. [116] 

exhibited that nickel steel with low carbon content and 4.5% nickel treated with QLT procedure 

has better ductility than the conventional direct quenching (DQ) and QT treatments. The 

intercritical temperature of the secondary quenching L could be between Ac1 and Ac3, and 

some of the martensite from the first quenching could transform into austenite and then 

transform back to martensite, and the remaining martensite from the first quenching would be 

decomposed into ferrite and some cementite precipitates. L refined the size of prior austenite 

and the width of martensite lath. Residual austenite was the untransformed austenite during the 

first quenching process. The austenite formed during the secondary quenching process L is 

named reversed austenite, and this reversed austenite has a different shape from retained 

austenite. By altering the secondary quenching temperature, the amount of reversed austenite 

could be modified and thus affect the mechanical properties of the steel. The amount of 

austenite formed during the secondary quenching has a positive correlation with the intercritical 

temperature. If the intercritical temperature is between Ac1 and Ac3, the austenite formed 

would be very stable as it would contain many alloying elements partitioned from the ferrite. If 

the intercritcal temperature is lower and close to Ac1, the amount of austenite would be too low 

to affect the properties. If the intercritical temperature is close to Ac3, the amount of austenite 
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would be too high, and the amount of co-exist ferrite is too little, the content of alloying 

elements of austenite is not high enough and lead to reduced stability of the austenite [117].  

The transformation of martensite during the secondary quenching L might lead to the 

inhomogeneous distribution of the alloying elements. According to Kim et al. [104], the region 

with higher nickel content would also have a lower Ac1 temperature, and then transform into 

austenite during the tempering process at suitable temperatures. At higher tempering 

temperatures, carbides would be preferred to form, particularly for steels with alloying elements 

such as chromium, molybdenum, vanadium, and titanium. Other microscopic features such as 

coarsening of carbides, reduction of dislocations and point defects, and disappearance of lath 

morphology of the martensite and decomposition of retained austenite could also be the results 

of increasing tempering temperature [116]. The carbon content of the matrix would be reduced 

due to the formation and coarsening of carbides, and the number of precipitates would drop, 

but their size would increase. The increasing tempering temperature would lead to a competition 

between precipitation hardening and the reduction of solid solution strengthening, and there is 

an optimum tempering temperature for steel to form the maximum content of retained austenite 

and reach the peak mechanical properties, once the tempering temperature is higher than this 

value, the retained austenite formed during the secondary quenching process would also start 

to decompose, and the mechanical properties would also be affected negatively.   
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CHAPTER 2: EXPERIMENTAL MATERIALS AND 

PROCEDURES 

2.1 Materials 

2.1.1 SA-738 Gr. B Steel  

The first material investigated in this study is a low-alloy SA-738 Gr. B Steel plate with a 

thickness of 55mm provided by Baowu Steel, which was produced by rolling of continuous 

casting slabs. The chemical composition of the low alloy steels is shown in Table 2.1, the 

chemical composition requirements for this material stated in ASME are listed in the same table 

as well. The material was subjected to two heat treatment conditions: HT1 condition refers to 

the low-alloy steel plate that was firstly heated to 900ºC for 2 hours, followed by water 

quenching process to room temperature, and then tempered at 630ºC for 3 hours. HT2 condition 

has an additional tempering process at 620ºC for 15 hours than HT1 condition, which is the 

simulated post-welding heat treatment (SPWHT). The steel plate orientation as well as 

specimen sampling scheme is shown in Figure 2.1 and Figure 2.2.  

2.1.2 7% and 9% Nickel Steels  

A 20mm-thick 9% nickel steel plate of production quality was produced by Baowu Steel. The 

steel is designed for liquefied natural gas (LNG) storage. The steel plate underwent a sequence 

of heat treatments by firstly heated to 820ºC for 51min, and then tempered at 590ºC for 34min. 

The chemical composition of the steel is given in Table 2.3. Testing specimens were machined 

from the quarter thickness of the steel plates, and the sampling scheme is shown in Figure 2.3.   
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A laboratory development 7% nickel steel plate was also produced by Baowu Steel. It is 

designed as a substitute of 9% nickel steel for LNG storage purposes. The 20mm-thick steel 

plate was processed by a QLT treatment: it was firstly heated to 820ºC for 60 minutes, followed 

by water quenching. After quenching, it was heated to 675ºC for 60 minutes followed once 

again by water quenching. Then it was tempered at 590ºC for 60 minutes and air-cooled. The 

chemical composition of 7% nickel steel is given in Table 2.4, and the sampling scheme is the 

same as 9% nickel steel.   

2.2 Microstructure 

The specimens were sectioned in longitudinal and transverse planes by the Struer Cutting 

machine, and then mounted with Bakelite. The mounted samples were ground by SiC abrasive 

papers with the sequence of grid size from 220, 800, and 1200. The ground surface was carefully 

washed with soap and cleaned with acetone between each step. After grinding, the samples 

were polished with 3µm and 1µm diamond suspension, and finished with OP-A and OP-S 

suspension solutions to reveal grain boundaries.  

The inclusion analysis was performed on polished sections by taking back-scattered images 

using a Jeol 6060 scanning electron microscope. The magnification of the images was 1500 and 

2000. The images were processed by ImageJ image analysis software. The locations of 

inclusions were identified as the dark regions on the BSE image, and therefore the size and 

number of inclusions could be measured. The dark regions were also analysed by energy 

dispersive X-ray spectroscopy (EDX) before inclusion analysis to avoid errors.  

Electron Backscattered Diffraction (EBSD) analysis was used to examine the grain features as 

well as the phase information of 9% and 7% nickel steel. It was carried on a Jeol 7000F scanning 
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electron microscope and a Zeiss EVO15 VP ESEM with Bruker EBSD system. The accelerating 

voltage was 15V, with a working distance of 19mm and a tilt angle of 70o.  

The HT1 and HT2 specimens were etched by 10% Nital to reveal the microstructure, while 7% 

and 9% nickel steel specimens were etched by 2% Nital solution for 25 seconds. The etched 

samples were investigated by using a VHX-7000 Digital Keyence Microscope as well as a Zeiss 

EVO 15 SEM. Linear intercept method was applied to estimate the average grain size of 

different microstructures.  

2.3 Tensile Testing 

Tensile testing specimens were machined with the gauge length direction of the tensile 

specimen parallel to the transverse direction of the SA-738 Gr. B steel and nickel steel plates. 

The locations and orientations of tensile specimens of SA-738 Gr. B steel are shown in Figure 

2.4. The geometry of the tensile specimens had a diameter of 10mm, a reduced parallel section 

length of 70mm, a gauge length of 50mm, and a total length of 135mm, as illustrated in Figure 

2.5. Nickel steel specimens had the same design of gauge, with longer thread ends, and the total 

length of the individual specimen was 145mm.  

The tensile tests were carried out in accordance with ASTM Standard E8/E8M-16a [118] at the 

temperature range of −196 to −60ºC for SA-738 Gr. B steel, and −196 to −130ºC for 7% and 

9% nickel steels. An Instron environmental chamber with an accuracy of ±1°C was attached 

and connected to a pressurized liquid nitrogen vessel to achieve the desired test temperatures 

above −170ºC. The load and displacement were recorded using a calibrated load cell with a 

100kN capacity on a Denson-Mayes (DMG) screw-driven machine. A low-temperature capable 

external extensometer was attached to the centre of specimens to monitor the extension of the 
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specimens, and the gauge length used was 50mm. All tests were carried out in displacement 

control mode and the crosshead displacement rate was 0.5 mm per minute.  

The tensile tests carried out at −196ºC were tested on a Zwick screw-driven machine with a 

load capacity of 200kN. A heat-isolated tank filled with nitrogen tank (−196ºC) was attached 

to the machine. The specimens were immersed in liquid nitrogen bath for at least 10 minutes 

before starting the tests. The obtained load and displacement data were converted into 

engineering stress-strain curves. No extensometer was attached for tests at −196ºC due to the 

limited space inside the nitrogen tank.  

2.4 Charpy Impact Testing 

The Charpy impact specimens were machined following the ASTM Standard E23-16b [119] 

with a geometry of 1010mm cross section and 55mm length. The notch was machined in 

centre with a 2mm-deep “V” notch with a root radius of 0.25mm. The designed geometry and 

machined Charpy specimen schemes are shown in Figure 2.6 and Figure 2.7 respectively. The 

Charpy impact tests were carried out on a calibrated Instron-Wolpert impact testing machine 

with a capacity of 300J, and the test temperatures were ranged from −196 to −40ºC for SA-738 

Gr. B steel, and from −196 to −80ºC for 7% nickel steel.  

For test temperatures above −100ºC, the desired temperatures were achieved by mixing liquid 

nitrogen and alcohol. For test temperatures below −100ºC, the temperature was achieved 

according to time-temperature curves: a 5mm-thick hole was drilled at one surface of a Charpy 

impact sample, and a type-T thermocouple was inserted to measure the temperature of the 

sample. The sample together with thermocouple were immersed in liquid nitrogen for at least 

20 minutes to reach −196ºC, and then they were taken out and put on a pair of spare anvils that 
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had the same dimensions as the pair on the impact testing machine. The temperature monitor 

meter was connected to a computer, and the measured temperature data was converted to 

voltage and recorded against time. The procedures were repeated for several times to take an 

average time-temperature curve. Then the test specimen was put on the anvils and then fractured 

after a certain time intervals according to the obtained time-temperature curve. After reaching 

the desired test temperature, the specimen was transferred to the anvil within 5 seconds by 

referring to the ASTM E23.  

After fracture, the broken halves were immersed in acetone until they reached room temperature, 

and then the fracture surfaces were examined by the Keyence digital microscope. The 

photographs obtained from optical microscope were used to measure the lateral expansion (LE) 

and percentage of cleavage area.  

The absorbed impact energy versus test temperatures were plotted, and tanh curves were fitted 

for ductile-to-brittle transition temperature estimation. The curve is given by:  

A + Btanh (T – T0)/C (2.1) 

Where: T is the test temperature.  

T0 is the ductile-to-brittle transition temperature.  

A and B are constants, in which A + B = upper shelf temperature, A – B = lower shelf 

temperature.  

 C is a further constant and represents the gradient of the curve within the transition 

region.  
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2.5 Hardness Tests 

The hardness was analysed in transverse-longitudinal (TL) and longitudinal-transverse (LT) 

directions for HT1 and HT2 of SA-738 Gr. B steel and 7% and 9% nickel steels with Vickers 

hardness test method. The tests were conducted on a Struers microhardness tester using 5N. 

The specimens were ground and polished before testing, with a sequence of P220, P800, P1200 

SiC papers, 3µm diamond lubricant, and 1µm diamond lubricant. Ten indentations were tested 

on each specimen, with a separation of 0.6mm between each indentation.  

A through-thickness hardness test was conducted on large SENB specimens of nickel steels 

with a thickness of 16 mm to check the homogeneity of specimens. Five groups were tested on 

the side of the block along the thickness again using a load of 5N. Each group included 10 

hardness indentations evenly distributed along the total thickness (16mm) of the specimen.  

2.6 Microscopic Cleavage Fracture Stress Tests 

The fracture stress specimens were machined with W = B = 12.7 mm and a length of 80 mm. 

The root radius was 0.25 mm, the notch included angle was 45º, and the depth of a central notch 

a was 4.23 mm. Two 1mm-deep notches were machined at a distance of 31.75mm from the 

centre. The designed geometry and the as-received photos of the fracture stress specimen are 

shown in Figure 2.8 and Figure 2.9 respectively.  

Two fracture stress tests of 7% nickel steel were carried out at −196°C on a Zwick screw-driven 

machine of 200kN load capacity. The contact roller diameter was 8mm. The loading half-span 

(the distance between an outer roller and an inner roller), l, was equal to the width, W. The 

illustration of four-point bending setup is shown in Figure 2.10. The specimens were immersed 

in liquid nitrogen inside a heat-isolated tank to achieve the testing temperature of −196ºC, and 
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the immersion time was at least 10 minutes before starting the tests. The tests were set to be 

stroke-controlled, and the specimen was loaded with the stroke displacement rate of 1mm/min. 

The experimental setup is shown in Figure 2.11. After fracture, the broken specimens were 

immersed in acetone after fracture, and then they were dried to observe the fractography.  

Finite element analysis (FEM) according to Griffith and Owen [25] of the stress and strain 

contributions in a local plastic zone ahead of a blunt notch was used to interpret the bend test 

results, and the nominal stress nom was calculated based on the following equation [23]:  

𝜎𝑛𝑜𝑚 =
6𝑀

𝐵(𝑊 − 𝑎)2
 (2.2) 

and  

𝑀 =
𝑃𝑙

2
 (2.3) 

where M is the bending moment of four-point bending, P is the compressing load, l is the 

distance between the inner and outer rollers, B is the thickness of the specimen, W is the width 

of the specimen, and a is the notch depth of the specimen.  

The ratio of σnom/σy is defined as the stress intensification factor R, and this ratio can be used 

to calculate the value of maximum tensile stress σyymax ahead of the notch root:  

Rσy = σyymax (2.4) 

The relationship between R, applied load L/LGY, and nominal stress σnom/σy is shown in Figure 

2.12. The applied load was linearly proportional to the nominal stress, and their relationship 

was expressed as:  
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L/LGY = 0.465σnom/y (2.5) 

For values of L/LGY 1.065.  

The relationship between stress intensification R and maximum principal stress σyymax was 

estimated by Equation 2.6:  

R = 0.0615+1.8464(σnom/y)
0.4017 (2.6) 

Griffith and Owen’s FEM analysis tells the maximum principal stress available at fracture in a 

blunt notch test. However, when dominant initiation site could be found from the fracture 

surface, then the local fracture stress estimation would require measuring the fracture distance 

X0 from the fracture surface of specimens, which is the distance between the notch end and the 

initiation site. The local R-value at the position X0 was obtained from Griffiths FEM plot, as 

shown in Figure 2.14. The local cleavage stress σf = σ(X0). Note some interpolation within the 

figure may be necessary since local stress distribution are only shown at a limited number of 

σnom/y values. The local fracture stress σ(X0) was estimated according to Equation 2.7, where 

σ(X0) = σf:  

R = σf/y (2.7) 

2.7 Fracture Toughness Testing 

2.7.1 SA-738 Gr. B Steel 

2.7.1.1 Compact Tension Specimens  

A total of 32 compact tension (C(T)) specimens with a thickness of 25mm and W = 50mm 

underwent fracture toughness test, with 16 from HT1 and 16 from HT2 condition respectively. 
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The test followed the resistance curve procedure in ASTM Standard E1820-17 [120]. The 

dimensions of C(T) specimens used in the test are shown in Figure 2.15. The specimens were 

machined with internal knife edges to attach a clip gauge to record the notch mouth opening 

displacement and the tests were conducted under clip gauge displacement control.  

The specimens were fatigue pre-cracked at room temperature (24ºC) using an Amsler 

Vibrophore machine (Figure 2.17). The maximum stress intensity factor was applied to 

calculate the maximum load can be used and the ratio of minimum load to maximum load, R, 

was 0.1. Then compliance method was applied by performing unloading/reloading sequences 

of the specimen on a DMG screw-driven machine fitted with a 100kN load cell and an 

environmental chamber at room temperature. A DG-40 clip gauge was attached to measure the 

crack mouth opening displacement. The compliance data were used to estimate the initial crack 

length a0. After pre-cracking and compliance, the environmental chamber was sealed and 

connected to a liquid nitrogen vessel to cool down and maintain the desired test temperature 

condition. The experimental setup is shown in Figure 2.18. Most specimens were tested within 

the ductile-to-brittle transition region of the material (see the following section 2.7.1.2 Master 

Curve for details). The test temperatures outside the transition region were also selected to 

investigate the lower shelf toughness behaviours of the material. The test temperatures were 

ranging from −170 to −80ºC.  

The load versus notch mouth opening displacements, which were recorded by the clip gauge 

attached between the knife edges, were plotted. The reloading/unloading sequences were used 

to estimate the crack extension during the tests at each sequence. After the data was recorded 

and tests were stopped, the specimens were then fatigue opened. The original crack length and 

final crack extension of the opened specimens’ halves were measured under a Keyence VHX-
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7000 Digital Microscope. The measured actual crack lengths were then used to amend the 

estimated crack lengths calculated using the reloading/unloading sequences. The values of 

crack length ai were calculated according to the ASTM standard E1820 [120], while the 

conditional values of PQ, KQ, and crack tip opening displacement (CTOD) were calculated 

according to the ASTM standard E399-20a [121]. The validity of KQ as linear-elastic plane-

strain fracture toughness KIc were checked based on ASTM Standard E399: the ratio of 

maximum load Pmax and PQ should not exceed 1.10, and the value of 2.5(KQ/YS)2 should be 

less than the ligament size W-a, where YS is the 0.2% offset yield strength of the specimen at 

testing temperature. KQ is valid as KIc only if both requirements are satisfied.  

2.7.1.2 Master Curve 

The fracture toughness results were used to calculate elastic-plastic KJc in accordance with the 

Master Curves methodology stated in ASTM Standard E1921-18 [122]. The fracture of ferritic 

steels within transition temperature region has a statistical nature, and their fracture toughness 

results show the similar scatter. As a consequence, the fracture toughness results for the same 

steel can be plotted in one master curve.  

The J-integral Jc at the onset of cleavage fracture is given by:  

Jc = Je + Jp (2.8) 

Where Je is elastic component, and Jp is plastic component.  

The elastic-plastic fracture toughness KJc values are determined by Jc according to the 

following:   
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𝐾𝐽𝑐 = √𝐽𝑐

𝐸

1 − 𝑣2
 (2.9) 

Where E is Young’s modulus of the material,  is the Poisson’s ratio and it was taken as 0.3.  

The reference temperature T0 for HT1 and HT2 specimens were calculated using both single-

temperature and multiple-temperature test methods to compare the toughness behaviours of 

specimens in transition region. The single-temperature selection usually falls in ductile-to-

brittle transition region, and it was decided by referring to the values of Charpy impact result 

T28J or T41J:   

T = TCVN + C (2.10) 

Where TCVN is the corresponding temperature to Charpy impact energy of 28J or 41J, C is the 

constant depending on the size of specimen. For C(T) specimens with thickness of 25mm, at 

least six specimens are required for the Master Curves methodology. The Master Curve was 

plotted based on the reference temperature, T0, of specimens, which is defined as the 

temperature where the median of KJc equals to 100MPam1/2. To calculate T0 by single 

temperature analysis, firstly all the KJc values tested at the same temperature would be 

substituted into Equation 2.11 to get the Weibull scale parameter, K0:  

𝐾0 = [∑
(𝐾𝐽𝑐(𝑖) − 20)4

𝑟

𝑁

𝑖=1

]
1
4 + 20 (2.11) 

Where r is the number of uncensored KJc results, N is the total number of toughness data. The 

KJc values obtained from C(T) specimens were within the limit of thickness = 1T, therefore 

censoring was not needed.   
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Then KJc(med) was calculated by putting K0 into Equation 2.12:    

𝐾𝐽𝑐(𝑚𝑒𝑑) = 20 + (𝐾0 − 20)[𝑙𝑛2]1/4 (2.12) 

T0 was then calculated by substituting KJc(med) into Equation 2.13:  

𝑇0 = 𝑇 − (
1

0.019
) ln (

(𝐾𝐽𝑐(𝑚𝑒𝑑) − 30

70
) (2.13) 

Where T is the test temperature.  

All fracture toughness data tested at ductile-to-brittle transition region were used to process 

multiple-temperature test calculation, and in this study, it indicates the fracture toughness 

specimens tested at a temperature range from −120ºC to −80ºC. The multiple-temperature test 

method put KJc results obtained at different temperatures into Equation 2.14 to calculate T0:  

∑ δi

N

i=1

exp[0.019(Ti-T0)]

11+76.7 exp[0.019(Ti-T0)]
− ∑

(KJc(i) − 20)4exp[0.019(Ti-T0)]

{11+76.7 exp[0.019(Ti-T0)]}5

N

i=1

= 0 (2.14) 

The equation was solved by iteration.  

For the establishment of the Master Curve, the values of KJc versus test temperatures were 

plotted, and a curve was plotted according to the following equation:  

𝐾𝐽𝑐(𝑚𝑒𝑑) = 30 + 70 exp [(0.019(𝑇 − 𝑇0)] (2.15) 

The upper and lower tolerance bound for the curve was based on the following equation:  

𝐾𝐽𝑐(0.𝑥𝑥) = 20 + [ln(
1

1 − 0. 𝑥𝑥
)]1/4 {11 + 77 exp [(0.019(𝑇 − 𝑇0)]} (2.16) 



54 

 

Where 0.xx refers to the selection of tolerance bound, e.g., for 5% and 1% tolerance, 0.xx would 

be 0.05 and 0.01 respectively.  

2.7.1.3 Single Edge Bending Specimens tested at −196ºC 

Primarily to allow testing at −196ºC, single edge bend specimens with W = B = 10mm were 

machined from broken halves of HT1 specimens, and the specimen notches were machined in 

both TL and LT directions. The specimens were fatigue pre-cracked to a/W = 0.45 at room 

temperature by DMG servo hydraulic machine, with R = 0.1. After precracking, three-point 

bending tests were performed on a Zwick screw-driven machine at −196ºC. The specimens 

were put inside an insulation tank filled with liquid nitrogen for at least 10 minutes before 

starting the test.  

2.7.2 7% Nickel Steel 

2.7.2.1 SENB Specimens with W = 32mm 

Fracture toughness tests of 7% nickel steel were also performed using an unloading/reloading 

elastic compliance method as stated in Section 2.7.1.1. The specimens used were single-edge 

notched bending (SENB) specimens with W = 32mm, B = 16mm, L = 149mm and a central 

12mm deep notch with a notch root radius of 0.08mm in accordance with the sample geometry 

suggested in ASTM Standard E1820-17. The specimens were machined with internal knife 

edges to attach a clip gauge to record the notch mouth opening displacement and the tests were 

conducted under clip gauge displacement control. The designed geometry is shown in Figure 

2.19.  

The specimens were fatigue pre-cracked on the DMG servo-hydraulic machine under three-

point bending, following the resistance curve procedures with unloading/reloading sequences.  
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The maximum stress intensity factor applied during the final stages of fatigue crack extension 

did not exceed 25 MPam1/2 and the R ratio was 0.1. The fatigue pre-crack length was monitored 

by the D.C.P.D. method and controlled under a length of 14.4mm (a/W = 0.45). The 

experimental setup is shown in Figure 2.20.  

Based on the Charpy impact testing results and designed application temperature of −163ºC, 

the three-point bending fracture toughness testing of 7% nickel steel was preliminarily carried 

out at −163 and −170°C. A total of four three-point bending tests were carried out, with two 

tests for each test temperature.  

The load versus notch mouth opening displacements, which were recorded by the clip gauge 

attached between the knife edges, were plotted. The reloading/unloading sequences were used 

to estimate the crack extension during the tests at each sequence. After the data was recorded 

and tests were stopped, the specimens were then fatigue opened. The original crack length and 

final crack extension of the opened specimens’ halves were measured under a Keyence VHX-

7000 Digital Microscope. The measured actual crack lengths were then used to amend the 

estimated crack lengths calculated using the reloading/unloading sequences. The values of 

elastic stress intensity factor KJc were calculated based on ASTM E1921, as stated in Section 

2.7.1.2.   

2.7.2.2 SENB Specimens with W = 7mm tested at −196ºC 

In order to further investigate the toughness behaviours of sharp-notched 7% nickel steel 

specimens at −196ºC, a total of four smaller bending specimens with W = 7mm, B = 7mm and 

a span width = 30mm were machined from the broken halves of 7% nickel steel bending 

specimens to fit the liquid nitrogen tank. Two specimens were machined in T-L direction, and 

two in L-T direction. All specimens were fatigue pre-cracked at room temperature and the total 
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crack length was controlled to be under 0.45W. Then the specimens were fractured at −196ºC 

on a Zwick screw-driven machine with crosshead-controlled compression mode, and the rate 

of crosshead movement was 0.5mm/min. A heat-isolated tank filled with liquid nitrogen was 

attached on the screw-driven machine, and specimens were immersed in liquid nitrogen for at 

least 10 minutes prior to the tests.  

After fracture, the specimens were immersed in acetone until their temperature increased to 

room temperature, and then they were fatigue opened at room temperature. The broken halves 

were examined by Keyence digital microscope to measure the fatigue pre-crack length as well 

as ductile crack growth. The values of crack length were measured at nine equally spaced 

positions, according to ASTM E1820-18. The values of elastic stress intensity factor KJc were 

calculated based on ASTM E1921, as stated in Section 2.6.2.  

2.8 Fatigue Crack Growth Resistance Curves of Nickel Steels 

For the low-temperature fatigue test, a new experimental facility was developed for fatigue 

crack growth test at University of Birmingham. The fatigue pre-crack and fatigue crack growth 

rate tests were performed on a Denson-Mayes (DMG) servo-hydraulic machine, and the 

specimens used was single-edge notched bending (SENB) specimens with dimensions of W = 

14 mm, B = 7 mm, L = 66 mm, with a notch length less than 0.25W. The designed geometry is 

shown in Figure 2.21. They were machined from the broken halves of 9% and 7% nickel steel 

SENB specimens after fracture toughness testing, with the same notch directions as the original 

SENB specimen (T-L direction). The reason for machining from the broken halves of big SENB 

specimens was due to the original SENB specimen was designed for fracture toughness testing, 

the notch root length limits too short to have a proper monitor on fatigue crack growth rate. An 
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Instron temperature chamber connecting to a liquid nitrogen pressure vessel was used to achieve 

the desired test temperatures.  

The crack length was monitored by direct current potential drop (D.C.P.D.) method, with two 

wires spot welded on both sides of the notch. Two copper wires were attached on both ends of 

the specimens so a current could go through the specimens. The testing setup on the DMG 

machine is showed in Figure 2.22. An in-house correlation function between V/V0 and a/W of 

a bend geometry which could monitor the crack length of specimen during fatigue is shown 

below:  

a/W = -0.21395+0.59859(V/V0)-0.15197(V/V0)
2+0.01733(V/V0)

3 (2.17) 

Where a is crack length; V is the measured P.D. voltage across the specimen; V0 is the reference 

crack voltage corresponding to a given initial a/W of the specimen before the fatigue crack 

growth test.  

The fatigue tests were carried out at room temperature, −163ºC, and −170ºC. A 5Hz sinusoidal 

wave was used with the R ratio of 0.1. A current of 20A was passing through the specimen. The 

specimens were pre-cracked in three-point bending with a K range of 13-15 MPam1/2 at room 

temperature. After pre-cracking, the specimens were fatigued at a range of K from 30 to 60 

MPam at the desired test temperatures. The fatigue crack growth was stopped before final 

failure, and then the specimens were opened by stroke-controlled compression to record the 

failure load and to calculate the toughness of the specimens. The fracture surfaces were checked 

by the Keyence Digital microscope to measure the actual fatigue crack length, and this 

measured crack length was used when necessary to correct the predicted crack length from 

D.C.P.D. method. The differences between measured crack length and predicted crack length 
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were in the range from 0.02mm to 0.58mm with 4-5mm of crack growth, regardless of voltage 

change or test temperatures.  

Fatigue crack growth resistance curves generally exhibit three regions: near threshold, steady 

state region, and acceleration towards fracture. Paris relationship constants, c and m, are derived 

from the steady crack growth region and based on the following equation:  

𝑑𝑎

𝑑𝑁
= 𝑐∆𝐾𝑚 (2.18) 

The K against fatigue crack growth rate, da/dN, of all specimens tested at various temperatures 

were plotted in the same graph with the log-log scale, and the constant values of c and m could 

be derived from the fitting line of the steady state region based on the following equation:  

log (
𝑑𝑎

𝑑𝑁
) = log(𝑐) + 𝑚log (Δ𝐾) (2.19) 

After fatigue crack growth tests, one test-pieces, 7Ni-FCGS4 tested at −170ºC was 

monotonically loaded at −170ºC till failure, the recorded failure load was 5.9 kN.  

2.9 Fractography 

2.9.1 SA-738 Gr. B Steel 

The fracture surfaces of selected tensile specimens tested at −196 and −120ºC, fracture 

toughness specimens tested at −196 and −170ºC were investigated. The fractography of tensile, 

C(T) and SENB specimens was examined by a Jeol 6060 Scanning Electron Microscope at an 

accelerating voltage of 20 and 30kV. A voltage of 20kV with a spot size between 50 to 60 was 

used for photographing, while 30kV with a spot size of 70 is used for energy dispersive 

spectroscopy (EDS) analysis. The location of cleavage initiation site for fracture toughness 
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specimens was identified to measure the distance between the end of fatigue pre-crack and the 

initiation site, X0. For sites initiated from inclusions, the sizes of inclusions and surrounding 

cleavage facets were also measured, and the chemical compositions of inclusions were analysed 

by EDX.  

2.9.2 7% Nickel Steel 

Fracture surfaces of tensile, Charpy impact, fracture stress, fracture toughness, and fatigue crack 

growth specimens were examined in detail using Jeol 6060 Secondary Electron Microscope, 

Philips XL30 FEG Secondary Electron Microscope as well as Zeiss EVO 15 with EDS 

spectrometer built in, under an accelerating voltage of 20 kV and 30 kV. For specimen failing 

with at least some cleavage fracture, possible initiation sites were investigated. The chemical 

compositions of some inclusions were identified by EDS.  
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CHAPTER 3: SA-738 GR. B STEEL RESULTS 

3.1 Microstructure  

The optical microscope images of the microstructure of HT1 and HT2 revealed after etching 

are shown in Figure 3.1. The SEM images of HT1 and HT2 are shown in Figure 3.2 to Figure 

3.4. According to the features observed, the microstructure of both HT1 and HT2 contains 

mainly granular bainite, with coarse ferrite plates, and under higher magnification, some lath 

structure can be observed. There are some small island-like particles located and they are lighter 

than the ferrite plates, which should be martensite-austenite constituents (M-A). This granular 

morphology could be granular bainite. The aggregated white dots could be carbide, and they 

are located at grain boundaries. The SPWHT of HT2 did not change the matrix, but the 

boundaries and M-A islands of HT2 are slightly coarser than that of HT1.  

By line intercept method, the measured average granular bainite grain size of HT1 batch in 

longitudinal direction was 7.6 m, with a standard deviation of 1.1 m. The average grain size 

of HT1 batch in transverse direction was 6.9 m, with a standard deviation of 0.6 m. The 

average grain size of HT2 batch in longitudinal direction was 9.1 m, with a standard deviation 

of 1.2 m. The average grain size in transverse direction was 8.1m, with a standard deviation 

of 0.8 m.  

The inclusion size distribution analysis for HT1 and HT2 is shown in Figure 3.5. A total of 

3445 inclusions was counted in the area of 10231 mm2 for HT1, and 3497 inclusions was 

counted for HT2 in the area of 10325 mm2. There were 336 inclusions/mm2 for HT1, and there 

were 338 inclusions/mm2 for HT2. The lower limit of inclusion detection was set to be 0.2m, 
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and the smaller inclusions with a diameter below 0.2m were not counted due to the resolution 

limit of the analyser.  

The inclusions detected from HT1 specimen with the diameter between 0.2m and 2m 

accounted for 88% of the total number of inclusions, while for HT2 specimen, inclusions with 

the diameter between 0.2m and 2m accounted for 84% of total number of inclusions. These 

inclusions were evenly distributed on the polished surfaces of HT1 and HT2 specimens.  

The chemical compositions of inclusions found in HT1 and HT2 were analysed by EDX. Most 

inclusions contain oxygen, silicon, aluminium, calcium, sulphur, titanium, manganese, carbon, 

and nickel. The chemical compositions are not affected by the size of inclusions.  

3.2 Hardness Testing 

The average hardness value for HT1 in longitudinal direction is 191 HV5, with a standard 

deviation of 2.8 HV5. The average hardness value in transverse direction is 193 HV5, with a 

standard deviation of 3.6 HV5.  

For HT2, the average hardness value in longitudinal direction is 184 HV5, with a standard 

deviation of 2.7 HV5; while for transverse direction, the average hardness value is 187 HV5, 

with a standard deviation of 2.7 HV5.  

3.3 Tensile Testing  

Tensile tests were carried out at −196, −170, −140, −120, −100, −80 and −60ºC. A total of 28 

specimens was tested, with 14 from HT1 and 14 from HT2 respectively. The load versus gauge 

elongation data recorded was converted to engineering stress versus engineering strain curve to 

evaluate the ultimate tensile strength and yield stress.  
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All specimens showed necking behaviour before failure, including specimens tested at −196ºC, 

and the fracture surfaces of specimens tested at −196ºC observed by optical microscope were 

flat cleavage fracture surfaces. However, many test-pieces also illustrated longitudinal splitting. 

The stroke-controlled engineering stress-strain curves for HT1 and HT2 are shown in Figure 

3.6. Some tensile tests carried out at temperatures from −140 to −60ºC employed an 

extensometer, and these engineering stress-strain curves are plotted in Figure 3.7. The 

extensometer output was stopped before the final failure of tensile tests since the overall 

elongation of specimens exceeded its measuring range. Most tensile curves are prominent, 

exhibiting a stress drop after reaching the upper yield point, and yield point elongation (Lüders 

strain) appears before general strain hardening takes place. The amount of elongation decreased 

with the increasing test temperature, from 5 to 9% at −196ºC, 5% at −170ºC and −140ºC, and 

2 to 4% at −120ºC to −60ºC. The values of upper and lower yield stress, tensile strength, and 

Lüders elongation are summarised in Table 3.3. As the test temperature decreases, the lower 

yield stress increases from 567 MPa at −60ºC to 928 MPa at −196ºC for HT1, and from 533 

MPa at −60ºC to 927 MPa at −196ºC for HT2, while the tensile strength increases from 654 

MPa at −60ºC to 952 MPa at −196ºC for HT1, and 640 MPa at −60ºC to 947MPa at −196ºC for 

HT2 respectively. Any differences between the results of HT1 and HT2 are extremely small.  

The yield stress, tensile strength versus test temperatures of HT1 and HT2 from −196 to −60ºC 

are plotted in Figure 3.9. The differences between the tensile strength and yield stress gradually 

increase as the test temperature increases, and it indicates more extensive work hardening 

occurs with increasing temperature.  

The uniform plastic deformation of engineering stress versus engineering strain curve was 

converted to true stress versus true strain curve based on the following equations:  
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𝜎𝑡𝑟𝑢𝑒 = 𝜎𝑒𝑛𝑔 ∙ exp (𝜀𝑡𝑟𝑢𝑒) (3.1) 

and 

𝜀𝑡𝑟𝑢𝑒 = ln(𝜀𝑒𝑛𝑔 + 1) (3.2) 

where eng is engineering stress, eng is engineering strain, true is true stress, true is true strain. 

The estimation of work hardening exponent n was based on the following equation:  

𝜎𝑡𝑟𝑢𝑒 = 𝑘𝜀𝑡𝑟𝑢𝑒
𝑛 (3.3) 

where k is a constant. The true stress-strain curves for HT1 and HT2 are shown in Figure 3.8. 

The values of work hardening exponent n are summarized in Table 3.3. The work hardening 

exponent varies from 0.01 to 0.09 for HT1 and from 0.01 to 0.11 for HT2 at the temperature 

range from −196 to −60ºC. HT1 and HT2 specimens all exhibit lower strain hardening rates at 

−196ºC than at other test temperatures. At −196ºC, a longer Lüders elongation and smaller 

differences between the lower yield point and tensile strength are observed.  

3.3.1 Fractography  

Figure 3.10 and Figure 3.11 illustrate the fractography of tensile specimens HT1-2 and HT2-2 

tested at −196ºC. Both specimens exhibited some elongation during necking, and they have a 

“star” fracture. They show a mixed fracture mode of ductile and cleavage, small cleavage facets 

are surrounded by micro-void coalescence. Possible initiation sites could be located at the centre 

of the fracture surfaces by tracing the direction of secondary cracks. Inclusions could be found 

near the initiation facets, and they contain S or Ca.  

Figure 3.12 illustrates the fractography of HT1-10 tested at −120ºC. The specimen was selected 

to do fractography as it did not fail at the necking region nor in the middle region, and the 
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fracture surface is mainly transgranular cleavage facets, other features such as tear ridges could 

be observed as well. The cleavage initiation site is located, and it was inclusion initiated, and it 

contains O, Al, S, Ca, and Ti.  

3.4 Charpy Impact Testing 

54 specimens in each of HT1 and HT2 were subjected to CVN testing, and three of each were 

tested at −196°C, six of each were tested at −120°C, 12 of each were tested at −100°C, nine of 

each were tested at −90°C and −80°C respectively, six of each were tested at −70°C and −60°C 

respectively, and three of each were tested at −40°C. The fracture surfaces of specimens are 

shown in Figure 3.13, and the results of absorbed impact energy, lateral expansion, shear lip 

extension, percentage of cleavage area, and ductile length are listed in Table 3.4, 3.5, and 3.6.  

The results of Charpy impact test indicate that HT1 and HT2 specimens appear to show similar 

ductile-to-brittle behaviour: when the test temperature was below −100°C, the absorbed impact 

energy remains relatively low with little scatter, which is only 2 to 9J. At −100°C, the impact 

energy of specimens increases, and one specimen from HT1 has a relatively higher absorbed 

impact energy, which is 102J. From −90°C, the absorbed impact energy for specimens from 

both HT1 and HT2 start to show variations, and the values vary from 12 to 200J for HT1 and 

from 8.5 to 247.5J for HT2. At −80°C, the values of absorbed impact energy for most specimens 

are greater than 200J and only one for each heat treatment condition is significantly lower than 

rest of specimens. At −70°C and temperature above, the absorbed energy values became very 

high, which are all above 200J.  

The impact energy plots are fitted with tanh curves, as shown in Figure 3.14 to Figure 3.16. The 

transition curve of HT1 is on the left of HT2 transition curve, suggesting that the ductile-to-
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brittle transition of HT1 specimens occurs at lower temperature than HT2. The values of 

estimated transition temperature by fitting tanh curves are −91ºC for HT1 and −87ºC for HT2, 

respectively. The value of upper shelf energy of the specimens was restricted by the impact 

machine’s maximum load according to the results given by Baowu Steel, as shown in Figure 

3.17. The transition temperatures for Baowu results by applying the same tanh-fit estimation 

gives −70ºC for HT1 and −64ºC for HT2. The tanh fit for HT1 now estimates higher upper shelf 

energy than HT2.  

The plots of absorbed impact energy versus percentage cleavage area of fracture surface, 

absorbed impact energy versus lateral expansion, absorbed impact energy versus ductile 

thumbnail extension are shown in Figure 3.18 to Figure 3.26. The fracture surfaces of 

specimens from upper shelf show 100% of ductile fracture, with a maximum of ductile 

thumbnail extension of 6.9mm and 7.1mm for HT1 and HT2 respectively, while the specimens 

from lower shelf exhibit 100% cleavage fracture, with no ductile extension. There is a negative 

linear relationship between the absorbed impact energy values and the percentage of cleavage 

area, while there is a positive linear relationship between the absorbed energy and lateral 

expansion and ductile thumbnail extension. Some specimens do fall out of these trends, but this 

is not considered in this thesis.  

3.5 Fracture Toughness Tests 

3.5.1 Compact Tension Specimens 

In view of the results displayed in Charpy impact energy tests, T28J and T41J for HT1 are 

−100ºC and −97ºC respectively; T28J and T41J for HT2 are −97ºC and −95ºC respectively. By 

referring to Equation 2.10, −120°C that was selected as the test temperature to do fracture 
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toughness test for the Master Curves single-temperature methodology on HT1 and HT2 steels 

is. To further analyse the fracture toughness behaviours of HT1 and HT2 steels at ductile-to-

brittle transition (DBT) region, −100°C was also selected as the test temperature for single-

temperature test. 

A total of 24 C(T) specimens with 12 from each condition were tested at −120ºC and −100ºC, 

and four C(T) specimens in total with two from each condition were tested at −80ºC. Four C(T) 

specimens in total with two from each condition were tested at −170ºC to investigate the lower 

shelf toughness behaviour. The load-displacement curves of fracture toughness specimens 

tested at the temperature range from −170 to −80ºC are shown in Figure 3.27, and the values of 

Pmax, PQ, KQ, the validity of KQ as KIc, KJc, CTOD of C(T) specimens are summarised in Table 

3.7 and Table 3.9. One of HT1 specimens tested at −80°C was excluded from the table as it 

failed with complete ductile fracture.  

Fracture toughness tests on C(T) specimens at −170ºC, −120ºC and −100ºC mostly resulted in 

catastrophic cleavage fracture with negligible amount of stable crack growth extension. All the 

specimens tested at −170ºC satisfied the linear-elastic fracture mechanics criteria, with an 

average fracture toughness value of 47.3 and 43.7 MPam1/2 for HT1 and HT2 respectively. Two 

out of six of the HT1 specimens tested at −120°C satisfied the linear-elastic fracture mechanics 

criteria for the specimen size exhibiting the fracture toughness values of 54.9 and 55.4 MPam1/2 

respectively. One of the HT1 specimens and one of the HT2 specimens tested at −100°C 

satisfied the linear-elastic fracture mechanics criteria, with the fracture toughness values of 64.7 

and 58.6 MPam1/2 respectively. The validity calculations used the yield stress values obtained 

in Section 3.3.  
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From −120ºC, the fracture toughness values show variations due to ductile-to-brittle transitions 

in micromechanisms of failure. Values of KQ vary from 54.9 to 94.4 MPam1/2 for HT1 and 66.3 

to 87.0 MPam1/2 for HT2, and the value of KJc vary from 55.6 to 106.9 MPam1/2 for HT1 and 

70.1 to 91.4 MPam1/2 for HT2 respectively.  

As the test temperature increased to −100ºC, the values of KQ vary from 64.7 to 87.1 MPam1/2 

for HT1 and 58.6 to 84.8 MPam1/2 for HT2, while the values of KJc vary from 88.3 to 211.7 

MPam1/2 for HT1 and from 59.6 to 133.3MPam1/2 for HT2. The average value of KQ of HT1 

and HT2 tested at −120ºC is 72.9 and 76.3MPam1/2 respectively, the average value of KQ of 

HT1 and HT2 tested at −100ºC is 79.5 and 75.7MPam1/2 respectively.  

At −80ºC, the average KQ value of HT1 and HT2 is 70.9 and 91.3MPam1/2 respectively. The 

values of KQ and KJc of C(T) specimens tested at −170 to −80ºC are plotted in Figure 3.29 and 

Figure 3.30 respectively.  KJc values of specimens exhibit wider scatter than KQ values as the 

temperature increases, which is due to that specimens at higher temperatures tend to have more 

ductile crack growth involved.  

3.5.2 Bending Specimens tested at −196ºC 

A total of six bending specimens with the width of 10 mm and a span size of 40 mm were 

machined from the broken C(T) specimens, three of them have a notch machined in TL 

direction, and other three in LT direction. The load-versus-crosshead displacement curves for 

bending specimens tested at −196ºC are shown in Figure 3.28. The load and crosshead 

displacement exhibit linear relationship with sudden load drop after reaching maximum load, 

which indicates cleavage fracture. Based on the fracture toughness test results of specimens 

tested at −170ºC, three out of four specimens have the value of PQ equivalent to the value of 

Pmax, and the KQ values are all valid for KIc, therefore the test results for the bending specimens 
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tested at −196ºC could be estimated as Pmax = PQ, and the values of KQ should be valid as KIc, 

even without the attachment of clip gauge. The average value of KIc in TL direction is 

47.0MPam1/2, while for specimens with the notch machined in LT direction, the average KIc 

value is 35.5 MPam1/2. The results of SENB specimens tested at −196ºC are summarised in 

Table 3.8.  

Size effect according to the weakest-link theory and ASTM E1921:  

𝐾𝐽𝑐2 = 20 + (
𝐵1

𝐵2
)

1
4 ∙ (𝐾𝐽𝑐1 − 20) (3.4) 

Where KJc1 is KJc of specimen with thickness of B1, and KJc2 is KJc of specimen with thickness 

of B2. The average KIc value of bending specimens tested at −196ºC is 38MPam1/2, and the 

censored average KIc value corresponding to C(T) specimen with thickness of 25mm is 

31MPam1/2. This higher KJc value from bending specimens is due to that smaller specimens 

would result in an improvement of heterogeneity and more resistance to fracture.  

3.5.3 Master Curve  

3.5.3.1 Single Temperature Analysis  

For the single temperature analysis of −120°C, the reference temperature T0 of HT1 is −100.9ºC, 

which is slightly lower than the reference temperature of HT2 (−96.7°C). The Master Curves 

in Figure 3.31 shows that KJc values for HT1 and HT2 tested at −120°C are distributed evenly 

within 95% and 5% tolerance bounds. KJc values for HT2 are located closely around the Master 

Curve, while KJc values of HT1 show larger scatter.  

For HT1 specimens tested at −100°C, the reference temperature is −121.7°C, which is much 

lower than the reference temperature of HT2 of −96.5°C tested at −100ºC. The Master Curve 
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established based on single temperature analysis at −100ºC in Figure 3.32 shows that the 

fracture toughness value of HT1-01 falls out of 99% tolerance bound, HT2 values are mostly 

distributed evenly within the 95% and 5% tolerance boundaries, with two data points located at 

the borders of 95% and 5% tolerance bounds.  

3.5.3.2 Multiple Temperature Analysis 

The reference temperature T0 calculated by multiple-temperature analysis for HT1 C(T) 

specimens tested at the temperature range between −120°C and −80°C is −111.9°C. The T0 

obtained by multiple-temperature analysis for HT2 tested at the temperature range of −120 to 

−80ºC is −100.5°C. The Master Curves based on the multiple-temperature analysis are plotted 

in Figure 3.33, the figure shows that except HT1-01, the rest of HT1 data fall between 95% and 

5% tolerance boundaries. If HT1-01 value is excluded from the analysis, the reference 

temperature of HT1 calculated by multiple-temperature analysis is −99.9°C, which is close to 

the T0 value of HT2 of −100.5°C. The corresponding Master Curves are plotted in Figure 3.34, 

and the positions of Master Curves as well as the tolerance bounds for HT1 and HT2 mostly 

overlap.  

The reference temperature T0 calculated by combining all the KJc values obtained from HT1 

and HT2 specimens tested at the temperature range from −120 to −80ºC is −108.6°C, and the 

corresponding Master Curve is shown in Figure 3.35. The KJc value of HT1-01 falls far out of 

99% tolerance bound. If HT1-01 value is excluded from the calculation, the reference 

temperature would be −99.14°C, and all the data points fall between 95% and 5% tolerance 

bounds of the Master Curve, as shown in Figure 3.36.  

Referring to ASTM E1921, T0 is valid within the range of T0Q ±50°C, and this is referring to 

that the difference between test temperature and calculated T0 should not exceed 50°C. The 
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reference temperature values calculated by this Master Curve method meet this requirement. 

Figure 3.37 shows all the data tested at three different temperatures plotted in the same Weibull 

coordinates, and the fit lines are based on the rearranged three-parameter Weibull distribution 

developed by Wallin, as shown in Equation 1.31 in Chapter 1. Equation 1.31 is rearranged as 

below:  

Based on Wallin’s method in ASTM Standard E1921, Kmin is taken as 20MPam1/2 and b as 4. 

Equation 3.5 can be further transformed into Equation 3.6:   

 ln (ln (
1

1 − 𝑃𝑓
)) = 4 ln(𝐾𝐽𝑐 − 20) − 4ln (𝐾0 − 20) (3.6) 

Pf is calculated based on the following equation:  

 𝑃𝑓 =
𝑖

𝑁 + 1
 (3.7) 

When N is the total number of uncensored specimens, i is the rank number of fracture toughness 

values from the lowest to the highest.  

The fracture toughness data tested at −120ºC and −80ºC have a good fit by taking Kmin as 

20MPam1/2 and b as 4. When HT1-01 is excluded from calculation, the line fits better to data 

produced at −100ºC.  

The fracture toughness results tested at −196ºC and −170ºC were censored and used to calculate 

the reference temperature T0 by the Master Curve multiple-temperature analysis. The iterated 

values of reference temperature were all fell out of the transition range and much smaller than 

 𝑙𝑛(1 − 𝑃𝑓) =  {−[
𝐾𝐽𝑐 − 𝐾𝑚𝑖𝑛

𝐾0 − 𝐾𝑚𝑖𝑛
]𝑏} (3.5) 
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DBTT, which gives −146ºC for calculations including the results tested at temperatures from 

−196 to −80ºC, and −180ºC for calculations including the toughness results tested ranging from 

−170 to −80ºC. This attempt illustrates that the Master Curve methodology is not suitable for 

specimens tested outside the transition range, even though the yield stress of HT specimens 

tested at −170ºC is still within the ferritic yield stress range of 275 to 825 MPa stated in ASTM 

E1921.  

3.5.4 Sectioning of HT1-01 Specimen 

HT1-01 tested at −100ºC has prior fracture toughness value than other specimens tested at the 

same temperature of −100ºC, with its KJc value of 211.7MPam1/2 comparing to the mean KJc 

value for specimens tested at −100ºC is 117.0MPam1/2. One side of the broken halves of HT1-

01 was sectioned close to the initiation site, which is also at the mid-thickness of specimen. The 

sectioned surface was ground, polished and etched, and then investigated by Keyence optical 

microscope and SEM, as shown in Figure 3.39. A secondary crack path is revealed, and the 

starting point is close to the fracture surface and deflects towards pre-crack end. The crack path 

is investigated by using optical microscope and SEM, and the starting point of the path is 765m 

from the fatigue pre-crack end. The beginning of the crack path is ductile tearing, followed with 

transgranular cleavage cracking. The position of this secondary crack is close to the actual 

fracture distance of the specimen, which is 655m.  

3.5.5 Fractography 

Figure 3.38 shows the fracture surface and initiation sites of fracture toughness specimen HT1-

01 tested at −100ºC. Figure 3.52 to Figure 3.55 illustrate the fracture surfaces of specimens 

tested at −170ºC. A very small amount of ductile crack growth could be observed ahead of 
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fatigue pre-crack, followed by transgranular cleavage fracture. Figure 3.56 to Figure 3.61 

illustrate the fracture surfaces and initiation sites of bending specimens tested at −196ºC. As 

the test temperature decreased to −196ºC, the amount of ductile crack growth ahead of the 

fatigue pre-crack was negligible, followed by complete transgranular cleavage fracture. Note 

the analysis in the current thesis concentrates on the fractography of HT fracture toughness 

specimens tested at lower temperatures at −196 and −170ºC. For C(T) specimens tested at 

temperatures from −120 to −80ºC, the fractography has been analysed in Weichen Xu’s thesis 

[123] and this is available for comparison.  

There are usually multiple inclusion-initiated sites could be found from the fracture surfaces. A 

global initiation site is often identified from the fracture surface based on the directions of tear 

ridges, and a non-metallic inclusion could usually be found sitting on the site. The size of 

inclusions and facets at the initiation site is measured and summarised in Table 3.10.  

The cleavage fractures of eight out of ten specimens tested at −196 and −170ºC are inclusion-

initiated. The size of inclusions found at initiation sites falls in a range of 0.93 to 3.33m. By 

examining the chemical compositions of inclusions located at initiation sites, the inclusions are 

mainly composed of Mg, Al, S, Ca, and Ti. For the sites containing higher titanium content, the 

shape of void is cuboidal, and the facet feature is also distinguishable from other facets. The 

inclusions do not always sit in the centre of the facets. Facets that initiate cleavage fracture have 

diameters in the range from 42 to 80m, and their sizes are all larger than the measured grain 

size of the steel.  

The fracture surfaces on both sides of the specimens are checked and analysed by SEM and 

EDX, and it was found that inclusion-initiated sites could be categorised into two types: some 

inclusions fail by breaking into two halves, as shown in Figure 3.56, Figure 3.57, Figure 3.58, 
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Figure 3.60, and Figure 3.61, while some inclusions could only be found on one half of the 

fracture surface without cracking, and voids are left on the opposite side of the fracture surface, 

as shown in Figure 3.52, Figure 3.55, and Figure 3.59. These two inclusion-related features are 

identified as inclusion cracking and inclusion decohesion respectively. For specimens tested at 

−170ºC, two out of four specimens were failed due to inclusion-initiated cracking and belong 

to inclusion decohesion. For specimens tested at −196ºC, one out of six specimens were failed 

due to inclusion decohesion, and five out of six specimens are failed with inclusion cracking. 

The observation of unique initiation sites combined with the predictions of local tensile stress 

at these sites, allows an effective surface energy, p, for fracture to be estimated based on a 

modified Griffith equation stated in Equation 1.11:  

𝜎𝐹 = (
2𝐸𝛾𝑝

𝜋(1 − 𝜐2)𝑟
)1/2 (1.11) 

These effective surface energy values are summarised in Table 3.10 and should be interpreted 

as the surface energy required to propagate the initial crack from the inclusion into the ferrite 

grain. Fracture toughness specimens tested at −170ºC have the p values of 5.6 and 8.5Jm-2, and 

10.0 to 15.6Jm-2 for specimens tested at −196ºC with inclusion diameters <2m, and 20.3Jm-2 

for specimen HT1LT-6 tested at −196ºC with an inclusion diameter of 3.3m. 

Not all cleavage fracture is inclusion-initiated. HT1-12 has a higher KIc value than other 

specimens tested at −170ºC, and no inclusion was found at the initiation site, and the fracture 

distance X0 is also significantly larger than other specimens. However, HT2-15 has a lower KIc 

than other specimens tested at −170ºC, the amount of ductile crack growth is smaller than other 

specimens, as well as its fracture distance. The initiation sites and surrounding matrix are 

investigated by EDX, and their chemical compositions do not show much difference. The 
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reason for cleavage fracture of these two specimens is thus unclear but it is not centred on 

inclusions. It is of interest that this alternative cracking mechanism can produce both higher 

and lower fracture toughness values compared with cleavage initiation from inclusions.   

The fracture distance X0 is defined as the distances from the fatigue pre-crack end to the front 

of initiation site, and this value is measured from the fracture surfaces of all the specimens. The 

values of linear-elastic stress intensity factor KIc versus fracture distance X0 for specimens 

tested at −196ºC and −170ºC are plotted in Figure 3.42. There is a trend for the specimens tested 

at −170ºC that the fracture distance has a positive correlation to the fracture toughness of the 

specimen: higher fracture toughness leads to larger initiation site distance. Fracture toughness 

tests at higher temperatures also exhibit this positive correlation between KJc and X0, for 

example HT1-01 has significantly higher KJc than other specimens tested at the same 

temperature, its fracture distance is also significantly higher than other specimens, with 655m 

of HT1-01 comparing to the average X0 of 245m.  

The plastic zone size of specimens tested at −196 and −170ºC is calculated based on Irwin's 

equation [124]:  

𝑟𝑦 =
1

2𝜋
(

𝐾𝐼

𝜎𝑦
)2 (3.8) 

Where ry is the plastic zone size. KIc values of fracture toughness specimens tested at −196ºC 

and −170ºC are applied in this equation as KI. The results are listed in Table 3.11. The results 

illustrate that the fracture distances are smaller than the plastic zone sizes, which indicates the 

locations of initiation sites are within the plastic zone and consistent with the widely held 

concept that local plasticity is a necessary precursor to cleavage fracture.  
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3.5.6 McMeeking Analysis  

The stress analysis on fracture toughness specimens tested at −196 and −170ºC used 

McMeeking’s sharp crack stress distribution analysis. Based on McMeeking’s finite element 

analysis [125], the values of initiation site distance, X0, and crack-tip opening displacement 

(CTOD), d, of sharp crack were compared to the stress distribution ahead of the blunted crack-

tip.  

By referring to McMeeking FEM model, SA-738 Gr. B steel is modelled here with n = 0 and 

0.1 as appropriate. The McMeeking plots of stress and plastic strain around the blunted notch 

are shown in Figure 3.40 and 3.41 [125], where  is the true stress, 0 is the yield stress, R 

and  are undeformed position of the material. For fracture toughness specimens tested at −196 

and −170ºC, the specimens are subjected to a mode I type when  = 0, and R is the measured 

distance from pre-crack end to initiation site of fractured specimens, X0, and b is the crack-tip 

opening displacement (CTOD). The values of R/b are calculated, and the corresponded /0 

values are found from McMeeking’s plots.  

The results of R/b, /y, , maximum principal stress max and the corresponding fracture 

distance Xmax, and the percentage of /max are summarised in Table 3.11 with n = 0. The 

yield stress values are taken from the results obtained in Section 3.3, and the yield stress 

notation 0 in Figure 3.40 and 3.41 is presented as y in table to prevent confusion. One out of 

four C(T) specimen tested at −170ºC and two out of six bending specimens tested at −196ºC 

have the values of R/b exceeding 10, which is the maximum x-axis value of McMeeking’s plots, 

the corresponded  values of these specimens are therefore estimated by extrapolating the 

plots. As the extrapolation is carried where the slope of the curve is relatively shallow and thus 

some confidence can be attached even to those extrapolated values.  
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The local cleavage stress versus fracture distance X0 for specimens tested at −196 and −170°C 

with n = 0 is plotted in Figure 3.43. Most specimens failed with fracture distances within 50m. 

One out of four C(T) specimens tested at −170°C have values of fracture distance of more than 

50m, which is HT1-12. Two out of six bending specimens tested at −196°C have values of 

fracture distance more than 50m.  

The cleavage fracture behaviour of specimens is analysed by comparing the local cleavage 

stress to maximum principal stress obtained from blunted crack tip, as shown in Figure 3.44 

with n = 0, the values of ratio of local cleavage stress versus maximum principal stress, /max, 

are ranging from 71% to 97%. By referring to the estimated values of fracture distance with 

maximum principal stress, Xmax listed in Table 3.11, except HT1-12 tested at −170ºC, the real 

fracture distances X0 of the rest of specimens tested from −196 to −170ºC are beyond Xmax.  

The plots of local cleavage stress versus test temperature based on McMeeking FEM analysis 

with n = 0 is shown in Figure 3.45. There is a weak tendency of increasing of test temperatures 

would lead to a decrease in local cleavage stress values.  

One out of four C(T) specimens tested at −170ºC has R/b ratio before the position of maximum 

stress, which is from HT2 condition, while all bending specimens tested at −196ºC have R/b 

values beyond the maximum principal stress position. According to McMeeking’s plot of stress 

and plastic strain around the blunted notch in Figure 3.40, plastic strain decreases drastically as 

the stress increases, and therefore specimens are mostly stress-controlled.  

The local cleavage stress versus reciprocal square root of inclusion diameter plots based on 

McMeeking FEM of n = 0 is shown in Figure 3.46, and they have a weak positive correlation. 

The local cleavage stress based on McMeeking FEM of n = 0 versus reciprocal square root of 
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facet diameter is plotted in Figure 3.47. The figures show that facet sizes of specimens have 

little impact on their local cleavage stresses.  

The local cleavage stress obtained according to McMeeking FEM analysis against fracture 

distance of fracture toughness specimens tested at −120 and −100ºC are plotted together with 

fracture toughness specimens tested at −196 and −170ºC, as shown in Figure 3.48, and the 

values of local cleavage fracture stress of sharp-cracked specimens are estimated according to 

McMeeking’s finite element analysis of n = 0 for specimens tested at −196 and −170ºC, and n 

= 0.1 for specimens tested from −120 to −80ºC, respectively. The local cleavage fracture 

stresses obtained from blunt-notched fracture stress specimens tested at −196 and −170ºC 

according to Griffiths and Owen’s FEM analysis are also plotted in the same figure with these 

sharp-cracked specimen data. The fracture distances of blunt-notched specimens are larger than 

that of sharp-cracked specimens tested at the same temperatures, but with lower local cleavage 

stresses than sharp-cracked specimens.  

The values of local cleavage stress estimated according to McMeeking FEM analysis versus 

test temperature of fracture toughness specimens tested at −120 and −100ºC (with n = 0.1) are 

plotted together with fracture toughness specimens tested at −196 and −170ºC (with n = 0), as 

shown in Figure 3.49. The local cleavage stress values of both sharp-cracked specimens and 

blunt-notched specimens show little dependence with test temperatures. However, this figure 

again shows that some of the sharp-cracked specimens have larger local cleavage fracture 

stresses than those of blunt-notched specimens tested at the same temperatures.  

The values of local cleavage stress versus the reciprocal square root of inclusion diameter of 

both sharp-cracked specimens tested from −196 to −80ºC and blunt-notched specimens tested 

at −196 and −170ºC, are plotted in Figure 3.51, with local cleavage stress of sharp-cracked 
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specimens obtained according to McMeeking FEM of n = 0 (−196 and −170ºC) and n = 0.1 

(−120 to −80ºC), respectively. The values of local cleavage stress exhibit variation, and there 

is a weak positive correlation between local cleavage stress and reciprocal square root of 

inclusion diameter.   
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CHAPTER 4: SA-738 GR. B STEEL DISCUSSION 

4.1 Microstructure 

After a stimulated post-weld heat treatment, the microstructure of HT1 changed only very 

slightly to HT2: boundaries seemed to etch a little deeper and some hint of precipitate 

coarsening was suggested. However, overall any changes were minimal. became coarsened, 

and precipitates were coarsened as well. Grain coarsening of HT2 after SPWHT would affect 

tensile and toughness behaviours in a negative way, so does impact toughness.  

4.2 Tensile Testing 

The engineering stress-strain curves of SA-738 Gr. B steel specimens show typical mild steel 

behaviour: it starts with a linear-elastic behaviour until reaching the upper yield point of the 

specimen, followed with the plastic deformation. The stress drops to the lower yield point, the 

straining of material continues, and it enters the relatively flat Lüders region. At the end of this 

region, the stress increases again till ultimate tensile strength.  

The yield stress is the point where the material would be deformed permanently. The formation 

of upper yield stress is often raised by interstitial contaminations such as carbon and nitrogen, 

these molecules could lock the disengagement. Low temperatures would further hinder the 

unlocking process, and more stress would be needed, this should explain why yield stress 

increases with decreasing temperatures.  Once the interlocking is opened, the stress would drop 

to a lower stress level, which is the so-called lower yield stress.  

Lüders strain happens due to the inhomogeneous plastic flow contained within the specimens 

as the result of unpinned dislocations from nitrogen and carbon [126]. The nucleation of local 
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yielding occurs when a certain stress is achieved. These yielding regions exceed the cross-

section of the specimen, and then the upper yield stress drops to a lower stress which maintains 

the growth of yield bands (Lüders bands), and the propagation direction is in the same direction 

as the loading directions of tensile tests. After the Lüders strain, the deformation occurs at 

higher strains and stress becomes homogeneous again [127].  

According to Butler [128], the Lüders elongation is related to factors such as grain size, strain 

rate, and test temperature. As summarised in Table 3.3, the results of HT1 and HT2 tensile 

specimens show the increase of the Lüders elongation as the temperature drops, as at lower 

temperatures, yield stress increases and strain rate decreases. The grain sizes of HT1 and HT2 

specimens are very similar, and thus their Lüders elongation tested at the same temperature did 

not show much difference.  

Ultimate tensile strength is the maximum stress the material can withstand before necking, and 

it is a measure of how ductile the material is. The toughness behaviour of HSLA steels with 

BCC crystal structure is sensitive to temperatures, and the steel would have higher plastic 

deformation as the temperature increases, leading to a decrease in yield stress in particular. 

According to Table 3.3 and Figure 3.9, the yield stress and ultimate tensile strength of HT1 are 

closely similar to that of HT2, noting very similar grain sizes and hardness between HT1 and 

HT2: the hardness of HT2 is slightly smaller than that of HT1 in both longitudinal and 

transverse directions in a magnitude of 6-7 HV5, reflecting a relatively higher yield stress and 

tensile strength of HT1.  

During the calculations of the values of work hardening exponent n, it was found that n is 

sensitively influenced by the gauge length value used for calculation and the data selected from 

the true stress-strain curve. The work hardening exponent that is estimated by converting the 
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whole engineering stress-strain curve would result in much higher work hardening exponent 

value. Obviously, it is better to use an extensometer with the test-piece’s own defined gauge 

length of 50mm, and if it is not available, here I have carefully measured the parallel length of 

the standard tensile test-piece geometry used and it is 70mm. By using this value, I have been 

able to obtain closely similar values for tests where I can compare the results with extensometer 

and without extensometer. For example, the work hardening exponent of HT1-10 tested at 

−120ºC is 0.059 with extensometer attachment, and 0.061 without extensometer, respectively. 

The non-uniform Lüders elongation does create some interpretation difficulties with the simple 

fitting of a true stress-true strain curve. Here we set the strain at the end of the Lüders elongation 

to be defined by the lower yield stress divided by the Young’s modulus. This becomes our 

starting value of strain for the uniform work-hardening region which follows. As the work 

hardening exponent is determined by the uniform elongation, it can reflect the material’s 

embrittlement [129]: a lower work hardening exponent would lead to the build-up of local stress 

within the specimen, and the moment redistribution is also decreased, leading to a poor 

resistance of the specimen to deformation.   

Apart from the work hardening exponent, the ratio between yield stress and tensile strength, 

yield ratio (YR), can also suggest the deformability of materials [129]. YR has an inverse 

relationship to the uniform elongation.  

4.3 Charpy Impact Testing 

According to the absorbed impact energy versus test temperature plot in Figure 3.16, HT1 and 

HT2 specimens exhibit ductile-to-brittle transitions. The impact toughness values of HT1 and 

HT2 are very similar, and both conditions exhibit narrow ductile-to-brittle transition regions 

between −100 and −80ºC, with few data points falling within this transition range. At −100ºC, 



82 

 

the majority of specimens fall on the lower shelf, and as the test temperature increased to −80ºC, 

most specimens were distributed close to the upper shelf, and only one out of nine specimens 

had a lower impact energy. HT2 had more evenly distributed impact energy values at −90ºC. 

The narrow transition region and the resulting steep tanh curve gradient here are deduced to be 

both the cleanliness of the steels and the fact that the inclusions are observed initiate both 

cleavage fracture and micro-void coalescence mechanisms of fracture. The steels appear to be 

clean from the inclusion size distributions shown in Figure 3.5, where sizes of the larger 

inclusions range from 2 to 7m account for 12 to 15% of the total number of inclusions 

identified. In addition, the same population of inclusions triggers both cleavage (if they crack 

or decohere), and micro-void coalescence.  

According to the ASME Code [1], the minimum value of the required Charpy impact energy 

for SA-738 Gr. B steel plate with a thickness between 38.1 and 63.5mm at −60ºC should be 

greater than or equal to 48J, and the average impact energy at −60ºC should be greater than or 

equal to 55J. By referring to the results of Charpy impact tests of HT1 and HT2 in Table 3.4, 

the minimum absorbed impact energy for both HT1 and HT2 is 237.0J, which fully satisfies the 

ASME Code.  

The upper shelf energy could not be estimated as the maximum capacity of the impact tester 

used in testing was 300J, and the upper shelf energy of some specimens is close to or exceeds 

the maximum capacity of the tester. The impact test results of the same material conducted on 

an impact tester with the maximum capacity of 350J provided by Baowu Steel are plotted in 

Figure 3.17. According to Baowu’s results, the upper shelf energy of HT specimens is around 

320J.  
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By referring to the fracture surface examination results under optical microscope, the surface 

features are related to the absorbed impact energy. Percentage of cleavage area is negatively 

related to the absorbed impact energy, and lateral expansion is positively correlated to the 

absorbed impact energy, as shown in Figure 3.20 and Figure 3.23 respectively. The fracture 

surface changes from 100% ductile fracture at the upper shelf to 100% cleavage fracture at the 

lower shelf, and the absorbed impact energy also changes as the temperature drops. The 

specimens that failed within the transition region exhibit both cleavage and ductile features on 

the fracture surface: the ductile crack initiates and grows at the notch root until cleavage fracture 

occurs to cause final failure, and the length of the ductile thumbnail is positively correlated with 

the absorbed impact energy, as shown in Figure 3.26. There are relatively few data points fall 

in the region between the upper shelf and the lower shelf of the plots mentioned above, which 

should be due to similar reasons as the narrow transition region of HT1 and HT2. Cleavage 

fracture does not absorb much energy and would not cause too much deformation. The 

cleanliness of the material would lead to either high fraction of cleavage fracture initiated close 

to the notch root or high fraction of ductile crack growth at the notch root followed by cleavage 

fracture, as few inclusions would trigger cleavage fracture [130]. According to Zhang’s work 

on SA-738 Gr. B steel, further heat treatment could lead to recovery and recrystallisation 

process, and more carbides precipitate along boundaries, and the carbide sites could reduce 

grain boundary’s cohesive energy and enhance embrittlement [131]. Other phenomena that 

would increase DBTT includes carbide coarsening and phosphorus segregation during aging 

[132]. However, here HT1 and HT2 are closely similar in impact transition behaviour-

consistent with their closely similar microstructure and inclusion distribution.  

Tanh curves were fitted to absorbed energy versus test temperature plots, as shown in Figure 

3.14 to Figure 3.16, and the values of DBTT for HT1 and HT2 are −91 and −87ºC respectively. 
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Both DBTTs are well below the designed application temperature of nuclear containment vessel 

plate. Although the upper shelf energy used was 300J when fitting the transition curves, there 

are enough data points falling at the transition region to locate the position of transition curve 

from lower shelf to upper shelf. Master Curve methodology in Section 2.6.2 estimated the 

values of T41J, according to the transition curves in Figure 3.14 and Figure 3.15, and the results 

in Section 3.5.3 prove the reliability of these ductile-to-brittle transition curves. Although there 

are some limitations for the tanh fitting method, its symmetrical nature is not a necessary 

property for the impact transition data scatter. The shape of the curve is also limited, and it is 

lacking some flexibility. Special care is often needed to be taken to choose the constant values 

to set the position of the curve. However, this tanh fitting method works very well in this work.  

4.4 Fracture Toughness Testing 

The KJc value describes the local effective stress intensity, whereas KQ describes the local 

constraint. Local constraint is affected by local effective stress intensity, and local stress 

intensity is affected by any ductile tearing that occurs before cleavage initiation. It is 

straightforward to compare the values of KQ and KJc tested at the range from −196 to −80ºC in 

Figure 3.29 and 3.30: the larger the difference, the more the ductile crack growth involved due 

to the increment of J-integral at the onset of cleavage fracture Jc. As test temperature increases, 

more specimens tend to have higher KJc values as the results of increased plastic mode and Jc 

values. At temperatures of −120ºC and below, smaller differences between KQ and KJc suggest 

that specimens were fractured mainly with cleavage. The average KQ values of specimens tested 

at −196 and −170ºC are significantly less than specimens tested at or above −120ºC due to that 

the specimens were fractured at lower shelf temperatures, and their results are all valid as linear-

elastic KIc with little or no ductile crack growth at the pre-crack front.  
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According to the load-displacement curves of fracture toughness specimens, the specimens 

tested at the ductile-to-brittle transition region failed after reaching the plateau of maximum 

load, and ductile crack propagated. In general, specimens fail by general yielding (plastic 

collapse) after passing maximum load, but fractography shows that specimens cleave after some 

amount of ductile crack growth. This could be due to the increase in yield stress at the lower 

shelf temperature than at higher temperatures, the maximum tensile stress for cleavage fracture 

becomes lower with temperature increase. In order to fracture by cleavage with a lower 

maximum local tensile stress available, the crack continues to grow in a ductile manner, and 

the maximum tensile stress position also moves further until a potent initiation site is met, and 

thus cleavage fracture occurs.   

The transition behaviour of fracture toughness tests started at a lower test temperature of 

−120ºC compared to the transition behaviours of CVN tests starting at −100ºC, but at −80ºC, 

the scattering of fracture toughness data still existed, and wider than the scattering of Charpy 

impact test data [133]. The phenomenon is due to that there are some differences between 

Charpy impact test and fracture toughness test. Firstly, the strain rate of Charpy tests is much 

faster than that of fracture toughness tests [134]. Apart from strain rate, two specimens have 

different constraint levels: both Charpy impact test specimens and fracture toughness specimens 

have machined notches, and the notches of fracture toughness specimens are fatigue pre-

cracked to form sharp notches, the crack notch of fracture toughness specimens are gradually 

blunted during loading. The shallow notch of CVN specimens together with a faster loading 

rate would result in a rapid loss of constraint, and the crack resistance is thus enhanced. The 

Charpy impact specimen shows a higher fracture toughness, which enhances the apparent crack 

resistance curve in comparison to a plane strain quasi-static condition. 
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4.4.1 Master Curve Methodology 

The application of the Master Curve methodology to estimate reference temperature T0 of SA-

738 Gr. B steel is proved to be a valid way to analyse the toughness behaviours of this HSLA 

steel at the transition range. Both single temperature analysis and multiple-temperature analysis 

estimated that the temperature at which the median elastic-plastic KJc equals 100MPam1/2 is 

around −100ºC. HT1 and HT2 specimens exhibited similar toughness behaviours at a 

temperature range from −120 to −80ºC, except HT1-01 tested at −100ºC, and there is a 

difference of ~ 10ºC between the calculated values of reference temperature T0 when including 

HT1-01 and excluding HT1-01, by comparing the Master Curves plotted in Figure 3.35 and 

Figure 3.36. The fracture surface of HT1-01 shows that it has a longer region of stable crack 

growth, according to Figure 3.38(b). The crack side path of HT1-01 also reveals the appearance 

of secondary crack and the ductile crack initiated and grew at the beginning, followed by 

transgranular cleavage. Higher failure load, more unloading/reloading cycles, larger ductile 

crack length, and larger CTOD indicate higher stress intensity and more plasticity involved 

during fracture, the existence of secondary crack also took the compliance of fracture. The 

above factors all contribute to a larger KJc and thus bring down the reference temperature.  

Estimation of the reference temperature by using the Master Curve methodology is invalid 

when using the fracture toughness results of specimens tested at lower shelf temperatures of 

−196ºC and −170ºC. The reference temperature value should satisfy T0  50ºC, which suggests 

for specimens tested at −196 to −80ºC, T0 = −146ºC is only valid for specimens tested at the 

range from −196ºC to −96ºC, and for specimens tested at −170 to −80ºC, T0 = −180ºC is only 

valid for specimens tested at the range from −230 to −130ºC. These attempts prove that the 

Master Curve methodology is not suitable to analyse toughness behaviours of specimens tested 
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outside the transition range, even though the yield strength of HT specimens tested at −170ºC 

is still within the ferritic yield strength range of 275 to 825 MPa as stated in ASTM E1921.  

The selection of single temperature analysis for the estimation of reference temperature was 

based on the results of T28J and T41J obtained from the tanh-fit transition curve from Charpy V-

notch tests. Although the CVN specimens have higher impact energy exceeding the impact 

tester energy limit, there are enough data points lie at the lower shelf and ductile-to-brittle 

transition region to ensure the tanh curves fit well with the data points, and the fracture 

toughness test results also verified the position of the curve is reliable.  

4.4.2 Fractography of Specimens tested at Lower Shelf Temperatures 

Fractography analysis was mainly focused on fracture toughness specimens tested at −196 and 

−170ºC, which are the lower shelf temperatures. As mentioned above, local KQ is affected by 

any ductile tearing occurs prior to cleavage initiation. Referring to the fractography of 

specimens tested at −170ºC, they exhibit a small amount of ductile crack growth before 

cleavage, while for specimens tested at −196ºC, ductile extension is negligible. According to 

the results of linear-elastic KIc and fracture distance X0 of fracture toughness testing at −196 

and −170ºC as plotted in Figure 3.42, the distribution of toughness values does not have a strong 

correlation to the fracture distance. According to Landes [135], cleavage fracture is initiated 

from the weakest point of microstructure, and this weakest point is randomly located along the 

crack front.  

Referring to the local cleavage stresses based on McMeeking FEM analysis of n = 0 (Figure 

3.40), one out of nine specimens, HT2-15 tested at −170ºC, failed from a site at R/b = 1.2, 

which is before the maximum stress position of R/b = 2.9. Failure before the position of 

maximum stress is not consistent with a purely tensile stress-controlled failure condition. This 
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site will have seen this level of tensile stress at a lower applied CTOD value, but it did not fail 

until the local strain at this position built up with increasing applied CTOD. However, nine out 

of ten sites do fail at sites where R/b > 2.9, thus they do support a purely tensile stress-controlled 

failure criterion combined with some variability due to sampling weakest link theory. Most 

specimens tested at −196 and −170ºC have fracture distances of less than 100m, and referring 

to Figure 3.48, many fracture toughness specimens tested at −120, −100 and −80ºC have 

fracture distances of less than 200m, and this will be discussed in later sections.  

The plastic zone is assumed to be a circular region around the crack tip, and the estimations of 

plastic zone size have shown that the initiation sites of fracture toughness specimens cleaved at 

−196 and −170ºC are located within the plastic zone, and according to Xu’s analysis on the 

plastic zone size of SA-738 Gr. B steel specimens tested at transition region from −120 to 

−80ºC[123], the initiation sites are also located within the plastic zone. It is almost routine, and 

prior plasticity long been recognised as essential pre-requisite for cleavage.  

Eight out of ten cleavage fracture initiation sites are identified as inclusion-initiated for fracture 

toughness specimens tested at −196 and −170ºC, as summarised in Table 3.10. Most initiating 

inclusions have the size between 1 to 2m, one out of eight have a diameter below 1m with 

inclusion decohesion, and one out of eight has the diameter above 3m with inclusion cracking. 

According to the inclusion size distribution as shown in Figure 3.5 obtained by analysing 

polished surfaces of HT1 and HT2 Charpy V-notch specimens in longitudinal direction, the 

size of most initiating inclusions falls in the more frequent categories, but the number of 

inclusions with diameter of more than 3m is much less.  

HT1TL-E tested at −196ºC with a smaller fracture distance of 21m has the highest local 

cleavage stress of 2699MPa among all specimens plotted in Figure 3.48. HT1TL-E has the 
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initiator diameter of 1.2m with cubic shape containing Mg, Al, Ca, Ti, Nb, O, S, these sharp 

edges of inclusion could easily become stress concentrator and lead to cleavage fracture 

comparing to other circular inclusions.  

Referring to Figure 3.46, there is a weak positive linear relationship between local cleavage 

stress and reciprocal of reciprocal square root of inclusion diameter, and it matches with the 

modified Griffith equation of a penny-shaped crack in the material, where the initiator size is 

thought to be the critical crack length.  

Two out of two inclusion-initiated fractures are caused by inclusion decohesion for specimens 

tested at −170ºC, while one out of six inclusion-initiated fractures tested at −196ºC failed by 

inclusion decohering. Other five inclusion-initiated fractures are caused by inclusion cracking, 

which reflects that inclusion cracking is more preferred at −196ºC, and less energy and stress 

is required to break open a crack than inclusion decohering from the surrounding matrix. 

However, the local cleavage stresses are not affected at these two similar lower shelf 

temperatures as shown in Figure 3.45.  

According to the results of EDX analysis, the chemical compositions of inclusions found on the 

fracture surfaces contain oxides or sulphides with Mg, Al, Ca, Ti. This is due to that the second-

phase particle is originated from a single oxide, and this original oxide plays as the core and 

nucleation point for the formation of complex oxide. There are some limitations for EDX 

analysis, as the beams could only detect chemical compositions of surface region of the selected 

area, which may not be able to analyse the whole 3D inclusions, and the results cannot be 

avoided to include the chemical compositions from the surrounding matrix.  
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The surface energy of the initiating particles p was not influenced by test temperatures, and 

this was in agreement to the previous literatures [136, 137].  

4.4.3 Comparisons Between Sharp-Cracked and Blunt-Notched Specimens  

4.4.3.1 Local Cleavage Stress and Fracture Distance 

The local cleavage stress versus fracture distance of both sharp-cracked specimens tested at the 

range from −196 to −80ºC and blunt-notched specimens tested at −196ºC and −170ºC are 

plotted together in Figure 3.48. Sharp-cracked specimens have fracture distances ranging from 

6 to 657m, and their local cleavage stresses vary from 1716 to 2699 MPa. For blunt-notched 

specimens, the fracture distances are ranging from 220 to 400 m, and their local cleavage 

stresses vary from 1678 to 2039MPa. The average value of local cleavage stresses for blunt-

notched specimens and sharp-cracked specimens is 2176 MPa, with a standard deviation of 240 

MPa. Many sharp-cracked specimens have fracture distances of less than 200 m, and these 

specimens have higher local cleavage stress than blunt-notched specimens. The sharp-cracked 

specimens with fracture distances of less than 200m have higher local cleavage stress than 

those with fracture distances of more than 200m. The average cleavage stress for sharp-

cracked specimens with fracture distances of less than 200m is 2316 MPa, and the standard 

deviation is 169 MPa. The blunt-notched specimens were tested at lower shelf temperatures of 

−196ºC and −170ºC, and they have lower local cleavage fracture stresses than sharp-cracked 

specimens tested at the same temperatures, and this should be due to that sharp crack has higher 

stress concentration at the crack tip than the blunted notch, in which cleavage initiation would 

be easier to occur at shorter fracture distances. Both Griffiths and Owen FEM analysis and 

McMeeking FEM analysis plots exhibit that specimen fails with larger fracture distance would 

result in lower local cleavage stress.   
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For the occurrence of cleavage fracture, a critical local stress should be reached, and otherwise 

ductile crack will result. Three criteria should be satisfied simultaneously: 1. 𝜖𝑝 ≥ 𝜖𝑝𝑐 for the 

initiation of a crack nucleus; 2. 𝜎𝑚/𝜎𝑒 ≥ 𝑇𝑐 for the prevention of crack tip blunting; and 3. 

𝜎𝑦𝑦 ≥ 𝜎𝐹  for the propagation of the crack, where 𝜖𝑝  is plastic strain, 𝜖𝑝𝑐  is fracture plastic 

strain, 𝜎𝑚 is the mean stress, 𝜎𝑒  is the equivalent stress, 𝜎𝑚/𝜎𝑒  is stress triaxiality, 𝑇𝑐  is the 

critical stress triaxiality,  𝜎𝑦𝑦 is the normal tensile stress perpendicular to the surface of cracking, 

and 𝜎𝐹  is the local cleavage fracture stress [138]. Chen and other co-workers did their 

experimental work on C-Mn ferritic steels at temperatures from the lower shelf region to the 

transition region, and they compared the results with the FEM analysis. For specimens tested 

at lower shelf temperatures, the cleavage fracture was triggered either by second-phase particles 

or inside the ferrite matrix. The specimens that failed inside the ferrite matrix have a negligible 

amount of fracture distances, and by referring to their FEM analysis, the nucleation of crack 

inside ferrite matrix was induced by a high strain, and the crack nucleated by second-phase 

particles has a higher stress and little strain [137, 139]. The strain-induced crack nucleation is 

related to the high yield stress at low temperatures.  

For specimens tested at moderately low temperatures (transition region), the results suggested 

that the tip of fatigue pre-crack in a quasi-cleavage material might be blunted due to the residual 

tensile plastic strain, this strain is sufficient for the initiation of a crack nucleus. When the 

applied load is too small, the stress triaxiality is not high enough to prevent samples from 

blunting, and failure stress is not high enough for propagation. If the load is increased, three 

criteria for cleavage fracture can be satisfied, and cleavage fracture can be triggered if a second-

phase particle is presented, and the scatter of the toughness data tested at moderately low 

temperatures is due to the various locations of the second-phase particles [139].  
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The local cleavage stress levels of sharp-cracked specimens with fracture distances exceeding 

200m are similar to those of blunt-notched specimens, and they have an average local cleavage 

stress of 1941MPa, with a standard deviation of 132 MPa. At higher temperatures, the yield 

stress decreases, and as a result, fracture stress yy also decreases. To compensate for this 

reduction, fracture plastic strain increases, and the work hardening also increases, and the above 

can be satisfied by increasing the applied load. However, the maximum value of stress is limited, 

according to Rice and Johnson [24]. yyt > F(c) is the criteria for crack propagation under this 

condition, where yyt represents the driving force for propagation, and this term includes normal 

tensile stress yy produced by the applied load and the dislocation pileup L.  When the test 

temperatures increased further and entered the upper end of the lower shelf, the fracture surfaces 

of the tested specimens exhibit a short fibrous crack extension before cleavage fracture. The 

measured average values of yyt are close to the specimens tested at the lower region of the 

lower shelf. However, the measured average values of yy was lower than that of specimens 

tested at lower temperatures, and yy determines the critical event of microcracking is most 

likely to be the propagation of a grain-sized crack rather than the propagation of a particle-sized 

crack. At higher temperatures, yield stress y would be further decreased, but yy ≥ F is the 

critical requirement for the propagation of a grain-sized crack into contiguous grains, and the 

value of f is stable and temperature-independent. If yy is reduced as the result of the reduction 

in yield strength, and it may not be high enough to propagate the crack, the crack would be 

hindered by the grain boundaries. In order to trigger the cleavage fracture, yy should keep the 

same value in both lower and higher division of the lower shelf. The differences in the value of 

yy between two regions should be due to the presence of fibrous crack after blunting of the 

notch [137].  
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The ductile extension of the specimen would move the peak of the normal stress yy closer to 

the pre-crack tip, and the criteria of cleavage fracture nucleation and propagation could be 

satisfied [137]. The works from Dodds et al. [140], O’Dowd et al. [141], and Ostby et al. [142] 

all showed the above phenomenon, and the peak value of yy would also increase.  

It may suggest that when sharp-cracked specimens have fracture distances exceeding 200m, 

they would have similar local stress conditions with blunt-notched specimens, regardless of 

their test temperatures or specimen geometry.  

4.4.3.2 Local Cleavage Stress and Test Temperature 

According to Figure 3.49, the local cleavage stresses of blunt-notched specimens tested at −196 

and −170ºC based on Griffiths and Owen FEM, as well as the local cleavage stress of sharp-

cracked specimens tested from −196 to −80ºC based on McMeeking FEM, are comparable, and 

they have quite close lower bound values, with 1777, 1716, 1954, 1870, and 1992MPa for 

sharp-cracked specimens tested at −196, −170, −120, −100 and −80ºC. For blunt-notched 

specimens tested at −196 and −170ºC, their lower bound values of local cleavage stress are 

1678 and 1915MPa respectively. The local cleavage stresses are thus considered to be 

independent of test temperature.  

4.4.3.3 Local Cleavage Stress and Maximum Principal Stress 

The maximum stress is achieved when R/b = 2.96 and 2.17, for n = 0 and 0.1 respectively. The 

local fracture stress versus the maximum principal stress of all sharp-cracked specimens 

together with blunt-notched fracture stress specimens is plotted in Figure 3.50. For the fracture 

stress values of sharp-notched specimens tested at −196 and −170ºC estimated based on n = 0, 

there is one out of ten specimen failed with CTOD before the maximum principal stress, and 
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for the fracture stress values of sharp-notched specimens tested at −120 to −80ºC estimated 

based on n = 0.1, two out of 28 specimens failed with R/b before the maximum principal stress, 

the failures for these specimens are not purely tensile stress-controlled, but with the 

involvement of tensile strain. For specimens failed with R/b corresponding to the position 

beyond the maximum principal stress, the peak stress should have promoted the occurrence of 

cleavage fracture. Sites occur when they first hit the local tensile stress to achieve failure.  

4.4.3.4 Local Cleavage Stress and Surface Energy Estimates 

According to the modified Griffith’s equation, there should be a linear relationship between 

local cleavage stress (X0) and the reciprocal of inclusion diameter. In current work, there is a 

weak positive correlation between the local cleavage stress of sharp-cracked specimens as well 

as the blunt-notched specimens tested at −196 and −170ºC and the reciprocal of inclusion 

diameter, as shown in Figure 3.46 and Figure 3.51. Analysis suggests a p value of 5.6 and 

8.5Jm-2 for fracture toughness specimens tested at −170ºC, and 10.0 to 15.6Jm-2 for specimens 

tested at −196ºC with inclusion diameters of less than 2m, 20.3Jm-2 for specimen HT1LT-6 

tested at −196ºC with inclusion diameter of 3.3m. According to Xu’s works on sharp-notched 

specimens tested at temperatures from −120 to −80ºC, however, the correlation of the local 

cleavage stresses calculated according to McMeeking FEM analysis versus the reciprocal of 

inclusion diameter is very poor, with variations from 7.2 to 33.5Jm-2 at −120ºC and 7.4 to 

30.0Jm-2 at −100ºC. The values of effective surface energy estimated from the fracture of these 

cracked inclusions are independent of test temperature, and this is in agreement to many other 

works [31] [143].  
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4.5 Comparisons to other SA-738 Gr. B Steel  

Wang et. al [79] conducted a series of mechanical tests on SA-738 Gr. B steel with similar 

chemical compositions and quenching-tempering heat treatment conditions to the SA-738 Gr. 

B steel studied in this thesis. The results from Wang et. al showed that the yield stress and 

tensile strength of QT specimens were higher than that of specimens with an additional SPWHT 

process. The tensile results were higher than the ASME requirement, and similar to the tensile 

results obtained in this thesis. The impact test results, however, exhibited a smoother transition 

from the lower shelf to upper shelf.  

The carbon content of SA-738 Gr. B steel plate tested by Zhang et al. [144] was similar to that 

of SA-738 Gr. B steel plate tested in this study, and the thickness of their steel plate was 60mm. 

The upper shelf energy obtained from their CVN test was about 400J, and transition temperature 

values of T28J and T41J were about −120ºC and −113ºC, while their yield stress and tensile 

strength values at −120ºC were higher than that of steel plate investigated in this thesis. The 

yield stress of 66mm steel plate at −110ºC was higher than that of both HT1 and HT2 tested at 

−100ºC in this thesis, but the tensile strength of this 66mm steel plate at −110ºC was lower than 

that of HT1 and HT2 tested at −100ºC. Zhang et al. also showed that the Master Curve 

methodology was not applicable to their fracture toughness due to inhomogeneity of their steel 

plate. Overall, the experimental works from different project group have proved the reliability 

of the experimental procedures and processing in this thesis.   
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CHAPTER 5: SA-738 GR. B STEEL CONCLUSIONS 

1. The experimental programme of SA-738 Gr. B steel manufactured by Baowu Steel focused 

on two heat treatment conditions, HT1 and HT2. One objective of this thesis was to compare 

these two heat treatment conditions based on their mechanical testing results and 

fractography. The test results show that specimens of both HT1 and HT2 have similar grain 

size, hardness, tensile, impact toughness, and fracture toughness properties.  

2. The yield stress and tensile strength of HT1 and HT2 show strong dependency on test 

temperatures, as the temperature increased, yield stress and tensile strength both decreased- 

differences between tensile strength and yield stress however increased, defining more 

extensive work hardening with temperature increase.  

3. The engineering stress-strain curves exhibit Lüders elongation after passing lower yield 

point, and the amount of Lüders elongation increased as the temperature decreased. The 

work hardening exponents are increased with increasing temperatures, and the n values vary 

from 0.01 to 0.11 at test temperatures ranging from −196 to −60ºC.  

4. The Charpy impact testing results of HT1 and HT2 exhibit clear lower shelf and upper shelf 

behaviour, with failure from 2J to close to 300J. The ductile-to-brittle transition occurred at 

the temperature range from −100 to −80ºC. According to the fitted tanh curves to absorbed 

energy versus test temperature plots: HT1 has the DBTT of −91ºC, while HT2 has the 

DBTT of −87ºC. The upper shelf energies of both HT1 and HT2 are above 300J, and the 

lower shelf energies of both HT1 and HT2 are about 2-5J.  

5. The absorbed impact energy has a strong positive linear correlation with lateral expansions 

and ductile thumbnail extension. There is also a negative linear relationship between impact 

energy and percentage of cleavage area. The crystallinity of fracture surface varied from 

100% cleavage at lower shelf and 100% ductile at upper shelf.  
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6. The fracture toughness results on HT1 and HT2 results exhibited ductile-to-brittle transition 

behaviour. The number of unloading compliance cycles during testing, the values of KQ, 

and KJc increased as the test temperatures increased- indicating more ductile crack growth 

involved during the fracture process, and it is confirmed by fractography.  

7. The reference temperature T0 of specimens from HT1 and HT2 condition obtained by the 

Master Curve methodology are consistent at −120ºC, with the KJc data distributed evenly 

within 95% and 5% tolerance bounds. The reference temperature HT2 tested at −100°C 

remain to be around −100ºC, but the abnormally higher fracture toughness value of HT1-

01 lowers the reference temperature of HT1 condition obtained at −100°C and at multiple-

temperature analysis, due to the involvement of more ductile crack extension and a major 

secondary crack within the test-piece. The behaviour of this individual test is thus different. 

The overall application of the Master Curve methodology to estimate the reference 

temperature of HT1 and HT2 specimens is reliable.  

8. Fractography of fracture toughness specimens tested at −196 and −170ºC showed that all 

specimens failed with transgranular cleavage, and eight out of ten cleavage cracks were 

initiated from inclusions. In five out of eight test-pieces, these inclusions were cracked, and 

three out of eight inclusions were decohered. There is also a weak positive correlation 

between local cleavage stress and the reciprocal square root of inclusion diameter according 

to the modified Griffith equation. Values of p vary from 5.6 to 20.3 Jm-2. For specimens 

tested at −196 and −170ºC, the locations of initiation sites show a variation from 6 to 221 

µm, but this limited variation does not produce a consistent change in fracture toughness. 

According to the McMeeking’s FEM analysis on the ratio of fracture distance and CTOD, 

R/b, nine out of ten specimens have the local fracture initiation sites located at positions 

consistent with a pure tensile stress-controlled failure criterion, with only one failure 
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deduced to be under mixed tensile stress/strain control. The results also showed the 

independence of local cleavage fracture stress over a very wide range of test temperatures 

from −196 to −80ºC. This is consistent with a classical mechanism for the ductile-brittle 

transition region, as progressively increased stress concentration is needed to achieve the 

local cleavage fracture stress with temperature increase, with a concomitant reduction in 

yield stress.  

9. The local cleavage fracture stresses of both sharp-cracked specimens and blunt-notched 

specimens analysed by McMeeeking and Griffith and Owen’s FEM respectively are 

independent of test temperatures. There is a weak positive relationship between the local 

fracture stress of blunt-notched specimens and reciprocal square root of initiating inclusion 

diameter. The locations of initiation sites of these specimens all sit within the plastic zone, 

and close to the position of the maximum principal stress.  

10. The mechanical behaviour of HT1 and HT2 is identical.    

Future Work 

The splitting of tensile specimens on longitudinal direction has driven interest on the low-

temperature toughness behaviour of this 20mm-thick SA-738 Gr. B steel in this specific 

direction. Specimens of CVN, fracture stress, and fracture toughness could be machined with 

the notch direction of STL to further investigate the mechanical performance and 

micromechanism of the steel.  

Griffiths and Owen and McMeeking FEM analysis of fracture stress used in this thesis were 

established in 1970s. The work hardening exponents of SA-738 Gr. B steel plate studied vary 

from 0.01 to 0.11, and it is perhaps worth developing a specific finite element analysis for this 

material.  
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According to the fractography analysis of initiation sites of cleavage fracture in section 3.5.5, 

most initiators are non-metallic inclusions, but other sites could be initiated from microstructure 

features such as carbides or M-A constituents. It is also difficult to tell the differences between  

granular bainitic and irregular ferrite region. Further investigations could be carried out to 

address such sites further.   



100 

 

CHAPTER 6: 7% AND 9% NICKEL STEELS: RESULTS 

6.1 Microstructure 

The microstructure images of 9% and 7% nickel steels taken by both optical microscopy and 

SEM are shown in Figure 6.1 and Figure 6.2. The SEM micrographs and electron backscattered 

maps of 7% and 9% nickel steels are shown in Figure 6.3, and the grains are coloured according 

to the orientations based on inverse-pole figure (IPF). The microstructure of 9% nickel steel is 

mainly composed of tempered martensite. The phase maps obtained by EBSD analysis are 

shown in Figure 6.3(c) and (d) for 7% nickel steel and 9% nickel steel. The phase for 7% nickel 

steel is mostly BCC by EBSD analysis, and no FCC content could be identified. For 9% nickel 

steel, the identified phase is mostly BCC, with 4% FCC content, which is considered to be 

retained austenite, and they can be seen to be mainly located at the grain boundaries. The 

average martensitic block size for 9% nickel steel was measured by lineal intercept procedure 

stated in ASTM Standard E112-13, which gives 9.8m, with a standard deviation of 2.1m. 

The block size was also measured automatically by Bruker’s EBSD analysis function according 

to the orientation of packets within the blocks, the total number of grains counted was 3531, 

with an average block size of 9.3m, and the median size was 6.7m. The grains identified as 

FCC have much smaller size, and the average prior-austenite grain size is 1.6m.  

The 7% nickel steel is considered to be mainly contains tempered martensite, with distinct block 

boundaries. The average martensitic block size for 7% nickel steel was 22.5m by lineal 

intercept procedure. The average prior austenite grain size among 2410 grains was 16.2m 

according to the EBSD analysis of Bruker, and the median grain size was 12.2m. Figure 6.4 

and Figure 6.5 show the distribution of misorientation angles of 9% and 7% nickel steel grains. 

For both nickel steels, most grains have high-angle misorientation (>15º).  
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The inclusion size distribution of 9% and 7% nickel steels is shown in Figure 6.6. The results 

exhibit a 2D modal for both steels. The lower limit of detection was set to be 0.2m due to the 

image resolution. For 9% nickel steel, a total of 6080 inclusions in the area of 10267 mm2 was 

counted, and it gives 593 inclusions/mm2. For 7% nickel steel, a total of 10427 inclusions was 

counted in the area of 11035 mm2, and it gives 945 inclusions/mm2. Both nickel steels have 96% 

of inclusions with inclusion size between 0.2m and 3m.  

6.2 Hardness Testing  

The mean hardness value along longitudinal direction of 9% nickel steel was 255 HV5, with a 

standard deviation of 4 HV5. For transverse direction, the mean hardness value was 254 HV5, 

with a standard deviation of 2 HV5.  

The through-thickness hardness was tested along the thickness of 16mm-thick 9% nickel steel 

SENB sample. The hardness values of 9% nickel steel are listed in Table 6.1. The results show 

an average hardness of 256 HV5 and a standard deviation of 3 HV5.  

The mean hardness value at longitudinal direction of 7% nickel steel was 254 HV5, with a 

standard deviation of 5 HV5. For transverse direction, the mean hardness value was 256 HV5, 

with a standard deviation of 2 HV5.  

The through-thickness hardness was tested along the thickness of 16mm-thick 7% nickel steel 

SENB sample, which is also the transverse direction. The hardness values of 7% nickel steel 

are illustrated in Table 6.2. The results give an average hardness of 228 HV5 and a standard 

deviation of 4 HV5.  
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6.3 Tensile Testing  

The tensile tests for nickel steels focused on the temperature range from −196 to −130°C, to 

span the suggested material service temperature of −163°C. For 7% nickel steel, a total of eight 

specimens has been tested, with two specimens tested at each of the −196, −170, −150 and 

−130°C test temperatures. The measured diameters of 7% nickel steel tensile specimens are 

summarised in Table 6.3. The broken halves of the tested specimens at each temperature are 

shown in Figure 6.9. Most specimens failed with micro-void coalescence with some splits 

observed at the fracture surface. However, 7Ni-9 tested at −196ºC has some different fracture 

feature- the specimen failed with longitudinal fragmentation and details of a side view of 7Ni-

9 are shown in Figure 6.10. The tip of the fracture surface is about 53º to the main longitudinal 

fracture surface. There is a crack extending along loading direction towards the grip section, 

and then crack moved away from the loading direction at an angle of 45º. Necking before failure 

was observed for all specimens, and it is worth noting that for most of the tensile specimens, 

the first crack observed during necking before final failure is parallel to the loading direction.  

The engineering stress-strain curves of 7% nickel steel tested at temperatures from −196 to 

−130°C based on crosshead displacement records are shown in Figure 6.12. The calculation of 

engineering strain used a parallel length of 70mm. These graphs indicate the characteristic 

definite yield point behaviour at these test temperatures, and the stresses decrease ~20MPa. At 

−196°C and −170°C, the curves enter the flat Lüders region before the rise of stress till tensile 

strength, while specimens tested at temperatures above −170°C do not exhibit the same way, 

and the stress increased directly from the lower yield point. The engineering stress-strain curves 

based on extensometer records are shown in Figure 6.13, the recordings were interrupted before 

final failure as the total plastic strain exceeded the measuring range of extensometer.  
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The tensile testing results of 7% nickel steel are summarised in Table 6.4, including the upper 

and lower yield stress, ultimate tensile strength, and total plastic strain. The yield stress 

increases from an average of 879 MPa at −130°C to an average of 1052 MPa at −196°C while 

the tensile strength increases from an average of 932 MPa at −130°C to an average of 1094MPa 

at −196°C. The values of total plastic strain for 7% nickel steel according to the engineering 

stress-strain curves varied from 19.3% to 21.0% at the test temperatures range from −196 to 

−130ºC. The elongation of specimens appears to be independent of test temperatures.  

True stress-strain curves of 7% nickel steel tested at the temperature range from −196 to −130ºC 

are plotted by taking logarithm of engineering stress and strain values, including the region 

from lower yield stress to ultimate tensile strength, as shown in Figure 6.14. The conversion 

method is the same as the one used for SA-738 Gr. B steel in Section 3.3. The Lüders regions 

of 7% nickel steel specimens tested at −196 and −170ºC were excluded from the calculation of 

work hardening exponent n due to their inhomogeneous nature. The work hardening exponent 

values of 7% nickel steel are summarised in Table 6.4, they have a weak positive relationship 

with the test temperatures: the lower the test temperature, the lower the value of work hardening 

exponent. The values of work hardening exponent at temperatures from −196 to −130ºC range 

from 0.03 to 0.06.  

Referring to the previous tensile tests for Baowu 9% nickel steel listed in Table 6.5, the 0.2% 

proof stress of Baowu 9% nickel steel increases from an average of 812 MPa at −130ºC to an 

average of 1071 MPa at −196ºC, while the tensile strength increases from an average of 1009 

MPa at −130ºC to an average of 1166 MPa at −196ºC. The results of UTS and yield stress of 

7% nickel steel and 9% nickel steel are plotted together in Figure 6.17. Comparing to 7% nickel 

steel, 9% nickel steel has lower values of yield stress (0.2% proof), but higher values of tensile 
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strength. The stress-strain curves of 9% nickel steel tested at −196°C as shown in Figure 6.16 

do not have Lüders elongation, and the stresses decrease slightly after reaching the upper yield 

point and starts the strain hardening process till tensile strength. The values of total elongation 

of two 9% nickel steel specimens tested at −196ºC are 25.0% and 25.1% respectively, and the 

values of work hardening exponent n are both 0.14. 9% nickel steel exhibits larger total plastic 

strain and higher work hardening exponent than 7% nickel steel even at −196ºC.   

6.3.1 Fractography of Tensile Specimens  

The total fracture surfaces and detail of the fracture surfaces observed under higher 

magnification of selected 7% nickel steel tensile specimens tested at the range from −196 to 

−130°C are shown in Figure 6.18. Most tensile specimens failed with micro-void coalescence, 

and the splits are all located in the middle of the fracture surfaces, with smaller splits extending 

from centre to the border of fracture surfaces. Many even smaller splits are in parallel to the 

main split. The presence of micro-void coalescence on fracture surfaces indicates the ductile 

mode of failure of these specimens. The torn dimple features suggested shear fracture existed 

during fracture.  

The fracture of 7Ni-Tensile-9 tested at −196ºC behaves differently to other specimens, with 

crack growing along the plane parallel to the loading direction, results in fragmentation of the 

specimen, as shown in Figure 6.19a. The fracture surface which is parallel to the loading 

direction has a woody appearance, which should be the side view of micro-void coalescence. 

There are some cleavage facets at the tip of the fracture surface, and this tip surface is about 45º 

to the loading direction. There is also crack path perpendicular to loading direction on the 

fracture surface around necking. There are full of dimples inside the crack path that is 

perpendicular to the loading direction. The cleavage facets only exist at the front of 
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fragmentation with an angle of 53º to the loading direction. The 7Ni-Tensile-9 was cut to view 

the fractography in loading direction, as shown in Figure 6.19b. Cleavage facets as well as 

micro-void coalescence could be observed from the fracture surface, and according to the tear 

ridges, there is a possible initiation site for cleavage. It is worth noting that in Figure 6.19b, the 

fracture surface close to the cut is 53º to the loading direction, according to the side view of 

fractured specimens as shown in Figure 6.10. The possible fracture process might be that the 

crack in longitudinal direction firstly appeared after necking, and the crack in loading direction 

was also growing due to shear stress. The specimen was continuously loaded in tension, and 

once the critical load was reached, as the crack was long enough and the specimen was 

immersed in liquid nitrogen, cleavage fracture was initiated at the shear plane. The final failure 

is mixed with micro-void coalescence and cleavage facets.  

As a comparison, the fractography of 9Ni-Tensile 1 tested at −196ºC is shown in Figure 6.20. 

The specimen was failed with micro-void coalescence, and some splits exist at the edge of the 

fracture surface, and the roughness in centre might be undeveloped splitting. For other 9% 

nickel steel tensile specimens, splitting also occurred as shown in Figure 6.11, from −196 to 

−130ºC. There are more limited splits in 9% nickel steel comparing to 7% nickel steel.  

6.4 Charpy Impact Testing of 7% Nickel Steel 

15 of 7% nickel steel CVN specimens were tested at the temperature range from −196 to −80°C 

to evaluate the variability of the results. Three tests were carried out at −196ºC, one test at 

−180ºC, three tests at −170ºC, two tests at −160ºC, two tests at −150ºC, one test at −140ºC, 

one at −130ºC, two tests at −100ºC, and one test at −80ºC. Except a few CVN specimens tested 

at −196 and −180ºC separated into two pieces, others are unbroken specimens. The images of 

fracture surfaces taken by the Keyence digital microscope are shown in Figure 6.21. The 
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absorbed impact energy, the lateral expansion as well as percentage of cleavage fracture of all 

specimens are listed in Table 6.6. The impact behaviour of 7% nickel steel exhibits a clear 

ductile-to-brittle transition as the test temperature drops. The values of absorbed Charpy impact 

energy range from 38 J to 238 J, and ductile-to-brittle transition occurred between −170 and 

−140ºC, the impact energy varied from 72 J to 123 J. An absorbed impact energy versus test 

temperature curve was plotted, and the transition temperature was estimated by fitting a tanh 

curve, as shown in Figure 6.22, and the estimated ductile-to-brittle transition temperature 

(DBTT) is −165ºC. The sample with the lowest impact energy of 38J, and the smallest lateral 

expansion of 0.40mm, which is still within the material requirement stated in ASTM Standard 

A553/A553M [2] for LE of not less than 0.381mm, and the longitudinal Charpy V-notch impact 

toughness shall not be less than 34J.  

The 7% Ni specimens from the lower shelf did not show a 100% cleavage failure, and the 

fraction of cleavage area is higher than 70%. There is some small amount of ductile crack 

growth at the root of the notch end, followed with cleavage. The specimen tested at −140ºC 

with a high absorbed impact energy of 223J still shows 3.6% cleavage area. The specimens start 

to show fully ductile at −130ºC and the test temperatures above.  

A graph of absorbed impact energy against lateral expansion is exhibited in Figure 6.23, which 

displays a strong positive linear correlation. Another graph of absorbed impact energy against 

percentage of cleavage area is exhibited in Figure 6.24, and it shows a negative linear 

relationship.  

6.4.1 Fractography of CVN Specimens 

Fractography of the selected Charpy impact test specimens of 7% nickel steel tested from −196 

to −80ºC is presented in Figure 6.25. Lateral expansion, shear lip, and ductile thumbnail all 
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increase in size with the increase of test temperature, meanwhile the cleavage area decreases 

with increasing temperature.  

The fracture surfaces of specimens tested at temperatures from −196 to −170ºC are mainly 

cleavage-dominated fracture. Large cleavage facets are observed, and ductile crack growth 

region can still be observed from the notch root of the specimens, and there are full of dimples 

at tear ridges and stable crack growth regions. Cleavage initiation sites are hard to find due to 

the rough fracture surfaces. Possible initiation sites of cleavage fracture are shown in Figure 

6.26 to Figure 6.30 tested from −196 to −170ºC, but initiating particles could not always be 

found. The failure might be caused by matrix cracking. The fracture distance from notch root 

to the front of initiation site, X0, was measured, and values of absorbed impact energy versus 

X0 of CVN specimens are plotted in Figure 6.31, and they show a positive trend. Figure 6.32 

exhibits the negative relationship between absorbed impact energy and the distance from the 

ductile end to initiation site. This plot shows that the increase of impact energy is clearly 

correlated to the increase of ductile crack extension.  

Tear ridges are formed during the cleavage fracture process in the shear lip zone, which enable 

part of the energy to be released. The highest temperature for the observation of cleavage facets 

is 7NiCVN12 tested at −140ºC, with the absorbed impact energy of 223J. Referring the optical 

images of Charpy specimens, the fracture surfaces of 7Ni-CVN7, 7Ni-CVN15 tested at −160ºC, 

and 7Ni-12 tested at −140ºC contain splits, and the splits extend in the longitudinal direction of 

the steel plate. At the locations at the edges of the splits and inside the splits, cleavage facets 

could be observed, and dimples around the splits.  

At temperatures above −140ºC, no cleavage facets could be found from the fracture surfaces, 

and there are full of dimples, some with inclusions sit in the voids. The chemical compositions 
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of these inclusions are analysed by EDX, and they contain O, Al, S, some contain Mg, Ca. One 

of the inclusions found from specimen 7Ni-CVN13 tested at −180ºC is shown in figure 6.34(e), 

was analysed by EDX mapping as shown in Figure 6.42. In EDX map, the higher the contrast, 

the higher the element content. Fe could not be identified from the inclusion, and elements like 

C, Cr, Mn, and Ni, they are evenly dispersed on the fracture surface, and higher content of O, 

Al, S, and Mn is detected from the inclusion. Referring to the overlapped areas of (a). O and Al, 

and (b). S and Mn, the inclusion should contain both alumina and manganese sulphide.  

6.5 Fracture Stress Tests on 7% Nickel Steel 

Four-point bending tests of 7% nickel Steel were carried out on the specimens to preliminarily 

evaluate the intrinsic resistance of material to cleavage fracture by finite element analysis 

(FEM). The slow blunt notch bend testing has been employed as an attempt to evaluate the 

intrinsic resistance to cleavage fracture of the 7% nickel Steel. Two fracture stress tests were 

carried out at −196°C in four-point bending loading. Both specimens failed at ~102 kN. The 

corresponding load-displacement curves exhibit nonlinearity, which indicate the involvement 

of plastic deformation, as shown in Figure 6.45. A large percentage of cleavage area could be 

observed from the fracture surfaces under optical microscope, but lateral expansion, as well as 

ductile crack extension, also exist, as shown in Figure 6.44. The length of ductile extension of 

7Ni-FS2 and 7Ni-FS3 is 0.27mm and 0.30mm respectively.   

The results of four-point bending tests were summarised in Table 6.7, and both specimens of 

7% nickel steel tested at −196ºC have a nom/y ratio from 4.04 to 4.08, which exceeds the 

maximum ratio of 2.292 in the Griffiths and Owen FEM analysis, as shown in Figure 2.13. The 

values of stress intensification factor R are 3.30J and 3.31J respectively, and both values exceed 

the maximum stress intensification of 2.62 in the Griffiths and Owen FEM analysis. The results 
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are thus invalid for microscopic cleavage fracture stress analysis even at −196°C. The local 

values of nominal stress are 4251 and 4290 MPa respectively, with an average value of 

4271 MPa. The maximum principal stress predicted by the Griffiths and Owen FEM analysis 

(2.62y) is 2756 MPa. A lower bound value to the local cleavage fracture stress is therefore 

deduced to be at least 2756 MPa for this 7% nickel steel.  

6.5.1 Fractography of Fracture Stress Specimens 

The fractography of fracture stress tests is shown in Figure 6.46 to Figure 6.48. The fracture 

surfaces of two fracture stress samples tested at −196ºC are mainly cleavage facets, but the 

onset of the cleavage is from the ductile regions near the notch root. The initiation sites of 

cleavage fracture are difficult to locate. Some single cleavage facets are surrounded by ductile 

voids, and these non-metallic inclusions are located in a cleavage facet near the ductile region. 

The inclusion found is globular shape, and they are Al-rich, with S presented in the chemical 

compositions. The inclusions sit on the cleavage facets do not break into halves, which should 

be inclusion decohesion.  

Unlike 7% nickel steel, 9% nickel steel did not cleave at −196ºC, and micro-void coalescence 

alone is seen on the fracture surfaces of 9% nickel steel specimens.  

6.6 Fracture Toughness Testing of 7% Nickel Steel 

6.6.1 SENB Specimens with W = 32mm 

Charpy impact tests reveal the ductile-to-brittle transition behaviour exist in 7%Ni steel, and 

the value of DBTT of −165ºC is close to the aimed service temperature of −163ºC. Therefore, 

the fracture toughness tests were conducted at the designed application temperature of −163ºC 
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and a slightly lower temperature to −170ºC. A total of four SENB samples were tested, with 

two at each test temperature.  

The fracture surfaces under optical microscopy are shown in Figure 6.49. The illustration of the 

method for measuring the length of fatigue pre-crack and stable crack extension is shown in 

Figure 6.50. The load versus notch-mouth opening displacement curves are shown in Figure 

6.51. As shown in the curves, multiple unloading/reloading sequences were performed during 

the tests. All four samples went for stable crack growth after precracking, and after reaching 

the maximum load of ~50kN, 7Ni-SENB1 tested at −163ºC and two specimens tested at −170ºC 

cleaved quickly after a few unloading/reloading cycles, while for 7Ni-SENB2 tested at −163ºC, 

load dropped gradually with more unloading/reloading cycles than other specimens and cleaved 

afterwards. These specimens did not have a catastrophic failure after cleavage. The values of 

crack extension a, Jc, KQ, KJc were calculated and summarised in Table 6.8, regarding ASTM 

Standard E399-20 and ASTM Standard E1921-18. Values of KQ, KJc and Jc for specimens tested 

at −163ºC are all higher than the specimens tested at −170ºC: KQ values vary from 89.0 to 

103.8MPam1/2, KJc values vary from 547 to 726 MPam1/2, the large differences between KQ and 

KJc indicating more plastic deformation and ductile crack growth was involved during the 

fracture process, and Jc values are in agreement to it: they vary from 1206 to 2195 kJm-2.  

7Ni-SENB1 tested at −163ºC has higher but close values of KQ, KJc and Jc to SENB specimens 

tested at −170ºC: the values are 96.6 MPam1/2, 568 MPam1/2, and 1315 kJm-2 respectively 

comparing to the average values of KQ, KJc and Jc for specimens tested at −170ºC: 89 MPam1/2, 

548 MPam1/2, 1208 kJm-2 respectively, indicating similar plastic deformation and ductile crack 

growth: their ductile crack lengths are 1.1 mm for 7Ni-SENB and 1.0 mm for SENB specimens 

tested at −170ºC. However, as shown in the load-displacement curve from Figure 6.51, 7Ni-
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SENB2 tested at −163ºC has more unloading/reloading cycles than other three SENB 

specimens, suggesting more ductile crack growth was involved during the test: 7Ni-SENB2 has 

KQ, KJc and Jc value of 104 MPam1/2, 726 MPam1/2 and 2195 Jm-2 respectively, with a ductile 

crack length of 1.9mm, comparing to the average value of KQ, KJc and Jc for other three SENB 

specimens with 92 MPam1/2, 555 MPam1/2, and 1244 Jm-2 respectively, with the average ductile 

crack length of 1.0mm.  

6.6.2 SENB Specimens with W = 7mm 

The machined small bending specimens with the width W of 7mm and a span width S of 30mm 

were tested in liquid nitrogen bath at −196ºC, with two machined in T-L direction and two 

machined in L-T direction. The load versus load line displacement curves are shown in Figure 

6.53. The curves at the start of tests exhibit some linearity, then the increment of loads slows 

down and approaches to the maximum load, followed with sudden load drop. The specimens 

did not show catastrophic failure after the load drop.  

The opened fracture surfaces were observed under the Keyence digital microscope as shown in 

Figure 6.52, and they reveal some short ductile crack growth at the onset of fatigue precrack, 

from 0.03 to 0.2 mm, followed with cleavage fracture. Values of a, Pmax, Jc, KQ, KJc are 

summarised in Table 6.9. The validity of KQ as KIc was also checked according to ASTM E399, 

and none of the specimens meet the requirements, indicates elastic-plastic fracture occurred.  

The average load for specimens in L-T direction is 5.3kN, while for specimens machined in T-

L direction, the average load is 5.8kN. The values of KQ, Jc, and KJc of specimens in T-L 

direction are similar to specimens in L-T direction.  

The values of KQ and KJc of all fracture toughness specimens tested at −196, −170 and −163ºC 

are plotted in Figure 6.54. The average value of KQ increases from 77.4MPam1/2 to 
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100.2MPam1/2. Due to the size differences between specimens tested at different temperatures, 

the fracture toughness values of these small specimens are converted to specimens with W =32, 

based on Equation 3.1 from the ASTM Standard E1921, and the resulting KJc values tested at 

−196ºC are in the range of 41 to 50MPam1/2. As the temperature increases, the KJc values also 

increase, suggesting more plastic deformation is involved. The variation of KJc values in the 

plot shows the test temperatures could affect the amount of plastic deformation in 7% nickel 

steel specimens, as the test temperature increases, the amount of ductile crack growth would 

also increase.  

6.6.3 Fractography of Fracture Toughness Specimens 

The fractography of fracture toughness tests for all 7% nickel steel SENB samples with W = 

32mm show ductile crack growth before the onset of cleavage fracture, as shown in Figure 6.55 

to Figure 6.58. 7Ni-SENB2 tested at −163ºC exhibited wider crack extension zone than another 

specimen tested at −163ºC, 7Ni-SENB1, and 7Ni-SENB1 has similar width of crack extension 

zone to other two specimens tested at −170ºC. These observations could refer to the ductile 

crack length measured from optical images in Figure 6.50: the average value of maximum 

ductile crack extension for 7Ni-SENB1 tested at −163ºC and other two SENB specimens tested 

at −170ºC is 1.3mm, while the maximum ductile crack extension for 7Ni-SENB2 is 3.81mm.  

The cleavage regions of specimens are rough, with ductile dimples locate between cleavage 

facets. At lower magnification of SEM, there is a possible cleavage initiation site by tracing 

back the tear ridges from the fracture surface, but nothing could be found at higher zoomed 

magnification. It is difficult to locate initiation site for cleavage fracture. Local cleavage fracture 

stress based on McMeeking’s FEM analysis could be estimated based on the distance ahead the 

ductile crack, for example 7Ni-SENB1 tested at −163ºC. Referring to the tensile specimens 
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tested at −170 and −150ºC, they have the work hardening exponents ranging from 0.03 to 0.06 

as listed in Table 6.4, estimations are done for local cleavage fracture stress based on 

McMeeking analysis with n = 0 and n = 0.1. The maximum local tensile stress available is 2765 

to 3501 MPa.  

The fracture surfaces of smaller SENB specimens with W = 7mm tested at −196ºC under SEM 

are shown in Figure 6.58 to Figure 6.64. There is small amount of ductile crack growth from 

the fatigue pre-crack, followed by transgranular cleavage. Shear lips with dimples could be 

observed from the fracture surfaces, and pop-in feature could be observed. Due to the rough 

cleavage region, it is unable to locate the cleavage fracture initiation sites. The cleavage facets 

are separated by narrow dimple regions.  

The non-initiating inclusions that have been observed on the fracture surfaces of samples have 

been analysed by using EDX analysis. The shape of the observed inclusions was primarily 

polyhedral or spherical, as shown in Figure 6.59 and Figure 6.60. The majority of inclusions 

are Al-rich in compositions, some inclusions contain Mg, S, Ti, or Mn.  

6.7 Fatigue Crack Growth Tests of 7% and 9% Nickel Steel 

Fatigue crack growth tests were performed at −170ºC, −163ºC and room temperature (~24ºC). 

The fatigue crack lengths of all tested specimens were measured using Keyence digital optical 

microscope. Values of crack length estimated by the D.C.P.D. method were corrected as 

required based on the actual measured crack length, and the corrected da/dN versus ΔK curves 

were plotted for all fatigue tests on a log-log scale, as shown in Figure 6.65.  

The crack growth curves obtained at different temperatures within the steady crack growth 

region are relatively parallel (the gradients of the curves are similar). It is worth noting that the 
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tails at the lower end of crack growth rate curves bending towards the x-axis were not related 

to the fatigue threshold but were the consequence of the crack growth rate of specimens under 

the influence of previous loading and/or temperature history of pre-cracking and the geometry 

of the notch of the specimens. The values of C and m obtained from the plots are listed in Table 

6.10. From Figure 6.65, m values (gradient of the plots) appear to be similar, and they are 

calculated to range from 2.2 to 2.8, referring to Table 6.10. It shows that at −170 and −163ºC, 

the plots of da/dN versus K are on the right side of the plots for fatigue crack growth test at 

room temperature, which indicate that the fatigue crack growth rates at cryogenic temperatures 

are lower than that tested at room temperature under the same applied stress intensity. 7% nickel 

steel and 9% nickel steel tested at room temperature have similar C values, from 9.210-9 to 

1.910-8mm/cycle. At −163ºC, the fatigue crack growth rate of 7% nickel steel is slightly faster 

than 9% nickel steel, with C values of 4.510-9 and 4.110-9mm/cycle respectively. At −170ºC, 

C values for two 7% nickel steel specimens are 1.510-8 and 4.010-8mm/cycle respectively, 

but they have the lowest m values of 2.2 and 2.4 respectively.  

6.7.1 Fractography of Fatigue Crack Growth Specimens 

Fractography of cracks growing at rates within the Paris regime was investigated under SEM. 

The fatigue crack propagation region of 7Ni-FCGS2 tested at −170ºC is shown in Figure 6.66. 

The fatigue striations are the result of cyclic loading, and the striation distance reflects the rate 

of fatigue crack growth. The wider the striation distance, the faster the fatigue crack growth.  

Secondary cracks and tear ridges could also be observed from this propagation region, which 

suggests that the fatigue crack propagation is prone to deflection against loading direction, 

resulting in a rough fatigue crack propagation surface. Figure 6.66a and 6.66b are the near-end 

of pre-crack at room temperature and the beginning of fatigue crack propagation at −170ºC, 
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respectively. As the crack length increases, the stress intensity factor range K increases, and 

number of tear ridges also increases as well, and the surface become rougher.  

Striations could be observed from the fractography of fatigue crack growth region. The 

measured average striation distance at a stress intensity range of approximately 50MPam1/2 for 

7Ni-FCG3 tested at room temperature is 2.4  10-4 mm per cycle, comparing to the predicted 

da/dN is 2.3  10-4 mm per cycle; while the measured average striation distance for 7Ni-FCG2 

tested at −170ºC is 4.4  10-4 mm per cycle at a stress intensity range of 60 MPam1/2, the 

predicted da/dN is 4.3  10-4 mm per cycle. Thus, the estimated crack growth rate by D.C.P.D. 

method thus matches quite well with the actual striation distance, and it suggests reliability of 

D.C.P.D. monitoring method in cryogenic temperatures down to −170ºC.  

The overall fracture surfaces of 7% and 9% nickel steel fatigue specimens are shown in Figure 

6.67 to Figure 6.69. The fracture surfaces of both materials exhibit mainly micro-void 

coalescence. For 7Ni-FCGS4 tested at −163ºC in Figure 6.68, there are some cleavage facets at 

the ductile region and a burst of cleavage close to the final fracture, and it suggests that the 

specimen is difficult to cleave at −163ºC, which should be even harder to get cleavage facets in 

fatigue crack growth region Ⅱ.  
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CHAPTER 7: 7% AND 9% NICKEL STEELS: DISCUSSION 

7.1 Microstructure 

9% nickel steel has a smaller average martensitic block size than 7% nickel steel, which is 

9.3m compared to 16.2m, but these two steels with different grain sizes have similar hardness 

profiles: their average hardness values are 255 and 254 HV5, respectively. This could be due to 

the differences in the chemical contents of these two nickel steels: higher manganese content 

as well as the additional secondary hardening elements such as chromium and molybdenum in 

7% nickel steel [145]. The presence of retained austenite in 9% nickel steel could be another 

reason as there is some softening effect from austenite. The hardness values between these two 

nickel steels do not show much difference in agreement with previous experiments [146].  

The content of retained austenite was analysed by X-ray diffraction method as well as EBSD. 

For the XRD results, however, the content of retained austenite detected from the same 

specimen varied from 0-4% by using the same X-ray diffractometer. Retained austenite 

contents were detected by two different SEM, Jeol 7000F SEM with Oxford EBSD system, and 

Zeiss EVO15 VP ESEM with Bruker EBSD system, both scanning electron microscopies gave 

the results of ~4% FCC phase from 9% nickel steel and little or no FCC phase from 7% nickel 

steel. The higher retained austenite content in 9% nickel steel should be a result of its higher 

nickel content than 7% nickel steel. As mentioned in the literature [95], nickel acts as the 

austenite stabilising element to increase the toughness of steel, and therefore 9% nickel steel 

are expected to have better low-temperature properties than 7% nickel steel as discussed in a 

later section. Grain boundary misorientation can be a factor that affects the properties of a steel.  
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As the grain boundaries of both nickel steels are mainly high angle grain boundaries, while 

HAGBs have higher grain boundary energy than LAGBs due to higher fraction of atom 

deviation from the equilibrium position [147, 148]. The propagation energy of crack is 

dissipated and therefore hinders the crack propagation, and HAGBs become the obstacle of 

cleavage fracture [149] [150]. As the result, the toughness of material is enhanced, and DBTT 

is lowered.  

7.2 Tensile Testing 

Both 7% and 9% nickel steel specimens tested at −196ºC showed necking before final failure, 

and except for 7Ni-09 which has some cleavage facets on its fragments, only micro-void 

coalescence could be observed from fracture surfaces of other specimens of these two nickel 

steels. The engineering stress-strain curves of 9% nickel steel behave differently to the 

engineering stress-strain curves of 7% nickel steel: even at −196ºC, the yield stress of 9% nickel 

steel specimens did not decrease too much, and there were no Lüders elongations before 

reaching the ultimate tensile stress. The work hardening exponents and total elongations of 9% 

nickel steel specimens tested at −196ºC are all higher than that of 7% nickel steel. By referring 

to Figure 6.17, 7% nickel steel has higher yield stress than 9% nickel steel at the temperature 

ranges from −196 to −130ºC, but lower values of ultimate tensile strength than 9% nickel steel 

specimens. The higher elongations and n values, larger differences between ultimate tensile 

stress and yield stress, suggesting better ductility of 9% nickel steel than 7% nickel steel. The 

existence of retained austenite in 9% nickel steel could bring down its yield stress due to the 

softness of austenite, the harder phase starts to deform after the strain hardening of the softer 

phase [91] [151] [152]. The lower yield stress is also due to the internal strain caused by the 

displacive transformation and resultant mobile dislocations [68].  
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Splits could be observed from the fracture surfaces of 7% nickel steel specimens at temperatures 

of −196 to −130ºC, and they often occurred after necking. This splitting phenomenon is often 

parallel to the rolling direction, which might be related to specimen geometry and test 

temperature. Necking gives the notch as stress/strain concentrations and followed with cracking. 

This additional fracture mode within the necked region in materials with high ductility could 

be caused by the large radial and hoop stresses developed during necking, and this is often 

happened because of the high level of plastic deformation involved. Tensile results of other 

mild steels have showed that the yield stress and tensile strength of specimens with loading 

direction of 45º to the rolling direction was slightly higher than specimens loaded in 

rolling/transverse direction, but with lower ductility. This could explain the cleavage facets on 

45º, but ductile features such as micro-void coalescence and elongated dimples on loading 

direction, and cleavage only occurred at −196ºC. The splitting in loading direction also acts as 

a sharp-crack, which could perhaps also explain the later appearance of cleavage facets on 

fractured surfaces by referring to the cleavage fractures of other notched specimens (i.e., Charpy, 

fracture stress, fracture toughness) of 7% nickel steel tested at −196ºC. This splitting 

phenomenon will be discussed in a later section.  

Lüders elongations only appeared in 7% nickel steel specimens tested at −196ºC and −170ºC. 

Jaoul [153] concluded that the formation of Lüders bands is the combination effect of high yield 

stress, less slip system, and low work hardening. Therefore, factors such as grain size, strain 

rate, and carbon content which affect the yield stress would also affect Lüders band. The results 

of 7% nickel steel show that the Lüders elongation increases as the yield stress increases, which 

agrees with the experimental results from N. Tsuchida et al [154]. The impact of grain size on 

Lüders elongation could be explained by the Hall-Patch relationship.  
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7.3 Charpy Impact Testing 

The estimated ductile-to-brittle transition temperature for 7% nickel steel by the tanh-fitting 

curve is −165ºC. Ductile-to-brittle transition behaviours occurred at temperatures ranging from 

−170 to −140ºC, and the lower shelf and upper shelf energies vary from 38J to 238J. Scatter 

can be observed in the transition region, suggesting varied amounts of ductile crack growth. 

The designed service temperature (−163ºC) of this steel falls in the transition region.  

Specimens failed with ~80% cleavage area at lower shelf temperatures, with lateral expansions 

higher than that of the minimum lateral expansion requirements of ASTM A553/A553M [2]. 

There is also ductile crack growth at the onset of notch root before transgranular cleavage, and 

suggest plastic deformation involved during fracture. At upper shelf temperatures, the 

specimens show 100% ductile failure with micro-void coalescence full of the fracture surfaces. 

The percentage of crystallinity decreases as the absorbed energy increases, while lateral 

expansion as well as fracture distance increases with the increase of absorbed energy.  

As a comparison, all six Charpy specimens of 9% nickel steel tested at −196ºC exhibited 

complete upper shelf behaviour: the test-pieces did not break into two parts after hitting by the 

impact tester pendulum, and the fracture surfaces of 9% nickel steel specimens are fully ductile, 

with ductile crack extension and micro-void coalescence according to fractography analysis 

under SEM. The better impact toughness could be related to the smaller prior-austenite grain 

sizes and higher nickel content in 9% nickel steel.  

The average value of absorbed impact energies for 9% nickel steel specimens is 260J, which is 

slightly higher than that of 7% nickel steel at upper shelf temperatures (238J), and thus 9% 

nickel steel might be able to absorb more energy per unit of crack extension than 7% nickel 
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steel. As the absorbed impact energy is correlated to the plastic deformation of the materials, 

factors such as yield stress, ductility, and work hardening of materials could all affect the 

amount of absorbed energy. 9% nickel steel has lower yield stress, better ductility and higher 

work hardening exponent than 7% nickel steel, and these may account for higher upper shelf 

energy of 9% nickel steel.  

The fractography of 7% nickel steel Charpy specimens tested at lower shelf temperatures could 

also be compared to that of SA-738 Gr. B steel in Section 3.4. Referring to the fractography of 

SA-738 Gr. B steel Charpy specimens observed by Xu [123] under SEM, 7% nickel steel 

specimens have longer ductile crack growth extension and rougher fracture surface under the 

same test temperatures, which suggests more ductile fracture was involved in 7% nickel steel 

at lower shelf. This could be the result of their different microstructure. The microstructure of 

SA-738 Gr. B steel is mainly composed of granular bainite, and full of irregular ferrite and 

irregular grain boundaries. For heavy steel plates like SA-738 Gr. B steel, the welding 

properties are the priority for the manufacturers, and fine-grained microstructure such as quasi-

polygonal ferrite, lath bainite, lath austenite, and acicular ferrite are more preferred, as they 

would bring a combination of good toughness and strength [155]. Granular bainite is often 

thought to be harmful to the cryogenic properties of the materials due to the existence of M-A 

constituents, as microcracks often nucleate and propagate around these constituents [156-159]. 

The coarsened grains of granular bainite could also be detrimental.  

Nickel steels tend to have a microstructure of tempered martensite, with martensite lath and 

carbides. The formation of retained austenite can absorb carbon, and thus reduce the carbon 

content of the matrix and prohibit the precipitation of cementite. Retained austenite can hinder 

the crack propagation process [93]. The transformation from austenite to martensite can occur 
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during the impact test as the stress concentration increases suddenly, and this ‘TRIP’ effect can 

also enhance the toughness of 7% nickel steel [103] [104]. The tiny amount of austenite found 

from 7% nickel steel by EBSD analysis might also improve its mechanical properties. Apart 

from the increased RA content, 9% nickel steel has finer block size than that of 7% nickel steel, 

and Pickering et al. [160] previously addressed the relationship between DBTT and block width:  

𝐷𝐵𝑇𝑇 = 𝐴 − 𝐾 ∙ ln 𝑑−1/2 (7.1) 

where d is block width, A and K are constants. This relationship suggests that DBTT can be 

reduced by the refinement of block size of steel, which explains the better impact toughness of 

9% nickel steel.  

7.4 Microscopic Cleavage Fracture Stress Tests  

All fracture stress tests were performed at −196ºC, which is the lower shelf temperature of 7% 

nickel steel according to Charpy impact test results. Similar to CVN specimens tested at −196ºC, 

the fracture surfaces of 7% nickel steel fracture stress specimens do not show 100% crystallinity, 

but ductile crack region developed below the notch root, followed with very rough cleavage 

region. In this point of view, the calculation of microscopic cleavage fracture stress f is 

affected, as the ductile crack growth changes the stress field ahead of the notch (i.e., sharpen 

the notch), which is beyond the limit of the Griffiths and Owen FEM analysis. The FEM 

analysis is designed for cleavage fracture stress, the microscopic cleavage fracture stress of 7% 

nickel steel specimens with an altered stress profile by ductile crack growth is not suitable for 

this method. The estimated fracture stress values of 7% nickel steel and non-linearity of load-

displacement curves also prove its excellent intrinsic cleavage fracture resistance.  
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The fracture surfaces of these fracture stress specimens have very high fraction of transgranular 

cleavage, but the surfaces are rough with micro-void coalescence, and no initiation sites could 

be observed by SEM. The fractography again proves the involvement of plastic deformation 

during bending.  

For 9% nickel steel fracture stress tests performed at −196ºC, specimens did not break during 

the test and were interrupted at ~80kN, and the corresponding load-displacement curves exhibit 

more nonlinearity than that of 7% nickel steel. 9% nickel steel specimens are too ductile to 

analyse by the Griffiths and Owen FEM analysis. 9% nickel steel specimens are deduced to 

have better cleavage fracture resistance than 7% nickel steel.  

7.5 Fracture Toughness Tests 

All 7% nickel steel specimens tested at the temperature range of −196 to −163ºC have a certain 

amount of ductile crack growth after the pre-crack and prior to failure, and they did not break 

into two halves after cleaving. Referring to Table 6.8, the maximum load Pmax of 7NiSENB2 

specimens tested at −163ºC does not have much difference to other large SENB specimens 

tested at −170 and −163ºC, but stable crack extension, KQ, KJc, and Jc values of 7NiSENB2 are 

higher than other three specimens, in which suggested more ductile crack growth occurs prior 

to fracture. The result of 7NiSENB2 is caused by the ductile-to-brittle transition behaviour of 

7% nickel steel- the fracture toughness results tested at this temperature range show larger 

variation. According to Figure 6.54, fracture toughness specimens tested at same temperatures 

tend to have similar KQ values, while KJc values show scattering. The higher the test 

temperatures, the larger the differences between KQ and KJc as plasticity involved during 

fracture increases.  
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It is clear to find out that specimens have longer fatigue pre-crack length would have smaller 

value of maximum load, according to Table 6.8 and Table 6.9, and except 7NiSENB2, 

specimens with longer fatigue pre-crack would also have less ductile crack extension. Longer 

initial crack length would limit the amount of ductile crack growth of test-pieces before the 

ligament could no longer take the applied load.  

Fractography of fracture toughness specimens tested at the range from −196 to −163ºC shows 

ductile crack extension after the fatigue pre-crack, followed with mixed regions having both 

cleavage facets and micro-void coalescence. Cleaving did not propagate through the whole 

thickness of specimens, but slowed down, in which corresponded to the “popping” feature of 

load drop of the load-displacement curves. The fractography of fracture toughness specimens 

is different to the blunt notch specimens of Charpy and fracture stress tests tested at −196 to 

−170ºC with very high fractions of cleavage area. The McMeeking analysis gives the fracture 

stress falling within 2765 to 3501 MPa, which gives a good resistance to cleavage fracture.   

Two SENB specimens of 9% nickel steel with WBL = 3216140mm were also tested by 

using unloading elastic compliance method at −170ºC. The ratio between initial crack length 

and width a0/W is 0.58-0.59 for these two 9Ni-SENB specimens, which is larger than that of 7% 

nickel steel specimens of 0.44-0.46. However, the amount of ductile crack growth was longer 

than that of 7% nickel steel specimens tested at same temperature, with 1.3 and 1.6mm 

respectively comparing to 1.0mm approximately, as shown in Table 6.8. The load-displacement 

curves also have more unloading/reloading cycles. With sharp crack tip and fatigue pre-crack 

cleaved at −163ºC after stable crack growth. The cleavage regions of 9% nickel steel specimens 

are rougher than 7% nickel steel specimens, with a mixed mode of cleavage facets coexist with 

ductile dimples. Rougher fracture surfaces and smaller sizes of cleavage facets are seen for 9% 
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nickel steel. Since cleavage is still seen in these fracture toughness tests for 9% nickel steel, it 

is of interest to consider the maximum local tensile stress available from the McMeeking 

analysis. This varies from 3453 to 4634 MPa based on work hardening exponents of 0.1 and 

0.2 respectively (n is estimated at 0.14 even at −196ºC mentioned in Section 7.3). This 

speculative analysis supports the greater resistance to cleavage fracture of the 9% nickel steel 

over that of the 7% nickel steel.  

For the fracture of specimens, as discussed in Chapter 4 of the fracture of SA-738 Gr. B steel, 

the nucleation and propagation of microcrack for cleavage fracture should satisfy the following 

three criteria: εp ≥ εpc, σm/σe ≥ Tc, and σyy ≥ σf. The criteria above could not be met, and stress 

triaxiality could not prevent the pre-crack of the specimens from becoming blunted. At the 

cryogenic temperatures, σyy increased as the yield strength increased, and the applied load was 

increased further, lead to the initiation of cleavage fracture.  

7.6 Fatigue Crack Growth Tests 

The fatigue crack growth was monitored by D.C.P.D method in environmental chamber. The 

nitrogen flow inside the chamber slightly affected the voltage stability, and the affected P.D. 

values would be higher than the baseline voltage. The disturbance would occur in every 360-

400 cycles, with a maximum increase of 6.5V from peak baseline P.D. values. Most of the 

signals remain unaffected and they are still valid to calculate crack growth rate. The average 

value of measured striation lengths of da/dN are similar to the corresponded da/dN estimated 

by D.C.P.D. and suggests the reliability of D.C.P.D. method at cryogenic temperatures as low 

as −170ºC.  

Striation distance reflects the fatigue crack growth rate, it is the crack growth after each cyclic 
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loading. Striation distance measured from those SEM images matches well with those predicted 

da/dN from D.C.P.D method at different test temperatures. The appearance of tear ridges 

enhances the roughness of fatigue crack propagation region. The fracture surfaces of these 

specimens failed by monotonic loading after fatigue crack propagation are mainly micro-void 

coalescence, and there are some cleavage facets on one 7% nickel steel specimen tested at 

−163ºC. The maximum stress intensity factor at the fatigue crack end is ~60MPam1/2.  

For 7% nickel steel, −170ºC and −163ºC are within the transition region according to Charpy 

test results, and room temperature is corresponded to its upper shelf temperature. As the results 

shown, the fatigue crack growth rate within the Paris regime for 7% and 9% nickel steel drops 

as the test temperature decreases. According to C. L. Walters [161], ferritic steels would have a 

fatigue ductile-brittle transition (FDBT) phenomenon, with an increase of fatigue crack growth 

rate as temperatures decrease, but 7% nickel steel did not exhibit transition behaviour in region 

Ⅱ at −170 and −163ºC. It could be caused by the increase of yield stress at lower temperatures, 

the plastic crack tip opening displacement (CTOD) [162] as well as the size of the plastic zone 

at the crack tip decreases [35, 124, 163]. Other mechanisms which can enhance fatigue 

resistance include crack closure effect on the near‐threshold fatigue crack propagation [164, 

165], deformation‐induced phase transformation [166, 167], and thermally activated theory 

based on dislocation dynamic concept [167-169]. Cleavage would be hard to occur during 

fatigue crack propagation due to the small increment of the crack tip growth and very small 

driving force. If there is a FDBT for 7% nickel steel, this temperature would be lower than its 

DBTT. As the maximum stress intensity factor K is in region Ⅱ, and it does not get any cleavage 

facets forming, and thus there is no increase to fatigue crack growth rate. According to fracture 

toughness results of 7% nickel steel, specimens would not cleave without ductile crack growth, 

and it explains the failure mode of these specimens after a certain amount of fatigue crack 
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growth is ductile failure.  

7.7 Splitting Observed in Fractography of 7% Nickel Steel 

It is observed that fracture surfaces of tensile, Charpy, and fracture toughness specimens of 7% 

nickel steel show splitting, and these splits propagate perpendicular to the main crack surface 

and parallel to the longitudinal plane of steel plate. The splits appeared on tensile specimens 

tested at −196 to −130ºC, Charpy specimens tested at −196 and −140ºC, fracture stress 

specimens tested at −196ºC, and fracture toughness specimens tested at −196 to −163ºC. The 

mode of main fracture surfaces could be either cleavage or ductile fracture, but by referring to 

the fractography of Charpy specimens, lower temperatures should be more preferred for the 

occurrence of splitting, and the density of splitting also increases with the decreasing 

temperature.  

Splitting phenomenon is related to the anisotropic microstructure of material, such as elongated 

grains caused by hot rolling below the austenite recrystallisation temperature and grain 

boundary embrittlement as the result of the formation of precipitates (i.e., carbides and nitrides) 

during tempering [170]. Apart from any anisotropic microstructure, stress conditions are the 

necessary factor to cause splitting. Specimens deformed in constrained plane-strain conditions 

(triaxial tensile stress), and the stresses emerged from this constrained zone could be two to 

three times higher than yield stress [171]. During necking of tensile specimens, this rigid zone 

is located in the centre of the necking area, and there is a uniform axial stress together with a 

hydrostatic tensile component [172]. At the surface of neck, the hydrostatic component could 

be zero, and reaches a maximum in centre. If there is a weak plane in material, splitting could 

be initiated from centre and developed to surface of specimens. For 7% nickel steel specimens, 

differences between tensile strengths and yield strengths are not too big, necking is therefore 
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premature and intense. The weak plane would experience strong tangential and radial stresses 

and lead to splitting. The reasons for specimens without splitting are due to sufficient uniform 

ductility caused by lack of strong stress condition [129].  

For notched specimens such as CVN specimens tested at −196 to −140ºC (Figure 6.25), fracture 

stress specimens tested at −196ºC (Figure 6.44), and fracture toughness specimens tested at 

−163ºC (Figure 6.55), −170ºC (Figure 6.57), and −196ºC (Figure 6.61), one or more splits could 

be observed from the fracture surfaces of these specimens. This could be explained that when 

specimens are loaded, a plastic zone is formed at the notch, and contraction in thickness 

direction is constrained. When a crack starts to grow, the plastic zone size would also increase 

and spread through the thickness of the specimens. A triaxial stress state is formed in these 

notched specimens, which satisfies the emerging condition of splitting.  

Splitting should be correlated to test temperature, for CVN specimens tested from −196 to 

−80ºC, splitting could only be observed from specimens tested in the range from −196 to 

−140ºC, which include the lower shelf and ductile-to-brittle transition region, and this could be 

explained with the yield stress of specimens at lower temperatures.  
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CHAPTER 8: 7% AND 9% NICKEL STEELS: CONCLUSIONS 

1. The differences in alloying element contents especially nickel between 7% and 9% nickel 

steel result in differences in microstructure, low-temperature mechanical properties in 

tensile tests, Charpy V-notch tests, fracture toughness tests, as well as their failure 

mechanisms. The microstructure of 7% and 9% nickel steels are mainly tempered 

martensite, and EBSD results have confirmed that the majority of grain boundaries for both 

nickel steels are high-angle grain boundaries. Retained austenite could only be observed for 

9% nickel steel with a content of 4%. 9% nickel steel has smaller prior-austenite grain size 

according to EBSD analysis, which may further promote its low-temperature toughness.  

2. The yield stress and tensile strength of 7% nickel steel decreased with increasing test 

temperature, and specimens tested below −170ºC also exhibited Lüders elongations. Total 

elongation to failure of 7% nickel steel was independent with test temperature, while the 

work hardening exponent of 7% nickel steel had a weak positive correlation with test 

temperature. The work hardening exponents are from 0.03 to 0.06 in the temperature range 

of −196 to −130ºC.  

3. In tensile tests, the fractography of 7% nickel steel specimens are mainly micro-void 

coalescence, with longitudinal splits on fracture surfaces. One specimen tested at −196ºC 

showed some cleavage facets on its fragments. The better ductility of 9% nickel steel than 

7% nickel steel is due to its higher total elongation and work hardening exponent. It also 

has a lower and larger yield stress/tensile strength ratio at temperatures as low as −196ºC. 

Specimens failed by micro-void coalescence alone for 9% nickel steel.  

4. Charpy results of 7% nickel steel exhibited ductile-to-brittle transition behaviour at the 

temperature range from −170 to −140ºC, and the ductile-to-brittle transition temperature 

defined by a than-curve is −165ºC. The lower shelf energies were from 38 to 55J, while the 
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upper shelf energies were in the range of 233 to 238J. The fracture surfaces of specimens 

were changed from 84% of crystallinity at lower shelf temperatures to 100% ductile area at 

upper shelf temperatures.  Fractography of specimens tested at the range from −196 to 

−140ºC showed a mixed mode of micro-void coalescence and transgranular cleavage 

fracture, and as the test temperature increased, the fraction of crystallinity decreased.  

5. Slow blunt notch testing of 7% nickel steel showed nonlinearity at −196ºC, and the values 

of stress intensification R, nom/y, L/LGY exceed the FEM analysis. The value of its local 

cleavage fracture stress thus has to be greater than 2756MPa. The fractography of fracture 

surfaces are mainly transgranular cleavage, with micro-void coalescence located between 

the cleavage facets.  

6. The fracture toughness tests on 7% nickel steel SENB specimens at −196, −170 and −163ºC 

did not break into halves even after transgranular cleavage. Stable ductile crack growth 

extension from 0.03 to 0.2 mm was observed for bend specimens (W = 7mm) tested at 

−196ºC. Ductile crack growth extension from 1.0 to 1.9 mm was observed for bend 

specimens (W = 10mm) tested at −170 and −163ºC. KJc values of SENB specimens with W 

= 7 mm tested at −196ºC are in the range of 214 to 291MPam1/2, while KJc values of SENB 

specimens with W = 32mm tested at −170 and −163ºC are in the range of 547 to 726 

MPam1/2. KJc increased with increasing test temperature, and the variations in KJc results of 

specimens tested at −163ºC should be due to the interruption of stable crack growth by 

cleavage at extensions between 1.1 and 1.9mm. KJc values are measured as 568 and 726 

MPam1/2 respectively. From the maximum local tensile stress predicted by FEM in these 

sharp crack tests, the value of local cleavage fracture stress for 7% nickel steel is deduced 

to lie between 2765 to 3501 MPa, and for 9% nickel steel, it is deduced to lie between 3453 

to 4634 MPa. 
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7. The fatigue crack growth rates of 7% and 9% nickel steels in region Ⅱ are similar both at 

room temperature and −163ºC. Fatigue crack growth resistance in this region increased as 

the test temperature decreased. All da/dN versus K plots have similar gradient and thus 

similar m values, from 2.2 to 2.8. There was no fatigue ductile-to-brittle transition occurred 

at these test temperatures, and if there is a fatigue ductile-to-brittle transition temperature, 

it must be lower than −170ºC.  

8. No cleavage fracture could be observed from fatigue crack growth regions.  

9. The fatigue striation spacings from different temperatures/K were measured, and these 

values are comparable to the predicted fatigue crack growth rate by the D.C.P.C method, 

which suggests the reliability of the D.C.P.D method at cryogenic temperatures as low as 

−170ºC.   

10. One of the design criteria for 7% nickel steel suggest they should exhibit fully ductile 

behaviour at −163ºC. However, the material exhibits a ductile-to-brittle transition behaviour 

in Charpy impact tests at the temperature range of −170 to −140ºC, and variations in fracture 

toughness results at −163ºC. However, it still has high values of KJc and shows a good low-

temperature toughness by comparing to the requirements within ASTM A553/553M.  

Future Work  

The phenomenon of splitting and fragmentation occurred in 7% nickel steel tensile specimens 

make it interesting to further investigate the how the orientation of specimens affect the 

mechanical properties. Therefore, some additional specimens could be machined with the notch 

in ST-L direction.  

All fracture toughness specimens from both nickel steels cleaved after ductile crack growth 

passed maximum load. Effects of test piece size at such temperatures should be investigated.  
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Retained austenite was detected by EBSD analysis for 9% nickel steel only in this preliminary 

study. Further analysis using transmission electron microscopy and higher resolution XRD is 

required.  

Fatigue crack growth in region Ⅱ at lower temperatures than −170ºC could be tested to find out 

if there is a “fatigue ductile-to-brittle transition” temperature for 7% nickel steel.  
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Stress Field ahead of the Main Crack Front in a Ductile Material 
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Grain Size Effects on Fracture Stress and Yield Stress 
 

 

 
 

Zener’s Model for Cleavage Microcrack Formation [13] 
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Stroh’s Model for Cleavage Fracture [14] 

 

 
 

 

 
 

Cottrell’s Model for Cleavage Fracture [15] 
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Smith Model for Cleavage Fracture [17] 
 

 
  

Figure 1.6 



 

 

Containment Structure of Pressurised Water Reactor AP1000 [56] 
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Chemical Composition of SA-738 Gr. B Steel 

 

Element 

[wt%] 

C Si Mn P S Cr+Ni+Cu Mo V+Nb CE* 

Baowu 55mm 0.088 0.18 1.47 0.003 0.0002 0.37 0.19 0.063 0.40 

ASME 

Requirements 
0.20 0.15-

0.55 

0.90-

1.50 
0.030 0.030 1.25 0.30 0.08 0.48 

*Carbon equivalent (CE) = C + Mn/6 + (Cr + Mo + V)/5 + (Ni + Cu)/15 

 

 

 
Heat Treatment Conditions for HT1 and HT2 

 

Batch No. Heat Treatment Condition 

HT1 900℃/2h WQ + 630℃/3h 

HT2 900℃/2h WQ + 630℃/3h + 620℃/15h 

 

  

Table 2.1 

Table 2.2 



 
 

Chemical Composition of 9% Nickel Steel Produced by Baowu Steel 
 

Element 

[wt%] 
C Si Mn P S Al Ni 

20mm 0.037 0.205 0.599 0.0036 0.0002 0.032 9.688 

 

 

 

 
 

Chemical Composition of 7% Nickel Steel Produced by Baowu Steel 
 

Element 

[wt%] 
C Si Mn P S Al Ni Mo Cr 

N 

[ppm] 

20mm 0.051 0.01 0.65 0.004 0.0035 0.029 7.14 0.064 0.39 37 

 

Table 2.3 

Table 2.4 



 
SA-738 Gr. B Steel Plate Orientation 

 

 
L: longitudinal Direction; T: Transverse Direction; ST: Short Transverse Direction  

 

 
Test Specimen Locations on SA-738 Gr. B Steel Plate 

 

 

T

L

ST

Rolling Direction

Figure 2.1 

Figure 2.2 



 
 

Specimen Sampling Scheme for 9% and 7% Nickel Steel 
 

 
  

Figure 2.3 



 
Tensile Specimen Locations and Orientation 

 

 

 
Tensile Specimen Design 
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Figure 2.5 



 
 

Design of Charpy Test Specimen 
 

 
 

 

 
 

Machined Charpy Specimen 
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Figure 2.7 



 
 

Designed Dimensions for Fracture Stress Specimens 

 
 

 
 

As-Received 7%Ni Steel Fracture Stress Specimens 

 
 

 
 

Illustration of Four-Point Bending Fracture Stress Testing 

 

 
  

Figure 2.8 

Figure 2.9 

Figure 2.10 



 
 

Experimental Setup for Fracture Stress Tests at -196oC 
 

 

 
 

 

  

Figure 2.11 



 
 

Relationship Between Stress Intensification Factor R, Applied Load L/LGY, and Nominal 

Stress σnom/σy 

 
 

 
Stress Intensification Factor R vs. Nominal Bending Stress/Yield Stress 
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Figure 2.13 



 
 

The Variation of the Maximum Principal Stress Below the Notch  

Root at Various Loads [25] 

 

 
 

  

Figure 2.14 



 
 

Designed Dimensions of Compact Tension Specimen for Fracture 

Toughness Test 

 

 

 
 

Machined Compact Tension Specimen 
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Figure 2.16 



 
 

Amsler Vibrophore Machine for Fatigue Pre-cracking 

 

 
  

Figure 2.17 



 
 

C(T) Fracture Toughness Specimen in Environmental Chamber  

with Clip Gauge attached 

 

 
 

Figure 2.18 



 
 

Designed Geometry of SENB Specimen for Fracture Toughness Tests 

 

 
 

 
 

SENB Fracture Toughness Specimen in Environmental Chamber  

with Clip Gauge attached 

 

 

Figure 2.19 

Figure 2.20 



 
 

Designed Geometry of Small SENB Specimen for Fatigue Crack Growth Tests 

 

 
 

 

 
 

 

Experimental Setup for Three-Point Bending Fatigue Crack Growth Tests 
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Measured Diameters of HT1 Tensile Specimens 

 

Specimen 

Nr.  

Temperature d1 d2 d3 daverage Area 

[oC] [mm] [mm] [mm] [mm] [mm2] 

HT1-01 

-196 

9.94 9.96 9.94 9.95 77.70 

HT1-02 9.92 9.97 9.92 9.94 77.55 

HT1-03 9.96 9.95 9.93 9.95 77.70 

HT1-04 -170 9.92 9.90 9.92 9.91 77.18 

HT1-06 
-140 

9.95 9.93 9.93 9.94 77.55 

HT1-08 9.95 9.95 9.95 9.95 77.76 

HT1-09 
-120 

10.03 9.98 9.99 10.00 78.54 

HT1-10 9.95 9.95 9.95 9.95 77.76 

HT1-11 
-100 

9.95 9.95 9.96 9.95 77.81 

HT1-12 9.93 9.92 9.93 9.93 77.39 

HT1-13 
-80 

9.93 9.93 9.93 9.93 77.44 

HT1-14 9.91 9.91 9.91 9.91 77.13 

HT1-15 
-60 

9.93 9.93 9.93 9.93 77.44 

HT1-16 9.93 9.91 9.92 9.92 77.29 

 

 
 

Measured Diameters of HT2 Tensile Specimens 
 

Specimen 

Nr. 

Temperature d1 d2 d3 daverage Area 

[oC] [mm] [mm] [mm] [mm] [mm2] 

HT2-01 

-196 

10.03 9.99 10.02 10.01 78.75 

HT2-02 9.99 9.99 10.01 10.00 78.49 

HT2-03 9.98 9.98 9.99 9.98 78.28 

HT2-04 -170 9.99 9.98 10.02 10.00 78.49 

HT2-06 
-140 

9.99 10.01 10.00 10.00 78.54 

HT2-08 9.98 9.98 9.99 9.98 78.28 

HT2-09 
-120 

9.99 10.01 9.99 10.00 78.49 

HT2-10 9.98 9.99 9.98 9.98 78.28 

HT2-11 
-100 

9.99 9.99 10.00 9.99 78.44 

HT2-12 10.01 10.03 9.99 10.01 78.70 

HT2-13 
-80 

9.98 9.98 9.98 9.98 78.23 

HT2-14 9.98 9.98 9.98 9.98 78.23 

HT2-15 
-60 

10.01 10.02 10.02 10.02 78.80 

HT2-16 10.01 10.00 9.99 10.00 78.54 

  

Table 3.1 

Table 3.2 



 
 

Upper and Lower Yield Stress, Tensile Strength, Lüders Elongation, Work 

Hardening Exponent n of HT1 and HT2 tested from -196 to -60oC 
 

Specimen  

Nr. 

Temp. 

Upper Yield 

Stress 

[MPam1/2] 

Lower Yield  

Stress 

[MPam1/2] 

Tensile  

Strength 

[MPam1/2] 

Lüders 

Elongation 

[%] 

Work  

Hardening  

Exponent n 

[oC] HT1 HT2 HT1 HT2 HT1 HT2 HT1 HT2 HT1 HT2 

1 

-196 

1003 954 921 934 952 951 7 5 0.02 0.01 

2 1001 1000 931 927 954 941 9 9 0.01 0.01 

3 1001 1008 933 921 951 949 9 7 0.01 0.03 

4 -170 890 892 791 785 844 829 5 5 0.04 0.04 

6 
-140 

792 739 717 706 772 767 5 5 0.04 0.04 

8 785 750 711 695 783 769 5 5 0.05 0.06 

9 
-120 

743 703 676 646 733 723 4 3 0.04 0.06 

10 728 694 636 628 736 721 3 3 0.08 0.08 

11 
-100 

690 646 633 607 702 693 3 3 0.06 0.05 

12 662 653 612 588 704 692 3 2 0.08 0.09 

13 
-80 

602 617 577 567 678 664 2 3 0.08 0.06 

14 642 593 581 567 673 663 2 2 0.08 0.08 

15 
-60 

622 576 566 528 653 641 2 2 0.08 0.11 

16 586 562 558 537 655 639 2 2 0.09 0.08 

  

Table 3.3 



 
 

Test Temperatures and Absorbed Impact Energy for HT1 and HT2 
 

Test 

Temperature 

[℃] 

Specimen 

No. 

Absorbed 

Impact 

Energy [J] 

Test 

Temperature 

[℃] 

Specimen 

No. 

Absorbed 

Impact Energy 

[J] 

HT1 HT2 HT1 HT2 

-196 

1 2.4 2.2 

-90 

40 299.0 247.5 

2 2.9 2.4 41 298.5 180.0 

3 2.0 2.0 42 200.0 89.7 

-120  

7 5.0 5.0 

-80 

13 299.0 23.0 

8 5.0 5.5 14 236.0 258.5 

9 5.0 6.0 15 298.5 250.0 

52 7.5 8.5 19 297.0 241.0 

53 7.5 5.0 20 297.0 203.0 

54 5.0 5.0 21 246.0 212.0 

-100 

10 26.0 12.5 25 299.0 261.0 

11 15.0 7.5 26 273.0 278.0 

12 10.5 19.0 27 13.0 298.5 

16 8.5 36.0 

-70 

34 298.5 298.5 

17 15.0 12.2 35 298.5 240.0 

18 8.0 23.0 36 283.5 233.0 

37 102.0 14.0 43 298.5 229.5 

38 19.5 9.5 44 258.0 298.5 

39 11.5 20.0 45 272.5 298.5 

46 6.0 8.0 

-60 

22 297.5 297.0 

47 3.0 10.0 23 297.0 297.0 

48 7.5 6.0 24 297.0 297.0 

-90 

4 298.0 192.0 31 299.0 299.0 

5 56.5 159.0 32 299.0 299.0 

6 25.0 8.5 33 298.5 237.0 

28 12.0 12.0 

-40 

49 298.5 299.0 

29 12.0 9.5 50 298.5 299.0 

30 267.0 32.0 51 298.2 299.0 

 

  

Table 3.4 



 
 

Lateral Expansion, Shear Lip Extension, %Cleavage Area, and Ductile 

Length of Charpy Impact Specimens of HT1 and HT2  

tested from -196 to -90oC 

Temperature Sample 

no. 

Lateral 

Expansion 

[mm] 

Shear Lip 

Expansion 

[mm] 

%Cleavage 

Area 

Ductile Length 

[mm] 

[oC] HT1 HT2 HT1 HT2 HT1 HT2 HT1 HT2 

-196 

1 0.14 0.00 0.00 0.00 100.00 100.00 0.00 0.00 

2 0.12 0.15 0.00 0.00 100.00 100.00 0.00 0.06 

3 0.14 0.08 0.00 0.00 100.00 100.00 0.00 0.00 

-120 

7 0.12 0.18 0.00 0.00 99.10 99.43 0.00 0.00 

8 0.12 0.10 0.00 0.00 99.29 100.00 0.00 0.00 

9 0.14 0.10 0.00 0.00 98.37 99.87 0.06 0.00 

52 0.23 0.13 0.00 0.00 98.69 97.54 0.01 0.00 

53 0.15 0.13 0.00 0.00 99.22 99.45 0.00 0.02 

54 0.17 0.15 0.00 0.00 98.05 99.92 0.04 0.00 

-100 

10 0.37 0.17 0.19 0.21 92.95 94.60 0.29 0.11 

11 0.25 0.27 0.20 0.16 94.80 95.63 0.11 0.00 

12 0.35 0.22 0.13 0.29 97.01 93.35 0.28 0.00 

16 0.16 0.47 0.18 0.42 95.07 96.91 0.19 0.27 

17 0.27 0.18 0.22 0.22 95.90 96.90 0.19 0.08 

18 0.17 0.15 0.17 0.14 96.50 95.36 0.04 0.14 

37 2.12 0.18 2.72 0.17 42.33 96.59 3.87 0.17 

38 0.31 0.15 0.19 0.21 91.92 97.33 0.27 0.05 

39 0.22 0.32 0.00 0.23 94.85 95.24 0.16 0.32 

46 0.14 0.25 0.00 0.00 99.92 99.44 0.01 0.02 

47 0.08 0.17 0.00 0.16 98.12 96.21 0.00 0.14 

48 0.20 0.27 0.00 0.00 98.69 99.83 0.00 0.04 

-90 

4 2.54 2.04 2.49 2.30 0.00 44.47 5.77 4.17 

5 0.72 1.74 0.00 2.29 83.48 62.52 0.52 3.11 

6 0.27 0.32 0.22 0.00 91.52 94.77 0.42 0.10 

28 0.23 0.30 0.00 0.00 91.93 93.47 0.09 0.14 

29 0.25 0.10 0.00 0.00 91.79 90.98 0.14 0.04 

30 2.23 0.29 2.31 0.27 18.21 92.27 5.23 0.36 

40 2.15 2.42 3.06 2.59 0.00 23.37 6.55 5.21 

41 1.98 0.14 3.19 0.22 4.00 94.82 6.77 0.19 

42 0.65 1.14 0.35 0.68 86.02 78.96 0.59 1.38 

Table 3.5 



 
 

Lateral Expansion, Shear Lip Extension, %Cleavage Area, and Ductile 

Length of Charpy Impact Specimens of HT1 and HT2  

tested from -80 to -40oC 
 

Temperature Sample 

no. 

Lateral 

Expansion 

[mm] 

Shear Lip 

Expansion 

[mm] 

%Cleavage 

Area 

Ductile Length 

[mm] 

[oC] HT1 HT2 HT1 HT2 HT1 HT2 HT1 HT2 

-80 

13 2.30 0.35 2.66 0.25 0.00 94.10 6.62 0.27 

14 2.53 2.08 2.02 2.33 26.21 22.03 4.53 5.27 

15 2.20 2.21 3.35 2.73 0.00 20.63 6.70 5.25 

19 2.50 2.26 2.98 2.49 0.00 25.15 6.41 4.91 

20 2.26 2.40 3.23 2.10 0.00 35.02 6.52 4.03 

21 2.32 2.45 2.09 2.28 20.97 30.29 4.64 4.75 

25 2.28 2.13 2.91 2.92 6.10 18.38 6.58 5.36 

26 2.04 2.22 2.11 2.13 15.39 52.01 5.22 3.33 

27 0.26 2.35 0.31 3.37 90.40 0.00 0.20 6.82 

-70 

34 1.79 2.24 2.91 2.91 0.00 0.00 6.73 6.87 

35 2.28 2.40 2.79 2.67 0.00 28.19 6.45 4.72 

36 2.19 2.21 1.95 2.21 14.76 27.95 5.48 4.56 

43 2.25 2.53 3.61 2.26 0.00 26.99 6.72 4.84 

44 1.92 2.12 1.91 3.23 20.09 7.20 4.85 6.54 

45 2.04 2.47 2.12 3.38 19.62 0.00 4.91 6.67 

-60 

22 2.28 2.33 2.95 2.73 0.00 0.00 6.61 6.57 

23 2.36 2.36 2.96 2.87 0.00 0.00 6.72 6.62 

24 2.53 2.44 3.14 2.70 0.00 0.00 6.37 6.55 

31 2.35 2.33 3.34 2.63 0.00 0.00 6.89 6.40 

32 2.44 2.43 3.26 2.63 0.00 22.12 6.59 4.90 

33 2.21 2.10 3.12 2.86 0.00 0.00 6.71 6.48 

-40 

49 2.25 2.46 3.46 3.05 0.00 0.00 6.60 7.08 

50 2.39 2.36 3.46 3.22 0.00 0.00 6.80 7.12 

51 2.36 2.30 3.66 3.29 0.00 0.00 6.40 6.78 

  

Table 3.6 



 
Fracture Toughness Results for Compact Tension Specimens tested from -170 to -80oC 

Temperature Specimen Pmax PQ 
Pmax/PQ 

KQ 2.5(KQ/y)2 Validity 

[ºC] Number [kN] [kN] [MPam1/2] [mm] As KIc 

-170 

HT1-06 25.70 25.70 1.00 42.6 7.25 valid 

HT1-12 30.18 28.43 1.06 52.0 10.78 valid 

HT2-15 21.45 21.45 1.00 40.6 6.67 valid 

HT2-17 27.47 27.47 1.00 46.8 8.90 valid 

-120 

HT1-16 37.00 37.00 1.00 66.0 25.26 invalid 

HT1-20 31.16 31.16 1.00 54.9 17.50 valid 

HT1-21 65.93 52.12 1.26 94.4 51.64 invalid 

HT1-22 47.82 47.82 1.00 86.7 43.57 invalid 

HT1-23 31.09 31.09 1.00 55.4 17.83 valid 

HT1-24 44.42 44.42 1.00 80.0 37.15 invalid 

HT2-05 37.99 37.99 1.00 69.6 29.83 invalid 

HT2-06 45.22 45.22 1.00 79.5 38.91 invalid 

HT2-07 44.63 44.63 1.00 78.4 37.85 invalid 

HT2-08 49.43 49.43 1.00 87.0 46.62 invalid 

HT2-19 43.35 43.35 1.00 77.2 36.67 invalid 

HT2-22 43.08 38.52 1.12 66.3 27.07 invalid 

-100 

HT1-01 77.36 47.38 1.63 87.1 48.82 invalid 

HT1-07 67.30 43.44 1.55 77.9 39.02 invalid 

HT1-18 63.07 36.56 1.73 64.7 26.90 valid 

HT1-25 52.09 48.55 1.07 86.4 48.02 invalid 

HT1-26 67.67 45.63 1.48 81.1 42.30 invalid 

HT1-27 54.00 44.25 1.22 79.5 40.66 invalid 

HT2-01 68.78 46.84 1.47 83.2 47.65 invalid 

HT2-02 33.74 33.74 1.00 58.6 23.66 valid 

HT2-03 54.94 47.18 1.16 82.8 47.19 invalid 

HT2-04 55.62 48.93 1.14 84.8 49.54 invalid 

HT2-09 46.25 44.60 1.04 82.0 46.25 invalid 

HT2-21 74.55 36.25 2.06 63.1 27.42 invalid 

 HT1-17 70.06 40.13 1.75 70.9 37.49 invalid 

-80 HT2-24 74.63 58.33 1.28 99.9 77.40 invalid 

 HT2-25 72.36 45.96 1.57 82.7 53.14 invalid 

Table 3.7 



 
 

Fracture Toughness Results for SENB Specimens tested at -196oC 
 

Specimen 

No. 

Span 

Width 

[mm] 

a0 

[mm] 

Pmax 

[N] 
a/W 

KIc 

[MPam1/2] 

HT1LT-4 

40 

4.59 3624 0.46 34.0 

HT1LT-5 4.47 3977 0.45 36.0 

HT1LT-6 4.63 3830 0.46 36.4 

HT1TL-D 4.51 4620 0.45 42.3 

HT1TL-E 4.31 5500 0.43 47.6 

HT1TL-F 4.52 3564 0.45 32.8 

 

  

Table 3.8 



 
 

KJc Results of C(T) Specimens of SA-738 Gr.B Steel tested from  

-120 to -80oC 
 

  

Temperature Specimen KQ KJc CTOD 
Average 

KJc 
KJclimit 

[oC] Number [MPam1/2] [MPam1/2] [μm] [MPam1/2] [MPam1/2] 

-120 

HT1-16 66.0 66.0 15.2 

75.9 350.0 

HT1-20 54.9 55.7 10.9 

HT1-21 94.4 106.9 39.9 

HT1-22 86.7 89.7 28.2 

HT1-23 55.4 55.6 10.8 

HT1-24 80.0 81.7 23.4 

HT2-05 69.6 70.1 17.6 

78.9 346.7 

HT2-06 79.5 81.7 23.9 

HT2-07 78.4 80.7 23.3 

HT2-08 87.0 91.4 29.9 

HT2-19 77.2 78.8 22.2 

HT2-22 66.3 70.4 17.7 

-100 

HT1-01 87.1 211.7 164.3 

117.0 339.6 

HT1-07 77.9 109.1 43.6 

HT1-18 64.7 89.2 29.1 

HT1-25 86.4 92.8 31.6 

HT1-26 81.1 110.6 44.8 

HT1-27 79.5 88.3 28.6 

HT2-01 83.2 115.7 50.2 

96.5 334.5 

HT2-02 58.6 59.6 13.3 

HT2-03 82.8 91.1 31.1 

HT2-04 84.8 93.2 32.6 

HT2-09 82.0 86.3 27.9 

HT2-21 63.1 133.3 66.6 

-80 

HT1-17 70.9 120.6 56.2 120.6 325.9 

HT2-24 99.9 147.6 86.1 
163.4 325.3 

HT2-25 82.7 179.2 120.4 

Table 3.9 



 
Fracture Toughness Fractography Results for specimens tested at -196 and -170℃ 

 
Temperature 

[oC] 
Specimen Nr. 

X0 

[µm] 

Inclusion Size 

[µm] 

Facet Area 

[µm2] 

Facet Size 

[µm] 

p 

[Jm-2] 

CTOD 

[µm] 
Element 

-196 

HT1LT-4 73.5 1.70 794 50 10.0 3.24 Mg, Al, Ca, Ti; O, S 

HT1LT-5 24.1 1.44 1329 64 13.0 3.66 Ti; S 

HT1LT-6 79.5 3.33 1149 53 20.3 3.71 Mg, Al, Ca, Ti, Nb; O,S 

HT1TL-D 43.3 1.90 1360 80 15.6 5.05 Al; S 

HT1TL-E 28.1 1.16 791 42 11.7 6.46 Mg, Al, Ca, Ti, Nb; S 

HT1TL-F 21.3 1.47 1136 60 13.1 3.03 Mg, Al, Ca, Ti; O, S 

-170 

HT1-06 48.6 0.93 1456 79 5.6 5.43 Mg, Al, Ca, Ti; O, S 

HT1-12 220.8 NA 1206 63 NA 8.07 NA 

HT2-15 6.1 NA 1429 65 NA 5.00 NA 

HT2-17 28.6 1.15 1546 66 8.5 6.66 Ca, Ti 

 

  

Table 3.10 



 
 

R/b Values and Resulting Local Failure Stress calculated according to McMeeking FEM Analysis (n = 0) 

 

Test Temperature 

[oC] 
Specimen Number  

CTOD 

[µm] 

X0 

[µm] 
R/b 

y 

[MPa] 
/y 

max 

[MPa] 

 

[MPa] 
/max 

Plastic Zone Size 

ry 

[µm] 

-196 

HT1LT-4 3.24 73.5 22.7 

928 

2.2 

2811 

2069 0.74 131 

HT1LT-5 3.66 24.1 6.60 2.8 2560 0.91 179 

HT1LT-6 3.71 79.5 21.4 2.3 2102 0.75 217 

HT1TL-D 5.05 43.3 8.6 2.6 2442 0.87 331 

HT1TL-E 6.46 28.1 4.4 2.9 2699 0.96 419 

HT1TL-F 3.03 21.3 7.0 2.7 2539 0.90 199 

-170 

HT1-06 5.43 48.6 9.00 
791 

2.6 
2396 

2091 0.87 461 

HT1-12 8.07 220.8 27.3 2.2 1716 0.72 687 

HT2-15 5.00 6.1 1.2 
785 

2.6 
2378 

2029 0.85 425 

HT2-17 6.66 28.6 4.3 3.0 2315 0.97 566 

Table 3.11 



 
 

Microstructure of HT1 and HT2 Specimens under  

Optical Microscope  

  
HT1: 3.1(a); HT2: 3.1(b).  

 

 
 

Microstructure of HT1 and HT2 Specimens under SEM 

  

  
HT1(a, c) and HT2(b, d). Magnification = 2000. (a)(b): microstructure on longitudinal section; 

(c)(d): microstructure on transverse section.  

Figure 3.1 

Figure 3.2 

(a) (b) 

(c) (d) 

(a) (b) 



 
 

Microstructure of HT1 and HT2 Specimens under SEM  

with Magnification of 5000 

 

  

  

  
HT1 (a, c, e) and HT2 (b, d, f) specimens under SEM with magnification of 5000. (a) (b) (c) 

(d): microstructure of longitudinal section; (e) (f): microstructure of transverse section.  

  

Figure 3.3 

(b) (a) 

(c) 

(e) 

(d) 

(f) 



 
 

Microstructure of HT1 and HT2 Specimens under SEM  

with Magnification of 10000 

  

  

  
Microstructure of HT1 (a, c, e, f) and HT2 (b, d) specimens under SEM with magnification of 

10000. (a-d): microstructure on longitudinal section; (e) (f): microstructure on transverse 

section.  

  

Figure 3.4 

(a) (b) 

(c) 

(e) 

(d) 

(f) 



 
 

Inclusion Size Distribution Analysis of HT1 and HT2 
 

 
 

 

  

Figure 3.5 



 
 

 

Stroke-Controlled Engineering Stress-Strain Curves 

 

 

 

 

  

 

 

Figure 3.6 



 
 

 

Stroke-Controlled Engineering Stress-Strain Curves 

 

 

 

 

  

 

 

Figure 3.6 



 
 

 

Stroke-Controlled Engineering Stress-Strain Curves 

 

 

 

 

  

 

 

Figure 3.6 



 
 

 

Stroke-Controlled Engineering Stress-Strain Curves 

 

 

 

  
  

Figure 3.6 



 
 

 

Extensometer-Attached Engineering Stress-Strain Curves 

 

   

 
  

Figure 3.7 



 
 

 

Extensometer-Attached Engineering Stress-Strain Curves 

 

 

  

 

  
 

 

 

 

  

Figure 3.7 



 
 

 

Extensometer-Attached Engineering Stress-Strain Curves 

 

  

 
  

Figure 3.7 



 
 

 

True Stress-Strain Curves 

 

 

  

  

  
 

 

 

  

Figure 3.8 



 
 

 

True Stress-Strain Curves 

 

 

 

 

  
  

Figure 3.8 



 
 

 

True Stress-Strain Curves 

 

 

 

  

  
  

Figure 3.8 



 
 

True Stress-Strain Curves 

 

  

  
 

 
 

Yield Stress, Tensile Strength versus Test Temperature of HT1 and HT2 

from -196 to -60oC 
 

 

Figure 3.8 

Figure 3.9 



 
 

Fractography of Tensile Specimen HT1-02 tested at -196ºC 
 

 

  

  
(a): total fracture surface; (b), (c), (d), (e): central fibrous region of HT1-02 in increased 

magnification sequences.  

Figure 3.10 

(a) 

(b) (c) 

(d) (e) 



 
 

EDX Analysis of Selected Regions of HT1-02 

 

 

 

  

Figure 3.10 



 
 

Fractography of Tensile Specimen HT2-02 tested at -196ºC 

 

 

  

  
(a): Total fracture surface; (b), (c), (d), (e): central fibrous region of HT2-02 in increased 

magnification sequences.  

Figure 3.11 

(a) 

(b) (c) 

(d) (e) 



 
 

EDX Analysis of Selected Regions of HT2-02 

 

 
 

 

 

 

Figure 3.11(e) 



 
 

Fractography of Tensile Specimen HT1-10 tested at -120ºC 

 

 

  

  
(a): Total fractography of tensile specimen HT1-10.  

(b), (c), (d), (e): central fibrous region of HT1-10 in increased magnification sequences.  

 

Figure 3.12 

(a) 

(b) (c) 

(d) (e) 



 

 

EDX Analysis of Inclusion from HT1-10 

 

 

 

  

Figure 3.12(f) 



 
Charpy Fracture Surfaces 

 

 

 

    

    

    
 

 

 

    

    

 

Figure 3.13 

Figure 3.13 

-196oC 

HT1 HT2 

-120oC 



 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    

    

    
 

  

-120oC 

HT1 HT2 



 
 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    

    

    

    
 

  

Figure 3.13 

HT1 HT2 

-100oC 



 
 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    

    

    

    
  

Figure 3.13 

-100oC 

HT1 HT2 



 
 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    
 

 

    

    

    

Figure 3.13 

-100oC 

HT1 HT2 

-90oC 



 
 

 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    

    

    

    
 

Figure 3.13 

-90oC 

HT1 HT2 



 
 

Charpy Fracture Surfaces 

 

 

 

 

 

    
 

 

 

  
  

    

    

    

Figure 3.13 

-90oC 

HT1 HT2 

-80oC 



 

 

 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    

    

    

    
 

 

Figure 3.13 

-80oC 

HT1 HT2 



 

 

Charpy Fracture Surfaces 

 

 

 

 

 

 

    

    

    

    

    
 

 

 

Figure 3.13 

HT1 HT2 

-70oC 



 

 

Charpy Fracture Surfaces 

 

 

 

 

 

 

    
 

 

 

    

    

    

    

Figure 3.13 

-70oC 

HT1 HT2 

-60oC 



 
 

Charpy Fracture Surfaces 

 

 

 

 

 

    

    

 

 

 

    

    

    

Figure 3.13 

-60oC 

HT1 HT2 

-40oC 



 
 

Absorbed Impact Energy Versus Temperature Plot with Tanh fit Curve for HT1 

 

 
 

Absorbed Impact Energy versus Temperature Plot with Tanh-fit Curve for HT2 

 

Figure 3.14 

Figure 3.15 



 
 

Absorbed Impact Energy versus Temperature Plots for HT1 and HT2 

 

 
 

Absorbed Impact Energy versus Temperature Plots of HT1 and HT2  

based on Baowu’s Results 

 

Figure 3.16 

Figure 3.17 



 
 

Absorbed Impact Energy versus %Cleavage Area of HT1 

 

 
 

Absorbed Impact Energy versus %Cleavage Area of HT2 

 

 

Figure 3.18 

Figure 3.19 



 
 

Absorbed Impact Energy versus %Cleavage Area of HT1 and HT2 

 

 

 
 

Absorbed Impact Energy versus Lateral Expansion of HT1 

 

Figure 3.20 

Figure 3.21 



 
 

Absorbed Impact Energy versus Lateral Expansion of HT2 

 

 
 

 
 

Absorbed Impact Energy versus Lateral Expansion of HT1 and HT2 

 

 

Figure 3.22 

Figure 3.23 



 

 

Absorbed Impact Energy versus Ductile Thumbnail Extension of HT1 

 

 
 

Absorbed Impact Energy versus Ductile Thumbnail Extension of HT2 

 

Figure 3.24 

Figure 3.25 



 
 

Absorbed Impact Energy versus Ductile Thumbnail Extension of HT1 and HT2 

 
 

 

 

 

  

Figure 3.26 



 
 

 C(T) Specimen Load-Displacement Curves 

 

 

 

 
 

 

 
  

Figure 3.27 

HT1-16 

37.0 kN 

HT1-15 

HT1-20 

HT2-15 

HT2-17 

HT2-05 

HT2-06 

HT1-06 

25.7 kN 

 

21.5 kN 

 

30.2 kN 

 
27.5 kN 

27.5 

38.0 kN 

 

45.2 kN 

 
31.2 kN 

-170oC 

-120oC 



 
 

C(T) Specimen Load-Displacement Curves 

 

 

 
  

Figure 3.27 

HT1-21 

HT1-22 

HT1-23 

HT1-24 

HT2-07 

HT2-08 

 

HT2-19 

HT2-22 

65.9 kN 44.6 kN 

 

49.4 kN 

 

47.8 kN 

 

31.1 kN 

 

43.4 kN 

 

43.1 kN 

 

44.4 kN 

 

-120oC 



 
 

C(T) Specimen Load-Displacement Curves 

 

 

 
  

Figure 3.27 

HT1-01 

HT1-07 

HT1-18 

HT2-01 

HT2-02 

HT1-25 

HT2-03 

HT2-04 

77.4 kN 

 

68.8 kN 

 

33.7 kN 

 
67.3 kN 

 

63.1 kN 

 

54.9 kN 

 

55.6 kN 

 
52.1 kN 

 

-100oC 



 
 

C(T) Specimen Load-Displacement Curves 

 

 

 

 
 

 

 
  

Figure 3.27 

HT1-26 

HT1-27 

HT1-17 

HT2-09 

HT2-21 

HT2-24 

HT2-25 

67.7 kN 

 

70.1 kN 

 

72.4 kN 

 

74.6 kN 

 

46.3 kN 

 

54.0 kN 

 
74.6 kN 

74.6 

-100oC 

-80oC 



 
 

SENB Specimen Load-Displacement Curves at -196oC 

 

 

 

  
*HT1TL-F was loaded to 2kN during cooling process.  

 

  

Figure 3.28 



 
 

KIc of HT1, HT2 and HT1LT/TL versus Test Temperatures 

 

 
 

 
 

KJc of HT1, HT2 and HT1LT/TL versus Test Temperatures 

 

 
 

Figure 3.29 

Figure 3.30 



 
 

Master Curves with 95% and 5% Tolerance Bounds based on Single Temperature 

Analysis at -120oC for HT1 and HT2 

 
 

 
 

Master Curves with 95% and 5% Tolerance Bounds based on Single Temperature 

Analysis at -100oC for HT1 and HT2 

 

Figure 3.31 

Figure 3.32 



 

 
 

Master Curves with Tolerance Bounds based on Results of -120, -100, and -80oC for 

HT1 and HT2 

 

 
 

Master Curves with Tolerance Bounds based on Results of -120, -100, and -80oC for 

HT1 and HT2 without HT1-01 

 

Figure 3.33 

Figure 3.34 



 
 

Master Curve with Tolerance Bounds at -120, -100, and -80oC for Combining Results of 

HT1 and HT2 

 
 

 
 

Master Curve with Tolerance Bounds at -120, -100, and -80oC for Combining Results of 

HT1 and HT2 without HT1-01 

 

Figure 3.35 

Figure 3.36 



 
 

Data tested at -120, -100 and -80oC plotted in Weibull Coordinates 

 

 
  

Figure 3.37 



 
 

Fractography of Fracture Toughness Specimen HT1-01 tested at -100oC 

 

 
(a): Fracture surface after fatigue precrack. The possible initiation site is circled in red.  

 

  
(b), (c), (d), (e): details of circled site in magnification sequence; (f), (g): EDX results of matrix 

and possible initiation site.  

 

Figure 3.38 HT1-01 A 

(a) 

(b) 

(d) 

(c) 

(e) 



 

 

Fractography of Fracture Toughness Specimen HT1-01 tested at -100oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side of HT1-01.  

 

  

 

  

Figure 3.38 HT1-01 B 

(f) (g) 

(h) (i) 



 
HT1-01 Crack Side Path under Optical Microscope (a) and SEM (b) (c) 

 

Figure 3.39 

(a) (b) 

(c) 



 
 

McMeeking Plot of Stress and Plastic Strain around the Blunted Notch (n = 0) [124] 

 

 
 

 
 

McMeeking Plot of Stress and Plastic Strain around the Blunted Notch (n = 0.1) [124] 

 

 

Figure 3.40 

Figure 3.41 



 

KIc Values versus Fracture distance X0 of Fracture Toughness Specimens  

tested at -196 and -170oC 

 

 
 

Local Cleavage Stress versus Fracture distance X0 of Fracture Toughness Specimens 

tested at -196 and -170oC (n = 0) 

 

Figure 3.42 

Figure 3.43 



 
Local Cleavage Stress versus Maximum Principal Stress (McMeeking) of Fracture 

Toughness Specimens tested at -196 and -170oC (n = 0) 

 
 

 
 

Local Cleavage Stress of Fracture Toughness Specimens tested at -196 and -170oC 

versus Test Temperatures (n = 0) 

 

 

Figure 3.44 

Figure 3.45 



 
Local Cleavage Stress versus Reciprocal Square Root of Inclusion Diameter (0.93 to 

3.33µm found from Cleavage Initiation Site (n = 0) 

 
*Estimated γp through the modified Griffith equation ranging from 5.6 to 20.3 Jm-2.   

 

Local Cleavage Stress versus Reciprocal Square Root of Facet Diameter (42 to 80 µm) 

found from Cleavage Initiation Sites (n = 0) 

 

Figure 3.46 

Figure 3.47 



 

Local Cleavage Stress versus Fracture Distance of Sharp-Cracked Specimens 

(McMeeking FEM Analysis) tested at -196 to -80°C and Blunt-Notched Specimens 

(Griffiths FEM Analysis) tested at -196°C and -170°C 

 

 

Local Cleavage Stress versus Test Temperature of Sharp-Cracked Specimens 

(McMeeking FEM Analysis) tested at -196 to -80°C and Blunt-Notched Specimens 

(Griffiths FEM Analysis) tested at -196°C and -170°C 

 

Figure 3.48 

Figure 3.49 



 

Local Cleavage Stress versus Maximum Principal Stress of Sharp-Cracked Specimens 

(McMeeking FEM Analysis) tested at -196 to -80°C and Blunt-Notched Specimens 

(Griffiths FEM Analysis) tested at -196°C and -170°C 

 

 

Local Cleavage Stress versus Reciprocal of Square Root of Inclusion Diameter of Sharp-

Cracked Specimens (McMeeking FEM Analysis) tested at -196 to -80°C and Blunt-

Notched Specimens (Griffiths FEM Analysis) tested at -196°C and -170°C 

 

Figure 3.50 

Figure 3.51 



 

Fractography of Fracture Toughness Specimen HT1-06 tested at -170oC 

 

(a): Fracture surface of HT1-06 after fatigue precrack. The possible initiation site is circled in 

red.  

 
(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  
 

  

Figure 3.52 

(a) 

(b) 

(d) (e) 

(c) 

HT1-06 



 
 

Fractography of Fracture Toughness Specimen HT1-06 tested at -170oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
 

  

Figure 3.52 

(f) 

(h) (i) 

(g) 

HT1-06 



 
 

Fractography of Fracture Toughness Specimen HT1-12 tested at -170oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.  

 
(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

Figure 3.53 

(a) 

(b) (c) 

(e) (d) 

HT1-12 



 
 

Fractography of Fracture Toughness Specimen HT1-12 tested at -170oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 

  

Figure 3.53 

(f) 

(h) (i) 

(g) 

HT1-12 



 
 

Fractography of Fracture Toughness Specimen HT2-15 tested at -170oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.   

 
(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  

  

Figure 3.54 

(a) 

(b) (c) 

(d) (e) 

HT2-15 



 
 

Fractography of Fracture Toughness Specimen HT2-15 tested at -170oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 

 
  

Figure 3.54 

(f) (g) 

(h) (i) 

HT2-15 



 
 

Fractography of Fracture Toughness Specimen HT2-17 tested at -170oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.  

 

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  

 

Figure 3.55 

(a) 

(b) 

(d) 

(c) 

(e) 

HT2-17 



 
 

Fractography of Fracture Toughness Specimen HT2-17 tested at -170oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
  

 

 

 

  

Figure 3.55 

(f) 

(h) (i) 

(g) 

HT2-17 



 
 

Fractography of Fracture Toughness Specimen HT1LT-4 tested at -196oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.   

 

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  
 

  

Figure 3.56 

(a) 

(b) 

(d) (e) 

(c) 

HT1LT-4 



 
 

Fractography of Fracture Toughness Specimen HT1LT-4 tested at -196oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
  

  

Figure 3.56 

(f) 

(h) 

HT1LT-4 



 
 

Fractography of Fracture Toughness Specimen HT1LT-5 tested at -196oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.   

 

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  
 

 

Figure 3.57 

(a) 

(b) 

(d) (e) 

(c) 

HT1LT-5 



 
 

Fractography of Fracture Toughness Specimen HT1LT-5 tested at -196oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
 

  

Figure 3.57 

(f) 

(h) (i) 

(g) 

HT1LT-5 



 
 

Fractography of Fracture Toughness Specimen HT1LT-6 tested at -196oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.  

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  
 

  

Figure 3.58 

(b) 

(d) 

(c) 

(e) 

HT1LT-6 

(a) 



 
 

Fractography of Fracture Toughness Specimen HT1LT-6 tested at -196oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
 

  

Figure 3.58 

(f) 

(h) 

(g) 

(i) 

HT1LT-6 



 
 

Fractography of Fracture Toughness Specimen HT1TL-D tested at -196oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.   

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  
 

 

Figure 3.59 

(a) 

(b) 

(d) (e) 

(c) 

HT1TL-D 



 
 

Fractography of Fracture Toughness Specimen HT1TL-D tested at -196oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
 

  

Figure 3.59 

(f) 

(h) (i) 

(g) 

HT1TL-D 



 
 

Fractography of Fracture Toughness Specimen HT1TL-E tested at -196oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation site is circled in red.   

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  
 

 

Figure 3.60 

(a) 

(b) 

(d) 

(c) 

(e) 

HT1TL-E 



 

 

Fractography of Fracture Toughness Specimen HT1TL-E tested at -196oC 

 

(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
  

Figure 3.60 

(f) 

(h) (i) (i) (i) 

(g) 

HT1TL-E 



 
 

Fractography of Fracture Toughness Specimen HT1TL-F tested at -196oC 

 

(a): Fracture surface after fatigue precracking. The possible initiation sites are circled in red.  

 
 

(b), (c), (d), (e): detail of circled site in magnification sequence.  

  

  

  

Figure 3.61 

(b) 

(d) 

(c) 

(e) 

HT1TL-F 

(a) 



 
 

Fractography of Fracture Toughness Specimen HT1TL-F tested at -196oC 

 

(f), (g), (h), (i): detail of site 2 in magnification sequence on opposite side.  

 

  

  
 

 
 

Figure 3.61 

(f) 

(h) 

(g) 

(i) 

HT1TL-F 



 
 

Hardness Values Along the Thickness of 9% Ni Steel SENB Sample 

 

Test Point No. Hardness [HV5] 

1 256 256 255 262 251 

2 263 251 253 253 268 

3 256 256 252 254 254 

4 250 250 255 258 258 

5 258 259 256 259 254 

6 254 255 248 251 251 

7 258 255 253 256 257 

8 254 253 247 243 248 

9 255 251 259 254 253 

10 254 251 251 257 254 

11 256 248 252 246 257 

12 254 252 258 259 249 

 

 

 
 

Hardness Values Along the Thickness of 7% Ni Steel SENB Sample 

 

Test Point No. Hardness [HV5] 

1 223 225 226 234 230 

2 229 230 228 221 232 

3 231 233 228 231 223 

4 229 229 223 224 230 

5 223 221 232 228 229 

6 227 224 231 225 231 

7 222 227 232 229 228 

8 231 228 227 231 223 

9 231 227 230 222 229 

10 230 227 234 216 229 

 

 

  

Table 6.1 

Table 6.2 



 
 

7%Ni Steel Tensile Specimen Dimensions 

 

Specimen 

Identification 

Test 

Temperature 
d1 d2 d3 d S 

[°C] [mm] [mm] [mm] [mm] [mm2] 

7Ni-5 
-130 

10.01 10.02 9.97 10.00 78.54 

7Ni-6 10.00 9.98 10.02 10.00 78.54 

7Ni-3 
-150 

10.01 10.00 10.03 10.01 78.75 

7Ni-4 9.98 9.99 10.03 10.00 78.54 

7Ni-1 
-170 

9.99 9.97 9.98 9.98 78.23 

7Ni-2 10.01 9.98 10.03 10.01 78.64 

7Ni-9 
-196 

9.99 10.02 9.98 10.00 78.49 

7Ni-10 10.00 10.00 9.98 9.99 78.44 

 

 

 
 

 

7% Ni Steel Tensile Testing Results 

 

Specimen 

Identification 

Test 

Temperature 

Upper 

Yield 

Stress 

Lower 

Yield 

Stress 

Ultimate 

Tensile 

Strength 

Total 

Plastic 

Strain 

Work 

Hardening 

Exponent 

n [ºC] [MPa] [MPa] [MPa] [%] 

7Ni-5 
-130 

898 879 932 19.3 0.06 

7Ni-6 900 879 932 19.3 0.06 

7Ni-3 
-150 

929 910 962 19.7 0.04 

7Ni-4 941 916 970 19.9 0.06 

7Ni-1 
-170 

997 971 1016 18.8 0.03 

7Ni-2 967 940 990 19.3 0.03 

7Ni-9 
-196 

1068 1049 1089 19.7 0.04 

7Ni-10 1076 1054 1098 21.0 0.05 

  

Table 6.3 

Table 6.4 



 
 

9% Ni Steel Tensile Testing Results 

 

Specimen 

Identification 

Test 

Temperature 

Yield Stress 

(0.2% Offset) 

Ultimate Tensile 

Strength 

Total Plastic 

Strain 

[ºC] [MPa] [MPa] [%] 

9Ni-9 
-130 

811 1006 23.2 

9Ni-10 812 1012 25.3 

9Ni-11 
-150 

846 1051 23.7 

9Ni-12 846 1017 23.0 

9Ni-13 
-170 

904 1095 23.4 

9Ni-14 897 1066 21.8 

9Ni-1 
-196 

961 1166 25.0 

9Ni-2 958 1166 25.1 

 

 

 
 

The Absorbed Energy, Lateral Expansion, and %Cleavage Area of 7% Ni Steel  

Charpy Impact Testing 

 

Specimen Nr. 
Temperature Impact Energy 

Lateral 

Expansion %Cleavage Area 

[oC] [J] [mm] 

7Ni-CVN-1 

-196 

38 0.49 78.86 

7Ni-CVN-2 55 0.60 73.45 

7Ni-CVN-3 44 0.40 84.43 

7Ni-CVN-13 -180 62 0.55 71.77 

7Ni-CVN-8 

-170 

72 0.80 56.20 

7Ni-CVN-10 123 1.30 43.23 

7Ni-CVN-14 78 0.92 56.80 

7Ni-CVN-9 
-160 

186 2.03 18.45 

7Ni-CVN-15 186 2.05 17.69 

7Ni-CVN-7 -150 180 2.14 23.47 

7Ni-CVN-12 -140 223 2.24 3.55 

7Ni-CVN-11 -130 235 2.07 0 

7Ni-CVN-5 
-100 

233 2.14 0 

7Ni-CVN-6 238 2.64 0 

7Ni-CVN-4 -80 233 2.24 0 

  

Table 6.5 

Table 6.6 



 
 

 

 

7%Ni Steel Blunt Notch Specimen Test Results 

 

Specimen 

Nr. 

Temperature 
Yield 

Stress 

Maximum 

Load 

Nominal 

Stress 
nom/y L/LGY 

Stress 

Intensification 

Max Principal 

Stress 

[oC] [MPa] [kN] [MPa] (max 2.292) (max 1.065) 
R=yy

max/y  

(max 2.62) 
yy

max[MPa] 

7Ni-FS-2 
-196 1052 

101.65 4251 4.04 1.84 3.30 >2756 

7Ni-FS-3 102.59 4290 4.08 1.90 3.31 >2756 

 

  

Table 6.7 



Table 6.8  

 

 

Fracture Toughness for 7% Ni Steel SENB Specimens (W = 32mm) Tested at -170 and -163ºC 

 

Specimen 

Code 

Test 

Temperature 
a0 af Δa 

a0/W af/W 
Pmax PQ KQ KJc Jc CTOD 

[oC] [mm] [mm] [mm] [kN] [kN] [MPa×m1/2] [MPa×m1/2] [kJ/m2] [mm] 

SENB1 
-163 

13.92 14.97 1.05 0.44 0.47 53.78 28.69 96.6 568 1314.6 0.90 

SENB2 14.71 16.61 1.90 0.46 0.52 50.74 26.24 103.8 726 2194.7 1.46 

SENB3 
-170 

14.06 15.12 1.06 0.44 0.47 54.04 26.09 89.1 547 1205.7 0.84 

SENB4 14.58 15.49 0.91 0.46 0.48 51.98 25.14 89.0 549 1210.8 0.84 

 

 
 

Fracture Toughness for Small 7% Ni Steel SENB Specimens (W = 7mm) Tested at -196oC 

 

Specimen  

Code 

a0 af Δa 
a0/W af/W 

Pmax PQ KQ KJc Jc CTOD 
[mm] [mm] [mm] [kN] [kN] [MPa×m1/2] [MPa×m1/2] [kJ/m2] [mm] 

7Ni-LT-1 3.40 3.43 0.03 0.49 0.49 5.02 4.03 76.1 213.5 197.5 0.11 

7Ni-LT-2 3.25 3.29 0.04 0.46 0.47 5.66 4.33 76.8 260.7 294.4 0.16 

7Ni-TL-3 3.06 3.26 0.20 0.44 0.47 6.13 4.39 77.0 291.3 367.7 0.21 

7Ni-TL-4 3.26 3.31 0.05 0.47 0.47 5.52 4.45 79.6 277.8 334.3 0.19 

Table 6.9 



 
 

Fatigue Crack Growth Specimens at -170oC and -163oC and Paris Region Constant  

(c and m) derived from 9% and 7%Ni Steel 

 

Test Temperature 

[oC] 
Specimen Number 

C 

mm/cycle 
m 

RT 

9Ni-FCGS-4 1.910-8 2.5 

7Ni-FCGS-3 9.210-9 2.6 

7Ni-FCGS-4 1.410-8 2.4 

-163 
9Ni-FCGS-1 4.110-9 2.8 

7Ni-FCGS-1 4.510-9 2.8 

-170 
7Ni-FCGS-2 4.010-8 2.2 

7Ni-FCGS-4 1.510-8 2.4 

 
  

Figure 6.10 



 
 

Microstructure of 9%Ni (a) and 7%Ni (b) Steels under Optical Microscope 

 

  
 

  

Figure 6.1 

(a) (b) 



 
 

Microstructure of 9%Ni and 7%Ni Steels under SEM 

 

 

 

  
 

Microstructure of 9% (Figure 6.2a, c, e) and 7% (Figure 6.2b, d, e) Nickel Steel under SEM in 

magnification sequences.  

  

Figure 6.2 

(a) 

(c) 

(e) 

(b) 

(d) 

(f) 



 
 

EBSD Results of 7% and 9% Nickel Steels 
 

 

 
SEM micrographs and EBSD maps of (a) 7% Ni Steel; (b) 9% Ni Steel. 

 
Phase distribution of (c) 7% Ni Steel; (d) 9% Ni Steel. Blue: BCC; yellow: FCC.  

Figure 6.3 

7%Ni 

 

9%Ni 

 
9%Ni 

 

9%Ni 

 

7%Ni 

 

(a) 

(b) 

(d) (c) 

7%Ni 

 



 
 

Misorientation Angle of 9% Ni Steel by EBSD Analysis 

 

 
 

 

 
 

Misorientation Angle of 7% Ni Steel by EBSD Analysis 

 

 
  

Figure 6.4 

Figure 6.5 



 
 

Inclusion Size Distribution of 9% and 7% Nickel Steels 
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Figure 6.6 



 
 

Through-Thickness Hardness Profile of 9% Ni Steel in Transverse Direction 

 

 
 

 

 
 

Through-Thickness Hardness Profile of 7%Ni Steel in Transverse Direction. 

 

 
 

 

 

Figure 6.7 

Figure 6.8 



 
 

Side View of Fractured 7% Ni Steel Tensile Specimens 

 
 

 

Figure 6.9 

-150oC 

 

-130oC 

 

7Ni-5 

 

7Ni-6 

 

7Ni-3 

 

7Ni-4 

 



Figure 6.9  

 

 

Side View of Fractured 7% Ni Steel Tensile Specimens 
 

 

 
 

  

7Ni-1 

 

7Ni-2 

 

-170oC 

 

7Ni-10 

 

7Ni-9 

 

-196oC 

 



 

 

 

Side View of Tensile Specimen 7Ni-9 at -196oC 
 

 
 

  

53o 

45o 

Figure 6.10 



 
 

Side View of Fractured 9% Ni Steel Tensile Specimens 
 

 

  

Figure 6.11 

-150oC 

 

-130oC 

 

9Ni-9 

 

9Ni-10 

 

9Ni-11 

 

9Ni-12 

 



 
 

Side View of Fractured 9% Ni Steel Tensile Specimens 
 

 

 
  

Figure 6.11 

-170oC 

 

9Ni-13 

 

9Ni-14 

 

-196oC 

 

9Ni-1 

 

9Ni-2 

 



 

 

 

Engineering Stress-Strain Curves of 7% Ni Steel  

 

  

  

  

  

Figure 6.12 



 
 

Engineering Stress-Strain Curves of 7% Ni Steel with Extensometer  

from -170 to -130ºC 
 

 

 

 
 

  

Figure 6.13 



 
 

True Stress-Strain Curves in Uniform Elongation Region of 7% Ni Steel 

without Extensometer 
 

  

  

  

  

Figure 6.14 



 
 

True Stress-Strain Curves in Uniform Elongation Region of 7% Ni Steel 

with Extensometer 
 

 

 

   

Figure 6.15 



 
 

Engineering and True Stress-Strain Curves in Uniform Elongation Region 

for 9% Ni Steel tested at -196ºC 

 

  

  
  

Figure 6.16 



 
 

Yield Stress and Ultimate Tensile Strength from -196 to -130oC 

 

 
  

Figure 6.17 



 
 

Fractography of 7%Ni Steel Tensile Specimens 

 

 

  
 

 

   

Figure 6.18 

7Ni-5 

 

-130 °C 

7Ni-4 

 

-150 °C 



7Ni-10 

 

-196 °C 

 
 

 

Fractography of 7%Ni Steel Tensile Specimens 

 

 

 
 

 

  
 

  
 

 

Figure 6.18 

7Ni-1 

 

-170 °C 



Figure 6.19a 7Ni-9 

 

-196 °C 

 

 

 

 

 

 

 

 

 

 

  

Fractography of 7%Ni Steel Tensile Specimen Tested at -196ºC 
 



7Ni-9 

 

-196 °C 

 
 

 

    

Figure 6.19b Fractography of 7%Ni Steel Tensile Specimen Tested at -196ºC 
 



9Ni-1 

 

-196 °C 

 
 

 

 

Fractography of 9%Ni Steel Tensile Specimen Tested at -196ºC 

 

 
 

 
 

  

Figure 6.20 



Figure 6.21 
 

 

 

 

Fracture Surfaces of 7%Ni Steel CVN Specimens tested from -196 to -80ºC 

 

 

  
  

  
  

  
 
  

-196 ºC 



Figure 6.21  
 
 

Fracture Surfaces of 7%Ni Steel CVN Specimens tested from -196 to -80oC 
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-170 ºC 



 
 

Fracture Surfaces of 7%Ni Steel CVN Specimens tested from -196 to -80oC 
 

 
 

  
 

 
 

  
  

  
 

 

Figure 6.21 

-170 ºC 

-160 ºC 



 
 

Fracture Surfaces of 7%Ni Steel CVN Specimens tested from -196 to -80oC 

 

 
 

  
 

 
 

  
 

 

  

Figure 6.21 

-150 ºC 

-140 ºC 

-130 ºC 



 
 

Fracture Surfaces of 7%Ni Steel CVN Specimens tested from -196 to -80oC 
 

 
 

  
  

  
 

 
 

  
 

  

Figure 6.21 

-100 ºC 

-80 ºC 



 
 

Impact Energy vs. Test Temperatures of 7%Ni Steel with Than-fit Curve 

 

  

Figure 6.22 



 
 

 

Relationship Between Absorbed Impact Energy and Lateral Expansion 

 

 

 
 

Relationship Between Absorbed Impact Energy and %Cleavage Area 

 

Figure 6.23 

Figure 6.24 



 
 

Fracture Surface of 7%Ni Steel CVN Specimens 

 

      

  

      

  
 
 
 
  

-196 ºC 44 J 7NiCVN3 -180 ºC 62 J 7NiCVN13 

-170 ºC 123 J 7NiCVN10 -160 ºC 186 J 7NiCVN15 

Figure 6.25 



 
Fracture Surface of 7%Ni Steel CVN Specimens 

 

   
 

   

 

 

 
     

   
 

   

 

 

 
 

   

 

-150 ºC 180 J 7NiCVN7 -140 ºC 223 J 7NiCVN12 

-130 ºC 235 J 7NiCVN11 -100 ºC 238 J 7NiCVN6 

-80 ºC 233 J 7NiCVN4 

Figure 6.25 



7Ni-CVN1 

 

-196 °C 

 

 
  

 
 

    
 

   
 

(a): Possible initiation site is circled in red; (b), (c), (d), (e): detail of circled site in 

magnification sequence.  
  

Figure 6.26a 

38 J 

(a) 

(b) 

(d) (e) 

(c) 



7Ni-CVN1 

 

-196 °C 

 

 
  
(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

 

 
  

Figure 6.26b 

38 J 

(f) (g) 

(h) (i) 



7Ni-CVN2 

 

-196 °C 

 

 
 

 

 

  

  
(a): Possible initiation site is circled in red; (b), (c), (d), (e): detail of circled site in 

magnification sequence.  

 

  

Figure 6.27a 

55 J 

(a) 

(b) 

(d) 

(c) 

(e) 



7Ni-CVN2 

 

-196 °C 

 

 
 
(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

 

  
 

 

 

 

 

 

  

Figure 6.27b 

55 J 

(f) (g) 

(h) (i) 



7Ni-CVN3 

 

-196 °C 

 

 
 

 

  

  

 
(a): Possible initiation site is circled in red; (b), (c), (d), (e): detail of circled site in 

magnification sequence.  

  

Figure 6.28 

44 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN13 

 

-180 °C 

 

 
 

 

 

  

 
(a): Possible initiation site is circled in red; (b), (c), (d), (e): detail of circled site in 

magnification sequence.  

Figure 6.29a 

62 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN13 

 

-180 °C 

 

 
 
(f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

 

  
 

 
  

Figure 6.29b 

62 J 

(f) (g) 

(h) (i) 



7Ni-CVN14 

 

-170 °C 

 

 
 

 

  

  
 

 
(a): Possible initiation site is circled in red; (b), (c), (d), (e): detail of circled site in 

magnification sequence.  

Figure 6.30a 

78 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN14 

 

-170 °C 

 

 
 
 (f), (g), (h), (i): detail of circled site in magnification sequence on opposite side.  

 

  

  
 

 
 

  

Figure 6.30b 

78 J 

(f) (g) 

(h) (i) 



 
Absorbed Impact Energy vs. Fracture Distance X0 

 

 
 

Absorbed Impact Energy vs. Distance between Ductile End to Initiation Site 

  

Figure 6.31 

Figure 6.32 



7Ni-CVN3 

 

-196 °C 

 

 
 

 

 

  

  
(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Cleavage facets from middle of the sample 

(e): Cleavage facets near the bottom of the sample 

  

Figure 6.33 

44 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN13 

 

-180 °C 

 

 
 

 

 

 

  

  
(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Cleavage facets from middle of the sample 

(e): Microvoid coalescence from the bottom of the sample 

  

Figure 6.34 

62 J 

(d) (e) 

(b) (c) 

(a) 



7Ni-CVN8 

 

-170 °C 

 

 
 

 

 

  

  
(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Cleavage facets from middle of the sample 

(e): Microvoid coalescence from the bottom of the sample 

  

Figure 6.35 

72 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN10 

 

-170 °C 

 

 
 

 

 

 

  
(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Cleavage facets from middle of the sample 

(e): Microvoid coalescence from the bottom of the sample 

  

Figure 6.36 

123 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN15 

 

-160 °C 

 

 
 

 

 

 

  

  
(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Cleavage facets from middle of the sample 

(e): Microvoid coalescence from middle of the sample 

  

Figure 6.37 

186 J 

(a) 

(b) (c) 

(d) (e) 



7Ni-CVN7 

 

-150 °C 

 

 

 

 

  

 
(a): Microvoid coalescence from ductile crack growth region 

(b)(c): Microvoid coalescence from left and right shear lip 

(d): Microvoid coalescence from middle of the sample  

(e): Cleavage facets from middle of the sample 

(f): Cleavage facets from bottom of the sample 

Figure 6.38 

180 J 

(a) 

(b) (c) 

(d) (e) 

(f) 



7Ni-CVN12 

 

-140 °C 

 

 

 

 

  

  
(a): Microvoid coalescence from ductile crack growth region 

(b) (c): Microvoid coalescence from left and right shear lip 

(d) (e): Microvoid coalescence and cleavage facets from middle of the sample respectively.  

(f): Detail of split, and cleavage facets inside split and microvoid coalescence around split.  

(g): Microvoid coalescence from bottom of the sample 

Figure 6.39 

223 J 

(a) 

(b) (c) 

(d) (e) 

(g) (f) 



7Ni-CVN11 

 

-130 °C 

 

 
 

 

 

  
(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Microvoid coalescence from middle of the sample 

(e): Microvoid coalescence from bottom of the sample 

  

Figure 6.40 
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(a): Microvoid coalescence from ductile crack growth region 

(b): Microvoid coalescence from left shear lip 

(c): Microvoid coalescence from right shear lip   

(d): Microvoid coalescence from middle of the sample 

(e): Microvoid coalescence from bottom of the sample 
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EDX Mapping of the Inclusion from 7Ni-CVN13 tested at -180oC 

 

       
 

   

   

   

   

  

 

  
 

 

  

Figure 6.42 
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Broken Halves of 7%Ni Steel Fracture Stress Specimens tested at -196oC 

 

 
 

 

 

  

Figure 6.43 
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Broken Halves of Fracture Stress Specimens tested at -196oC 

 

 

 

 

 

       
 

 

 

 

      
  

Figure 6.44 



 

 

 

Load-Displacement Curves of Fracture Stress Testing at -196oC 

 

 
  

Figure 6.45 
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(i): ductile crack growth at the onset of notch root followed with cleaving.  

(ii), (iii), (iv), (v): detail of framed site in magnification sequence.  

 
(vi), (vii): opposite side of the framed site in magnification sequence.  
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7Ni Fracture Stress Fractography 

 

 

 

 
(i): ductile crack growth at the onset of notch root followed with cleaving.  

(ii), (iii), (iv), (v): detail of framed site in magnification sequence.  

 

  

Figure 6.46b 
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7Ni Fracture Stress Fractography 

 

 

 

 
(i): ductile crack growth at the onset of notch root followed with cleaving.  

(ii), (iii), (iv), (v): detail of framed site in magnification sequence.  
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7Ni Fracture Stress Fractography 
 

  
(vi), (vii): opposite side of the framed site in magnification sequence.  

 

  

Figure 6.47b 

(vi) (vii) 



7Ni-FS3 

 

-196 °C 

 
 

 

7Ni Fracture Stress Inclusion  

 

 

 

 
(i): ductile crack growth at the onset of notch root followed with cleaving.  

(ii), (iii), (iv), (v): detail of framed site in magnification sequence.  

Figure 6.48a 

(i) 

(ii) (iii) 

(iv) (v) 



7Ni-FS3 

 

-196 °C 

 
 

 

 
(vi): opposite side of the framed site in detail.  
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Fracture Surfaces of SENB Specimens 
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Figure 6.50  

 

 
 

Crack Extension Measurement under Optical Microscope 
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Crack Extension Measurement under Optical Microscope 
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Load-Displacement Curves for Fracture Toughness Tests at -163oC 

 
 

 
  

Figure 6.51 



 
 

 

 

Load-Displacement Curves for Fracture Toughness Tests at -170oC 

 

 
 

 
 
 

Figure 6.51 



 
 

Fracture Surface of Small 7% Ni Steel SENB Specimens (W = 7mm) tested 

at -196oC 
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Load-Load Line Displacement Curves for Fracture Toughness  

Tests at -196oC 
 

 

   

Figure 6.53 



 
 

KQ and KJc of 7%Ni Steel tested at -196, -170 and -163oC 
 

 
 

  

Figure 6.54 
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(a) Total fracture surface of 7Ni-SENB1 tested at -163oC.   

(b) Microvoid coalescence at stable crack growth region.  

(c) Mixed microvoid coalescence and cleavage facets at onset of stable crack growth region. 

(d) Cleavage facets in the middle of the fracture surface. 

(e) Cleavage facets at the bottom of fracture surface. 

Figure 6.55 
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(a) Total fracture surface of 7Ni-SENB2 tested at -163oC.  

(b) Microvoid coalescence near precrack end  

(c) Detail of microvoid coalescence at stable crack growth region  

(d) Mixed microvoid coalescence and cleavage facets  

(e) Cleavage facets at the bottom of the fracture surface 
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(a) Total fracture surface of 7Ni-SENB3 tested at -163oC  

(b) Microvoid coalescence near precrack end  

(c) Cleavage facets at onset of stable crack growth region  

(d) Mixed microvoid coalescence and cleavage facets  

(e) Cleavage facets at the bottom of the fracture surface 

Figure 6.57 
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(a) Total fracture surface of 7Ni-SENB4 tested at -163oC  

(b) Microvoid coalescence near precrack end  

(c) Microvoid coalescence at stable crack growth region  

(d) Mixed microvoid coalescence and cleavage facets  

(e) Detail of cleavage facets in (d) 
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Figure 6.59 
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Figure 6.60 
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(a): Total fracture surface. 

(b): Ductile crack growth and cleavage area. 

(c): Detail of microvoid coalescence below fatigue precrack. 

(d): Detail of cleavage facets.   

  

Figure 6.61 
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(a): Total fracture surface. 

(b): Ductile crack growth and cleavage area. 

(c): Detail of microvoid coalescence below fatigue precrack. 

(d): Detail of cleavage facets.   

 

  

Figure 6.62 
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(a): Total fracture surface. 

(b): Ductile crack growth and cleavage area. 

(c): Detail of microvoid coalescence below fatigue precrack. 

(d): Detail of cleavage facets.   

  

Figure 6.63 
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(a): Total fracture surface. 

(b): Ductile crack growth and cleavage area. 

(c): Detail of microvoid coalescence below fatigue precrack.  

(d): Detail of cleavage facets.   
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Fatigue Crack Growth Rate of 9% and 7% Nickel Steel at Different Temperatures 
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Fatigue Striations at Paris Regime 
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9Ni Steel Fatigue Fracture Surface at -163oC 

 

 
 

  
 

(a): Total fracture surface.  

(b): Microvoid coalescence near fatigue crack end.  

(c): Detail of microvoid coalescence.  
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7%Ni Steel Fatigue Fracture Surface at -163oC 

 

 
 

  
 

(a): Total fracture surface.  

(b): Microvoid coalescence with cleavage facet. 

(c): Cleavage facets close to fracture.  

 

 

 

 

 

 

 

 

 

 

 

Figure 6.68 
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7%Ni Steel Fatigue Fracture Surface at -170oC 

 

 
 

  
 

(a): Total fracture surface.  

(b), (c): Microvoid coalescence on fracture surface.  

 

Figure 6.69 
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