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Abstract

Reactions occur in metallurgy, developing a methodology for including these reactions
into a simple diffusion scheme has been undertaken within this work with an aim to
simulate the reactions occurring during oxide growth. The diffusion scheme developed
by Larsson [1] was used as the foundation of the scheme. Initially, the growth of FezC in
bce phase was simulated; the produced precipitate growth matched that of DICTRA.
This technique was modified to simulate the growth of (Fe, Cr)sC in a bee phase.
Further work was conducted to determine the interface reactions between the metal,
oxide and gas phases. This simulation was used to model the growth of nickel oxide;
these simulations produced k, results that agreed with Haugsrud [2]. Simulations
provided a range of values for unknowns within the model; the rate of oxygen converting
from the gas phase and the rate at which metallic nickel becomes ionic. These were
determined to be 10 and 100s! and 1 x 107 and 1 x 107° times metal diffusion in the
bulk phase respectively. The equations describing the motion of metal and gas ions
within an oxide were modified and written in a phase-field consistent manner. The
currently available phase-field models are not designed in a manner that is appropriate
for the inclusion of the numerical schemes for the interface reactions; therefore a
modified set of phase-field equations are proposed. Phase-field simulations studied the
growth of nickel oxide; these simulations require further work to develop the curvature
influence between the oxide and gas-phase. The lack of a suitable interfacial curvature

limits the simulations ability to grow an oxide into the gas phase.
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Chapter 1

Introduction

Nickel-based superalloys are the material choice for aerospace turbine blades [3, 4]. Cur-
rent generation nickel-based superalloys are designed to operate at temperatures above the
materials melting point during service. Nickel-based superalloys are also able to maintain
their mechanical properties up to 85% of their melting temperature due to the presence
of a fine particulate phase [2, 5-20| which makes them suitable for the high mechanical

loads present within an aerospace turbine.

The development of alloys traditionally has taken an empirical trial-and-error approach,
where the addition and modification of certain elements are used to promote the ideal
properties of the material. For nickel-based superalloys which have more than 10 alloying
additions this results in the modification of elements being a costly and time-consuming
procedure due to the chemically complex nature of the different additions [8, 21-26|.
Alloying additions can be broken down into four main categories; base elements, mech-
anically strengthening elements, long term stability elements and oxidation resistance

elements [3, 27].

Most alloying additions have a critical concentration that must be reached before the de-
sired properties are shown; this is particularly important if the additions help to provide
oxidation resistance in the form of a protective oxide film [21, 28-30] as there is a need

for sufficient metal to form an oxide. There is concern with spallation removing sufficient



amounts of an element resulting in the material no longer being protective [31, 32|. Spal-
lation is the breakaway of an oxide layer that has formed on the surface of the metal.
The effect of spallation is the reduction of the total amount of the alloying addition in

the bulk and the materials ability to form a new protective oxide.

Re and Ru additions enhance the creep resistance of the material, however, these elements
have a high-cost and high density which make it disadvantageous for use within turbine
blades [33-37|. The low diffusion coefficient of Re and Ru enhances the materials creep
resistance by limiting how quickly mass is able to move [26, 38]. The main additions
to improve the oxidation resistance of nickel-based superalloys are Al and Cr and their
formation of Al;O3 (alumina) and CroOj (chromia) respectively [25, 39], these oxide layers
reduce the motion of metal and oxygen ions in the oxide which reduces the oxidation rate.
The reduction in oxidation rate results from the oxide impinging the rate at which metal
or oxygen ions diffuse. Small additions of rare earth elements (Y, Hf, La, Y and Zr)
can increase the scale adherence and reduce the rate of oxidation as they segregate to
grain boundaries where they form oxides subsequently decreasing the outward flux of
cations |25, 27, 40-46]. The presence of rare earth elements also alters the mechanism by
with which oxidation occurs as these elements form oxides which block the fast diffusion
along short circuit diffusion paths. Once the short-circuit diffusion paths are blocked
diffusion occurs through the bulk oxide reducing the oxidation rate by up to two orders of
magnitude [2, 46, 47|. The addition of iron helps improve the workability of the material,
and reduces the materials cost, however, in large concentrations iron is detrimental to
the oxidation rate of the alloy [48, 49]. Designs for aero-engines is closely linked to the
development of new materials, particularly those which are suitable for improving and

replacing the existing materials.

The use and range of applications for nickel-based superalloys are steadily increasing, the
main uses are from gas and jet turbines, specifically within the sections that are subjected
to high temperatures [16, 27, 32, 50-63]. The most common component is turbine blades

and vanes, but increasingly with applications for turbine disks [64-73|.



Nickel-based superalloys are extensively used within the oil and gas industry; for parts
where the superior corrosion resistance is required [8, 74-77|. Alternative industries are
looking to Nickel-based superalloys with interest for applications such as the exhaust
manifold for a formula one engine [78]. High performance nickel-based superalloys are
becoming increasingly interesting for a wide range of industries, but are still primarily
used within the aviation industry (75% of all produced), around 25% of produced nickel-

based superalloys are used within the chemical and nuclear industries [51, 55, 77-87|.

Due to the ability of nickel-based superalloys to operate at high temperatures, the effects
of oxidation upon the material become more critical and can influence the materials
lifetime (88, 89]. The impact of oxidation upon nickel-based superalloys is only due to
increase due to the drive from governments and the public to increase the efficiency of
flight; increasing the turbine efficiency occurs from increasing the operating temperature.
Current efficiency gains within oxidation have resulted from an increase in the operating
temperature of the material [3]; this has required material optimisation that has resulted

in increased stresses on the material.

Current approaches to increasing the operating temperature of nickel-based superalloy
aerospace turbines is to apply layers of barrier coatings [4, 89| onto the surface and
producing internal cooling channels [90] within the turbine blades. The external coatings
are present to increase the oxidation resistance and decrease the temperature experienced
by the turbine blade materials [4]. These coatings are only suitable, providing that there
is a good adhesion between the coating and the base substrate [4]; different coatings are
applied to reduce any thermal expansion-mismatch between these barriers with the drive
to increase the lifetime of the coating [4, 89]. Oxidation of the substrate is concerning
as this is a mechanism for removing barrier coatings. Oxidation can reduce the thickness
of the turbine blade; should sufficient amounts of the turbine blade material be oxidised,
this can lead to creep having a more significant influence on the turbine blade causing

failure due to thickness-debt effect [90].

The majority of oxidation modelling looks at how initial oxides grow which are based



on density functional theory (DFT) [91, 92|, and molecular dynamics (MD) [93-95| tech-
niques. These techniques are suitable for describing the early stages of oxide nucleation
and development but are not used to describe long term oxidation due to the computa-
tional costs of doing so. There is a growing amount of interest into providing longer term
oxidation simulation results using approaches based on CALPHAD. One model simulating
the flux of elements for oxidation has been produced [96]; this focuses on considering the
diffusion along grain boundaries and does not have a description for the phase interface.
Recently a phase-field model for modelling oxidation has been developed by Kim et al.
[97]. The studies model uses the MOOSE framework and has been highly optimised to
work in multiple dimensions, but does not track the diffusion of individual atoms. The
approach used within this work has problems simulating an alloy being oxidised because

it does not consider the effects of the different elements on the resulting oxidation.

To model oxidation, a numerical scheme needs to be used that is suitable to simulate the
different conditions that occur within oxidation; the gas-oxide interface, the oxide metal
interface and the inter-oxide flux of anions or cations [14, 98|. The simulation range and
timescales are also significant, as oxidation occurs over hundreds of hours. A numerical
model that can simulate the effects of oxidation over long time scales and additionally
for a range of initial oxide thicknesses, from nanometers to multiple micrometres, is also
essential. Techniques that focus on individual atoms |2, 99| are not suitable for simulating
the timescale or simulation volumes required to get meaningful results within a realistic

timescale; this requires the production of simulations that focus on the macro-evolution.

The timescale for aerospace turbine design cycles are 3—5 years, whereas the development
of new high-performance alloys is every 10 — 20 years [100]. The result of this is that the
new alloys are not on the cutting edge of technological advancements in terms of their
mechanical properties and being able to influence the design of the turbine in development
[100]. Reducing the timescale for alloy development is of growing interest. However, the
reliance on physical experiments which are trial-and-error |25, 101] related is problematic
as it slows down the possible combinations of alloying elements which are tried. The use of

numerical models to help influence the choices for physical experiments could be used to



try more exotic and varied combinations of elements. A numerical model that is suitable
for describing a wide range of different effects such as oxidation, creep and fatigue would

have the possibility to improve alloy design cycles [52].

The complexities in producing a numerical model for simulating oxide growth have resul-
ted in little progress to the equation defined by Wagner in the 1950s [102]; defining the
rate of oxidation to be the square root of time multiplied by a constant (AZ = /K,t).
Wagners equation is used to describe the rate of oxidation but does not allow any scope
for looking into the different effects of the morphology and microstructure on the material.
The simplifications in the equation do not consider multiple elements contributing to the

oxide growth rate.

This work seeks to develop a numerical model suitable for providing insight into physical
processes occurring during oxidation. The model seeks to describe the interfaces between
the metal, oxide and gas phases in a thermodynamically consistent manner. The cre-
ated model will use available thermodynamic data from CALPHAD (CALculating PHAse
Diagrams) [103]| assessments. Further this seeks to develop these methods and produce
a phase-field model; this modelling technique was selected due to the range of different
effects that phase-field models are designed to simulate. A phase field model allows this
technique to increase in complexity and produce a resulting output for oxide growth rate
and stability by developing the work on already established techniques and methodologies
[104-106]. Creating a method to scale easily in terms of elemental complexity is advant-
ageous for simulating nickel-based superalloys with their complicated mix of more than 10
elements [101]. A model that can realistically simulate an alloy system, like nickel-based
superalloys, requires there to be appropriate thermodynamic databases for the complex
combination of elements. A phase-field model that can simulate various elements during
oxidation would provide alloy designers with more direct and immediate feedback. The
result of the phase-field model can help to influence the selection of different elements used
in experimental validation tests. The understanding gained from such a process would
give insight into how different elements mix and influence mechanical properties such as

oxidation, creep and fatigue whilst reducing the cost of time and material to test a wide



range of alloys. This work seeks to be the basis of a tool that materials engineers can use
to help design future alloys for use at high temperatures within turbine blades; increas-
ing the operating temperature increases the efficiency of turbines, therefore reducing the

emission of greenhouse gases.



Chapter 2

Background

2.1 Oxidation

Oxidation of metals is a chemical process in which a metal loses one or more electrons and
joins with an oxygen ion to form an oxide. The formed oxide acts as a protective coating
which helps to reduce further oxidation. However, the oxide may spall off, re-exposing the
surface to oxygen [107]. From comprehensive experimental and theoretical investigations,
the general oxidation behaviour is dependent on the composition and exposure conditions

such as oxygen pressure and temperature [60].

2.1.1 Material

The study of pure systems is of interest in oxidation as it provides an understanding of
different oxidation mechanisms based on various elemental contributions. An example is
Cuy0, which has been used to study the initial stages of oxidation [108]. Understand-
ing the early stages of oxidation gives an idea of the mechanisms and thermodynamics
of oxidation. The pure nickel system has been extensively studied and found to have
a significant variation of results [109]. It has been found that the presence of dissolved
foreign materials (impurities) affects the oxidation rate [35, 102, 110-112], this is hypo-

thesised to be the result of different valencies of added elements that reduces the number
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Figure 2.1: Oxidation rate for high purity Nickel samples vs industrial high purity nickel at 800°C [121].

of electron holes. Increasing the number of electron holes increases the number of cation
vacancies in the oxide [113]. The literature has documented that the presence of higher
valent, less noble elements has the most significant effect on the oxidation rate [113-120].
Nickel self-diffusion can differ by a factor of 10 at high temperatures; the cause for such
discrepancies is the presence of impurities within the sample; seen by the difference in
growth rates within Figure 2.1 [2, 112, 121]. The oxidation rate of nickel with small ad-
ded concentrations of Cr can be significant and highlight the effect of impurities on the

oxidation rate [116]; Figure 2.2 shows the discrepancy in calculated and measured values.

Impurities within oxide samples not only affect the oxidation rate; oxidation rate values for
different purity’s of nickel are displayed in Table 2.1 and graphically shown in Figure 2.2
and 2.3); they can also cause oxide film failure [109]. Oxide film failure from impurities
results from more reactive components and insoluble metallic particles. The more noble
components concentrate at the metal-oxide interface, where these elements can affect the
interface adhesion and result in spallation of the oxide from the metal substrate [109].
The Oxidation of ultra-high purity nickel(99.995%) has been shown to not buckle up to
1100°C , additionally, the presence of external stresses did not result in spallation [123].
SEM micrographs showed that only the columnar oxide grain layer formed at high purity

nickel samples shown in Figure 2.4 by two SEM micrographs after oxidation for an alloy
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Figure 2.2: Parabolic rate constant measured for the growth of NiO on Ni in oxygen compared with
that calculated using Wagner’s theory and the tracer diffusion of Ni in the NiO lattice [118].

and high purity nickel [123, 124].

Table 2.1: Oxidation rate constants for different purity’s of Nickel [124]

Rate constant k m/hrz
Temp (C) 997697 N 99.955% N{ :
1000 8.45 3.89
900 409 2.82
800 1.58

The high-temperature resistance of nickel-based superalloys is attributed to the rapid
formation of coherent chromia and alumina oxide scales which are chemically stable and
more protective than nickel oxide [39, 125-127]. Samples have shown chromium depletion
in the material with a large amount of chromium-oxide. The depletion is hypothesised to
have occurred where originally voids were present, reducing the availability of chromium
to form the oxide. These voids were filled with oxide by the inward diffusion of oxygen
by removing the surrounding chromium; Figure 2.5 shows this depletion of chromium
around voids in the material. These locations may also have been where the original

metal surface was; Figure 2.6 shows chromium depletion at the initial surfaces location
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Figure 2.5: Cross-sectional TEM results of alloy 61 cpos to CO4 at 700°C and 20MPa for 500h
using an autoclave. (b) STEM image, (c-j) EDS mapping of region (b) [128].
[128]. The depletion of Cr from the bulk may result in a lack of carbides and may affect

the formation of a protective oxide if the oxide spalls.

2.1.2 Initial Oxide Growth

Oxidation starts with oxygen chemisorption, which induces two-dimensional surface struc-
tures, followed by the nucleation and growth of oxide films. Composition and crystal
structure determines the growth of oxide films and whether the oxide grows into the ma-
terial or on the surface [129, 130]. The nucleation of an oxide island requires the capture
of oxygen atoms. Each oxide island has an active zone where oxygen can be captured;
the radius of the active zone is proportional to the oxygen surface diffusion rate. The
probability of there being a nucleation event is proportional to the fraction of available
surface area outside of the available active zones [129] Figure 2.7 presents TEM images

of simple geometric islands formed on the surface of a copper-platinum alloy.

Initially, the nucleation of an oxide layer is equiaxed as there is a large driving force for
oxidation as the metal is in contact with the atmosphere. The driving force decreases

as the surface becomes covered by oxide, and the grains grow, preferring a columnar

11



Figure 2.6: Cross sectional TEM results of alloy 617 exposed to CO4 at 700°C and 0.1MPa for 100h
using a tube furnace, (a) low magnification STEM image, (b) higher magnification STEM image of the
region indicated in (a). (e-j) EDS mapping of the region shown in (b) [128].

12
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600°C , (c) 700°C , and (d) a plot of nucleation density vs 1/kT representing the Arrhenius dependence
of the nucleation density [129].
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grain structure. Once small islands of columnar grains are present, these grains grow to
impingement [131]. The principle of lattice diffusion cannot explain the growth of the
inner oxide film; this is, however, related to the purity of the materials |2, 132, 133]. Once
oxides cover the surface of the metal, the bulk oxide grows into the metal or away from
the metal surface [134]. This mechanism for the formation of an oxide film is known as

“grain boundary sweeping".

After the formation of the initial layer of oxides on the metal surface, there is subsequent
growth of the oxide, which requires ions diffusing through the oxide for the reaction to
proceed [135, 136]. Diffusion of the mobile species (anions/cations) is the rate-limiting
step for oxide film growth; therefore, the reactions at the interface play a minor role in
influencing the rate of oxidation. In his original model, Wagner assumed that the interface

reactions played a minor role in the rate of oxidation [109, 118, 137, 138|.

At the early stages of copper oxidation, Cu,O islands nucleate rapidly and form a dis-
continuous branched structure; further oxidation causes these oxide islands to coalesce

together and form an oxide structure [139]. The oxide islands grow as the probability

13



Figure 2.8: In situ TEM images of oxide islands formed on Cu(ll) at 450°C and 5x10~4 Torr oxygen
pressure [139)].
for an oxygen atom to join onto an existing island is higher than the formation of a new
island [139] Figure 2.8 shows TEM images of copper oxide islands growing on a copper
substrate. Dislocation and stacking faults in copper films have a minor effect on the oxide
nucleation and growth; however, significant surface roughness can enhance the nucleation
of oxide islands [129, 140, 141]. Other research has shown that surface roughness affects
the oxidation resistance [42, 142-146, 146, 147|. The roughness in the surface limits the
mobility of oxygen over the surface, resulting in a higher density of the oxide islands and
thus slowing down the lateral growth of oxide islands. Copper forms a thermally rough
surface over 700°C ; rough surface oxidation tests were conducted at 750°C and smooth
at 650°C . The oxides were shown to grow in three dimensions; if the island growth has a
linear dependence on time, then the growth of the oxide must be surface diffusion domin-
ated; the growth of copper oxide islands at 650°C and 750°C after 10 minutes are shown
in Figure 2.9 [140]. As the data was measured over relatively short time scales (under 60

minutes), the temperature difference has little bearing on the oxide growth rate.

2.1.3 Mechanism

During oxidation, the interfaces move fast compared to the timescale for establishing local

equilibrium; therefore, a non-equilibrium approach is required [148]. Generally, the generic

14
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Figure 2.9: Dark field images of oxide islands formed on (a) flat Cu(110) surface at 650°C and (b)

thermally rough surface at 750°C at 5 x 10~4 Torr oxygen pressure after 10 minutes [141].

driving force of high-temperature oxidation can be separated into transport mechanisms,
solid-state diffusion, and thermodynamics of chemical reactions [149]. The oxidation rate
for pure nickel oxidised in air at 1000°C is inversely proportional to the thickness of the
oxide layer, which in turn is proportional to the displacement of the metal surface (Z)
[102]. The rate of oxidation can be determined from equation Equation 2.1, where n is

the best fit of data where n= 2 results in parabolic growth, K’, is a rate constant and

Am is the specific weight gain [150],

(AZ)" = K/t (2.1)

(Am)" = Kt (2.2)

Oxidation of high purity metals on flat surfaces produces a single compound oxide adher-
ent to the metal. The thickness of oxide formed from oxidation depends upon the oxide’s
oxidising temperature, plastic properties, and the sample’s shape and size. As the oxide is
plastic, this allows deformation to ensure adherence between the oxide and base metal; as
the base metal is depleted, the plasticity of the oxide decreases due to the smaller volume
of the metal substrate. The reduced plasticity of the oxide reduces the ability to form a
good oxide adherence which can result in a longitudinal crack that forms at the corner

and spreads down the surface of the oxide-metal interface [119, 138].

Mrowec generalised oxidation by considering what a ternary oxide would look like under

different physical oxide properties. The oxidation of a sample that forms two oxide phases,

15
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Figure 2.11: Schematic showing the oxide structure for binary oxide where the oxides are porous and
there is no mixing of oxides [138§].

AX and BX, where they are mutually insoluble; metal A has a much smaller affinity for
the oxidant than element B. The oxide AX grows faster than BX as there is a smaller
concentration of defects. The AX layer forms a complete coverage of the material and
islands of BX at the interface of the two phases; schematically represented in Figure 2.10.
The islands of oxide BX act as a mechanical obstacle for plastic flow resulting in the
layer AX losing contact with the metal substrate; this dissociation of the outer oxide
ruins the oxide layer’s compactness. The outer layer grows AX between cracks in an
attempt to close the present cracks in the oxide, but this increases the oxidation rate, as
the cracks are never fully closed, allowing oxygen to ingress into the oxide; represented

within Figure 2.11 [119, 138].

An oxide is formed on a metal surface when heated in an oxygen atmosphere. The oxide
layer is generally not porous; further reaction is only possible by diffusion of metal or

oxygen within the solid oxide. If the diffusion is slow, the oxidation rate is controlled by

16



the diffusion process [151]. The oxide grows on the metal by transporting electrons, ions,
atoms or molecules through the oxide scale. The ability of the oxide to protect the metal
by acting as a barrier depends on the mechanical integrity of the scale forcing diffusion to
occur through the oxide phase. Measurements of the diffusion coefficients within oxides
are complex; there has been significant work in making measurements which are used to

explain the rates at which oxides grow on a range of metals [133].

The mechanisms which drive oxidation are challenging to measure; for nickel oxide growth,
the oxidation behaviour has been well studied. Despite being well studied, the oxidation
mechanism is complex, and how oxygen ingress occurs is not fully understood [11, 121,
152]. The oxide structure determines whether electronic currents are carried by electrons
or holes, which is linked to a consideration of the primary ion transport, whether it is
cations or anions respectively [118]. Electrons are more mobile than metal ions due to
their smaller size; the electric field produced by the electrons and ions will influence the
motion of ions and electrons or holes until equilibrium is reached. Equilibrium is reached
when the electric currents of the diffusing species are equal, but opposite [118]. Wagner’s
initial model assumed that there should be no net electrical current flowing across the film
[118]. For the case of nickel, the electrical conductivity is mainly controlled by electron
holes; the mobility of these holes are around 10* times greater than that of vacancies
[116]. In the case of chromium-rich oxide films on iron, oxide growth occurs from the

fast outward flux of chromium along the grain boundaries prompting the formation of

FQCI'QO3, CI‘203 or both [149]

The location where an oxide grows depends upon which species has the faster mobility;
if the mobile ion is oxygen, the oxide grows at the oxide/metal interface, whereas if the
mobile ion is a cation, then the oxide grows at the oxide/gas interface [153, 154]. The
bulk diffusion for nickel occurs via the outward diffusion of Ni?" within the oxide by an
exchange of cationic vacancies |2, 116, 138, 153, 155]. This view is supported by research
by Atkinson, who determined that the rate of lattice diffusion was much slower than
nickel grain boundary diffusion [118, 133]. The diffusion rate along grain boundaries was

determined to be comparable with the diffusivity of Ni within the NiO Lattice [2]. Further
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(measured from EDS analysis) [156]
evidence for the motion of cations is the presence of Kirkendall voids at the oxide/metal

interface [60].

Few studies exist to provide an understanding of the oxidation of ternary systems. The
lack of studies is due to the complexity arising from the interactions of all the alloying
species present within the oxide and the competing growth of different oxides [107|. This
limitation becomes very apparent when studying the oxidation of a nickel-based superal-
loy as there are multiple alloying additions [22]. Oxidation occurs faster than diffusion;
this results in complications in understanding the thermodynamics as the compositions
are often thermodynamically unstable [130]. This non-equilibrium state is the cause of
solute trapping of nickel and chromium during experiments in NiCrMo alloys [60, 148];
Figure 2.12 showing chromium concentration increasing on an oxides surface over time.
A complication with trying to understand the thermodynamics of oxidation results from
the oxidation state being far from equilibrium which causes there to be a complicated
interplay between kinetic and thermodynamic effects [130]. Oxide scales grow from the
diffusion of ions; therefore, the growth of an oxide will depend on the gradient in chemical
potential and the gradient within an electric field, which may develop from a separation

of charge [118]. In general, for any diffusing species i, the flux is given by;

DG ( —dp;

L — B 2.
5= 00 (S ap) 23)

where C; is the concentration, pu is the chemical potential of species i, D; is the diffusion
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Figure 2.13: TEM transverse-section image of Ni-1at%Cr substrate after 15 minute oxidation at 1273K

showing (a) internal oxide particles and (b) internal oxide formation along the grain boundary of the
metal substrate [157]
coefficient and q; the charge of the diffusing species, and E is the electric field [118]|. The
diffusion of oxygen into the oxide occurs via continuous or partially continuous microchan-
nels or interconnected porosity within the oxide. SIMS studies have shown the motion of
gaseous oxygen into the oxide via these mechanisms |2, 132, 133, 155, 157]; Figure 2.13

shows internal oxides present after oxidation. Oxygen ingress into an oxide may occur

once the surface cracks during an applied load |2, 47, 138, 153, 158].

The motion of ions is coupled to the opposite flux of vacancies; these vacancies can coalesce
to form pores if the annihilation of vacancies is not fast enough [2, 154, 159|. Ordinarily,

vacancies annihilate through grain boundaries or dislocations [154, 159].

Predicted oxidation rates show a large discrepancy that is several orders of magnitude
slower than observed experimentally; this discrepancy is the result of diffusion along
grain boundaries known as short-circuit diffusion paths, rather than being purely driven

by lattice diffusion [118, 132, 155, 158, 160|. Along high angle grain boundaries of the
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Figure 2.14: Arrhenius plot of tracer diffusion coefficient for Ni diffusion in NiO along the lattice,
dislocations and along grain boundaries [133].
(100) plane, the diffusion rate of nickel in NiO is almost 6 orders of magnitude faster than
bulk diffusion for a temperature range of 500-800°C [133, 161|; Arrhenius plots Figure 2.14
show a different ion diffusion rates for different routes Figure 2.15 presents the effect of
high angle grain boundaries on ion diffusivity. The transport of material within grain
boundaries depends on several factors; the geometry of the grain boundaries, the level
of stoichiometry and the solute segregation within the material. [160, 162, 163|. The
transport along grain boundaries causes there to be greater penetration in the alloy near
the grain boundaries from a lateral supply of oxygen [160], and beneath grain boundaries,

there will be a higher consumption of metal [157, 158] (c.f. Figure 2.16).

2.1.4 Thermodynamics

Thermodynamically, the oxidation mechanism can be described by the metal surface being
thermodynamically unstable due to the oxygen atmosphere. The formation of an oxide

separates the metal from the ambient atmosphere. Therefore the driving force is the free
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energy associated with the reaction between the oxygen, and the respective metal [131].
After producing a continuous oxide film, the reacting species must travel through the

oxide for further growth to occur [164].

Thermodynamic calculations have been used to show that the stable oxides on Ni-Al
and Ni-Cr are Al;O3 and CryO3 , respectively, provided that there is more than 1ppm of
aluminium or chromium [40]. Most nickel-based superalloys are based upon the Ni-Al-
Cr system, as it simplifies the alloy chemistry; therefore, having a good thermodynamic
model to describe the thermodynamics of Ni-Al-Cr helps to provide a good basis for how
the system will respond. Additionally, this can be extrapolated to form a description
for higher-element systems where there is a lack of experimental data [50]. The quality
of thermodynamic data helps provide more realistic numerical models that can better

predict real-world experimental results.

If the oxide is adherent and continuous, then oxide growth is governed by the diffusion of

the reaction species via point defects. The driving force will be determined by the differ-
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Figure 2.16: TEM trasnverse-section image of Ni-1at%Cr after 15 minutes of oxidation at 1273K
showing (a) internal oxide particles and (b) internal oxide formation at the grain boundary of the metal
substrate [157].
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Figure 2.17: Ellingham Diagram showing free energies of formation for selected oxides as a function of
temperature. Corresponding equilibrium po, and Hy/H20 and CO/COs ratios. Dashed lines are for
equilibrium oxygen concentration for Fe/FeO and for the same CO/CO reaction [165]
ence in ambient pressure and the decomposition pressure of the oxide at the oxide-metal
interface [164]. If the ambient pressure decreases to the oxide decomposition pressure, no

gradient will be present, and the oxidation will stop [164]. The mechanism of oxidation

scale stability is described by an Ellingham Diagram which is displayed in Figure 2.17.

2.1.5 Kinetics

Kinetics controls the oxide scale thickening process; oxides such as NiO, CoO and FeO
have electrons that hop between divalent (2+) and trivalent (3+) cations; the variation

in valency is related to the amount of oxygen ions in the oxide. The motion of electrons
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is fast compared to the diffusion of divalent cations throughout the lattice, which forms
new oxide [160, 166, 167]. As the rate of cation diffusion throughout oxides is rarely the
same due to different affinities for oxygen; changing the rate of cation diffusion means that
the kinetic rate equations are rarely followed. Not consistently following the kinetic rate
equations results in an oxide composition changing in a complex way with respect to time
[160]. Considering the formation of an oxide is shown in Figure 2.18; in the case where
JFigure 2.18(a), only element B alone forms an oxide; this produces internal oxide BO in
a matrix A. Figure 2.18(b), minor element B oxidised forms an oxide on the surface of the
material and depletes the concentration of element B in the bulk region. Figure 2.18(c),
major element B oxidises alone and produces an oxide with particles of A matrix within the
oxide BO. Figure 2.18(d), major element B forms an oxide on the material’s surface and
becomes depleted in concentration in the bulk region. Figure 2.18(e), elements A and B
form a single oxide composed of various concentrations (A, B)O. Figure 2.18(f), elements
A and B oxidise to form the oxide ABO dispersed within the AO matrix. Figure 2.18(g),
A and minor component B) oxidise to give insoluble oxides. Figure 2.18(h), element A

and major element B oxidise to give insoluble oxides within an AO and BO matrix [160].

Oxide growth rates are typically parabolic; this was shown by Wagner in his original
work [118]. Wagner solved Fick’s first and second laws assuming that the flux of cations
is proportional to their chemical potential gradients [168]. The parabolic growth curves
can be used to determine the activation energy for the cation diffusion [96, 109, 118, 169
171]. By plotting the square of mass change against temperature, the gradient can be
plotted against the reciprocal of temperature; the gradient of this line is the activation
energy multiplied by the molar gas constant, R [150].In some experiments, the oxidation

rate becomes sub-parabolic at temperatures below 1000°C [2].

2.1.6 Oxide Structure

Nickel and cobalt oxide structures are like that of NaCl and are found to be metal deficient
at high temperatures, which is described by M;_sO. This indicates that there is a move

away from stoichiometry within the metal sublattice [2, 111, 172, 173| for nickel the
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value of ¢ is of the order 103-10 which is approximately 10"at% |2, 174]. This non-
stoichiometry results from the oxygen partial pressure, which is in equilibrium with the
oxide [173, 175]. To maintain charge balance there are cation defects (i.e. Ni*") [176, 177].
For nickel, under most operating conditions, NiO is the only stable oxide present, the other
two oxides (NipO and NizOy, are transitional) [172, 178]. A single stable oxide provides

simplifications for understanding the oxide and the oxidation rate.

Oxides on a nickel-based superalloy tend to be single or multiple phases which are in-
terpreted to be stoichiometric oxides and consist in addition to NiO as corundum CryOg3
and Al,Os, and spinel NiCryOy, there are some solute elements present. However, these
are within thermodynamic solubility limits [60]. Oxides which form on a metal substrate
consist of two layers; the difference is their grain structure. The inner layer grains are
equiaxed, and the outer layer is made up of columnar grains which are perpendicular to the
surface of the oxide shown in SEM images of oxides in Figure 2.20 [2, 131, 134, 179, 180];
which validates the “grain boundary sweeping” oxide grain growth mechanism. The formed
oxide structure is temperature dependent; at lower temperatures, the structure is more
equiaxed with occasional platelets and whispers. At higher temperatures (700-900°C ),
ridges form at the surface, and above 1000-1100°C facetted NiO grains dominate the sur-
face morphology [2] as the temperature increases, grain boundaries become clearer and

more distinct [181].
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The substrate and oxide grains’ orientation play a crucial role in oxidation. Certain
orientations of oxide grains grow faster than others [147|. The initial oxide grain boundary
orientations are random. The grain orientations are selectively chosen as the oxide grows
due to their different growth rates. The preference for certain grain orientations may be
why thin oxide films are more uniform, as the predominant oxide grains have not yet been
selected [2|. The different nickel oxide grain orientations have different growth rates at
different temperatures [125, 181]. This effect on growth rate implies that the temperature

at which the samples are oxidised has a bearing on the grain structure of the formed

oxide.

Porosity within an oxide decreases as the oxygen pressure increases; additionally, the
morphology of the pore changes with the oxygen pressure. Low ambient oxygen pressure
forms pores that coalesce to form macro-pores parallel to the oxide-alloy interface. At
higher oxygen pressures, the pores are uniformly transported outwards through the scale

and eliminated from the oxide [155, 158].
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Figure 2.22: Thermogravimetric analysis equipment for measuring mass increase during oxidation [182].

2.1.7 Measurement Techniques

The techniques for measuring the oxidation rate are based on measurements of the oxid-
ation thickness or mass gain during oxidation. Simply this can be weighing or measuring
the oxide thickness after fixed periods. Advanced equipment is available to measure the
weight gain many times a minute to provide a more detailed look at the oxidation rate.
As the weight gain of interest is small, a sensitive balance is required to provide enough
detail about the sample’s weight gain. The equipment commonly used is thermogravi-
metric, which measures the weight increase during high-temperature oxidation using a
microbalance within a controlled gas atmosphere (c.f. Figure 2.22) [2, 152, 182]. If the
oxidising atmosphere is highly corrosive, the use of an expensive microbalance is undesir-
able; therefore, the elongation of a helical spring is observed to determine how the sample
gains mass. The spring for such a spring balance is usually made from silica fibre (c.f.

Figure 2.23) [182].

Secondary Ion Mass Spectroscopy (SIMS) is used to measure the concentration of atoms
at local points; a common example in oxides is to measure the oxygen concentration within
an oxide [2, 5, 173]. An ion beam is used to sputter the surface of a sample, and the ejected
ions are measured via mass spectrometry. The sputtering is continued to reach deeper

regions of the oxide layer [182]; Figure 2.24 shows a SIMS profile for iron oxide showing
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Figure 2.23: Spring balance for measuring high temperature oxidation kinetics [182].

concentration against depth. As SIMS measures different masses, isotopes of diffusing
species can be measured and used to determine their ingress rate. This technique can
give an idea of the mechanisms behind the oxidation process [2]. If a radioactive trace
is used, the radioactive isotope needs to have a sufficient half-life for the time scales of
oxidation [173]; this allows sufficient time for the measurements to be taken before the

isotopes have decayed.

2.1.8 Stresses in Oxides

As the material is oxidised, the molar volume of the oxide is usually different from that of
the metal. The difference in molar volumes causes stress resulting from the expansion or
shrinking of the material. After oxidation, this stress leads to a matrix mismatch [183].
The Pilling-Bedworth Ratio can describe this matrix mismatch (PBR) [56]. This matrix
mismatch led to Pilling and Bedworth suggesting that the ability of a metal to form a
protective oxide scale could be related to the ratio of the molar volume of the oxide and

metal [109],
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If the PBR is less than one, it indicates that insufficient oxide is formed to cover the
surface of the metal. If the PBR is much larger than one, it indicates that too much
oxide is formed and thus will result in cracking and spalling [56]. Therefore the ideal
ratio is where it is close to one for the formation of protective oxide scales [23], a table of
different PBR values is in Table 2.2. It is important, however, to note that this only holds
for some oxide formers and is, therefore, insufficient to describe the protective nature of

oxide formers [23].

Table 2.2: the PBR for common metals [56]

Oxide scale | Oxide—metal volume ratio
MgO 0.81
Al203 1.28
ZrO2 1.56
Cr20 1.64
NiO 1.65
FeO 1.68
TiO2 1.70-1.78
CoO 1.86
Cr203 2.07
Fe304 2.1
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2.1.9 Failure of Oxides

The heating of a metal with an oxide is important for materials that will be thermally
cycled as there is a mismatch in the thermal expansions; they expand at different rates.
The mismatch in thermal expansions can result in the oxide spalling, thus leaving the
surface bare for oxidation to occur; known as spallation [63, 68, 71, 123]. Residual stresses
are usually compressive, which results in delamination and cracking of the oxide leading
to spallation. The oxide scales resistance to spallation is used as an indication of its

protectiveness [123]

2.1.10 Barrier Coatings

Design choices for what to prioritise within material design have increased creep and fa-
tigue strength at the expense of oxidation resistance. To improve the oxidation resistance
of materials, barrier coatings are applied to the surface [62, 184-186]. These coatings
apply a protective property to the surface of the material. Coatings can increase the wear

resistance, oxidation resistance or reduce the temperature for the in-service component.

Barrier coatings are applied to the surface of a material to promote a more protective
surface that allows a more extreme operating environment [185, 187-189|. Figure 2.25
shows a SEM image of barrier coatings which are commonly applied to single-crystal

nickel-based superalloys consisting of a metallic bond coat and a top coat [185].

The metallic bond coat is present to reduce the lattice mismatch stress from thermal
expansion between the substrate and the top coat and therefore improve their adhesion [18,
190]. The ceramic layer in YSZ-based systems cannot prevent oxidation of the substrate
[29]. These bond coats consist of materials like nickel aluminides, which have good thermal
stability and a high melting temperature, around 1640°C [27, 62, 191]. Adding platinum
into aluminium bond coats was discovered to significantly reduce the aluminium diffusion
rate and improve the oxidation resistance. The reduction of aluminium diffusion occurs by
enhancing the selective oxidation of aluminium that provides a purer oxide, and a slower

growth rate [192, 193|; Figure 2.26 shows the reduction in oxidation rate for platinum
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Figure 2.26: Oxidation rates of Pt-free and Pt-modified coatings during isothermal exposure at
1150°C in air [193].

modified coatings compared to platinum free coatings. The platinum concentration profile
through the bulk metal is an indicator of thermal stability for the barrier coating; the more
uniform concentration, the less thermally stable the barrier coating becomes [194]. Adding
some reactive elements, such as silicon, can improve the oxidation resistance; this occurs

by increasing the activity of aluminium which promotes the oxidation of aluminium, and

subsequently the adherence of the oxide scale [62].

MCrAlY coatings have a large amount of chromium and aluminium to provide sufficient
oxidation resistance that ensures the substrate is well protected; the small addition of a
reactive element, such as yttrium, helps to improve the adhesion of the formed oxide scale

[9, 185, 195]. M refers to nickel, cobalt, or both [9, 46, 193, 195, 196]. MCrAlY overlay
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coatings are widely employed in hot sections of gas turbine engines in the aerospace and
power generation industries. The use of coatings is for high-temperature oxidation and

hot corrosion protection. These coatings thermally grow protective alumina scales with

high thermodynamical stability, good compactness, and a slow growth rate [197].

The top coat can take the form of several different materials systems; the material system
is present to reduce the temperature that the substrate material experiences. One of the
main materials is a ceramic top coat referred to as a Thermal Barrier Coating (TBC).
These TBCs allow turbine blades to reach temperatures of 1500°C by providing thermal
insulation for the metallic substrate resulting from the low thermal conductivity [46, 188,
189, 195, 198]; Figure 2.27 schematically represents the temperature from the atmosphere
and to the bulk metal. Adding a TBC can reduce the blade surface temperature by 100 —
300°C . Modern TBCs systems consist of an internal metallic bond coating and another
ceramic layer. The bond coat helps to provide oxidation protection for the superalloy and

promotes the adherence of the TBC to the substrate [199].

Aluminide coatings are applied to nickel-based superalloys to provide protection where
conventional nickel-based superalloys cannot properly function. Aluminide coatings are

applied to form a stable and continuous a-Al;O3 scale that can act as a protective barrier
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to control the mutual diffusion of the alloying elements and corrosive species [62]

The durability and longevity of barrier coatings are critical for extending the service life
of components; if a coating fails, the material will likely fail rapidly [189]. There are
several different mechanisms by which barrier coatings can fail; thermal shock; due to a
mismatch in thermal expansion [200]; mechanical fatigue, a partial stress over-load during
service, and the growth of the substrate [32, 49, 201| or bond coat [202]. Oxidation of the

substrate or bond coat is the leading cause of TBC failure [185, 187, 201].

2.2 Modelling

Multiscale modelling approaches are widely applied to the theory, analysis and experi-
mental prediction of structural materials at an atomistic level. There is an increasing
reliance on powerful modern computation techniques, which can avoid the drawbacks of
time and cost from traditional trial and error methods. Various computational methods
are applied to simulate microstructure evolution, such as first principles, Monte Carlo,

molecular dynamics, and phase field method [203].

2.2.1 Wagners Model

All current present-day understanding of oxidation results from work initially done by
C. Wagner [102]. Wagner assumed that the diffusion of cations causes oxidation along
short-circuit diffusion paths, and there is limited diffusion of anions [118, 168, 204]. The
thermodynamic model Wagner developed was based on irreversible thermodynamics [109,
168, 205]. The principle of irreversible thermodynamics is that the independent migration
of ions and electrons is proportional to its gradient within chemical potential but is also

independent of the gradients of other species [109]. Wagners oxide growth equation is;

X% =kt (2.5)
where X is the film thickness, kj, is the parabolic rate constant. The parabolic rate constant
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is constant with the growth of oxide being controlled by transport along a gradient of the

driving force

ax k,

== _ 2.

. 2X (2:6)
Wagner’s theory is based upon the slowest diffusion within the oxide and, therefore, the

rate-limiting step [118].

2.2.2 Micro-Scale Models

Modelling has become an attractive way that experimental results can be coupled with
predictive techniques. The large range of powerful and reliable modern computing can
avoid the drawbacks of time-consuming and costly “trial and error” methods. These
modelling techniques are diverse and aim to simulate the evolution of atomistic movements
and interactions; the models are [203]; first principles [206], Monte Carlo [207], Molecular

Dynamics [208].

Most modelling techniques are suitable for simulating the micro-scale evolution of oxides;
these simulations are computationally intensive and unable to simulate oxidation over
long periods. Therefore, simulations capable of running over a long time scale for large
and complex simulation domains are desired. To provide results in a numerically efficient
manner, this needs to be performed at a macro-scale evolution; sufficiently large simulation
domain, which limits the use of techniques such as Monte Carlo [209], Molecular Dynamics

[209], and DFT [209].

2.2.3 CALPHAD

In the CALculating PHAse Diagrams (CALPHAD) method, each phase in a system is
modelled with a separate Gibbs energy expression which is a function of its constitution,
temperature and pressure [50, 103]. These models are fitted to many different kinds of

experimental and theoretical data. Sublattices can describe long-range ordering for when

35



atoms are on different lattice sites. When the same atom can occupy different types of
sites, there can also be short-range ordering; this is something which is challenging to
describe [103]. There is an explicit Gibbs energy expression that is used for CALPHAD

models;

G, =1 GY, =TI, +F GS, +71vs G, (2.7)

where « is the phases, ¥/ G¢, is the surface of reference relative to other phases but also for
internal ordering, T is the temperature /9S¢, is the configurational entropy, “G¢, is the
excess Gibbs energy, and P*(G¢, is the contribution to the Gibbs energy due to specific
physical phenomena like ferromagnetism [103]. The substitutional regular solution model

for a multi-component system is defined as;

Gm = °Gix;+ RTY xiln(z;) +* Gy +7° Gy, (2.8)

i
where x; is the mole fraction of component i, °G,, is the Gibbs energy of component i
relative to the same standard state, and z; In(x;) is the ideal entropy of mixing [103]|. The
“o” symbol denotes a pure component that may depend on temperature and pressure but

not composition.

The excess Gibbs energy generally will contain multiple terms that depend on composi-
tion and temperature; the composition dependence is a series of expansions of the phase

constitution [103]

PG =) > maj(Li+ Y (Lijg+---)) (2.9)

i j>i k>j
The use of mole fraction is not enough to describe multiple sublattices; therefore, a com-
position variable for the different constituents on a sublattice is used - site fraction; (y;°),

where j specifies the species and s the sublattice. The use of mole fractions is not suitable

for the case where a species can sit on multiple sublattices; this is where site fractions
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become more attractive as they give an idea of the compositional spread over the different

sublattices [103].

2.2.4 Compound Energy Formalism

The compound energy formalism (CEF) approach has been developed from the CAL-
PHAD approach after the concept of lattice stability to describe the whole composition
range for substitutional solutions [210]. The concept of ‘compound energy’ plays the
same role for solution phases with sublattices as ‘lattice stability’ plays for substitutional

solutions [210].

The CEF started initially as a purely mathematical method that analytically expressed
the Gibbs energy using terms of increasing powers for the mole fractions of atoms within
the individual sublattices (‘site fractions’) [103, 210]. Random mixing was assumed to be
taking place within each sublattice. The CEF is an extension of the regular solution model
with higher order terms that reduce when all the sites in all but one of the sublattices are

vacant [210].

The CEF was constructed as a model to describe the thermodynamic properties of phases
which were composed of two or more sublattices where there is a variation of composition
i.e. (A, B)(D, E, F); where A and B only mix on the first sublattice, and D, E and F only
mix on the second sublattice. The subscripts k and 1 are the stoichiometric coefficients
[210]. In the limit where there are only one species on each sublattice, the stoichiometric
compounds are thus “end-members of the solution phase”, commonly simplified to “end-
member compounds”, e.g. A D;, for simplicity, these are written as G 4.p [210]. For a two

sublattice system, the CEF can be written in the form of a substitutional solution model,;

G = > 4iy;Giy + RT Y a®> yiIn(y]) +7 G (2.10)
i s i

where Gy, is the Gibbs free energy for one mole of material, y is the site fraction of the

species i or j, and any excess terms ®Gy, [103, 211].
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Figure 2.28: Surface for the Gibbs energy of a phase (A, B);(D, E); for the CEF [210].
Equation 2.10 describes an energy space for the system, where the corners represent the
end member energies; for a simple two-element on two sublattice mixture, all possible
compositions may be represented on a square; this is a “composition square” represented

in Figure 2.28.

The chemical potential for an element can be determined by;

G, 1 dG,,
Mi—Gm‘f'd_yi_EZyjd_yj (2.11)

this considers the contribution not only the energy of the one element of interest but also

the other elements within the system [210].

2.2.5 Phase Field

A powerful technique for modelling has proven to be suitable for modelling a vast range
of different systems as it can treat arbitrarily complex interface shapes with minimal
mathematical complexity [212]. Phase field models are powerful as they are derived in a
thermodynamically consistent way; this allows them to be used with proper thermody-
namic variables but does not deal with individual atom’s behaviour [93, 203, 213-215].
The thermodynamic data commonly comes from CALPHAD assessments of real-world
systems [216, 217]. Additionally, there is no need to explicitly track the interface due to

a phase variable applied over the entire simulation domain 215, 218-220].

The phase variable is used to determine what phase is present within the system; there

are two possible options; 0 and 1 or -1 and 1. This is made up of two different equations,
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Figure 2.30: Comparison between (a) diffuse interface and (b) a sharp interface [215]

the double well potential [221] shown in Figure 2.29; and the double obstacle potential

respectively.

The foundation of the phase field model can be traced back to work done by Van der Waals,
who modelled a liquid-gas system with a density function and classified the interface as
diffuse. The diffuse interface was rationalised as more natural than a sharp interface
[104, 213, 219, 222, 223], through Van der Waals investigations of the density during a

phase change between liquid and vapour [219].

Phase field models were initially developed to describe the microstructure of a solidified
metal. The phase field model considers both the composition structure and additionally
the structural domains and the interfaces; this is done by using a set of phase variables;
these variables are continuous over the whole domain [224]; the result of this is that

the interfaces within a phase-field model are diffuse, these interfaces do not need to be
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Figure 2.31: Schematic showing the loss of detail due to a wide phase interface value [228].

explicitly tracked [215, 219, 220]. Figure 2.30 compares a diffuse interface with a sharp
interface, showing how the phase changes over distance (93, 105, 215, 225, 226]. The
interface width needs to be sufficiently large; the wider the interface, the smaller the
gradient energy contribution over the interface, but it can result in the loss of detail and
include unphysical interactions between different interfaces [213, 227, 228]|; Figure 2.31

shows how certain interfaces become hidden by the diffuse interface.

Phase field models have a similar form to the Allen-Cahn equation;

o Aut () =0 (212)

where u is the order parameter and t is the time step. These equations apply to the

simulation domain, providing transformation to the parameter of interest.

Initially, applications of the phase field model were primarily limited to materials science
with applications in; solid-state phase transformations, recrystallisation, v’ rafting [104],
and grain growth [105, 227]. Phase field models were initially developed for modelling the
growth of solidification [229, 230|, and there remains a large area of interest in this area
[231]; with other material science properties modelled such as fracture and fatigue, [106].
The phase field modelling technique has been gathering interest from other research areas;
such as biology [225] and medicine, where it is used to model the growth of tumours,

vesicle-fluid interaction, and fluid-structure interaction problems [232], simulating the
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propagation of wildfires [233].

As computational power increases, the ability and scope for numerical models to produce
higher quality and detailed results. More detailed and more thermodynamically consistent
results can be achieved by considering more variables in numerical models. The inclusion
of more elements or physical parameters provides a model capable of being more able
to represent real-world systems. Models that consider multiple elements and multiple
phases are suitable for modelling the interface reaction of multiple elements is known as
the multi-phase-field model [234] this technique introduces a series of fields which represent
the materials properties of interest and are used to identify the local phase present [222].
These fields can describe more material properties or multiple phases influencing the

microstructure evolution.

2.2.6 Phase Field Oxidation Models

A phase field model simulating oxidation is computationally complex. Many current
oxidation models focus on the diffusion of oxygen into the substrate and are based on
oxygen concentration in the oxide as a field variable [183]. For a phase field model to
accurately model the growth of an oxide, the model would need to include an elastoplastic
creep model [235]. Due to oxidation occurring via short circuit diffusion paths, a phase
field model capable of modelling grain boundaries is required [183]. Further complexity
comes in the availability of thermodynamic and mobility data [212, 213], certain oxide
phases are considered stoichiometric and are not compatible with the commonly used

diffusion equations [212].

Guyer has produced a general formulation of the phase field model for electrodeposition
and electro-dissolution 236, 237|; however, this approach includes the details of charge

distribution at the interface and is limited to use within nanometer scale systems [238].

Guyers electrodeposition and electro-dissolution model has been adapted to describe ox-
idation in a phase field consistent manner. The computational model is very difficult to

simulate in more than one dimension because the equations for evolution are stiff [97].
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The model was implemented in MOOSE (Multiphysics Object Oriented Simulation En-
vironment) to improve the computational cost of running the simulation, allowing for

massively parallel finite element simulations. The system was defined with ¢ = 0 as being

for the oxide and ¢ = 1 for the bulk phase.

The rate of concentration change within this model is defined as;

0 C;
ot

=-VJ;, = MiVQ;ZO fori=w,e (2.13)

This model simulates the motion of defects of anion vacancies and electrons, where the °

denotes the oxide phase. The diffusion flux across the oxide is assumed to be constant in
0

one dimension; this thus simplifies the chemical potential gradient as being % where L

is the location of the interface. The energy of the system is defined as being;

F (¢ oy Ces ) = / [G¢+G“t + %W av (2.14)

where p is the charge density, simulations were run for thick and thin film limits, a thick
film was defined as being > 1um, and the thin film was defined as being ~ Lp. Where

Lp is the Debye length

The profiles of vacancies and electrons across the interface for a thick and thin film are
shown in Figure 2.32, within the thin film limit the concentration-dependent mobility
(Mj(ci) = Mjc;) leads to a small difference in the defect concentration and electrostatic
profiles. Within the thin film limit, Figure 2.32e shows the vacancy concentration is no
longer non-linear, which results in a lower flux near the interface.Figure 2.32f shows the

velocity of oxidation is compared to oxidation that proceeds via a fixed rate constant [97].

In order to further improve understanding of how rough surfaces are absorbed into the
oxide, simulations are run and compared in Figure 2.33. The profiles are shown for
the flat Figure 2.33(a) and rough Figure 2.33(b) surfaces, the non-dimensional concen-

tration profiles of vacancies and electrons Figure 2.33(c) and the electrostatic potential
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Figure 2.32: Concentration profiles of vacancies ¢, and electrons c, relative to ceq in the thick (a) and
thin (c) film limit. The electrostatic profiles are shown for the thick (b) and thin (d) film limit. The
diffusional flux of vacancies versus distance in the thin limit (e). Dimensionless oxidation velocity verses
oxide film thickness (f), the black curve is for a parabolic growth rate with a fixed rate constant
assumption [97].
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Figure 2.33: Schematics of a flat (a) and rough (b) surface. The non-dimensional concentration profiles
of vacancies ¢, and electrons c. relative to ceq (c). The electrostatic potential (1) profiles,
electrochemical potential (y;) (d). Vacancy (e) and electron (f) profiles across the trough and peak of a
curved surface and a flat interface. The dotted lines represent the location of the oxide-metal interface
(where ¢ = 0.5) [97].

Figure 2.33(d).

This modelling approach is limited in its respect as the defect concentrations are con-
sidered; this limits the model’s applicability for studying more complex alloy structures.
Its reliance on MOOSE to enable the simulation to run within a reasonable computa-
tional time also limits the expansion of such a model to more dimensions and higher order

systems; the computational time is not stated by Kim et al. [97].
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Chapter 3

Simulating the Growth of Chemically
Ordered Phases

3.1 Introduction

Fick’s diffusion equations can describe the simulation of how concentration gradients can
modify an alloy’s composition. The first law postulates that flux is proportional to the
concentration gradient, so material transfers from high concentration to low concentration
[182, 239]. Fick’s diffusion equations are a simplification of how mass travels within a
material, the gradient for mass travel is via a concentration gradient; this is not always
applicable, as Darken proved during his experiments on a ternary system [240| whereby

carbon diffused up the concentration gradient in the presence of silicon.

AC
=-D— 1
J Ao (3.1)

where J is the diffusion flux, D is the diffusivity, C is the concentration, and x is the
distance over which the diffusion occurs. The second diffusion law predicts how the

concentration changes over time; in one dimension, it is [239]
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where t is time, these equations describe how elements move based on concentration
gradients. Such techniques are helpful as they can provide information on the degree
of segregation or heating cycles to equilibrate the solute segregation [241-243|, through
driving towards local equilibrium [244-246], the drive towards local equilibrium is used by
DICTRA [241, 247|. Such techniques can explain how fast an interface moves based on
the motion of elements and how fast a phase transformation occurs within the material
[243, 247]. These techniques cannot model reactions as thermodynamics and kinetics are

not natively considered.

Analytical models exist for modelling how a precipitate phase may grow, the most common

being the model developed by Zener [248].

[N

Z = ay(Dt) (3.3)

where 7 is the thickness of the precipitate, D is the diffusivity coefficient, and t is the

time since the region began. «; is a prefactor for the 1-dimensional case and is

Neo — M

o) = Kl (34)

(no — noo)%(no - "1)%

where n., is the composition in the bulk and is unperturbed by the reaction, n; is the
composition just in front of the interface and ny is the composition of the interface, K;

varies slowly from 1.13 to 1.41 as n, varies from n; to ny [248].

This model is simple and gives a general idea of how quickly the interface can grow but
is limited as it does not consider the availability of elements to react; it works on the

assumption that the bulk phase is sufficiently large and unperturbed by the reaction.

This work seeks to build on the numerical models of Fick’s diffusion by adding a reaction-

based interface approach to enable such techniques and models to become more suitable
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for modelling how chemically ordered phases grow. As the growth of cementite is well
documented and there is a greater understanding of simulating iron processes, the growth
of cementite will be modelled to provide an understanding of how well this technique can

simulate the growth of chemically ordered phases.

3.2 Methodology

3.2.1 Model Description

A numerical model suitable for modelling the growth of chemically ordered (stoichiomet-
ric) phases is developed; the numerical procedure is an adaptation of standard Fickian
diffusion. The complexity of producing a model capable of simulating chemically ordered
phases ensures that the correct composition of different elements moves between the phases

of interest. The interface reaction can be described as a chemical reaction;

mA® +nB* = rA,, B’ (3.5)

where o and  are the different phases; § is the chemically ordered phase, m and n
are the stoichiometric numbers for the reactants, and r is the stoichiometric number for
the products. The driving force for the reaction ( Equation 3.5) can be numerically
described as the change in energy that results from converting the individual atoms into

a stoichiometric compound;

AG = r(p, p,) — mu — nu (3.6)

The driving force in Equation 3.6 is described by chemical potentials (u). Chemical

potentials can be re-written in terms of activity through the equation:

pi = 1§ + RTn (a;) (3.7)
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Substituting Equation 3.7 into Equation 3.6 gives;

AG = r((4y,p,)" + RT (a5 ) =m((1%)°+ RT In(a%)) —n((p3)" + RT In(ag)) (3.8)

Combining the logarithmic terms in Equation 3.8 gives;

AG = r((iy,5,)") —m((u3)") =n((1)") + RT (r In(af, p,) —mIn(a}) —nln(ag)) (3.9)

combining all the 1° terms in Equation 3.9 (T((MimBn)O) —m(u%)°?) —n((pp)?)) into AGY;

raising the logarithmic terms to the power of the logarithm coefficient gives:

AG = AG? + RT(ln((aimBn)r) —1In((a%)™) —In(a%)"™)) (3.10)

combining the logarithms in Equation 3.10 produces an equation that describes the driving
force for stoichiometric equations to be determined solely in terms of activities and the

Gibbs free energy of formation:

_ 0 n (aimBn)r
AG = AGY + RT' <—(a;§)m(a;§)n> (3.11)

where G? is the formation energy of the produced compound, R is the molar gas constant,
and a is the activity. AG is the resultant energy change from the formation of the

compound. Chemical potential is equivalent to using individual elements’ activity;

The values of chemical potentials are easier to calculate than activities as they can be de-
termined from a wide range of thermodynamic calculation methods such as the Compound
Energy Formalism or available software packages such as Thermo-Calc. The alternative

value for use is activities a; a; = y;x; where ~; is the activity coefficient and x is the
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molar fraction for element i. The activity of each element is not linear with respect to
concentration, and therefore this has to be adjusted by the activity coefficient; this can

be obtained from CALPHAD databases.

The computed driving force for the reaction can calculate the total flux of elements which
have moved across the interface through the reaction; this is based on the diffusion equa-
tion described by Larsson et al. [1] where the driving force rather than being driven by a
chemical potential gradient is defined by the driving force for the reaction but has modi-

fications that the elemental mobility at the interface is not equal for different elements;

M7 AG

in=—Jra—L == 12

“ is the molar

where jr is the total number of moles which move across the interface. x¢
fraction of the fastest diffusing species in the a phase; this value is selected as the reaction
is limited by the amount of the fastest diffusing element available for the reaction. M;*
is the mobility of the fastest diffusing species in the o phase as the molar fraction value
used is the fastest diffusing element; therefore this mobility is selected to modify the rate
of reaction. Vy, is the molar volume, Az is the grid spacing across the interface from the

centre of the different volumes. The total flux of atoms across the interface is scaled to

the bulk element concentrations;

m

= ) 3.13

JA m n]R ( )
n

B = ] 3.14

JB m n]R ( )

In both equations 3.13 and 3.14, the flux of moles moved is the fraction of the stoichiomet-

ric numbers ( ; this preserves the stoichiometry of the growing phase.

n
n+m)
Producing a numerical model that can consider systems with compositions more complex

than a binary requires extra considerations. The chemically ordered phase needs to grow
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at the composition determined by its stoichiometry. For alloys where multiple elements
can form a similar compound, there needs to be a method to describe the variation within
the sublattice that is filled by multiple elements and the variations within the bulk phase.
To model a system greater in size than a binary, each possible combination of chemically
ordered phases is considered, and the proportion of their growth is scaled with the bulk

elemental contributions;

AGij = Piyj, — Mps; — NPT (3.15)

where i and j are the components that make up the compound i,j,. Substituting the

driving force for systems bigger than a binary Equation 3.15 into Equation 3.12 produces:

, — M Gy,
i = —1/TF=—=
jR77] ]‘Im éz

(3.16)

The fluxes for the i elements are then the total reaction fluxes for the element i scaled
for stoichiometry and the solution phase composition. Combining Equation 3.16 with

Equation 3.13 and Equation 3.14 produces’

m xX;
Ji=— JRijy |~ 3.17
m-+n EJ: J Zk# Tk ( )
i n . [L’j
o » [ 3.18
Jj mLn Z:JR, J Zk# o~ ( )
the fraction > Li

ST scales the flux across the interface related to individual elemental
prn

concentrations at the interface. This is required as the flux across the interface calculated
is the total number of moles; this therefore needs scaling to the individual fraction of each

element.

Simulating the evolution of the bulk phase uses the equation used by Larsson et al.

[1, 249, 250);
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_Mifz‘ Ap
Vi Az

Ji = (3.19)

where j is the diffusion flux, M is the mobility, x is the molar fraction, p is the chemical
potential, and z is the distance between the centre of slices. The subscript i refers to the
element of interest. This flux equation is modified to produce the total flux in equation
3.12. The fluxes of atoms that are calculated are converted into the change in the number

of moles;

where n is the number of moles, A is the interfacial area of the slices, and t is the time
step for the simulation. The thickness of the slice is determined by the number of moles

present within each slice;

p= et (3.21)

3.2.2 Parameters and Numerics of Simulations

This model uses the simplification that the molar volume is constant within each phase
and during the reaction; this prevents the model from being entirely accurate for modelling
any expansion or shrinkage related to the different phases, as the size of each slice is not
varied based on the different elements and their composition, purely based off the total

number of elements which are present.

The simulation of Cementite FesC was decided to be used as its formation can be treated
as a reaction, and there exists a good range of existing data available within the literature.
Multiple simulations were performed for both of these models, initially to test the model
and compare it to well-known models such as DICTRA. Models for the chemically ordered
phase were modelled on only Fe-C and Fe-Cr-C. In the binary case the bec phase had

a composition of 0.05at%C, and the balance was Fe. 100 slices were used, spread evenly
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Table 3.1: End member values for each phase elemental interaction for both o and 8 phases

Energy (kJ.mol™")

« phase | f phase
Ga.p | -60 -80
GA:Va -50 e

Table 3.2: End member values for all elemental combinations for both o and S phases

Energy (kJ.mol™!)
«a phase | § phase
Gac |-60 -80
GA:Va -50 e
Gp.c |-50 -100
GB:Va -60 e

over a simulation domain of 100pm. The data was computed using the Compound Energy
Formalism due to complications with getting the chemical potentials of the chemically
ordered phase from the Thermo-Calc TQ interface. As the Thermo-Calc TQ interface
was not used, the CALPHAD assessment of iron, chromium and carbon from [251] was
used. These simulations were performed at 700K and 800K. The ternary system had a
starting composition of 0.05at%C and 0.1at%Cr, and a starting chemically ordered phase
composition of 0.25at%Cr. DICTRA simulations were run using standard settings and a

simulation domain that matched the numerical model presented in this work.

The system used for demonstrating this model’s ability used the end members; Ga.va® =
—50kJ.mol ™!, Ga.g® = —60kJ.mol! and Ga.5” = —80kJ.mol! also displayed in Table 3.1.
The molar volume was kept at 1 x 107m3mol* for both phases, the mobility of elements
A and B in the solution phase was 1 x 1072°m?J'st and 1 x 107*m?J s respectively.
These simulations were performed at 700K, with a composition in the « phase as 5at% B.
The [ phase was modelled as a bce structure with B being the interstitial site element.
Simulations that varied the different stoichiometric compound that would grow had the

same initial composition in the bcc phase.

For the ternary assessment the end members that were used were displayed in Table
3.2; Gac® = —60kJ.mol?!, Gp.c® = —50kJmol!, Gava® = —50kJmol!, Gpyva® —
—60kJ.mol!, Ga.c? = —80kJ.mol! and Gg.c? = —100kJ.mol! and the mobilities within

the solution phase were 1 x 10~2m?2J s for elements A and B and 1 x 10~ m?J s for
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element C. The chemically ordered phase grown had a composition of (A, B);C and the

concentrations of A and B were equal within the 5 phase.

Similarly to previous work and as described by Larsson et al. [1] the oxide grid points
are allowed to split and join, allowing for a dynamic simulation region. Splitting occurs
when a grid volume has reached 30% of its original volume, splitting into two equal new
grid volumes of the same composition. Joining is when a grid volume has reached less
than 30% of its original volume, and its mass is moved into a neighbouring grid volume
with the same phase. This comparison relies on fixed cross-sectional areas and volumes
only varying by thickness changes. This technique is essential to prevent the grid volumes
from becoming empty or too full of mass; both reduce the model’s stability. As a single
oxide volume is defined during this model, the splitting and joining scheme facilitates
compositional dependence of the oxide phase as the metal, and alloying elements diffuse

within the region as the mass is contained in multiple volumes.

3.3 Results

Figure 3.1 shows the phase interface position for a binary AB system, where the resulting
stoichiometric compounds that are formed are varied. Results show that the transform-
ation rate is unrelated to the different compound formed; however, the amount of trans-
formed compound is greater as the contribution of element A in the compound increases,

as seen from an increase in the resulting phase interface position.

The numerical model is capable of simulating the growth of a multi-element system. Fig-
ure 3.2 shows a ternary system; growing the compound (AB),Cj. Different starting
solute phase compositions are simulated to show the effect of the variation in the chem-
ically ordered phase. As the concentration of B is increased, the rate of the precipitate
reaction is decreased, and the interface position slowly reaches equilibrium; for a starting
B concentration of 0.2 moles, the simulation reaches equilibrium at 5,000s whereas for a
starting B concentration of 0.6 moles the time is 15,000s . The thickness of the formed

precipitate is also reduced; the difference between the interface position is 11pum.
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Figure 3.1: Simulations from the numerical modelled defined within this work; show the interface
position over time of a range of different stoichiometries for a binary system that starts at the same
composition; 0.8at% A and 0.2at%B at 700K. The higher the concentration of element A within the

formed stoichiometric compound, the higher the interface position between the ordered and bulk

phases; this occurs once the concentration of element B is depleted within the simulation domain. The
rate of the reaction is independent of the element concentrations.
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Figure 3.2: The results of a ternary system (A, B)2C at 700K show the effect of varying the
concentration of element B. As the concentration of element B increases, the interface reaction time is
reduced. Further to this reduction in interface reaction, there is a reduction in the total volume of the
formed stoichiometric compound. This reduction in the formed stoichiometric phase is due to the lower

driving force for creating the compound B5C over A;C. The lower the B concentration in the bulk
phase, causes the phase interface between the bulk and stoichiometric phase is due to the system’s
ability to use carbon in the reaction.
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Figure 3.3 shows how the initial concentration of B influences the amount of element B
in the precipitate phase. There is variation and oscillation within concentrations of A
and B, which is more pronounced for a higher concentration of B. The concentration of
C does not vary as this contributes to the interstitial sublattice. The oscillation across
the bulk-stoichiometric phase interface is a by-product of the splitting within the stoi-
chiometric phase. As mass travels across the interface, the volume of the stoichiometric
phase increases; once sufficient mass has moved, this grid volume is split into two grid
volumes maintaining the composition that existed at that point in time. The bulk grid
volumes equally have a joining component that contributes; as the volume at the interface
decreases due to mass transport, this eventually is combined with a neighbouring volume.
As elements A and B are comparatively slow to diffuse compared to element C, the vari-
ation within the bulk is less significant; however, the diffusion across the interface for
element B is greater than that of A. Therefore, elements A and B are changing interface

grid volume composition as the grid volumes are merged over time.

The interaction between the solution and chemically ordered phases can influence the
growth rate of the phase. To show the effect of different adjustments is simulated. Fig-
ure 3.4 shows how the interface mobility modifier has very little effect between 0.01 and
0.001 ; however, for a lower mobility modifier of 0.0001, there is a significant reduction in

the rate of the phase growth.

To validate the numerical model, the growth of Cementite is simulated in binary (Fe;C)
and ternary ((Fe, Cr)3C). The binary growth simulated by this work (red) is compared
to that given by DICTRA (black) within Thermo-Calc (dotted line). The rate of the
precipitation growth is increased as the temperature increases from 700K (c.f. Figure 3.5)
to 800K (c.f. Figure 3.6). The comparison between both positions is shown relative
to a Thermo-Calc equilibrium condition from the initial starting concentrations. The
interface position determined from this model predicts a slightly thicker interface than
what DICTRA determines, and the rate is slightly slower; the difference between the two

models’ interface position is 1pm.
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Figure 3.3: Simulated concentration against time for chemically ordered phase growth for a ternary
system once. Equilibrium is reached by the simulation after (20,000s at 700K). As the starting
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Figure 3.5: Comparison of the interface positions for simulating the growth of Cementite in ferrite in
DICTRA (black) and the numerical model developed within this work (red) at 700K. The reaction rate
is similar between the two, and the overall resulting interface position is within 1um of each other. The
reduction in reaction rate is likely due to the different numerical methods behind the calculations. For

comparison, Thermo-Calc is used to determine an equilibrium calculation (black dotted) for the same
bulk composition, which produces an interface but does not consider the starting composition that has

formed.
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Figure 3.6: comparison of the interface positions for simulating the growth of Cementite in ferrite
ordered phase in DICTRA (black) and the numerical model developed within this work (red) at 800K.
The reaction rate is similar, and the overall resulting interface position is within 1um of each other.
The reduced reaction rate is likely due to the different numerical methods behind the calculations. For
comparison, Thermo-Calc is used to determine an equilibrium calculation (black dotted) for the same
bulk composition, which produces an interface but does not consider the starting composition that has
formed.
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The concentration profiles of the two techniques follow each other at all temperatures
simulated. The difference in growth rate between this model and DICTRA is apparent at
earlier time steps as the two concentration profiles do not track one another as closely at
700K (c.f. Figure 3.7) as they do once the reaction has used up all available carbon (c.f.

Figure 3.8). The 1um difference in the final interface position is not easily discernible.

0.25 1
02k |
0.15 .
0.1F .
0.05 - |
ok . ——l—“’lé—__“—l—___l_—_’__l___—_—

0 2x107°  4x10° 6x107° 8x107° 10* 1.2x10™*

Molar Fraction of C

105——————F————7——— 11—+

0.95 - 7
09 N
0.85F n
0.8 n
0.75 N

0.7...I...I...I...I...I..
0 2x107°  4x10° 6x10°  8x107° 10* 1.2x10™*

Distance (m)

Molar Fraction of Fe

Figure 3.7: Concentration profile for carbon and iron for the resulting simulations in DICTRA (black)
and the numerical model developed within this work(red). Simulations had run for 5,000s at 700K. The
concentrations in the ferrite phase have a very similar profile showing how similar the two techniques
are in their results. The concentration of carbon is depleted more at the interface between the two
phases in both carbon and iron.

Figure 3.9 and Figure 3.10 show concentration profiles at 800K as the simulation has

proceeded further there is less of a difference between the two techniques. The increased
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Figure 3.8: Concentration profile for carbon and iron for the resulting simulations in DICTRA (black)
and the numerical model developed within this work (red). Simulations had run for 50,000s at 700K.
The concentrations in the ferrite phase have a very similar profile showing how similar the two
techniques are in their results. The concentration of carbon is depleted within the ferrite phase entirely,

which has stopped any further reaction from occurring.
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growth rate from a higher temperature allows the simulation to reach equilibrium quicker

and causes the two models to track interface positions and concentration profiles better.
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Figure 3.9: Concentration profile for carbon and iron for the resulting simulations in DICTRA (black)
and the numerical model developed within this work (red). Simulations had run for 2,500s at 800K.
The concentrations in the ferrite phase have a very similar profile showing the similarities between the
two numerical techniques in their results. The concentration of carbon is depleted within the ferrite
phase in front of the interface.

Modelling the growth of (Fe, Cr)3C results in the growth of a precipitate with roughly
similar concentrations of the substitutional sublattice in the solute phase; the average Cr
concentration is 0.08%, and the Fe concentration is 0.67%. Figure 3.11 shows the pre-
cipitate growing preferentially with Cr, which causes the depletion of Cr at the interface.

The simulated domain does not interact outside the modelled volume; the overall reaction
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Figure 3.10: Concentration profile for carbon and iron for the resulting simulations in DICTRA (black)
and the numerical model developed within this work (red). Simulations had run for 10, 000s at 800K.
The concentrations in the ferrite phase have a very similar profile showing the similarities between the
two numerical techniques in their results. The concentration of carbon in the ferrite phase is severely

reduced, indicating that all available carbon has been reacted, resulting in no further reaction occurring.
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stops once the carbon in the bce phase is depleted.

3.4 Discussion

Figure 3.1 shows that numerical model growing a range of different chemically ordered
phases for a range of reactions, and shows that the stoichiometry bears no significant
role in the reaction rate. The position of the interface, which is related to the growth
of the growing phase, increases with a lower B contribution in the stoichiometry, as the
solution phase has a reduced quantity of available B within the bulk. The simulations
run until equilibrium; therefore, the solution phase concentration of B has been depleted.
The only equilibrium within a binary system is where an element is depleted within the

solute phase due to the lack of diffusion within the chemically ordered phase.

The growth of a precipitate in a ternary system has extra complexity from the need to
ensure the conservation of stoichiometry whilst also allowing variation within the substitu-
tional sublattice and influenced by the solution phases’ elemental concentrations. Growing
the chemically ordered phase (A, B),C and varying the solution phase concentration of
A and B, thermodynamically from the chosen end member values, the compound ByC is
the preferred phase to form. As the concentration of B increases, Figure 3.2 shows the
phase growth rate decreasing because the driving force between the solution phase and
chemically ordered phase is smaller than the driving force for element A. The depletion
of element B at the interface causes an increase in the concentration of element A at the

interface, which is the faster compound to form thermodynamically.

Increasing the initial concentration of B within the solution phase results in a decrease
in the rate of the chemically ordered phase. The reduced rate of growth results from
B’s chemical potential within the solution phase being a smaller difference in the driving
force for the reaction. As the concentration of B increases within the solution phase,
the concentration of C within the solution phase increases the precipitate growth; shown
in Figure 3.3. This reduced reaction rate causes a greater concentration of element C

within the solution phase after the precipitate has grown. Oscillations are seen within the
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1,000s (black) and 10,000s (grey). Concentration profile for carbon, chromium and iron for the
resulting simulation after two times (1,000s (black) and 10,000s (grey )) at 700K creating (Fe, Cr)sC.
Cr3C is the preferred compound to form. As Cr3C is the preferred compound, this decreases within the
Cr concentration profile ahead of the phase interface; as the simulation proceeds, the oscillations within
the iron and chromium increase. The increased oscillations are due to chromium depletion ahead of the
phase interface, which is not replaced. The chromium diffuses at a similar rate to iron and is, therefore,
slower than the interface motion, which is tracked with carbon; these oscillations are an artefact of the
simulation set up with discrete simulation volumes.
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chemically ordered phase as it grows; this is an artefact of the splitting and joining used
within the model. Once sufficient mass has been moved into a chemically ordered grid
volume, this volume splits equally in half. If the solution phase grid volume had a high
concentration of element B, the diffusion into the chemically ordered phase would be more
significant. Correspondingly, the concentration of element B within the chemically ordered
phase grid volume at the interface would be higher. In the opposite case, where there was a
low concentration of element B within the solution phase grid volume, the concentration of
element A would be more significant in the chemically ordered phase and would be seen as
less B concentration in that grid volume. Diffusion is not simulated within the chemically

ordered phase, preventing the removal of the oscillatory concentration gradients.

Varying the mobility between the chemically ordered and solution phases provides an
insight into what effect the interface reaction has on the growth rate; the effect of the
interface mobility is shown plotting the interface position against time in Figure 3.4. For
an interface mobility modification of 0.01 and 0.001 times, there is very little difference
in the growth rate of the chemically ordered phase. An interface mobility modification of
0.0001 causes there to be a sufficient reduction in the rate of growth. The growth varies
sufficiently to where it is nearly a linear growth relationship rather than the square root

relationship.

This numerical scheme has been validated through DICTRA within Thermo-Calc for the
Fe3C system in ferrite. The interface positions are compared between the two models and
show reasonably good agreement; there is a difference within the final position of 1um
within both Figure 3.5 and Figure 3.6. There is a difference in the reaction rates at 700K;
the simulations have reached equilibrium at different times; 6 x 10%s for the numerical
scheme discussed here and 4 x 10%s for DICTRA. At 800K the difference within rates is
significantly less, reaching equilibrium within 1 x 103s of each other; this is because of
a greater diffusivity at higher temperatures. The difference in interface position could
result from the difference in the ways that the two models represent the interface and
may be influenced by the conservation of mass within the presented model not able to

sufficiently utilise the full amount of carbon within the solution phase. Both techniques
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do not provide agreement with Thermo-Calcs single point equilibrium calculation, but

this is related to a difference in molar volumes between the different calculations.

DICTRA and the presented numerical scheme agree with their concentration profiles
for 700K, after 5,000s, the difference in growth rates can be seen by a difference in
the concentration profiles in Figure 3.7. Figure 3.8 shows how once the simulations have
reached equilibrium, the difference between the two concentration profiles is negligible. At
800K the growth rates more closely track, therefore the difference within the concentration
profiles shows less discrepancy at 2,500s; Figure 3.9 displays the concentration profiles
being close but not exactly the same. Figure 3.10 shows negligible difference between the

two techniques at 800K once equilibrium has been reached.

Figure 3.11 shows the concentration profiles of the growth of a ternary precipitate. CrsC
is the preferred precipitate to form; however, this is concentration limited within the
solution phase. The characteristic oscillations can be seen within the precipitate, this is
related to the modelling technique for the simulated volumes. The initial concentration
of the chemically ordered phase is 0.5Fe-0.25Cr-0.25C. This initial concentration is main-
tained and causes a decrease in chromium concentration within the solution phase. The
ternary simulation can produce a precipitate with an equilibrium composition based on
the starting concentrations, which may differ from other techniques but is because of the

solution phase modelling.

3.5 Conclusion

A numerical model has been developed that can describe the growth of chemically ordered
phases; the model simulates the reaction across the phase interface and considers the
chemical driving force for the formation of the phases to determine the rate at which
the phase is grown. The Fe3C system has been modelled because it is well studied, and
there is plentiful data within the literature. Comparisons with DICTRA show a similar
resulting output of composition and rate of reaction. The technique developed within

this work is sufficient to model the growth of multi-element chemically-ordered phases.
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Simulating multi-element chemically ordered phases allows the model to predict how the

phases’ composition varies during their growth rate.
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Chapter 4

Modelling the Growth of Nickel Oxide

4.1 Introduction

The development of a numerical model to simulate the growth of an oxide has many dif-
ferent applications in optimising alloy design through more informed and less costly phys-
ical experimental methods with a drive to improve component service lifetimes, though a
greater understanding of the different alloying elemental contributions to the final alloying

material.

Nickel oxidation is well documented and described; the research having started in the
1950s by Wagner [102]. However, there is a lack of numerical models that describe oxida-
tion on a macro-scale. Numerous models rely on an understanding of atomistic reactions,
molecular dynamics (MD) [5, 11, 130, 136, 178, 252-254| and Density Functional The-
ory (DFT) [6, 253, 255]; these techniques are used to understand the mechanisms that
influence the initial growth of an oxide. MD and DFT simulation results can influence
the elemental choices used in the overall alloy design. MD and DFT can also be used
to determine parameters that feed into other modelling techniques [256]. The lack of
suitable oxidation models for describing physical oxidation experiments limits the ability
of numerical simulations to play a role in influencing the alloying concentrations in alloy

design; due to the lack of an understanding numerically as to each element’s contribution
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to oxidation. Numerical simulations into the alloying elements and concentrations with
which they are added can help to influence the physical experiments into the oxidation
behaviour of alloys to reach a better oxidation resultant alloy; especially as current alloys

are a complex mix of more than 10 elements [8, 21-26].

This work aims to develop a simple numerical scheme suitable to model the growth of
oxides that can replicate experimental oxidation data. This model will be used to simulate
the growth of nickel oxidation as a wide range of experimental data is available in the
literature. Nickel oxide is reasonably well understood and has little variation within
stoichiometry; often, the only oxide present is NiO as the other oxides NiO and NizOy4

are transitional [172, 178].

4.2 Methodology

4.2.1 Model Description

Oxide growth is a complicated mix of three different contributions; the oxide-metal in-
terface, the diffusion through the oxide and the oxide-gas interface. This model considers
each of these different processes; this methodology relies heavily on the presence of vacan-
cies within a sublattice facilitating the diffusion of ions through the oxide. The reaction

which describes oxidation is defined as:

aMe +bO = Me,O, (4.1)

Oxidation requires a source of both metal (Me) and oxygen (O) to occur ( Equation 4.1).
Oxidation can be classified as cationic or anionic; the predominant charge carriers determ-
ine this through the oxide. There are two distinct reaction interfaces within oxidation; the
metal-oxide interface and the oxide-gas interface. Considering the reaction at the metal-
oxide interface, the oxygen ions limit the amount of metal that can cross the interface
into the oxide. For the oxide Me,Oy, the reaction to produce the oxide from the base

components is related to the number of vacancies on the metal sublattice of the oxide to
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allow more metal to travel into the oxide. The oxidation reaction is bi-directional and

therefore predicts the dissolution of the oxide should the right conditions be met.

aMe® 4+ bVaO* = Me,Oy (4.2)

Equation 4.2 defines the interface reaction that occurs between the metal and oxide in-
terface; the addition of empty oxide sites (VaO) and bulk metal atoms (Me). Assuming
that the metal is becoming part of the oxide from the substrate forms from all the nearby
oxygen sites where there sits a corresponding metal vacancy; the reaction thermodynam-
ics become the difference between the thermodynamics of the pure oxide and the base
metal, including oxide with no metal present on the metal sublattice. Using Equation 4.2
as the definition for the driving force AG for metal becoming part of the oxide phase in

terms of chemical potentials y;

AG = ,U?\ic[eaOb - bll“?/xaaOb - alu(;Je (43)

The chemical potentials can be re-written in terms of activities [182]; activities are typic-
ally the preferential means of describing an oxides energy over chemical potentials. The
following derivation provides confidence that the two methods (chemical potential and
activity) for describing the thermodynamics of oxides are equivalent and that the use of

chemical potentials is appropriate.

i = 1 + RT In(a;) (4.4)

the chemical potential is written in terms of a standard chemical potential u{ and the

activity a;. Substituting Equation 4.4 into Equation 4.3 gives:

AG = p¥eaos 4 RT In(are,0,) — buVeaor, — RT In(aya,o0,) — ap’e — RT In(ay.) (4.5)
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grouping the logarithmic terms gives in Equation 4.5 gives;

AG = pieaos — by¥ea0s — apic + RT (n(arse,0,) — In(ans.) — In(ava,0,)  (46)

the u° terms within Equation 4.6 can be combined to form AG(} which is the formation

energy of the reaction.

AG = AG? + RT (In(ape,0,) — aln(ane) — bln(ava,o,)) (4.7)

Combining the logarithmic terms in Equation 4.7 into a single logarithm result in the

equation:

aO.Z’
AG = AG) 4+ RTn ( MeaOs ) (4.8)
’ (a%%,0,) (1)

The driving force is computed with the assumption that there are no metal ions within
the oxide; all the metal sites in the metal sublattice are populated with vacancies. The
lack of metal ions in the oxide is from the assumption that is made with Equation 4.2;
where the reaction to produce an oxide requires vacancies within the metal sublattice
in the oxide. The chemical potential of bulk metal atoms, becoming part of the oxide,
is therefore considered an addition to an empty oxide’s energy. The reaction products
are filled metal and oxygen sublattices of the oxide. Having written the thermodynamic
driving force for the reaction in terms of activities Equation 4.8 describes the driving force

for oxidation with the mass action law.

Once the reaction describing the metal-oxide interface has been determined, a flux of
metal atoms across the interface can be described though a modification of the equation

described by Larsson et al. in Equation 4.9 [1].
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_Mifﬂz‘ Ap
V. AZ

Ji = (4.9)

Two simplification steps made by Larsson et al. are not suitable for modelling the growth
of an oxide; these are: approximating the molar fraction of the element across the interface
between the two interface phases o and 3 as Equation 4.10 and the assumption that the

molar fraction of vacancies within each phase is constant Equation 4.11.

z; = /222’ (4.10)

The reaction rate depends on how much metal is within the oxide phase. As the con-
centration of metal within the oxide increases, the proportion of metal diffusing into the

oxide decreases.

\ 2, b, = constant (4.11)

The assumption that the concentration of vacancies is constant is not applicable; as the
number of vacancies within the oxide is required to be known and influence the flux of
nickel into the oxide phase. The number of vacancies can be determined and vary across
the oxide; as they facilitate the diffusion of nickel. Reverting the assumptions made in

Equation 4.10 and Equation 4.11 modifies the flux equation to be:

M;

Ap;
o= A (4.12)

As the concentration of vacancies within the metal is assumed to be constant, the vacancies
concentration can also be assumed to be combined into the mobility term. The flux
causing oxidation is between the metal within the bulk phase and the vacancies within
the oxide phase; the vacancies are assumed to diffuse into the bulk once they reach the

metal phase and are not explicitly tracked.
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In the present model, the assumption is that new oxide formed on the surface has no metal
on the metal sublattice; therefore, the metal concentration in the oxide is 0, and the site
fraction of vacancies in the oxide is 1. However, the flux of the reaction is proportional
to the number of sites that the metal ions can fill within the bulk oxide; this is described
as the molar fraction of vacancies in the oxide xv,. The flux of metal atoms across the

interface is computed as follows;

e = —\af G e 22 (4.13)
My is the inter-facial mobility across the metal-oxide interface. V,, is the molar volume
of the system and AZ is the grid spacing, AG is Equation 4.3 or Equation 4.8. The
stoichiometric number of the oxide scales the reaction flux as the flux is for the total
number of atoms that could move from the reaction; the oxygen ions are assumed to be
immobile, so only consider the metal atom’s motion. The assumption that oxygen ions
are immobile results from the lack of an understanding of the diffusivity of oxygen within

nickel oxide and the lack of a model describing vacancies on the oxygen sublattice.

Taking into consideration the difference in mobility between the bulk metal and the inter-
face Equation 4.13 the pre-factor M! is added; this describes any increase or decrease in
mobility that occurs from the reaction. This value also includes other reactions between
the bulk metal and metal in the oxide, such as ionisation from the metal phase. Further,
the flux calculated assumes that the oxygen diffuses across the interface; as only metal
is diffusing, the flux must be scaled appropriately _¢;. This modifies Equation 4.13 to

become;

. . a 0 szMMeMI AG
IMe = = TV P MeTVa T T A

(4.14)

Once the metal atoms have become ions and are part of the oxide, these ions diffuse
through the oxide towards the oxide-gas interface; this occurs via a modified version of

the diffusion equation used by Larsson et al. [1]. The bulk diffusion flux within the oxide
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phase requires adjusting similarly to describe the flux within a bulk phase, the assumption
that vacancy concentrations are constant Equation 4.11, with the addition of reverting

some of the assumptions that the vacancy content is at local equilibrium:

Hva = 0 (415>

Including these two modifications Equation 4.11 and Equation 4.15 related to the vacan-

cles concentration within the reaction describes the flux of atoms within an oxide:

(4.16)

The concentration of vacancies is not explicitly tracked within this model but is determ-
ined by knowing the oxygen and metal concentration. Stoichiometry defines the ratio
between metal and oxygen. For a simple MeO oxide, the fraction of oxygen to metal must
be 50%. Considering a system where vacancies only are present on the metal sublattice.
The total fraction of metal and vacancies must be 50% to ensure that all available sub-
lattice sites are occupied; otherwise, the system would have oxygen ions on the metal

/

) are the molar fractions scaled to be repres-

sublattice. The effective molar fraction («/

entative of the different sublattices. For a simple MeO oxide, the effective molar fractions

can be written as:

=2y, + 2, + 7 (4.17)

knowing that the ideal value of z}, should be 0.5, this allows the Equation 4.17 to be

simplified, ignoring the oxygen concentration;

Ty, + e = 0.5 (4.18)

The effective molar fractions must be determined from the concentration of metal and
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oxygen within the grid volume. As the stoichiometry of the oxide is known, the relation
between the metal and oxygen sublattices is also known. The number of moles on the

metal sublattice equals the number on the oxygen sublattice.

no = Npe + Nyg (419)

The total number of moles occupied by the oxide is niorq1 = 2n0. Notar can be used as a

different divisor for calculating the molar fraction; this is the effective molar fraction.

/ n; n;
x; = = 4.20
Ntotal 277/0 ( )

Equation 4.20 results in the effective molar fraction of oxygen being 0.5, allowing the
actual molar fraction of vacancies and metal to be determined. The number of moles of

vacancies can be determined as the difference between the moles in oxygen and metal;

Nve = NO — Npfe (4.21)

which can be used to determine the molar fraction of vacancies;

Ty, = RO (4.22)

Equation 4.16 should be rewritten in terms of effective molar fractions defined in Equa-
tion 4.20 as ordinarily the vacancy concentration is not explicitly tracked, this now be-

comes;

. M; Apg — Apiyg
Ji = _x;l{/av_m A7 <423>

Within the bulk oxide diffusion occurs by ionic species moving into metal vacancy sites, the

mobility equation calculation for ionic diffusion [257] takes into consideration the valency

77



of species k (Zy) and the charge on an electron (Q.). Dy is the diffusivity coefficient, and

Q is the activation energy.

M, = Zg? Dy exp (}—?) (4.24)

The oxide-gas interface is controlled by the oxygen becoming included as part of the oxide

phase. This process can be represented as three steps [182]. Initially, molecular oxygen

becomes adsorbed onto the oxide surface on-site S; this reaction occurs at a rate k,,

Os(g) + S == 0y[S (4.25)

The adsorbed molecular oxygen then subsequently splits into atomic oxygen at the oxide

interface; this requires another adsorption site S; this reaction occurs at a rate ky,,

0[5 + 5 = 0|5 +0|S (4.26)

Atomic oxygen that is adsorbed onto the oxide surface becomes part of the oxide and

takes into consideration the ionisation of the oxygen atoms; this occurs at a rate k.,

0O|S = ozide (4.27)

Equation 4.27 can be combined with the number of available adsorption sites; M, to derive

a rate of oxygen addition into the oxide. Where M is 10*cm™;

2 (4.28)

the full derivation is described within [182]. Where Po, is the partial pressure of oxygen,
this oxygen addition rate can be simplified by the assumption that at higher partial

pressures of oxygen, the rates of molecular and atomic oxygen need to be considered; if
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Figure 4.1: Figure showing the rate of oxygen addition to the oxide for both Equation 4.28 and
Equation 4.29 (from [182]); showing the difference between the two for 4 different combinations of
different rate constants k, and ky,. At higher pressures, the difference between the majority of the curves
is small; less than 2%; this assumption simplifies the equations to have one unknown rather than three.
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1
the rate of atomic adsorption is greater than molecular adsorption then (%) ’ P; << 1
b 2
The term in the square brackets (Equation 4.28) is therefore approximately 1. If the
1
surface is saturated by oxygen atoms and molecules ((KaKb)% Pg, >> 1) which reduces

the oxygen addition rate to be (c.f. Figure 4.1)

rate = K. .M (4.29)

Using this simplified rate equation can be turned into a flux of moles jo by dividing by

Avogadro’s (N, ) constant to turn atoms into moles.

K.M
0 = — 4.
Jo =N, (4.30)

The flux of oxygen ingress into the oxide Equation 4.30 only occurs when the metal
concentration at the oxide-gas interface is sufficiently high; oxygen will only be added to
the surface provided that there are filled metal sublattice sites. If the sites are not filled,
this describes the adsorbed oxygen on the surface, preventing further oxygen from joining
the oxide surface. The number of vacancies on the substrate is the difference between the

moles of oxygen and metal

Nye = No — NpMe (431)

The number of moles of vacancies is modified into a volume assumed to be a single atom
thick. An adjustment to ensure that oxygen is only added when the concentration of
vacancies is set at 0.01 and describes unconsidered factors such as how covered in oxygen

ions the surface of the material is

Vin
" (no — 4.32
W00rge A 10~ mare) (4.32)

Putting Equation 4.32 into an exponential provides an equation that describes the addition
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of oxygen at the gas-oxide interface; oxygen is added faster with a lower concentration
of vacancies present at the interface. Figure 4.2 shows the total flux of oxygen at the

oxide-gas interface;

K.M ~Vin(no — nare)
Anp = —— AAtex m c 4.33
°~ N, P ( 20015 2 A (4.33)
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Figure 4.2: Relationship between the oxygen ingress into the oxide and the molar fraction of nickel at

the oxide-gas interface (Equation 4.33). As the molar fraction of nickel reaches 0.5, the rate at which

oxygen is added to the oxide increases; at around 0.45 molar fraction of nickel, the oxygen addition is
reduced significantly.

where Ng and Ny are the number of moles of oxygen and metal at the oxide-gas interface
respectively; rgz- is the ionic radius of an oxygen ion 140pm [257]. How these different
reactions and diffusion fluxes occur along with where they act is represented in Figure 4.3,

highlighting the motions of the different species within the simulation.

The fluxes from the different reaction steps are converted into a change of moles by;
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where A is the interfacial area, At is the time step for the simulation, and N is the number

of moles.

Thin layer of metal empty oxide
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Figure 4.3: Schematic showing the simulation design with the three distinct phases; gas, oxide and
metal. The oxygen-gas interface assumes that as oxygen is added to the oxide, it forms a thin layer of
oxide on the surface with an empty metal sublattice, which is subsequently filled by metal diffusing into
the layer from the bulk oxide. As the concentration of metal within the bulk oxide is diluted from
oxygen, adding more metal diffuses into the oxide phase from the bulk metal at the metal-oxide
interface. This interface takes the vacancies created when the oxygen adds onto the surface of the oxide
and moves them into the bulk metal, where they diffuse to vacancy sinks.

The numerical scheme can be adapted to simulate a multi-element oxide; this requires
changing the metal-oxide interface in Equation 4.14. This adaption does not allow for
there to be multiple oxides that are grown; simply, it allows the composition of the
resulting oxide to be modified by determining the rate of each metal that crosses the
interface. The oxide-metal interface reactions are split into the individual elements, and

the fluxes are correspondingly calculated;

oxr b oxr a «
AG: = piflo, = — a0, — (4.35)

The metal flux defined within Equation 4.14 describes how a single metal moves across
the phase interface. The concentration of the metal that moves across the interface is

simplified to be the elements site fraction yy,.
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. a MIMZ AGI
Ji = _yfia +b \V/ xf‘x‘% vV AZ (436)

The total flux is also scaled for a fraction of all elements that can move onto the sublattice.

4.2.2 Parameters and Implementation

The numerical scheme outlined in this work does not include the mechanism for oxide
nucleation; therefore, a small layer of oxide is assumed to have already formed on the
surface and is allowed to grow. A single thin slice of oxide is present with a small molar
fraction of metal ions (1 x 1072°). The oxide region is attached to a large section of
nickel metal (1000xm); this region is divided into 1pum simulation volumes with a fixed
cross-sectional area and is made up of pure nickel metal. On the edge of the outer oxide

layer, oxygen ions are added to the oxide.

Bulk diffusion within the metal phase follows the original work by Larsson et al. [1]
(Equation 4.9) and the equation describing the metal-oxide interface is Equation 4.16 and
the oxide-gas interface is described by Equation 4.33. The fluxes, once calculated, are
turned into a change of moles by Equation 4.34. The numerical scheme is computed using

an explicit finite difference scheme.

In order to enhance the stability of the oxide growth, as the metal concentration within
the oxide cannot exceed that of the oxygen concentration, the metal-oxide interface can
result in too much metal diffusing into the region. If the amount of metal diffusing in a
single time-step is too large, then the diffusion region is calculated at 0.1 times that of the
original time-step to enable the model to simulate the appropriate oxygen concentration
in the oxide. Reducing the time step by a factor of 10 helps to avoid the concentration of
metal becoming greater than 50%; this is nonphysical, and the simulation cannot describe

such a state.

The fec phase of the binary simulation was comprised of 1 mole of nickel. Thermodynamics

for the simulations are computed using the compound energy formalism [210] and use the
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CALPHAD assessment [258]. The activation energy for Nickel diffusion in nickel oxide
was used as 225kJmol! [259-261|, the diffusivity coefficient used was 1.7 x 107 %m?s?
[259, 261]. The activation energy for nickel self diffusion in the fec phase was 287kJmol™

and the diffusivity coefficient was 9.2 x 10~°m?s™ [262].

Ternary simulations were set up in a similar way to the binary scheme. The fcc phase
has a composition of 0.9 moles of nickel and 0.1moles of chromium. The thermodynamics
were defined by the CALPHAD assessment [258]. The diffusivity coefficient for Chromium
within nickel oxide was taken as 8.6 x 10~"m?s! and the activation energy as 282kJmol™*
[263]. The diffusivity coefficient for chromium in the fec phase was used as 1.4 x 107*

m?s! and an activation energy of 278.2kJmol™! [264].

Grid volumes dynamically resize depending on the number of moles within each volume.
As the area is fixed in size, this simulates a 1-dimensional domain. These simulation
volumes can dynamically split and join depending on the size. When a volume is 30%
above its original starting volume, it is split into two equal volumes of half the size; if
a volume is 30% of its original size, the volume is joined onto another volume of the
same phase. This scheme cannot be used for the initial thin slice of oxide until the oxide
slice has a thickness greater than 30% of the bulk slice to prevent the oxide from being

prematurely incorporated into the bulk; this is the same as what is described within [1].

A few unknowns may influence the oxidation reaction that is not present within the
literature; these are the rate k. and the rate between the oxide and metal phases. As the
diffusion of nickel in oxide is the rate-limiting step in the oxidation reaction, it is not easy
to measure the rate k. as the process happens too quickly. The rate at which a metal
atom is ionised and becomes part of oxide is too quick to measure. This work considers

these effects by adjusting the interface mobility M.

To test a variety of different parameters the values k. and M! are varied for temperature
ranges of 1000°C to 1200°C in 100°C increments. k. is varied between 0.01 and 100 in
powers of 10, and M! is varied between 1 x 107® and 1 x 10~ in powers of 10. These

unknown values seek to find the lower limit of such values; These processes defining both
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Figure 4.4: Oxidation rate against time for simulations at a range of temperatures 1000-1300K. The
oxidation simulations were run with values k. of 1 and M' 1 x 10~%. As the temperature increases, the
rate of oxidation increases; at 1000K, the oxidation rate is reduced and closer to linear than parabolic

oxidation.

interface reactions cannot fully describe how the oxidation process occurs.

4.3 Results

The simulations can determine the oxide thickness and mass change from the oxide growth,
similar to that of a parabolic growth curve. Additionally, the simulation gives an idea
of nickel concentration through the oxide phase; there is a slight decrease in concentra-
tion near the oxide-gas interface and an increase in concentration near the metal-oxide

interface.
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4.3.1 Oxidation of nickel

The oxidation reactions were used to determine the K, of each temperature and the k.
and M!. This data was compared against the data from [2[; this data includes oxidation at
a range of temperatures and pressures for pure oxide; the experimental set-up is assumed
to be the same, and therefore, the data is comparable.Figure 4.5 Shows a similar oxidation
rate with the data in [2] between k. values of 10s™ and 100s™ for oxidation simulations

performed at 1000°C .
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Figure 4.5: Plot of K, against time comparing computed oxidation rates and the data at 1000°C in [2].
The effective mobility considers the mobility pre-factor M!. The mobility pre-factor has a relatively
negligible effect on the rate of the reaction; but the value of k. lies between 105! and 100s™! for an

oxidation temperature of 1000°C .

Simulations results to provide more detail between k. values of 10s' and 100s which
were determined from Figure 4.5 as being the closest fit to experimental data. Figure 4.6
shows simulations that have been performed for k. increments of 10s! between 10s™ and
100st. A power law has been used to fit the data to determine the ideal value of k. to

produce the same resulting oxidation rate as [2]. Values of k. of 18.9s5™ for a value of M!
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of 1 x 107% and 17.9s! for a value of M! of 1 x 10~°.
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Figure 4.6: Plot of K, against time comparing computed oxidation rates and the data at 1000°C in [2].
Investigating which value of k. best describes parabolic oxidation for 1000°C from the data provided in
[2]; including the power law fit for the simulated data; this gives an estimation as to what k. could be;
18.9s7! and 17.9s57! for an effective mobility of 1.28 x 107!m?%J/mol/s and 1.28 x 10~2*m?J /mol/s
respectively.

Oxidation simulations performed at 1100°C show a similar oxidation rate with the data
in [2] shown in Figure 4.7 by the k. values of 10s™! and 100s™ resulting in a k;, value below

and above that of Haugsrud et al. |2] respectively.

Simulations results which provide more detail between k. values of 10s and 100s™ which
were determined from Figure 4.7. Figure 4.8 shows simulations that have been performed
for k., increments of 10s™ between 10s™ and 100s™'. A power law has been used to fit the
data to determine the ideal value of k. to produce the same resulting oxidation rate as
[2]. Values of k. of 30.5s! for a value of M! of 1 x 107 and 30.1s™ for a value of M' of

1 x 1075,

Oxidation simulations performed at 1100°C ; Figure 4.9 shows a similar oxidation rate

with the data in [2] between k. values of 10s™ and 100s™.
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Figure 4.7: Plot of K, against time comparing computed oxidation rates and the data at 1100°C in [2].
For two different effective mobilities and a range of different k. values, the data which best matches the
data provided by [2] is between a k. value of 10s™! and 100s™!.
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Figure 4.8: Plot of K, against time comparing computed oxidation rates and the data at 1100°C in [2].

Finer detail between k. values of 10s! and 100s™! to determine a more approximate value of k. for the

two effective mobilities. The k. values that best correspond to the oxidation rate described by [2] are
30.5s and 30.1s™! for an effective mobility of 5.59 x 10~2'm?J /mol/s and 5.59 x 10~2?m?J /mol/s

respectively.
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Figure 4.9: Plot of K, against time comparing computed oxidation rates and the data at 1200°C in [2].

Two different effective mobilities and a range of k. values are used to approximate the actual value of k.
at set effective mobilities. The value of k. is between a k. value of 10st and 100s™!.
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Simulations results which provide more detail between k. values of 10s and 100s™ which
were determined from Figure 4.9. Figure 4.10 shows simulations that have been performed
for increments of 10s™* between 10s and 100st. A power law has been used to fit the
data to determine the ideal value of k. to produce the same resulting oxidation rate as

[2]. Values of k. of 58.65! for a value of M! of 1 x 1075.
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Figure 4.10: Plot of K, against time comparing computed oxidation rates and the data at 1200°C in [2].
More simulation results for k. values between 10s™! and 100s™ for two effective mobilities; the value of
k. from the power law fit has been determined to be 58.6s™! for an effective mobility of

1.99 x 10~2'm?J /mol/s, to match the data in [2]. The higher effective mobility does not have sufficient
data to determine what effective mobility could be without excessive extrapolation.

The table of data for both M! values including the predicted k. values for all three tested
temperatures are presented in Table 4.1 and Table 4.2. The value for k. is missing at
the M! value of 1 x 10™* at 1200°C due to the extrapolation to produce the power law
fit. There was insufficient data to determine what the appropriate power law might be

around the point such that it matched the given data from [2].

The power law fit for k. at different temperatures are different but provide agreement in

their values; the closeness in k. values may be the result of experimental variations within
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Table 4.1: Power law values for an M! value of 1 x 10~* following the equation Ak? with the k. value
that would produce the same oxidation rate as the data in [2]. The computed k. value increases as
temperature increases; however, very similar values for A and x from the power law fit of +2.8% and
+0.75% respectively.

Temperature (°C ) | A X k.
1000 7.14E-13 | 1.819 | 18.9
1100 7.34E-13 | 1.835 | 30.1
1200 7.55E-13 | 1.847

Table 4.2: Power law values for an M! value of 1 x 107° following the equation AkZ with the k. value
that would produce the same oxidation rate as the data in [2]. The computed k. value increases as the
temperature increase the values of A and x are relatively similar at temperatures of 1100°C and
1200°C but are different at 1000°C ; this could show a difference in oxidation reactions at lower
temperatures from being more oxygen limited than oxygen limited.

Temperature (°C ) | A X k.

1000 1.34E-12 | 1.637 | 17.9
1100 6.34E-13 | 1.835 | 30.5
1200 6.49E-13 | 1.869 | 58.6

Hausgruds data. The power law fit for k. at 1100°C is used to predict what the k. value
would be for all temperatures k’.. The values are plotted in Figure 4.11. The gradient
can be used to determine a more representative power law fit for this data; a single k.
equation for matching closer to experimental data. The highlighted data point indicates
an extrapolated data point as the simulation was not stable to match experimental data.
For an M! value of 1 x 107 the best fit from Figure 4.11 is kc = 1.0858k’, — 2.46; this

results in the equation for k. being

k

» 1.835

= 1.
k 0858(734><

At the lower mobility M 1 x 1075 the best fit from Figure 4.11 is kc = 1.1014k" — 1.2916;

this results in the equation for k. being

_1

k.= 1.1014 R\ 1.2916 4.38
cT (6.34><10—13) o (4.38)
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Figure 4.11: Graph determining the relation between the actual k. value determined from the
simulation and the k. value computed from the power law fit. This is used to determine what the value
of ke is from the parabolic rate constant k, of (4.37) and (4.38) for the mobility pre-factors M! of
1 x 107* and 1 x 107° respectively. At a M! value of 1 x 10~* and a k. value around 60, which is
marked on the graph; this is an extrapolated data point and so may be inaccurate which has an
influence on the k¢ vs k;, equation (4.37).

93



4.3.2 Ternary Oxidation

The growth of a ternary oxide was simulated with little success; some instabilities in the
simulation resulted in insufficient data for analysis. The intention was to understand how
Cr influenced the formation and resulting oxidation rate of oxidation. Simulations show
the beginnings of the simulation as both Cr and Ni diffuse into the oxide to simulate oxide
growth. Figure 4.12 is the last concentration profile before the simulation was unstable;

at which point it was unable to produce any meaningful results.

1 L L L L
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Figure 4.12: Concentration profile for a ternary oxide growth of Ni-Cr-O; using (4.36). Only a small
amount of oxide is produced during the reaction before the simulation becomes unstable and cannot
produce sufficient oxide.

4.4 Discussion

The numerical simulations can reproduce similar oxidation rates (K,). The simulations are
varied in three different conditions; the value of k.; the rate at which oxygen becomes part

of the oxide. The mobility at the metal-oxide interface and the temperature. Figure 4.5,
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Figure 4.7 and Figure 4.9 show data validation at 1000, 1100 and 1200°C respectively,
with the starting parameters of k. between 10s' and 100s!; M of 1 x 10~* and 1 x 107
produce data that matches closest with the experimental data from [2|. Further detail
for all temperatures are shown in Figure 4.6, Figure 4.8 and Figure 4.10 between the k.
values of 10s! and 100s in increments of 10s™ to give a greater insight into what value

of k. produces oxidation rates that match experimental data.

Power laws with the form Ak? have been fitted to the higher detailed simulations to
estimate the k. value that would produce oxidation that matches experimental data. The
power law values are comparable at a M! value of 1 x 10™; the variation for the prefix and
exponent agree with differences of £2.8% and +0.75% respectively. Table 4.1 contains
the simulations power law fit values, however the value at 1200°C is not known fully as
the simulations did not provide enough information; due to simulation instability. Table
4.2 contains the power law fit value for a value of M! these values match closer between
temperatures 1100°C and 1200°C with a greater difference at 1000°C . This difference is
from a difference within the mechanism for the oxidation reaction; it is likely a result of
a decreased oxygen concentration, changing the mechanism from being diffusion-limited

to oxygen-limited.

In oxidation science, comparisons of the K, values of materials are the standard way to
compare oxidation behaviour; therefore, the values that are used for comparison given in
[2] do not provide a suitable validation for this numerical model. The standard reporting
does not consider how close the experimental data was to being parabolic and instead
forces the data to be assumed to be parabolic. The numerical simulations fit closely with
the K, value but may simulate a linear oxidation process. An approximation for what
equation would represent the value of k. for the range of M! values shows a slight linear
increase. There is insufficient data to determine whether the variation is experimental or
if the k. value increases with temperature. If experimental data included the parabolic
number n determined from the experiments, this would provide greater confidence in the

numerical simulation’s ability to model a real-world oxide.
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Simulations that ran with a M! greater than 1 x 10~* were unstable and resulted from the
metal-oxide interface becoming diffusion limited rather than reaction limited. The diffu-
sion of nickel across the interface was sufficiently fast that the diffusion within the oxide
bulk was insufficient to remove the metal that was added, resulting in a non-stoichiometric
compound that was un-computable with the assumption of no vacancies on the oxygen

sublattice.

The determined value for M! and k. are upper bounds for what possible values these
might be. By allowing the simulation to become rate-limited by one of these values, the
other value is not influencing how the reaction occurs. To provide an idea of what effect
each value has on the reaction rate requires the interface reactions to be the rate-limiting

step, which is a process that cannot be determined for both values.

Attempts at developing the oxide-metal interface description to simulate the growth of
a ternary oxide; Figure 4.12 shows the simulation before it becomes unstable. This lack
of stability results from the complexity of different diffusing elements’ ionization within
the oxide phase. The addition of an element without variation in ionization state, such
as chromium, is added into the oxide; the charge balance is not maintained through the
defined method. The lack of charge balance causes the simulations to become unstable;
this only manifests itself as the concentration of vacancies is depleted in the oxide to
be sufficiently low to allow a single flux of metal into the oxide to break the number of

vacancies on the metal sublattice and equally the charge balance.

Other CALPHAD databases based on simple oxide stoichiometries were looked for to
investigate this modelling technique’s ability to simulate more than just nickel. Work
by Chen [265] to develop a cobalt CALPHAD assessment assumed that any variation of
cobalt on the metal sublattice within CoO was negligible. This assumption results in the
CALPHAD assessment being unsuitable for this modelling technique, as the technique is
based on the variations within the metal sublattice. When considering more complex alloy
systems, understanding how elemental additions influence the diffusivity of the base metal

and the additional alloying elements is essential to model experimental data accurately.
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To assist further with greater understanding and refinements to the numerical scheme
discussed within this chapter could be aided by experimental data stating what parabolic
exponent was gathered from the experimental data to ensure a greater comparison in

terms of the data fitting.

4.5 Conclusion

A numerical model has been developed to simulate the growth of nickel oxide; this work
considers the reactions at the metal-oxide and oxide-gas interfaces. Nickel oxide has been
chosen for the study due to the availability of experimental data and the well-studied
system. The computational data has been used to compare to experimental data [2]
which has been used to validate this model and give an idea of the unknown variables k.
and M!. The interface mobility modifier was found to be suitable for both 1 x 10~* and
1 x 107° times the bulk metal diffusivity, the rate for oxygen addition k. was determined
to be Equation 4.37 and Equation 4.38 respectively. Validation with experimental data
was conducted in the standard manner for comparing oxidation simulations; however,
this approach misses certain information; the parabolic number n would increase the
confidence within these results. The simulation of ternary oxide growth was simulated

but was not stable enough to produce any results.
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Chapter 5

Phase Field Model of Nickel Oxide

Growth

5.1 Introduction

Phase field models have been in development since Kobayashi’s work in the 1990s [229,
230]; this work described the growth of a dendrite through a series of simple equations.
This foundation has led to phase field models being used to simulate a wide range of
metallurgical effects [104, 105, 227| with growing interest in a range of other areas of

science 225, 232, 233].

The existing oxidation phase field model was developed by Kim [97]; this model builds
on the work by Guyer [236], which is a charge-dependent model describing the oxidation
process by the motion of electrons and holes. This work is built on the MOOSE framework.
The work developed by Guyer is computationally intensive and is complicated to solve in 1-
dimension; as such, the work by Kim et al. [97] uses several strategies within the MOOSE
framework to enable massively multi-threaded workloads that are used to describe the
oxidation process. The model developed by Kim et al. is also limited to not simulate the

growth of multi-element systems because of how diffusers are defined.

This work seeks to develop the work described in Chapter 4 seeking to convert the sharp
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interface model into something suitable to be described by a phase field model. This
technique enables the simulation to be scaled to consider more complex shapes and higher
dimensions as the grid volumes are fixed volume. Moving the work in Chapter 4 to a phase-
field model allows the inclusion of other contributions in terms of grain boundaries and
stress into the model developed within the literature. The currently available phase-field
models used within the literature are not defined in a manner suitable for using standard
thermodynamic and kinetic principles used within the sharp-interface numerical models.
To produce a phase-field model capable of using work in Chapter 4; the creation of a

phase-field model defined with physical parameters in mid is developed.

The model developed within this thesis seeks to be a part of a more comprehensive collec-
tion of phase-field models that can provide users with a more comprehensive and complete
understanding of oxidation. Due to the ability to combine multiple phase-field models,
other material effects important to understand regarding oxidation can be included and
combined to give a more full and comprehensive numerical result. Other material effects
to be considered are stress-strain, grain boundaries and temperature effects, to name a

few.

5.2 Methodology

A phase field model has been developed based on the work by Larsson et al. [1, 249, 250],
building upon the principle that an interfaces velocity, v, can be tracked from the sum of

the fluxes across a phase interface;

v=-Vu > i (5.1)

where the flux used in Equation 5.1 across the phase interface is the flux defined within

the work by Larsson et al. [1];

ap Mz Apg?

af _ 2
Ji VA (5.2)
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This method aims to create an expression for the driving force of the atomic flux across

the interface in a consistent phase-field manner. The velocity of a phase field interface is

defined as the product of the interfacial mobility x4 and the thermodynamic driving force

AG. This expression links the velocity in Equation 5.2 to phase field variables ¢ [219];
¢

the phase order parameter qﬁ is the time derivative of the free energy functional ¢ as
defined by Kobayashi [229, 230]; it can be written in terms of the current phase order

parameter ¢, the thermodynamic description used within these equations is simplified.

76 = V%0 —6(1 ~ )(3 — 6) +mo(1 — ) (5.4

Equation 5.4 can be rewritten in terms of physical material constants interfacial energy o
and interfacial width n [219] where; € = on, v = 727, m = —6AG and T = E; combining

these terms with Equation 5.4 produces:

6= V20 = 201 = 0)(5 = 0) | + (1 — DA (55

The variational derivative of ¢ in Equation 5.5 can be written in terms of a curvature
écurv and thermodynamic gz'ﬁcum contribution; each of these terms cause atoms to move

between the interface;

é - Q‘Scurv + Q‘Stherm (56)

the separation of Equation 5.5 into separate thermodynamic and curvature terms (Equa-
tion 5.6) classifies the different terms in the equation as contributing the both individual
aspects. The first term in Equation 5.4 is independent of thermodynamics AG and so is

classed as being the curvature term:
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boars = 7 | V26 = 01 = 0)(5 — 0 5.7

the second term that is influenced by thermodynamics is classed as the thermodynamic

term:

qgtherm - ”%Cb(l - ¢)AG (58)

For steady state or a stationary profile, using the double well, potential can show that:

Vol = gcﬁ(l ) (5.9)

a similar expression can be used for the second derivative of the phase order parameter

to be

251 = 31—y (L
vV ¢|—n2¢(1 ¢)(2 ¢) (5.10)

substituting Equation 5.9 into Equation 5.8 gives:

q'btherm = M|V¢‘AG (5].1)

from Equation 5.3; pAG is the interfacial velocity; this converts Equation 5.11 into:

(btherm = |V¢’Utherm (512>

using Equation 5.1 the velocity term within Equation 5.12 can be written in terms of
interfacial diffusion fluxes; these fluxes may be written in the chemical potential difference

across the interface Equation 5.2:
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] _szz AG erm,i
¢therm = |V¢|(-Vm) Z V ZZ : (513)

Assuming that the interfacial mobility M;,; for the elements is the same; and that each
element has the same molar volume, additionally that AGperm,; = A,uf‘ﬂ Equation 5.13

can be simplified:

M,

Dherm = VOl D waldpi” (5.14)

Equation 5.3 allows ¢ to be written in terms of a thermodynamic driving force; this allows

Equation 5.14 to be written in terms of AGiherm:

1 M, s
AGiherm = — E AT 5.15
th 1 Az i Ty, ( )

Chemical potentials are defined as the intersect of the tangent to the Gibbs energy curve

[182];

AGY =t Apg (5.16)

therefore Equation 5.16 can be used with Equation 5.15 to determine the value of the

interfacial mobility assuming that AG* = AGperm:

—dVlgnt
= 1
H= AL (5.17)

The curvature contribution to the phase field model Equation 5.7 can be written as a

function of AG.,,, through the relation in Equation 5.3

: 36 1
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the interfacial mobility p in Equation 5.18 cancels out and can be rearranged in terms of

AGCUT’U;

Achrv =0 =
Vo 1 Vo

(5.19)

Equation 5.19 is undefined in the bulk regions, at the condition where ¢ is either 1 or
0; this is something which will be addressed later in the derivation. From Equation 5.3
allows gz.Scwv to be expressed in terms of the interface velocity and from Equation 5.1 in

terms of interface fluxes;

beuro = —=|VIVin Y 5 (5.20)

the interfacial velocity occurring from curvature, veu., in Equation 5.20 can subsequently

be written in terms of chemical potential using Equation 5.2 and using Au®® as AG cure;

= — A - 21
¢cu7"u | V¢| Vm GCUTU AZ (5 )
substituting AGy,», from Equation 5.19 into Equation 5.21
: V2 — 2801 - ¢)(5 — ¢) Mz,
curv — \Y U 2 —Vm G 5.22
Beurs = IV (a < (V) Y0 (522

Now Equation 5.22 simplifies such that the |[V¢| cancels out simplifying the equation to;

: ,. 36 1 Mz
b = (79%0 = B0l )5 - 9)) () T 5 (5.23)

Substituting Equation 5.23 and Equation 5.14 into Equation 5.6 as well as substituting

the velocity using Equation 5.1
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. 36 1 M@ 7 Mint [
b= (av%—ﬁu—aﬁ)(i—@) (V) M v e S e (501)

Equation 5.24 describes the Equation 5.5 with mobilities, M, molar fractions, x, chemical
potentials, 1 and the phase variable ¢. The equation is defined such that it is defined

within the interface and bulk regions.

The driving force across the interface for both the curvature and thermodynamic contri-

butions can be substituted into Equation 5.2 as Ap®”;

.af szz Achrv + AGtherm,i

: 5.25
Js T s (5.25)

Equation 5.25 defines the flux across the interface from the curvature and thermodynamic
contributions separately. Considering only the AGyperm ; term in Equation 5.25 provides

the same equation as that in Equation 5.2; therefore

AC;therm,i = Aﬂ/?ﬁ (526)

5.2.1 Mutli Phase Field

The multi-phase field method allows the interaction of multiple phases at the same point;
this modifies several equations to consider the different interactions. These are Equa-

tion 5.19 function and Equation 5.9; these become

AGoure = 03y | 6,61 — 6,6, — %(@ )b, (5.27)

Voi; = %¢i¢j (5.28)

Equation 5.27 and Equation 5.28 are actually the more complex versions of Equation 5.19
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and Equation 5.9 respectively; the derivation showing the equivalence of the two phases

in a binary case is shown in Appendix A.

The interface reaction not determined (metal-oxygen) is ignored from calculating as o is

set to 0 in these cases.

5.2.2 Metal-Oxide Interface

To describe the metal-oxide interface, the driving force for the interface between the metal

and oxide AGiherm;

AGtherm = ACTYproducts - AG(reactants (529)

can be re-written in terms of chemical potentials; where the assumption made is that the
new oxide forming is as if there was no original oxide present; this, therefore, creates the

reaction

Nif + Va0 = NiO%® + Val* (5.30)

The compound VaO is the compound that would form if the metal sublattice of the oxide
was vacant of any metal ions, whereas the oxygen sublattice is full of oxygen ions. The

interfacial reactions thermodynamics thus become

ACJtherm = l’l’(])\:;i:O - lu]]ifczc - /1’\92:0 (53]‘)

The vacancy concentration within the fcc phase is assumed to be within equilibrium
conditions as they are assumed to diffuse rapidly towards vacancy sinks within the ma-
terial; therefore, the chemical potential of vacancies within the metal is ignored as it is a

constant at sufficiently low concentrations to not be of concern.

The fluxes of the elements are appropriately distributed as AGiper is the total number
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of moles that move across the interface, assuming that all elements are mobile. Therefore

the calculated flux of nickel is half of that calculated due to stoichiometry of nickel oxide.

5.2.3 Oxide-Gas Interface

The following flux for oxygen ingress is used and is discussed in Chapter 4; Equation 4.30)

incorporates oxygen into the oxide in a phase-field consistent manner;

k.M
Ny

Jjo = (5.32)
Equation 5.32 adds oxygen only at the oxide-gas interface; therefore, it needs to be ad-
justed to only apply during the interface region; this is done through the use of |V¢| to

ensure the correct flux units this is multiplied by the distance the oxygen flux is travelling

over, Az,

koM
TGS (5.33)

Jo =

The oxygen flux in Equation 5.33 needs to be adjusted to only add oxygen to the system
when the concentration of vacancies gets sufficiently low that the oxide surface is composed

of metal oxide. This adjustment is made by the term exp(—yy,, + >_yy,); as

k.M
Na

jo = =—IVelAzexp(~ys,, + ) ys) (5.34)

The sum of all the components on the sublattice is equal to 1;

L=y, + > vy, (5.35)

rearranging Equation 5.35 and defining ) vy, as yy,,. in terms of the vacancy site fractions;

Yfve = 1- Y¢ue (536>

106



Substituting Equation 5.36 into Equation 5.34 adjusts the flux of oxygen to not be de-

pendent on the site fraction of vacancies;

k.M

A

jO = |V¢|AZ exp(—(l - nyc) + nye) (537)

Equation 5.37 can be simplified to

. k.M
Jo = N

IVlAzexp(l —2yy,,.) (5.38)

Looking at the reverse reaction where oxygen disassociates from the oxide, the same

assumption for the rate of oxygen ingress is used however reversed;

k.M
Ny

jO = |V¢|AZ exp(l - 2nye) (539)

Combining both the positive Equation 5.38 and negative Equation 5.39 fluxes results in

the total overall flux being;

. kM
Jo = N,

[VolAz (exp (1 = 2y5,,) — exp (1 = 2yp,,.)) (5.40)

further simplification for combining the exponential terms in Equation 5.40 into sinh

resulting in the oxygen diffusion being;

k.M )
jo=— |V¢|Azsinh (1 — 2yy,,.) (5.41)
2Ny ¢

If the system being modelled has a single element on the metal sublattice, then yy,,. is

the site fraction of the element, whereas if the model simulates multiple elements, then
Yra. is expressed as ) yy,.
k.M

= 79N, |V¢|Azsinh (1 — 2yy,,.) (5.42)

Jo
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Equation 5.25 assumes that the thermodynamic diffusion occurs via a chemical potential
driven mechanism which is not the case at the oxide-gas interface; therefore, AGperm = 0

and Equation 5.41 is added to compute the addition of oxygen into the oxide;

. mOMMe Achrv kCM
Jo = —

V. A. N, | VolAzsinh(l = 2yp, ) (5.43)

as oxygen’s mobility within the oxide is not known, the mobility of the metal is used to

determine the flux of oxygen across the interface for the curvature term.

5.2.4 Computation

The movement of mass for these phase-field simulations is calculated by Equation 5.25
and the respective bulk flux equations Equation 4.9 and Equation 4.23 are used in the
fec and halite phases respectively. Once the fluxes have been determined, the fluxes are

changed into a change in moles

where the area that the atoms flow through is defined as;

6
A / VoldV = [Vl /dV — Jol— oV (5.45)

5.2.5 Parameters and Simulation Numerics

Simulations used a 1nm grid spacing. The simulation domain for a 1-dimensional simula-
tion was comprised of 40 regions; 2-dimensional simulations were made up of 160 volumes
in a 40x40 grid. Zero flux boundary conditions were used. The phase field parameters n

0 ;”1—‘2] respectively. Simulations where these parameters

and o were used as 3nm and 10
varied were with values of 2 — 5nm and 1, 10 and 100 ’;% The simulation used a time

step of 1 x 107% and was used to simulate 1s and 10s. The molar volume in all three
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phases was assumed to be constant for simplicity, and the value used was 1 x 107>, The
temperature was 1100K, and the pressure was 1 x 10°Pa. The value of k, used was 100s™

and the value of M used was 1 x 107°.

The thermodynamic database used for the simulations was by Taylor [258|, the diffusiv-
ity data for the oxide phase was taken from [259, 261] as @ being 225kJmol™? and Do
being 1.7 x 107%m?s and the diffusivity data in the fcc phase was from [262], as @ being
287kJmol ™t and D, being 9.2 x 10~°m?s?. There was assumed to be no diffusivity of

oxygen within the system domain.

The fcc phase comprised 0.857143 moles of nickel in the fcc phase and 1 x 1072° moles of
oxygen in the fec phase, and 1 x 1072° moles of nickel and oxygen in the oxide and gas
phase. The halite phase comprised 0.52 moles of oxygen and 0.48 moles of nickel, and
1 x 1072° moles of nickel and oxygen in the fec and gas phases. The gas phase comprised
of 0.857143 moles of oxygen and 1 x 1072° moles of nickel, and 1 x 1072° moles of nickel

and oxygen in the fec and oxide phase.

Thick oxide films comprised 4 grid points of oxide transitioning linearly into the fcc and
gas phases over 3 grid points. A linear fraction of the moles was used to define the
transition and avoid a sharp interface. Thin oxide films were comprised of a single fully
oxide grid point. Simulating the triple point of the different phases was undertaken where

the largest fraction of oxide was at 50%.

5.3 Results

Simulations were run to show the ability of the developed model to simulate the growth
of nickel oxide from an initial oxide coating. A thin and thick layer was started initially,
and there were no interactions between the fcc and gas phases during the start of the
simulation. Figure 5.1 shows how the oxide grows on a thin interface between the oxide
and gas phase. As the simulation steps proceed, there is a large growth of initial oxide
at the gas-oxide interface; this can be seen from the peak in oxygen molar fraction in the

oxide. As the oxide grows, the interface between the oxide-gas phase and the interface
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profile at the oxide side of the interface becomes flat and sharp (c.f. Figure 5.2 ¢ at 10s),
which reduces the phase-field model’s ability for the interface to move. The same effect is
present when the initial layer of oxide is thick. Figure 5.2 exhibits the same behaviour as
Figure 5.1 where the initial growth causes a large amount of oxide to move into the oxide.
The peak is smaller and more spread out across the oxide as there is a greater ability for
nickel to diffuse within the oxide. In Figure 5.1 and Figure 5.2 at 1s of the simulation,
there is a mixture of oxide and gas at the oxide-metal interface, as the interface reaction
transforms a small amount of gas becomes trapped within the oxide and is seen by a slight

spike just next to the oxide interface in Figure 5.1 and Figure 5.2.

To investigate the effect of changing the interfacial width n from 2 — 5; to see what
influence n has on the oxide-gas phase interface forming a sharp interface into the oxide
seen in Figure 5.1 and Figure 5.2. Figure 5.5 and Figure 5.3 shows thick and thin initial
oxide films respectively; the curvature into the gas phase works as intended producing
a sigmoidal profile. Further investigation into the molar fraction for a thin initial oxide;
Figure 5.4 shows an increase in the oxygen concentration within the oxide that drives
the model away from an equilibrium state. As 7 is increased, oxygen’s peak is increased;
however, this is related to the reduced fluxes of oxygen and is paired with the greater
spread of the interfaces over a wider range. The oxygen concentration in the gas phase
in the interface region is greater as 7 is increased; this is evidence of the reduced oxygen
flux across the interface. For an initial thick oxide shown in Figure 5.6, the higher values
of n transform slower again and result in a greater difference in nickel and oxygen molar
fractions at the oxide-gas interface. The oxygen diffusion into the gas side of the oxide-gas

interface is not seen in either initial oxides.

Changing the oxide-gas interfacial energy (o) whilst maintaining a constant 7 value has
been conducted for both initially thin and thick oxides and shown in Figure 5.7 and Fig-
ure 5.8 respectively. As o increases, the reaction rate increases; therefore, the comparison
has been normalised over the same numerical time steps. As the simulations are allowed
to proceed, the resulting ¢ profiles in Figure 5.7 and Figure 5.8 after 1s for initial thin

and thick respectively oxides are similar, showing the same behaviour at the oxide-gas
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Figure 5.1: Plots showing the phase order parameter and molar fractions at four different times Os, 1s,

5s and 10s for a thin initial oxide. The simulation domain for the phase order parameter is made up of

fec (black), oxide (red) and gas (grey), and the molar fractions are made up of The simulation domain
from left to right is made up of fec (black), oxide (red) and gas (grey). The oxygen molar fraction

(orange) increases within the oxide as the simulation begins as oxygen from the oxide overlapping with

the oxide is transformed into the oxide. As the simulation proceeds, this decreases. A small amount of
gas is left within the oxide (a small grey peak at 10s), and the oxide side of the oxide-gas interface

remains step-like.
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Figure 5.2: Plots showing the phase order parameter and molar fractions at four different times Os, 1s,
5s and 10s for a thick initial oxide. The simulation domain for the phase order parameter is made up of
fee (black), oxide (red) and gas (grey), and the molar fractions are made up of The simulation domain
from left to right is made up of fec (black), oxide (red) and gas (grey). The oxygen molar fraction
(orange) increases slightly within the oxide phase as the simulation proceeds, and a small volume of gas
becomes trapped in the oxide (small grey peak at 10s) as the interface becomes a step at the oxide side
of the interface.
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Figure 5.3: Plots showing four different n values from left to right 2 — 5 at four different times 0Os, 0.1s,
0.5s and 1s for a thin initial oxide. The simulation domain from left to right is made up of fec (black),
oxide (red) and gas (grey). As the time increases, a step begins to form and grow at the oxide-gas
interface; this step is more pronounced for lower values of 7 but is present within all simulations.

113



— x (FCC_A1 NI) —— x (HALITE NI) x (GAS NI)

————— X (FCC:Al 0O) -——- x(HALITE O) x (GAS O)
=3 =4
1r 17““\‘11“{""{""7 17““\‘71‘{""{""7 17
» i i 1 i 1 i
S 08f 0.8f 0.8F 0.8f
=] [ [ [ [
£ 0.6f 0.6f 0.6- 0.6f
® r r r r
m 04f 0.4} 0.4F 0.4}
~ L L L L
© L L L L
S 0.2 0.2} 0.2] 0.2f
s r r r r
0 0
~ 1 1r 1
wn L L L
i L L L
S 0.8F 0.8] 0.8F
= r [ r
S 0.6F 0.6 0.6F
£ 0.4F 0.4 0.4
[ L
8 0.2F 0.2 0.2
o r
2 11 11
0 0
~ 1r 1r 1r
w0 L L L
n L L L
S 0.8F 0.8] 0.8F
o r r r
S 0.6[ 0.6 0.6F
= r r r
£ 0.4f 0.4 04f
~ L L L
< o L
3 0.2: 0.2: 0.2:
=
0 0
1r w 1r w 1r ARSREEES 1T
» r [ [ ] [ ]
Z 0.8F b 0.8 b 0.8 T 0.8+ T
o L L L ] L ]
£ 0.6F 1 os6fF 1 o0s6fF 1 os6fF ]
® r r r 1 r 1
£ 04f 1 o04f 1 o0a4f 1 o04f ]
~ L L L 4 L 4
g : \ ] i \ ]
S 0.2 T 0.2 T 0.2 I b 0.2 | b
= \ ] ‘ ‘\ ] ‘ ' ] ‘ \ ]
PR B | N A PR B | N A MR SR A N | AT A PRI A Ao ) P
0 107® 3x107® 0 107® 3x107® 0 107 3x107® 0 10°® 3x107°®
Simulation range (m) Simulation range (m) Simulation range (m) Simulation range (m)

Figure 5.4: Plots showing four different n values from left to right 2 — 5 at four different times Os, 0.1s,
0.5s and 1s for a thin initial oxide. The simulation domain from left to right is made up of fec Ni
(black), fec O (black dashed), oxide Ni (red), oxide O (orange dashed), gas Ni (grey) and gas O (grey
dashed). The oxygen concentration in the oxide increases, decreasing the nickel fraction. At higher n
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Figure 5.5: Plots showing four different n values from left to right 2 — 5 at four different times 0Os, 0.1s,

0.5s and 1s for a thick initial oxide. The simulation domain from left to right is made up of fec (black),

oxide (red) and gas (grey). As 7 increases, the formation of a step in the oxide interface at the oxide-gas
interface becomes less pronounced.
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Figure 5.6: Plots showing four different n values from left to right 2 — 5 at four different times 0Os, 0.1s,
0.5s and 1s for a thick initial oxide. The simulation domain from left to right is made up of fec Ni
(black), fec O (black dashed), oxide Ni (red), oxide O (orange dashed), gas Ni (grey) and gas O (grey
dashed). As 7 is increased, the oxygen addition into the oxide decreases, resulting in a smaller difference
within the oxides concentrations. As the oxide-gas interface transforms at lower values of 7, there is a
step of gaseous oxygen still present. At higher values of 7, the simulation has not transformed
sufficiently for this to be seen.
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interface. A step is present at this interface where oxygen in the gas phase is concentrated

within the oxide. ¢ variations do not influence the issue with the simulation stability.

The phase-field model developed within this work is done in a manner consistent with
a multi-phase-field model. Basing this work on a multi-phase-field model allows for the
possibility of an initially thin oxide being present on the surface of the metal, and the
model can simulate the growth of the initial oxide seed. A simulation for a 1D example
of this triple point simulation has been run in Figure 5.9. As the simulation runs, the
oxide formed has a composition that is made up of 50% nickel and oxygen. There is an
increase in the nickel oxide concentration in the bulk metal; there is no increase in oxygen
to accommodate this nickel increase. The oxide’s region is reduced as the simulation

produces the ideal curvature state from the initial conditions.

Simplified simulations that only consider the oxide-gas interface have been conducted in
situations where the interface initially is sharp (c.f. Figure 5.10) and also already in the
form of a sigmoidal profile (c.f. Figure 5.11). These simulations show the oxide interface
side forming the sharp interface rather than maintaining the rounded and curved sigmoidal
shape. In front of the interface, the oxygen concentration is increased; the oxygen increase
in the oxide is more significant during the initial sigmoidal profile than during the sharper

interface.

Figure 5.12 shows simulation results for the 2D version of the phase-field model, highlights
issues with the interactions of the different phases in multiple directions, and the resulting
fec -oxide interface becomes full of metal whilst there is no oxygen, almost forming a
metallic phase. The oxygen within the oxide shows signs of variation within the oxide,
regions of high oxygen concentration and other regions where the oxygen concentration

is reduced.

5.4 Discussion

Simulations were run for thin and thick initial oxides and shown in Figure 5.1 and Fig-

ure 5.2 respectively; these figures show the simulations both show the interfaces between

117



— @FCC,, —— HALITE @ GAS

> o=10 o=100

81, T T ) 1 1l 71
S L ] L ] [

8 osf 1 o.s8f 0.8[ ]
£ I i i

S 0.6 . 0.6F 0.6 7]
o] S L [

Ay s [ [

EO.4j ] 0.4r 0.4 ]
° r b r r

o 0.2 B 0.2 0.2 ]
e ] [ [

g R B AU () R R L. L.

~ 0 10°%2x10"® 4x10°® 0 0
S 1 w 10 10

S 0.8f 4  0.8F 0.8F

5 i i

2 0.6F 41 0.6F 0.6

£ r r r
504l 1 04f 0.4F

= i 1 i i
£ 0.2 1 o02fF 0.2F

; S A A o o
< 0 10%2x107® 4x10°® 0 0
[a W
S 1f 1F 1r

S 0.8f 0.8F 0.8F

@ N r L

20.6F 0.6 0.6

£ r r r
g 04f 0.4F 0.4F

= i i i
B 0.2F 0.2F 0.2F

S H [ r

OmJ [ [ [
g 0 0 0
Ay
S 1f 1F 1r
s 0.8 0.8F 0.8F

2 i i i
£ 0.6} 0.6F 0.6F

g b b b

£ 0.4f 0.4fF 0.4F
[aW L L [

= r
3 0.2} 0.2F 0.2F

g v NN T R AN I T R A ' T
2 0 107%2x10% 4x10°® 0 10%2x10% 4x10°® 0 107%2x10"%® 4x1078
£ Simulation range (m) Simulation range (m) Simulation range (m)

Figure 5.7: Plots showing three different o values for the oxide-gas interface from left to right 1 — 100 at
four different times Os, 0.1s, 0.5s and 1s for a thin initial oxide. The simulation domain from left to
right is made up of fec (black), oxide (red) and gas (grey). Simulations were scaled for the number of
time steps as the interface reaction rate varies based on the o value. As the simulations proceed, the
oxide-gas interface forms a step as the gas is retained within the oxide. The fcc -oxide interface
transforms faster at a o value of 1 as the time step increases to ensure good comparison.
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Figure 5.8: Plots showing three different o values for the oxide-gas interface from left to right 1 — 100 at
four different times Os, 0.1s, 0.5s and 1s for a thick initial oxide. The simulation domain from left to
right is made up of fec (black), oxide (red) and gas (grey). Simulations were scaled for the number of
time steps as the interface reaction rate varies based on the o value. As the simulations proceed, the

oxide-gas interface forms a step as the gas is retained within the oxide.
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Figure 5.9: Plots showing the phase order parameter and molar fractions at four different times Os, 1s,
5s and 10s for a thin initial oxide ensuring all three phases interact. The simulation domain for the
phase order parameter is made up of fec (black), oxide (red) and gas (grey), and the molar fractions are
made up of The simulation domain from left to right is made up of fec (black), oxide (red) and gas
(grey). As the simulation proceeds, the oxide phase grows as the interface curvature occurs. There is a
small region of oxide composed of nickel in the fcc phase; this is a result of the curvature terms
influence at the fcc -oxide interface.
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Figure 5.10: Plots showing the phase order parameter and molar fractions at four different times Os, 1s,
5s and 10s for the interaction between the oxide and gas phases with a linear distribution between the
two phases. The simulation domain for the phase order parameter is made up of fee (black), oxide (red)
and gas (grey), and the molar fractions are made up of The simulation domain from left to right is
made up of fec (black), oxide (red) and gas (grey). At the interface between the two phases, the oxygen
fraction increases as the interface between the phases transform. A small amount of trapped gas within
the oxide gradually dissipates as the simulation proceeds, but the resulting interface is sharp.
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Figure 5.11: Plots showing the phase order parameter and molar fractions at four different times 0s, 1s,
5s and 10s for the interaction between the oxide and gas phases with a sigmoidal distribution between
the two phases. The simulation domain for the phase order parameter is made up of fec (black), oxide

(red) and gas (grey), and the molar fractions are made up of The simulation domain from left to right is

made up of fec (black), oxide (red) and gas (grey). At the interface between the two phases, the oxygen

fraction increases as the interface between the phases transform; there is a large increase in oxygen
concentration in the oxide phase due to the more spread-out nature of the sigmoidal interface. A small
fraction of gas becomes trapped in the oxide and dissipates as the simulation proceeds.
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Figure 5.12: 2-Dimensional phase-field simulation growing nickel oxide, after 0, 1 and 5 seconds of
simulated time. The nickel concentration within the oxide grows rapidly but without there being any
oxygen present within the oxide to form an oxide. The oxygen concentration varies throughout the
oxide, with high and low oxygen concentration areas.

123



the fec , oxide and gas phases changing and becoming more spread out. This feature of
the phase-field model is not carried forward into the oxide from the oxide-gas interface.
A step forms in the oxide associated with increased oxygen concentration. The increase
in oxygen concentration step results in a small volume of gaseous oxygen trapped within
the oxide. This interface reaction is not working as intended; the model is designed such
that the oxygen increase into the oxide would drive the diffusion of metal away from the
fec phase interface towards the gas interface, causing more oxygen to become part of the
oxide. Particularly in Figure 5.1 the sharp increase in oxygen concentration does begin to
decrease but should not have reached such a high concentration from the initial diffusion
of the oxide. Both simulations show a lack of nickel diffusing into the oxide formed on the
outer edge of the oxide; this is something that needs further investigation to determine
the cause. There are three possible causes for the step-like nature of the gas-oxide phase
interface into the oxide phase; the value of the interfacial width 1 could be incorrect, and
the value of the interfacial energy o could be too large, or the curvature term could be
incorrect. Simulations varying both 7 and ¢ have been run to determine whether either

is the cause of the simulations not being stable.

n has been varied for initial thin (c.f. Figure 5.3 and Figure 5.4) and thick (c.f. Figure 5.5
and Figure 5.6) oxide films. As the value of 7 increases, the rate of diffusion across the
interfaces decreases; therefore, the results for higher values of 7 show less reaction taking
place. There is a greater spread of the interface region for higher values of n; this is
seen further into the simulated time. The molar fractions for the thin (c.f. Figure 5.4)
simulation shows an increase in oxygen into the oxide at the oxide-gas interface, which
reacts and grows slowly. The influence of 1 on the diffusion rate is clear when looking at
the difference between the oxygen and nickel molar fractions after the simulation has been
run, as the ratio of oxygen to nickel is sufficiently higher at lower n values. Thicker initial
oxides in Figure 5.6 show less of a spike in oxygen concentration within the oxide; there is
greater availability of nickel within the oxide than initially seen; this allows nickel already
within the oxide to diffuse towards the oxide-gas interface and reduce the concentration

of oxygen. At lower values of 7, nickel concentration at the interface region is higher than
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at higher values of 7; a greater diffusivity within the oxide influences this.

Variations for the interfacial energy, o, have been compared based on the number of sim-
ulation steps run. As the value of ¢ increases, the rate at which the oxide-gas interface
has transformed increases. To ensure that the same curvature has occurred, they are
compared at the same time step rather than time. In both the thin and thick simulations
(c.f. Figure 5.7 and Figure 5.8), there is no noticeable difference at the oxide-gas inter-
face. The lack of difference at the oxide-gas interface also does not show any signs that
these effects are influencing the oxide-gas interface reaction producing a step in the phase
parameter. Therefore the value of ¢ is not the cause for the undesirable behaviour in the

oxide simulations.

Simulating a region of oxide between the bulk metal and gas phases, assuming that inter-
action between the three phases in Figure 5.9 causes the oxide region to become thinner
and more pronounced. The curvature terms from the two interfaces drive the simulation
domain to have sigmoidal forms. As the fcc -oxide interface transforms, a small amount
of oxide forms within the fcc phase, with a composition purely of nickel; this is unphysical

and is caused by the initial curvature terms at the interface.

Simulations focusing on the oxide-gas interface show oxygen transport into the oxide from
the gas phase; this increase in oxygen drives nickel towards the gas phase. As nickel travels
from the bulk oxide to the gas phase, it allows nickel to diffuse from the bulk metal into
the oxide. In both situations, the oxide side of the interface becomes more step-like; this
is intended to be a sigmoidal shape. Figure 5.11 shows how for greater amounts of oxygen
in the initially sigmoidal-shaped simulation results in a greater amount of oxygen moving

into the oxide than the sharper initial step between the two phases in Figure 5.10.

Figure 5.12 shows 2-Dimensional results with undesirable oxide growth, the issues ad-
dressed with the oxide-gas curvature influencing and distorting the results produced from
the 2D simulation. Regions within the oxide have both high and low concentrations, res-
ulting from the curvature term within the phase-field model being unsuitable. The nickel

diffusion into the oxide seems to be irrespective of any oxygen within the oxide; such issues
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will be investigated once the unknown regarding the oxygen-gas interface curvature issue
is resolved. This 2D simulation results in sharp interfaces on the oxide phase, whereas
previously in Figure 5.1, only a sharp interface was seen at the oxide-gas interface. Des-
pite the result being unimpressive, it shows that the model can simulate more complex

geometries and morphologies once the issues in the model are resolved.

5.5 Conclusion

A phase field model has been developed that considers the oxidation reaction’s thermody-
namics, including the ability to simulate the three different phase interactions. This work
uses nickel oxide, using the same thermodynamics and mobilities used within Chapter 4.
Furthermore the modelling method has been shown to work for 2-dimensional simulation
domains in Figure 5.12. The current state of the numerical model’s curvature term at
the oxide-gas interface is insufficient to describe the oxidation as it creates an interface
that does not exhibit the expected sigmoidal profile. A phase field model that is capable
of modelling the growth of oxide using thermodynamically available data that works in
a manner that enables the scaling of the model to include multiple elements allows the
possibility for more complex compositions to be modelled. Expanding the phase-field
model to include different effects such as grain boundaries and stresses within the ox-
ide would enable the work currently developed to be suitable for describing complex 2D
and 3D structures to provide an understanding of different morphologies and alloying

contributions to oxidation.
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Chapter 6

Conclusion

Within this thesis, work has been undertaken to incorporate interfacial reactions into a
diffusion equation [1]; Figure 3.11 shows the model simulating the growth of precipitates
phases with a variety of different alloying contributions. The reaction equation has been
modified to simulate oxidation growth at the metal-oxide interface. The oxide-gas inter-
face reaction has been developed; Figure 4.4 shows these interfacial reactions being used
together to simulate the growth of pure nickel oxide. These flux equations have been
modified to be phase-field consistent and subsequently used to create a phase-field model
to simulate the growth of nickel oxide. Figure 5.1 and Figure 5.12 has simulated both 1D
and 2D simulation domains respectively; including the three phases interacting together

in Figure 5.9.

Figure 3.7 shows the developed precipitate growth model suitable for simulating the
growth of precipitates being suitable to provide a similar growth profile to that provided
by DICTRA. The simulations have been used to simulate a ternary precipitate; however,
there is an artefact within the simulations that is undesirable; Figure 3.11 shows oscillat-
ing concentration of the metallic phases in the oxide, which is the result of the way that
the simulation is set up. The growth of nickel oxide has been simulated with similar con-
ditions to [2|, giving the best opportunity for comparison. The calculated k;, values from

the simulations were at temperatures between 1000 — 1200°C . These k, results are used
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to determine the rate at which oxygen is included in the oxide (k.) and what interface
mobility modifier (M!) is needed at the metal-oxide interface. The value of k. increased
from approximately 15 to 60s! (c.f. Figure 4.10) as the temperature increased. At the
metal-oxide interface, the interface diffusivity was found to be 1 x 10™* — 1 x 107° times
bulk metal diffusion within the metal phase for all simulated temperatures. Currently,
the curvature contribution for the interface reaction between the oxide and gas phases is
not working as intended; the interface into the oxide becomes step-like rather than the
expected diffuse sigmoidal interface. Investigations into what effect the interfacial energy
(0) has on thin and thick initial oxides are shown in Figure 5.7 and Figure 5.8 respectively.
Additionally the effect of interfacial width () on thin and thick initial oxides shown in
Figure 5.3 and Figure 5.5 respectively have been performed, these simulations show the

issue is with the curvature contribution.

Work conducted for this thesis now has provided a thermodynamical method for determ-
ining the interface reaction, for the reaction between metal and precipitate phases and
metal and oxide phases. Such a method can use the chemical potential driving force for
the different elements or the mass action law. The oxidation scheme developed is suitable
for simulating the growth of nickel oxide with an agreement to experimental data. There,
however, is a requirement to change how experimental data is reported by providing the
parabolic number n. The parabolic number n provides numerical models to be more accur-
ate in simulating the correct kinetic and thermodynamic processes. Oxidation work was
done by comparing the k,, values provides a good agreement, but the experimental data
cannot be used to compare the kinetic and thermodynamic processes occurring within the
model. This work has produced a phase field model that can simulate oxidation, taking
into consideration effects from the bulk metal and the gas phase and is computed based
on the concentrations and chemical potentials of the different elements. The model can
be slightly adjusted to consider the effects of multiple elements, provided that there is

suitable thermodynamic data.

The work to develop a precipitate growth model is sufficient to model systems with greater

complexity than a binary case; a ternary example has been shown within this work. The
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model is defined, allowing it to be scaled depending upon the system to be modelled.
Developing an oxidation model can provide a greater understanding of estimated values
of k. value and M. This technique addresses the problem by not stating the exponent n
from the experiment, as only k,, was provided. Having greater detail in the experimental
results would only increase the confidence within the k. and M! values. The oxide diffu-
sion scheme requires CALPHAD assessments to consider the presence of vacancies more
in their data to be suitable for modelling numerically. The Cobalt-Oxide CALPHAD as-
sessment [265] disregarded this non-stoichiometry as it was low and therefore negligible;
such an assumption limits the relevant data for modelling within these techniques. A dif-
fusion consistent phase field model based on the reaction’s thermodynamics and diffusion
flux; allows the model to be suitable for modelling diffusion fluxes that are the result of
thermodynamic driving forces and interface reactions. Demonstrations of simulating an

oxide’s growth consider the thermodynamic reaction at the oxide-metal interface.

Ternary simulations for modelling oxides need some further work to ensure that the cor-
rect molar fractions are arrived at and that no charge balancing issues are causing the
simulations to be unstable. Running experimental oxidation simulations with known k,
and exponent n values to ensure that the correct k. and M! values are achieved during the
simulations to provide further confidence in the simulated values. The effects of electric
fields on the diffusion of metal across the oxide scale are not included in this work; the
adjustment of the chemical potentials to consider the moving charge’s possibilities would
influence the diffusion rates and should be included. A binary case for the phase-field
model has been simulated; increasing the complexity of such an oxide to simulate a tern-
ary or greater system would be beneficial to show the ability of the model to scale based
on the alloy complexity. Including a range of different physical effects in the phase field
model, such as grain boundaries, stress and strain and creep, would enable the phase
field model to be more suitable for creating a realistic model for the growth and effects of

oxides on a variety of different metals.
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Appendix A

Multi-Phase to Binary phase

Derivations

Writing Equation 5.27 for a binary simulation allows ¢, to be written as (1 — ¢;)

36
AGeuro = 035 | (1 = i)V — ¢; V(1 — ¢) — F(@ — (1= :))oi(1 — ¢4)
Considering only the second term in Equation A.1 for simplification;

f}—f(@ (1= )61 — )

¢i — (1 — ¢;) can be further simplified to 2¢; — 1 which is equivalent to % — @
, , 36 1
AGeury = 0ij |(1 = ¢)) V=i — ¢V (1 — ¢) — o ¢i(1 — ¢z)(§ — ;)

V3¢, = =V,
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