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Abstract 
 

Nickel-based superalloy Inconel 738 LC (IN738LC) can be used for the 

components in aero-engine due to its excellent high-temperature mechanical properties 

and oxidation/corrosion resistance. However, this alloy is difficult to be processed due 

to a high level of defects by laser powder bed fusion (LPBF) technology. Thus, this 

thesis presents the studies on the formation mechanisms and exposes some potential 

solutions for the mitigation of these defects during LPBF. 

A statistical single variable method of 3 parameters (hatch spacing, scan speed and 

laser power) in LPBF is applied to understand how processing parameters influence 

defect formation. It is found that pores can be eliminated using the parameter 

optimisation method but cracks cannot. 

Single-track experiments are performed to study the fluid dynamics and 

solidification processes during LPBF to explore the pore formation mechanism 

including lack of fusion and keyholing.  

The microstructural characterisation of the as-printed (APed) samples indicates 

that Zr segregates at the grain boundaries is the main cause of the cracks. And the cracks 

tend to occur at the grain boundaries with higher misorientation angles. 

Different amounts of nanoparticles Y2O3 are added into IN738LC powders by 

powder mixture, and Y2O3/IN738LC composite parts are fabricated using LPBF. The 

addition of 0.05 wt% Y2O3 can effectively mitigate the cracks under the current 

experimental condition, however, further increases of the Y2O3 nanoparticles to 0.2 wt% 

and 0.6 wt% aggravate the cracking phenomenon. In addition, both high-temperature 



 
 

strength and oxidation resistance are improved by adding 0.05 wt% Y2O3 nanoparticles 

compared to the alloy without Y2O3. 

Pulsed-wave laser beam also reduces the cracks. Microstructural analysis reveals 

that the refinement of grains by the application of pulsed-wave mode is the main 

contributor in reducing the cracks, which results from a higher cooling rate under the 

pulsed-wave mode. 
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Nomenclature Symbol 

Item Units Description 

A N/A Laser absorptivity of powder 

AM mol/g Molar mass of metal atoms 

As m2 Surface area 

a μm Radius of liquid droplet 

ad μm Size of defect at interface 

aγ Å Lattice parameter of γ 

aγ' Å Lattice parameter of γ' 

b N/A Burgers vector 

Cp J/g/oC Specific heat capacity 

D μm Diameter of liquid cylinder 

Dg μm Average size of grains 

DAl m²/s Diffusivity of Al atoms 

Do m²/s Diffusivity of O atoms 

Dm μm Bead depth 

Ds μm Spot distance 

dO μm Thickness of oxide scale 

EO GPa Elasticity modulus of oxide scale 

f kHz Laser frequency 

fg N/A Geometric factor 

fi N/A 
Number of cracks that occur at the misorientation angles 

of i 

G GPa Shear modulus 

GT oC/m Thermal gradient 

h W/m2/oC Convective heat transfer coefficient 

hs J/g Enthalpy at melting 

i N/A Number 

K N/A Strengthening coefficient 

KIC MPa·m1/2 Fracture toughness 

k W/m·K Thermal conductivity 

kp mg2cm−4h−1 Parabolic oxidation rate constant 

L μm Length of laser beam path 

MO mol/g Molar mass of oxide molecules 

NAl N/A Concentration of Al atoms 

No N/A Concentration of O atoms 

n N/A Normal vector of powder bed surface 

P W Laser power 

javascript:;
javascript:;
javascript:;


II 
 

Qconduction J Energy losses by conduction 

Qconvection J Energy losses by convection 

Qradiation J Energy losses by radiation 

q W/m2 Heat input of laser beam 

R μm Radius of laser beam 

RT oC/s Cooling rate 

r μm Radial distance of the target to the centre of laser beam 

ri mg/cm2/h Mass gain rate in the current testing period 

rO μm Length of oxide intrusion into matrix for a wavy interface 

s μm Hatching spacing 

T oC Temperature 

Teq 
oC Equicohesive temperature 

Tf K Fusion temperature 

Tm oC Melting point of materials 

To 
oC Testing period of oxidation 

Tp 
oC Peak temperature 

Tr K Room temperature 

T0 
oC Initial temperature 

t s Time 

tcycle μs Time for a pulse 

toff μs Time that laser is not emitting 

ton μs Time that laser is emitting 

tsolidification μs Solidification time of liquid droplet 

tspread μs Spread time of liquid droplet 

V m3 Volume 

Vm cm3/mol Molar volume of the alloy 

Vox cm3/mol Molar volume of A12O3 

VT m/s Solidification rate 

v mm/s Scan speed 

x μm Location of laser beam in x-coordinate 

x0 μm Starting point of laser beam in x-coordinate 

y μm Location of laser beam in y-coordinate 

y0 μm Starting point of laser beam in y-coordinate 

z μm Location of laser beam in z-coordinate 

z0 μm Starting point of laser beam in z-coordinate 

α m2/s Thermal diffusivity 

 10-6/K Thermal expansion coefficient of substrate 

S 10-6/K Thermal expansion coefficient of oxide 

 N/m Surface tension 

gb J/m Grain boundary energy 



III 
 

sl J/m2 Solid/liquid interfacial energy 

 J/g Deposited energy density 

Δm mg Mass change 

 oC Temperature difference 

Tb 
oC Coalescence undercooling 

Sf J/g/oC/m3 Entropy for fusion per unit volume 

  N/A Duty ratio 

di μm Thickness of diffuse interface 

 J/K Stefan-Boltzmann constant 

c N/A Critical strain 

  N/A Misfit between precipitate and matrix 

  N/A Sphericity 

 o Contact angle between liquid cylinder and substrate 

gb 
o Grain boundary misorientation angle 

a 
o Solidification angle of liquid droplet 

b 
o Spread angle of liquid droplet 

m o 
Grain boundary misorientation angle at which grain 

boundary energy reaches its maximum 

 μm Length of liquid cylinder 

  μm Primary dendrite arm spacing 

 μm Thickness of layer 

 g/cm3 Density of metal 

m kg/m3 Melt density 

  g/cm3 Density of oxide 

CGBMi N/A 
Total number of the misorientation angles of i around 

cracks 

 W/m2 Emissivity 

CTE MPa Stress related to CET 

 o MPa Starting stress for the movement of dislocation 

PBR MPa Stress related to PBR 

 ys MPa Yield stress 

 N/A Poisson ratio 

 N/A Poisson’s ratio of oxide scale 

i N/A Fraction of grain boundary misorientation angles 

i N/A Fraction of the misorientation angles around cracks 

 J/mm3 Volume energy density 

i N/A Relative crack rate 
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Acronyms Description 

Item Description 

AM Additive manufacturing 

APB Anti-phase boundary 

APBE Anti-phase boundary energy 

APed As-printed 

APT Atom probe tomography 

BT Balling track 

BTR Brittle temperature range 

CAD Computer-aided design 

CB Conduction bead 

CET Columnar-to-equiaxed transition 

CTEs Thermal expansion coefficients 

CWed Continuous-wave LPBFed 

DDC Ductility dip cracking 

DED Directed energy deposition 

DFT Density-functional theory 

DTR Ductile dip temperature range 

EBSD Electron backscattered diffraction 

EDM Electro-discharge machining 

EDS Energy dispersive spectrometer 

EL Elongation 

fcc Face-centred cubic 

FFT Fast Fourier Transformation 

FIB Focused ion beam 

FT Fluctuating track 

GCP Geometrically close-packed 

HAADF High angle annular dark-field 

HAZ Heated-affected zone 

HAGB High-misorientation angle grain boundary 

HRTEM High-resolution TEM 

HTed Heat-treated 

IN738LC Inconel 738 LC 

IPF Inverse pole figure 

LAGB Low-misorientation angle grain boundary 

LFA Laser flash apparatus 

LPA Laser particle size analyser 

LPBF Laser powder bed fusion 

LSCM Laser scan confocal microscope 
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LSW Slyozov and Wagner 

Micro-CT Micro-computed tomography 

MAGB Medium-misorientation angle grain boundary 

NCT Narrow-continuous track 

NKB Narrow-keyhole bead 

ODS Oxide dispersion strengthened 

OM Optical microscope 

PAW Projection-augmented wave 

PBF Powder bed fusion 

PBR Pilling-Bedworth ratio 

PDAS Primary dendrite arm spacing 

PF Pole figure 

PWed Pulsed-wave LPBFed 

REE Reactive element effect 

SBB Shallow-ball bead 

SEM Scanning electron microscope 

SLM Selective laser melting 

SUSTech Southern University of Science and Technology 

TCP Topologically close-pack 

TEM Transmission electron microscope 

UoB University of Birmingham 

UTS Ultimate tensile strength 

VED Volume energy density 

WCT Wide-continuous track 

WKB Wide-keyhole bead 

XRD X-ray diffraction 

YS Yield strength 

2D Two-dimensional 

3D Three-dimensional 
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Chapter 1 Introduction: Objectives and 

Scope 

1.1. Research background 

Engine materials used at higher temperatures and more corrosion circumstances 

for both airplane and power generation gas turbines have attracted more and more 

attention from both industrial and academic communities. Figure 1.1 presents the 

schematic diagram of a typical single-spool axial flow gas-turbine jet engine. The 

compressor, comprising compressor blades and discs, plays a role in squeezing entering 

air and increasing air pressure, presenting a “cold” section of the engine. The 

compressed air, mixed with fuel, flows into the combustor before igniting in the 

combustion chamber. The hot gases are allowed to expand through a turbine, extracting 

the mechanical work required to drive the compressor with a shaft between them, which 

constitutes the “hot” section of this engine [1]. The “hot” section, especially the turbine, 

can work at the temperatures as high as 730 oC-1230 oC, which requires the application 

of materials with high strength and excellent oxidation/corrosion resistance at elevated 

temperatures [2]. 
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Figure 1.1. Schematic diagram of a simple single spool gas-turbine jet engine 

with the key stages and components labeled [3]. 

~ 50 % of the total weight of an aero-engine consists of nickel-based superalloys 

due to their microstructural stability and excellent properties at elevated temperatures 

[3]. They are widely used as high-temperature components in the “hot” section such as 

fuel nozzles (Figure 1.2 (a) [4]) and turbine blades (Figure 1.2 (b) [5]), which have 

complex internal structures used to transfer fuel, water or cooling air. Here, 

conventional manufacturing processing is complex such as investment casting, 

machining and assembling. Additive manufacturing (AM) technology recently 

developed presents a potential advantage to fabricate components with complex shapes 

for lower costs, more freedom designs, shorter processes and better qualities. Laser 

powder bed fusion (LPBF), also known as selective laser melting (SLM), uses metallic 

powders to make three-dimensional (3D) structures in a layer-by-layer manner and 

fabricates components with complex geometries in nearly net-shape. Now, LPBF has 

become the most widely used technology within the metallic AM processes. 

LPBF has been widely applied to fabricate components of some weldable 

superalloys such as Inconel 718 [6] and Inconel 625 [7]. In the manufacturing processes 
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of these alloys, defect-free parts with complex geometries can be built. LPBF provides 

a prominent reduction of the supply chain and saves both cost and time for the 

fabrication of parts used in the aerospace field. However, the temperature that these 

alloys can withstand is generally ~ 700 oC [6], which greatly limited the usage of 

LPBFed components made of these alloys at higher temperatures. Therefore, alloys that 

can be operated at higher temperatures are desired to be applied in the LPBF process to 

meet the requirements of the aerospace industry for higher temperatures and more 

severe corrosion/oxidation environments. The Inconel 738 LC (IN738LC) alloy is such 

a nickel-based superalloy to meet these requirements.  

IN738LC is a high-end nickel-based superalloy with an fcc-γ matrix and 

strengthened by fine γ′ precipitations with Ni3(Al, Ti) chemical composition and L12 

crystal structure. This alloy exhibits excellent creep property and good corrosion 

resistance at elevated temperatures. The operating temperature can reach as high as 980 

oC [8], which enables the alloy to be used to fabricate turbine discs or blades in the “hot” 

section. Within the LPBF process, heat transportation phenomena (including heat 

conduction, convection and radiation), metallurgical phenomena (including melting, 

solidification, re-melting and re-solidification), laser-matter interaction phenomena 

(including recoil pressure, vapor and plasma) and melt flowing phenomena (including 

fluid dynamics and wetting behaviour) determine the complexities of the interaction 

between powder bed and laser beam [9]. The IN738LC alloy contains a large amount 

of Al and Ti (Al + Ti > 6 %), indicating the difficulty to be welded and LPBFed due to 

a strong cracking tendency [10]. Some internal defects such as pores and cracks greatly 
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restrict its application in fabricating parts that require full densities and excellent 

performances. Thus, eliminating these defects in IN738LC during LPBF is highly 

required. 

 

Figure 1.2. Examples of a (a) fuel nozzle [4] and (b) turbine blade [5] in an 

engine. 

1.2. Objectives and scope of this research 

Research interest in manufacturing defect-free IN738LC parts using LPBF drives 

the works of this thesis. The works focus on understanding the defect formation 

mechanisms and subsequently innovating effective technologies for eliminating these 

defects in the LPBFed IN738LC alloy. To meet the objectives, the following 

investigations have been performed in this thesis: 

 Firstly, the effects of 3 key processing parameters, i.e., hatch spacing, scan speed 

and laser power on defects during the LPBF process are studied to understand the 

forming nature of these defects and optimise the processing parameters for defect-

free conditions (Chapter 4). 

 Secondly, single-track experiments are performed to study the fluid dynamics and 

solidification processes during LPBF, focusing on track stability, melt pool 
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dimensions and bead mode. Bulk samples are fabricated with the same parameters 

as the single-track testing to associate track behaviour with formation mechanisms 

of the pore defects (Chapter 5). 

 Thirdly, microstructures in the as-printed (APed) and heat-treated (HTed) samples 

are characterised, and cracking mechanism is particularly investigated (Chapter 6). 

 Fourthly, a novel approach of introducing Y2O3 nanoparticles to mitigate cracks 

formed in the IN738LC alloy during LPBF is studied. Tensile properties at both 

room and elevated temperatures and high-temperature oxidation resistance are 

measured to evaluate the effectiveness of Y2O3 nanoparticles as well (Chapter 7). 

 Finally, a pulsed-wave laser beam is also applied as an additional approach to 

mitigate cracks in IN738LC during LPBF. (Chapter 8). 

1.3. References 
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[3] Wang X. (2017). Improving the microstructure, mechanical properties & process 
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Chapter 2 Literature Review 

2.1. Introduction 

This chapter presents a review of relevant literature to provide context for the 

current work. The contents cover the overview of additive manufacturing and laser 

powder bed fusion technologies including processing parameters and potential defects 

during this process. In addition, it presents a summary of the fundamental metallurgy 

of nickel-based superalloys while highlighting the target material, i.e., IN738LC. Lastly, 

it states the methods for solving the cracking in nickel-based superalloys during LPBF. 

2.2. Additive manufacturing overview 

Additive manufacturing (AM) technology, also known as “3D printing”, has 

attracted more and more attention from both industrial and research communities, 

where the object is produced in a layer-by-layer fashion. Computer-aided design (CAD) 

software or three-dimensional (3D) scanning process prepares a 3D model before 

sequentially slicing it into a sequence of two-dimensional (2D) layers of profiles with 

a specific thickness. Each layer represents a cross-section of the objective, with these 

2D layers then sent to a 3D printing machine as the source file to control the whole 

fabrication process. The machine carries out a specific process to produce each layer, 

which is then stacked from the bottom to the top until its completion [1, 2], as depicted 

in Figure 2.1. 
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Figure 2.1. Schematic diagram of the AM process [2]. 

There are 7 types of AM systems identified by the ISO/ASTM52900-15 standard 

of AM process categorisation including directed energy deposition, powder bed fusion, 

binder and material jetting, material extrusion, vat photopolymerisation and sheet 

lamination [3]: 

 Directed energy deposition (DED): Metallic powders or wires are the feedstock fed 

in front of the applied energy source such as laser or electron beam. A multi-axis 

robotic arm controls the energy source. The metallic feedstock is then melted and 

deposited in a layer-by-layer manner on the building substrate. The DED process 

is also an effective approach to repair metallic parts. 

 Powder bed fusion (PBF): Energy source such as laser or electron beam, irradiates 

on the surface of powder bed selectively in the machine’s process chamber. 

Metallic powders are melted, with strong bonds forming between powders within 

a layer. The stack of layers fabricates the whole part. 

 Binder jetting: Powders on the powder bed glued by a liquid bonding agent are 
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deposited on the building substrate. The process is like PBF, with the materials 

being in lots of types such as metal, sand, glass and gypsum. 

 Material jetting: Unlike the bonding process completed (melt, glue) in the process 

chamber, a liquid material is sprayed directly by a specialty printhead such as a 

piezoelectric printhead on the building substrate during the material jetting process. 

The material is often photosensitive plastic resin, and the layers are formed by 

hardened using an ultraviolet light. 

 Material extrusion: A thermoplastic filament is heated and melted in an extruder. 

The melt is extruded at the hot end of the extruder and deposited on the building 

substrate during the material extrusion process. 

 Vat photopolymerisation: Photopolymer resin is irradiated by an energy source 

such as a digital light projector or laser beam. Sequentially, materials are hardened 

to generate compact layers on the building substrate.  

 Sheet lamination: 2D sheets (layers) of material are cut by a laser beam with their 

desired shapes and fused together to form a 3D objective. The materials are often 

metal, paper and plastic. 

Compared with conventional manufacturing technologies, AM has significant 

advantages [2]: Material efficiency. Building parts during the AM process are fabricated 

in a layer-by-layer fashion rather than removing material, where recycling can usually 

reuse the leftover feedstock; Build and design freedom. Theoretically, even parts with 

complex geometries can be fabricable due to the layer-by-layer building manner; 

Resource efficiency. Parts manufactured by AM are usable after simple sandblasting or 
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polishing without or with less post-machine process, which requires fewer auxiliary 

resources such as fixtures, cutting tools and jigs. 

2.3. Laser powder bed fusion  

2.3.1. Overview 

Laser powder bed fusion (LPBF) is an additive manufacturing method used to 

fabricate solid metallic components with metallic powders by a high-intensity laser 

beam [4, 5]. The process of LPBF is shown in Figure 2.2. A 3D CAD model of the 

objective part is prepared and sliced into 2D profiles with a certain thickness. This 

sequence of profiles is uploaded to the computer control system as a source file to 

control the fabrication process. The laser generator emits a high-energy laser beam 

through a beam expander and a scanning galvanometer. Subsequently, the laser beam 

irradiates on the powder bed selectively based on the current profile of the input 3D 

CAD model under the control of a group of lenses. Strong metallurgical bonds are 

formed between powders within a layer during an extremely fast cooling process. After 

the presented layer is completed, the build station piston in the building chamber drives 

the substrate and the LPBFed part to drop a certain distance according to the thickness 

of the 2D profile. Meanwhile, the supply chamber rises a certain height to replenish 

powders to a new layer by a recoater. This process repeats until the objective is formed 

[6]. LPBF can be used in processing Ti-alloys [7], Ni-alloys [8], Fe-alloys [9] and Al-

alloys [10]. 
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Figure 2.2. Schematic diagram of the LPBF process. 

2.3.2. Processing parameters 

2.3.2.1. Laser power 

Laser power is one of the most important parameters within the LPBF process. 

Many researchers suggested that the laser power had significant effects on the printing 

quality of LPBF [11, 12]. The laser power can directly influence the printed part’s 

porosity by changing the energy input densities (laser power/scan speed) [7]. Normally, 

as the laser power increases, it allows for the full melting of the powders during the 

LPBF process, which induces a higher relative density in the printed part. By contrast, 

pores with irregular shapes are formed due to lack of fusion when the laser power is 

low [13]. Melt pool is the melting trace of the interaction between the laser beam and 

the powder bed during LPBF. Low laser powers usually lead to a normal-elliptical and 

shallow melt pool. However, as it applies a considerably high laser power, the excessive 
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energy input density leads to the formation of a keyhole [14], as shown in Figure 2.3. 

The keyhole is considered an unstable condition of melt pool and a cause of pores. Later 

sections will detail the pore formation mechanism and the keyhole. 

 
Figure 2.3. Effects of laser power on melt pool interface shape (fixed other 

parameters) showing a shallow melt pool at low laser powers, while keyhole at 

high laser powers. 

2.3.2.2. Scan speed 

Scan speed decides the dwell time that the laser beam stays at a position on the 

powder bed, which is related to the efficiency of the LPBF process. It also affects the 

energy input density together with the laser power and further affects the printing 

quality during the LPBF process. For a given laser power, high scan speeds can lead to 

low energy input densities, with the porosity in the printed parts increasing accordingly 

[15, 16]. In addition, it also considers the scan speed as one of the key factors which 

can influence the fluid dynamics in the LPBF process such as spatter [17] and open 

pore [18]. When applying a considerably high scan speed, the melt track trends to break 

up into small droplets, known as Plateau-Rayleigh instability, which is a potential cause 

of the balling phenomenon in LPBF [19, 20]. 
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2.3.2.3. Hatch spacing 

Hatch spacing, also known as hatch space or hatch distance [21, 22], represents 

the distance of laser tracks within a layer, which directly decides the overlapping of the 

melt pools between adjacent tracks. Large hatch spacings are unfavourable to build the 

printed parts with full densities due to the lack of fusion between neighbouring laser 

tracks [16]. Nevertheless, low hatch spacings lead to the formation of micro-humping, 

caused by Marangoni convection from the current track to the previously fabricated one 

[23]. 

2.3.2.4. Thickness of layer 

Thickness of layer is an important parameter that significantly affects the 

efficiency of the LPBF process and the printing quality. It indicates the thickness of the 

slice of the input 3D model. For the LPBF process, the thickness of layer is normally 

between 20 μm and 100 μm [24]. The laser beam cannot entirely penetrate the powder 

layer that is too thick. As a result, it generates pores due to un-melt powders [25]. In 

addition, the thickness of layer can influence the spatter behaviour during the LPBF 

process [26]. As the layer’s thickness increases, the spatter becomes more violent, since 

a relatively thick powder layer can induce more powders melted by the laser beam and 

more melt surface area, which correspondingly increases the evaporation and the 

Marangoni force in the LPBF process, thus enhancing the spatter [17]. 
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2.3.2.5. Scan strategy 

Scan strategy is the path pattern by which the laser beam scans the powder bed. 

Figure 2.4 exhibits some typical scan strategies during the LPBF process [27], i.e., 

parallel scanning, paintbrush scanning, spiral scanning and chessboard scanning. 

 

Figure 2.4. Typical scan strategies in the LPBF process, (a) parallel scanning, (b) 

paintbrush scanning, (c) spiral scanning and (d) chessboard scanning [27]. 

The scan strategy has a significant effect on the residual stress and the 

solidification process in LPBF, since it decides the temperature history by changing the 

thermal input and accumulation [28], which further influences the cracking behaviour 

and the grain structure during LPBF [29]. 

2.3.2.6. Other parameters 

 Spot size: Spot size is defined as 4D, i.e., the average of 4 times the standard 

deviation of the energy distribution, evaluated separately in orthogonal directions 

over the beam intensity profile [30]. 
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 Ambient pressure: During the LPBF process, argon and nitrogen often act as 

shielding gas, preventing materials from reacting with the environment gas in the 

process chamber, especially oxygen. The pressure of the shielding gas can 

influence the LPBF performance [31, 32] such as the spatter and denudation 

phenomena by affecting the gas dynamics surrounding the laser beam. 

 Substrate preheating temperature: Preheating temperature is the temperature 

loaded on the building substrate, which has a significant effect on the grain 

structure in the printed part [33]. As a method to mitigate the cracking during the 

LPBF process, preheating the building substrate reduces the thermal stress by 

decreasing the thermal gradient along the printed part [34]. 

 Energy input density: Energy input density is widely used to justify the 

comprehensive effect of the processing parameters on the printing qualities in 

LPBF. There are 3 different energy input densities, linear (P/v) [35], planar (P/vs) 

[36] and volume (P/vs) energy densities (VEDs) [7, 36], where P is the laser 

power, v is the scan speed, s is the hatch spacing, and  is the thickness of layer. 

2.3.3. Pore formation 

2.3.3.1. Lack of fusion  

Lack of fusion is one of the most common defects during the LPBF process [7, 

15], attributed to low energy input densities, which are not high enough to melt all the 

powders within a single layer. The lack of fusion causes un-melt powders to trap in the 

printed parts, thus forming pores during the melt cooling and shrinking in the 
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solidification process. The pores caused by the lack of fusion typically exhibit irregular 

shapes, and the un-melt powders within these pores have no strong metallurgical 

bonding with the surrounding solidified material and impede the continuity of the whole 

part, which deteriorates the mechanical properties of the printed components [15]. 

Figure 2.5 shows an example of the pore attributed to the lack of fusion. 

 
Figure 2.5. An example of a pore attributed to the lack of fusion observed using 

scanning electron microscope. 

2.3.3.2. Metallurgical pore  

Metallurgical pores, ascribed to the gases trapped in the melt pool or evolved from 

the powders during solidification, are sphere-shaped with small sizes [18]. Low scan 

speeds can eliminate the metallurgical pores, since low scan speeds can increase the 

convection intensity of the liquid in the melt pool, which favours the gas to escape from 

the melt and further removes the metallurgical pores [18]. 

2.3.3.3. Keyhole pore  

Keyhole mode is commonly observed during the laser welding process [37] when 

the energy input density is high enough to cause the evaporation of melt and the 

formation of plasma [38]. Metal evaporation causes the development of vapour cavities, 
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which can enhance the powder absorption due to the multiple reflections of the laser 

beam. It enables the laser beam to “drill” to a considerably deeper melt pool than the 

normal conduction mode does. However, the evaporation of metal and the collapse of 

cavity can leave voids in the melt pool after the laser beam leaves the current location 

[19], as presented in Figure 2.6. Therefore, the keyhole mode is one of the causes of the 

pores during the LPBF process. 

 
Figure 2.6. An example of a pore attributed to the keyhole observed using optical 

microscope. 

2.3.3.4. Spatter  

Spatter phenomenon happens when the laser beam reacts with the powder bed, 

forced by the gas and melt flow dynamics, considered a factor that can lead to an 

unstable melt pool and pores in the printed part [39-42]. There are 3 different 

mechanisms of the spatters in the LPBF process [42], as depicted in Figure 2.7. 
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Figure 2.7. Schematic diagram of 3 different types of spatters. 

The first type of spatter results from the recoil pressure associated with the extreme 

expansion of gas phases, inducing a metallic jet along the laser beam. The direction of 

the spatter in this type is roughly parallel to the laser beam. The second type is droplet 

spatter, dragged by the melt flowing from the high-temperature bottom of the melt pool 

to the low-temperature sidewall and edge at the backside due to the Marangoni 

convection. This type provides the main form of the spatter during the LPBF process. 

The third type of spatter occurs when blast waves of the laser beam squeeze the un-

melted powders, with the splashed powders normally travelling in the direction of the 

laser beam. Some splashed powders in a large size fall onto the surface of the powder 

bed, which can affect the powder spreading for the next layer. The splashed powders 

with considerably large sizes are difficult to fully melt by the laser beam, leading to the 

pore formation in the printed part. 
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2.3.4. Cracking formation 

2.3.4.1. Solidification cracking 

Solidification cracking, also known as hot cracking, is common in the AM and 

welding processes [43-46]. In the solidification process, liquid films remain at the last 

stage of solidification due to a large solidification temperature range of the alloy, and 

the solidification cracking then forms related to the residual stress caused by a high 

thermal gradient [47, 48]. The solidification cracking occurs at the fusion zone of the 

melt pool [49, 50], as shown in Figure 2.8 (a), with Figure 2.8 (b) an example of the 

solidification cracking during the welding process. 

 

Figure 2.8. (a) Schematic diagram of the solidification crack and the liquation 

crack, (b) an example of the solidification crack observed using optical 

microscope [51]. 

Thermal stress and solidification temperature range are the key factors that can 

affect the solidification cracking behaviour in the AM and welding processes. The 

thermal cycle pattern, the heat input, the material shrinkage and expansion property all 

influence the thermal stress. It is believed that the solidification temperature range is 

influenced by the segregation behaviour of different elements in alloys. Hu et al. [52] 

reported the formation of low melting γ + Laves eutectic phase in the inter-dendritic 
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regions of the Inconel 625 alloy processed by laser solid forming due to the segregation 

of Nb and Mo, inducing the solidification temperature range to an increased 210 oC, 

which was favourable for the solidification cracking. Tomus et al. [53] suggested the 

content of Mn + Si was the main cause that led to the hot cracking in fabricating 

Hastelloy-X using LPBF. 

2.3.4.2. Liquation cracking 

Liquation cracking, primarily attributed to the heat cycle in the laser AM process, 

where frequent heat inputs lead the low-melting-point phases to re-melt, and the 

cracking generates under the thermal stress. Unlike the solidification cracking, the 

liquation cracking occurs at the heated-affected zone (HAZ) of the melt pool [54], as 

shown in Figure 2.8 (a). Figure 2.9 shows an example of the liquation crack along the 

grain boundary, with clear re-solidification phases observed. 

 

Figure 2.9. An example of the liquation crack observed using scanning electron 

microscope showing some phases in the cracking region [55]. 

There are 2 main causes of the liquation cracking: constitutional liquation and low-

melting-point phases. During the rapid heating process, the solutes concentrate on the 

precipitate/matrix interface by the solid-state dissolution of the precipitates. When the 



21 
 

solute concentration and the located temperature meet the equilibrium reaction of the 

precipitate-matrix eutectic, metastable liquid films form on the precipitate/matrix 

interface, leading to the constitutional liquation [54]. Pepe et al. [56] first reported 

secondary phase particle constitutional liquation in 18-Ni steel. Many researchers [57-

61] soon found the constitutional liquation of γ′ in nickel-based superalloys in the laser 

AM and welding processes. Tancret [62] used the simulation method to characterise the 

effect of heating rate and liquidation particle size on the liquation behaviour. He 

suggested that increasing the heating rate and the liquation particle size aggravated the 

liquidation. Attallah et al. [63] used confocal laser scanning microscopy to observe the 

γ′ liquation in situ. In addition, borides [64, 65] and carbides [64, 66, 67] are also 

reported to be the main contributors during the liquidation process. The liquid film 

migration phenomenon found at grain boundaries [68, 69] suggests that the driving 

force for the liquid film migration are the diffusional coherency strain and the 

asymmetry of surface energy due to the curvature on the grain interfaces [69], as 

depicted in Figure 2.10. 

 

Figure 2.10. An example of the liquid film migration at grain boundary observed 

using scanning electron microscope [69]. 

Apart from the constitutional liquation, low-melting-point phases at grain 
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boundaries also lead to the liquation cracking. The phases such as γ′-γ [70, 71] and γ-

Laves [46, 72], melt directly by the rapid heating process. 

2.3.4.3. Ductility-dip cracking  

Ductility dip cracking (DDC) is a solid-state phenomenon at elevated temperatures, 

usually observed in austenitic stainless steel and nickel-based superalloys in the multi-

pass welding and laser AM processes [6, 73]. The mechanism has been postulated to 

“ductility exhaustion” along grain boundaries by a “creep-like” mechanism in a certain 

temperature range [73], as shown in Figure 2.11. 

 

Figure 2.11. Ductility as a function of temperature, where BTR=brittle 

temperature range and DTR=ductile dip temperature range [73]. 

Previous works [73-81] reported the DDC’s common characteristics. Firstly, the 

DDC is a characterisation that occurs at the grain boundaries with a long and straight 

morphology [73, 80]. While some precipitation particles lead to the formation of 

tortuous grain boundaries, which can effectively hinder the DDC’s propagation [75], as 

depicted in Figure 2.12.  
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Figure 2.12. Tortuous grain boundary induced by precipitation particles in the 

Filler Metal 82 alloy observed using scanning electron microscope [75]. 

The presence of triple-point grain boundary intersections in polycrystalline 

materials can significantly influence several material properties including ductility, 

grain boundary migration, sliding and recrystallisation [75]. The triple points are always 

the DDC’s crack initial position, since the stress is favourable to concentrate within 

these regions [73]. 

A combination of accumulated deformation and thermal energy can promote 

recrystallisation at the DDC tips when applying high temperature and stress. High local 

strain at these crack tips can lower the amount of necessary thermal energy to induce 

recrystallisation [73], which leads to the particle stimulated nucleation [78]. Therefore, 

fine grains can be observed in the regions of the DDC tips, as depicted in Figure 2.13. 

 
Figure 2.13. Recrystallisation in the region of the DDC crack tips in the Filler 

Metal 82 alloy (11 % strain and 1147 oC) observed using scanning electron 

microscope [73]. 



24 
 

2.3.4.4. Strain-age cracking 

Strain-age cracking occurs during post-fabrication heat treatment of the alloys 

strengthened by γ′ precipitate, characterised by intergranular micro-cracking in either 

the HAZ or weld bead [82-85]. During the precipitation process, the ductility of alloy 

drops to a lower level, with cracks forming when the alloy becomes subjected to the 

strain which exceeds its available ductility [83]. Because the strain-age cracking relates 

to γ′ phase, and Ti and Al are important constituent elements of γ′ phase, it is reasonable 

to infer the compositions of Ti and Al are the main factor which affects strain-age 

cracking, as demonstrated in Figure 2.14. The alloys with the Al + Ti content greater 

than 4 wt% are considered a non-weldable alloy due to a large volume fraction of γ′ 

precipitates existing in the microstructure, leading to the strain-age cracking [84]. 

 

Figure 2.14. Relationship between weldability and (Al + Ti) contents based on 

strain age cracking susceptibility [84]. 

2.3.4.5. Residual stress and warping 

Previous works [86-90] reported the residual stress during the AM process. 

Residual stress is the accumulation of material hardening derived from rapid cooling 



25 
 

caused by both phase transformation and temperature gradient, involving the process 

of solidification and phases changing to a solid-state between crystalline structures [86]. 

Mercelis et al. [86] suggested a temperature gradient mechanism (TGM) to explain the 

formation of residual stress, as shown in Figure 2.15 (a). During the laser beam radiates 

on the top surface of the material, a high heating rate causes a thermal gradient to 

generate. It also forms a compressive strain due to the expansion of the material in the 

top layer. When the stress reaches the yield strength of the material at a certain 

temperature, the material in the top layer becomes plastically compressed, and a counter 

bending away from the laser beam correspondingly occurs. During the cooling process, 

the plastic compression in top layers begins to shrink into a relatively small volume, 

thus dragging the surrounding to a bending angle towards the laser beam [88] and 

leading to distortion. This also causes cracking to generate in the material. Due to the 

bending conduction of material towards the laser beam, the edges of the part detach 

from the building substrate or the subsurface material, thus leading to wrapping. In a 

worst-case scenario, the part fails to fabricate due to losing the bonding with the 

building substrate induced by the wrapping phenomenon. Figure 2.15 (b) presents an 

example of the wrapping during the LPBF process. 
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Figure 2.15. (a) Schematic diagram of the residual stresses caused by 

temperature gradient mechanism [86], (b) an example of the wrapping 

phenomenon in the LPBF process observed using camera snapshot. 

2.4. Nickel-based superalloys 

2.4.1. Overview 

Aerospace field has a long need for the materials with excellent mechanical 

performance, good oxidation/corrosion resistance and stability at elevated temperatures 

[91, 92]. When it requires the properties loaded under static, fatigue and creep 

conditions, nickel-based superalloys have emerged as the materials of choice for high-

temperature applications [93-95]. The operating temperature for nickel-based 

superalloys is usually beyond 800 oC such as turbine disc and blade. Figure 2.16 (a) 

shows the Rolls-Royce Trent 800 engine, which powers the Boeing 777 airplane, with 

Figure 2.16 (b) showing how nickel-based superalloy is one of the most important 

components of the aero-engine system [92]. 
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Figure 2.16. (a) A Rolls-Royce’s Trent 800 engine, (b) schematic diagram of the 

major material used in the Trent 800 engine [92]. 

The basic strengthening mechanism of nickel-based superalloys are divided into 

the following 3 methods [96-98]: 

 Solution strengthening of nickel-based superalloys is achieved by increasing the 

ability of binding force between atoms, the lattice distortion and the 

recrystallisation temperature and decreasing the stacking fault energy and the 

diffusion ability of solution atoms. Typically, the elements with proper solubility, 

large size effect and high melting point are the main contributors to the solution 

strengthening effect. 

 Precipitation strengthening primarily stems from secondary precipitation particles 

such as γ′, γ′′ and carbides, which can prevent grain boundaries from sliding and 

creating anti-phase boundary energy in the material’s microstructure. The 

strengthening effect significantly depends on the morphology, the size and the 

volume fraction of the precipitation particles. 

 Grain boundary is vulnerable at high temperatures, with cracking also occurring at 

grain boundaries. Therefore, it is of great significance to strengthen grain 

boundaries. Some elements diffuse to grain boundaries during solidification, 

known as internal absorption or equilibrium segregation, which can strengthen or 
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weaken grain boundaries. It should eliminate the embrittlement element at grain 

boundaries such as gas and impurity elements. Some rare and alkaline earth 

elements such as B and Zr, play the role to strengthen grain boundaries by changing 

grain boundary curvature and purifying grain boundaries. 

2.4.2. Phases in nickel-based superalloys 

Nickel-based superalloys comprise the austenitic face-centred cubic (fcc) matrix 

phase γ [99, 100] and a variety of secondary phases, as shown in Figure 2.17. These 

secondary phases include carbides MC, M23C6, M6C and M7C3 [101, 102], fcc ordered 

γ′ (Ni3(Al,Ti)) [103-105], bct ordered γ′′ (Ni3Nb) [106, 107], hexagonal ordered  

(Ni3Ti) [108] and the orthorhombic  (Ni3Nb) [109, 110]. The γ′, γ′′ and  phases are 

geometrically close-packed (GCP) phases [91]. In addition, it also forms some 

detrimental phases in nickel-based superalloys such as Laves,  and , known as 

topologically close-pack (TCP) phases [97]. 

 

Figure 2.17. Schematic diagram of the phase distributions in nickel-based 

superalloys [91]. 
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2.4.2.1. γ phase  

γ phase is the matrix of nickel-based superalloys with the other phases residing 

within it [92]. It distributes nickel atoms on each corner and the centres of faces in the 

crystalline cube, as depicted in Figure 2.18. It contains significant concentrations of 

solution elements such as Co, Cr, Mo and W. These element atoms are solution 

strengthening solutes residing within the matrix, which can induce the lattice 

deformation of the crystal. Particularly, some atoms in large sizes are favourable to 

create strain and stress fields around themselves. As a result, it can impede the crystal 

slide and the dislocation movement along lattice structure, thus improving the strength 

of alloys [97]. 

 

Figure 2.18. Crystal structure of the γ matrix of nickel-based superalloys [91]. 

2.4.2.2. γ′ phase  

γ′ is the main strengthening precipitation phase in the nickel-based superalloys 

with the stoichiometry A3B (where A is Ni or Cr, and B is Al, Ti, Ta, V or Nb) like (Ni, 

Co)3(Al, Ti, Ta) [97]. The lattice structure of γ′ is order L12 with Al atoms at each corner 

and Ni on each face centre, as presented in Figure 2.19 (a). Figure 2.19 (b) shows its 

typical morphology, while the shape and the size vary under different heat treatment 

conditions such as heating temperature and cooling rate [111]. 
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Figure 2.19. (a) Crystal structure of the γ' phase [91], (b) typical γ' morphology 

in nickel-based superalloys observed using scanning electron microscope [97]. 

Precipitation strengthening alloys are strengthened by impeding the dislocation 

motion during plastic deformation. The following lists some principal precipitation 

hardening characteristics [98]: 

 The misfit between the γ′ particles and the γ matrix decides the morphology of the 

precipitates and further the effectiveness of strengthening [112], which are 

calculated as [113]: 
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              Equation 2.1 

where aγ′ and aγ are the lattice parameters of γ′ and γ phases, respectively. A small 

lattice misfit normally accompanies coherent precipitates, and a larger misfit gives 

rise to incoherent precipitates [114]. Spherical γ′ particles form at a negligible 

misfit, while plate-like or cuboidal γ′ particles generate with some measurable (> 

0.05 %) γ/γ′ misfits [115]. 

 Introducing preferred ordering for single atoms can increase the amount of energy 

required to pass the dislocation through a precipitation particle. The order of atoms 

can cause an anti-phase boundary (APB) [116, 117], which can induce extra anti-

phase boundary energy (APBE). The lattice with relatively high APBE requires a 
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greater force to induce deformation, thus strengthening alloys. 

 Precipitates hinder the movement of dislocations primarily by 2 mechanisms. In 

the Orowan mechanism, dislocations bypass the precipitates and form loops around 

them when the precipitates are larger and incoherent with the matrix. For the 

shearing mechanism, the dislocations pass through the precipitates by shearing, 

which is likely to occur when the precipitates are coherent with the matrix with 

relatively small sizes. [118]. 

2.4.2.3. Carbides 

The presence of carbides has a great impact on the properties of nickel-based 

superalloys. Carbides at grain boundaries are favourable to prevent grain-boundary 

sliding, thus strengthening alloys [91]. Carbides can also tie some detrimental elements 

which form harmful phases in alloys. There are 4 main types of carbides in nickel-based 

superalloys: MC, M23C6, M7C3 and M6C, where M can be Cr, Mo, Ti, Ta or Hf [92]: 

 MC usually exhibits coarse, globular, blocky or script morphology within the 

microstructure of nickel-based superalloys. M is usually Ti, but is replaceable by 

Ta, Zr, Nb, Mo, W, Ni and Cr [98]. For example, (Ti, Mo)C is found in Udimet 500 

and M-252, and (Ti, Nb, W)C is more common in Mar-M200. The stable 

temperature of MC ranges from 760 oC to 1150 oC. Under a long-time heating 

process, MC can dissolve into M23C6 (760 oC-980 oC) or M6C (815 oC-980 oC) by 

the reactions: 

                      MC + γ → M23C6 + γ′                Equation 2.2 
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 MC + γ → M6C + γ′                Equation 2.3 

 M23C6 is common within the alloys with a composition of Cr larger than 5 %. M is 

mainly Cr, Fe, Co, W and Mo. M23C6 forms along grain boundaries as a chain 

morphology, which can impede grain boundaries to slide and further increase the 

strength of alloys [98]. 

 Rarely observed in nickel-based superalloys, M7C3 is primarily presented in cobalt-

based alloys when Ti and Al contents are at low levels [98] such as Nimonic 80A 

[91]. M is Cr. M7C3, known as an unstable carbide, transfers into M23C6 when 

heating temperatures reach 600 oC-800 oC [97, 98]. 

 M6C is more stable than M7C3, which decides it is an important grain-boundary 

precipitate favourable to control the grain size during the wrought process [91]. M 

can include a large range of elements such as W, Mo, Fe, Co and Ni. M6C with a 

chain morphology is beneficial for the strength of alloys, while it is detrimental to 

the ductility if it exhibits acicular [97]. 

2.4.2.4. TCP phases  

TCP phases include   and Laves phase, etc., which play an important role in 

polycrystalline nickel-base superalloys with complex structures and functions: 

 Laves phase is in the B2A type, where A is an element with a bigger atomic radius, 

and B usually has a smaller atomic radius. Under low-temperature aged, the Laves 

phase shows as small particles in the microstructure, and these dispersed particles 

have a strengthening effect on alloys. However, it exhibits bar, leaf and acicular 
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morphologies under high-temperature aged, which deteriorates the ductility of 

alloys at room temperature [97]. 

  phase forms at the temperatures ranging from 760 oC to 980 oC with the 

stoichiometric of BA [98]. A is the element on the left of Mn in the periodic table 

of elements, and B is on the right of Mn.  phase resides at grain boundaries, 

showing as small particles or slices. Acicular  is the channel of crack, which is 

unfavourable for crack resistance and impact toughness [97]. In addition, it can 

capture solution strengthening elements from the matrix and further weaken alloys 

[98]. 

  phase (B7A6) forms when a considerable amount of W and Mo exists within 

alloys. B is the elements in Group Ⅷ in the periodic table of elements, and A is 

the elements in Groups Ⅴ and Ⅵ. It appears as bar, particle, slice and acicular 

morphologies in the microstructure. Acicular morphology is detrimental to the 

strength, and the  phase with particle morphology is usually big, which has no 

strengthening effect on alloys [97]. 

 This research will not mention other TCPs such as   ' and G. 

2.4.2.5. Other phases 

Table 2.1 lists other phases in nickel-based superalloys [97, 98]. 
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Table 2.1. Other phases in nickel-based superalloys. 

Phase Structure Formula Description and function 

γ'' bct Ni3Nb 

It is known as the primary strengthening 

phase of Inconel 718. It precipitates as 

coherent disk-shaped particles on the {100} 

planes. Generally, it is too small to resolve 

using scanning electron microscope but 

observable using dark field transmission 

electron microscope. 

 hcp Ni3Ti 

It is commonly found in iron-nickel-, cobalt-, 

and nickel-based superalloys with a high 

Ti/Al ratio, which is considered to transfer 

from metastable Ni3(Al, Ti). 

 Orthorhombic Ni3Nb 

It can be observed in overaged Inconel 718 

with an acicular shape, forming by cellular 

reaction at a low ageing temperature and 

intragranular precipitation reaction at a high 

ageing temperature. 

M3B2 Tetragonal 
(Ta, V, Nb, Mo, Ti, 

Cr, Ni, Fe)3B2  

It is usually found in iron-nickel- and nickel-

based superalloys with ~ 0.03 wt% B or 

greater. The boride with a particle 

morphology can strengthen the material, but 

slice morphology increases the brittleness 

after aged. 

MN Cubic (Ti, Nb, Zr)N 

Nitride is observed in the alloys containing Ti, 

Nb or Zr and always shows as strip or bar if 

the cooling rate is quite high. While it appears 

as frame or dendrite at a low cooling rate. 

Z Tetragonal NbCrN 
A small amount of Z phase precipitates after 

aged with an irregular blocky shape. 

Y Hexagonal Ti2SC 

When the composition of sulfur is larger than 

0.008 wt%, Y phase forms with a long stripe 

morphology in front of γ' but never 

participates in the process of heat treatment. 

2.4.3. Alloying elements in nickel-based superalloys 

Nickel-based superalloys contain over 20 elements, as shown in Figure 2.20. 

According to the role of these elements in alloys, they can be divided into 6 categories 

[97]: 
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 The elements which constitute the fcc matrix: Ni, Fe, Co and Mn. 

 The elements which can improve oxidation resistance: Cr, Al and Ti. 

 The elements which have solution strengthening effect: W, Mo, Cr, N and Al. 

 The elements which constitute carbides: Cr, W, Mo, V, Nb, Ta, Hf, Ti, C and N. 

 The elements which constitute intermetallic compounds: Al, Ti, Nb, Ta and Hf. 

 The elements which have grain boundary strengthening effect: B, Zr, rare and 

alkaline earth elements. 

Table 2.2 presents the elements and corresponding roles in nickel-based 

superalloys. 

 

Figure 2.20. Overview of the alloying elements in nickel-based superalloys. The 

corresponding role of each element is marked beside the table, i.e., beneficial 

minor elements as marked with crosswires and detrimental elements marked 

with horizontal lines [97]. 

 

 

 



36 
 

Table 2.2. Elements and their roles in nickel-based superalloys. 

Element Description and function 

Ni Ni is the main element forming the fcc austenitic matrix. 

Fe Fe is a solution element forming the fcc austenitic matrix. 

Co 

Co is a solution element forming the fcc austenitic matrix. It can also 

reduce stacking fault energy and dislocation motion, which in turn 

improves the creep property at high temperatures. Furthermore, the 

presence of Co decreases the solubility of Al and Ti in the matrix, 

inducing larger volume fractions of γ' precipitates and further 

strengthening alloys. 

Mn Mn is a solution element forming the fcc austenitic matrix. 

Cr 

Cr is a solution strengthening element and also favourable for oxidation 

resistance. In addition, it can form carbides like M23C6 and M7C3 at grain 

boundaries and serve as a carbide strengthening function. 

Al 

Al is a solution strengthening element and improves oxidation resistance. 

Al is an important constituent element of ordered L12 phase γ', which is 

the main precipitation strengthening phase of nickel-based superalloys. 

Ti 
Ti can improve high-temperature oxidation resistance of nickel-based 

superalloys and also replace Al to form γ' phase. 

W 

W is a solution strengthening element, acting as large size atoms to pin 

in alloys, which can efficiently impede the dislocation and increase the 

stability of alloys. It can also form MC, M23C6 and M6C carbides and 

dissolve into γ' phase to increase its strengthening effect. 

Mo Mo has the same function as W. 

V 
V can form MC, M23C6 and M6C carbides at grain boundaries to 

strengthen alloys. 

Nb Nb can form NbC carbide and replace Al to form γ' phase. 

Ta Ta has the same function as Nb. 

Hf 

Hf can form carbides and act as a grain boundary modifier, which refines 

and redistributes the carbides at grain boundaries to serve the function to 

strengthen grain boundaries. 

Zr 
Zr can strengthen grain boundaries and improve creep properties. 

Moreover, Zr is favourable to refine the grains in the microstructure. 

C 

C can combine with some metallic elements to form carbides to 

strengthen alloys. C also tends to catch some metallic elements to reduce 

the formation of some deleterious phases. 

B 

B can improve the creep rupture strength of nickel-based superalloys by 

the formation of tetragonal M3B2 borides at grain boundaries, which can 

impede the migration of grain boundaries and further serve the function 

to strengthen grain boundaries. 
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2.4.4. Heat treatment of nickel-based superalloys 

Heat treatment is the most common method to modify alloys with low costs. In 

the process of heat treatment, different temperatures, heating times and cooling rates 

can lead to variable microstructures and further affect mechanical properties, and it can 

achieve the purpose of tailoring alloys [96]. 

Standard heat treatment for nickel-based superalloys can separate into 3 steps [97]:  

The first step is solution heat treatment. It aims to dissolve carbides, γ' and other 

phases into the γ matrix to achieve a homogeneous solid solution and prepare for the 

next ageing step. The temperature of solution treatment ranges from 1040 oC to 1230 

oC.  

The second step is intermediate treatment. In the early years of heat treatment for 

nickel-based superalloys, it only included solution treatment at higher temperatures and 

ageing treatment at lower temperatures. After this heat treatment, although a good 

mechanical property could be obtainable, it could not last for a long time. For the 

fabrication of the parts using nickel-based superalloys such as engine blades and turbine 

disc, a widely used step is adding an intermediate treatment between temperatures 

ranging from 800 oC to 1100 oC, which effectively improves the durability and the 

plasticity of alloys. It applies an 850 oC intermediate treatment for some alloys such as 

U-500, U-700 and X-750, which can increase the alloys’ creep life. The intermediate 

treatment modifies the morphology of carbides and attains the bimodal distribution of 

γ'. This is beneficial for strength and ductility. The intermediate treatment is favourable 

to help relieve stress and prevent cracks as well.  
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The third step is ageing treatment, aiming to precipitate homogeneous 

strengthening phases such as γ'. The size, the morphology and the distribution of the 

precipitates vary significantly according to the ageing degree, as depicted in Figure 2.21, 

and different properties are achievable. The normal temperature for ageing treatment 

ranges from 700 oC to 1200 oC. 

 

Figure 2.21. Schematic diagrams of the development of a γ' precipitate with 

increasing ageing time [92]. 

Many researchers have reported the microstructure and the properties induced by 

different heat treatment conditions [119-122]. 2 different heat treatments were applied 

on the nickel-based superalloy 718Plus by Whitmore et al. [123]. The first heat 

treatment comprised a solution treatment at 980 oC for 30 minutes, followed by 

quenching directly to room temperature and an ageing treatment at 788 oC for 24 hours. 

Another comprised a solution treatment at 980 oC for 30 minutes, followed by 
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quenching to 788 oC and an ageing treatment at 788 oC for 24 hours. The alloy under 

the former heat treatment condition had higher strength and hardness due to the larger 

size and volume fraction of γ' phase. The investigation conducted by Zickler et al. [124] 

showed that the mechanical properties of ATI 718PlusTM were a function of the heat 

treatment temperature and the ageing time. It also observed 2 types of intermetallic 

phases, γ' and δ, in the microstructure. γ' particles coarsened with the ageing time range 

according to a modified Slyozov and Wagner (LSW) theory, which explained the 

variable mechanical properties of the alloy. It also considered the Orowan and shearing 

strengthen models to elucidate the strengthening mechanism. Behrouzghaemi et al. [111] 

discussed the effects of cooling rates on the morphology of γ' in the nickel-based 

superalloy IN738LC after a sub-solvus heat treatment, as shown in Figure 2.22. It was 

apparent that the primary γ' changed from spherical (complex flower-like morphology) 

to cubic with decreasing the cooling rate. This was primarily attributed to the changed 

stability of γ' particles under different cooling rates, which was related to the misfit of 

γ/γ' and the corresponding elastic energy during solidification. Due to the considerably 

high cooling rates (in the magnitude of 106 K/s [125]) during the LPBF process, the 

precipitation of strengthening phases such as γ' and γ'', is largely impeded. Therefore, 

heat treatment is highly required to improve the microstructure and the mechanical 

properties of as-printed (APed) parts fabricated by LPBF. Zhang et al. [107] applied a 

standard heat treatment on the Inconel 718 superalloy processed by LPBF and reported 

that the yield strength (YS) and the ultimate tensile strength (UTS) increased, while the 

elongation (EL) decreased dramatically due to the fine γ' and γ'' precipitates in the γ 
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matrix. Divya et al. [126] found partial recovery and recrystallisation of the 

microstructure in the CM247LC superalloy using LPBF after the heat treatment. In 

addition, the γ' precipitates could be also observed, which induced a significant increase 

of hardness. 

 
Figure 2.22. Morphologies of γ' precipitates in the IN738LC superalloy after heat 

treatment of 1120 oC for 2 hours and cooled with the cooling rates of (a) 247 oC/s, 

(b) 98 oC/s, (c) 72 oC/s and (d) 11 oC/s observed using scanning electron 

microscope [111]. 

2.4.5. Inconel 738 LC 

Nickel-based superalloy Inconel 738 LC (IN738LC), also named 738X, with “LC” 

meaning low-carbon. IN738LC is a kind of precipitation strengthening alloy by γ′ phase 

[30, 127], widely used in energy and aerospace fields such as the hot gas path for 

turbines [30] due to its high creep property, excellent oxidation resistance and 

microstructural stability at elevated temperatures. It can be on long service under 980 

oC, and the endurance property can be comparable with NI713C. Because the content 

of Cr is high in this alloy, the oxidation resistance of IN738LC is better than NI713C 
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and can catch up with Udimet 500 [98]. Table 2.3 [128] gives the standard chemical 

composition of IN738LC. The roles of Cr within this alloy are solution strengthening 

and the improvement of oxidation resistance at high temperatures. The chemical 

composition contains relatively high contents of Ti and Al, which are favourable to 

form a large amount of γ'. High contents of the element atoms in large sizes such as W, 

Ta and Mo, can pin in the microstructure and hinder the slide of crystal. In addition, Nb, 

Ta, W and Mo also form carbides and further strengthen the alloy. Moderate amounts 

of B and Zr can modify grain boundaries and increase the creep resistance of the alloy 

[96, 98]. 

Table 2.3. ASTM chemical composition of the IN738LC alloy in wt%. 

Element Ni Cr Co Mo W Ta Al 

wt% Balance 15.7-16.3 8.0-9.0 1.5-2.0 2.4-2.8 1.5-2.0 3.2-3.7 

Element Ti C B Zr Nb Fe Si 

wt% 3.2-3.7 0.09-0.15 0.007-0.012 0.02-0.08 0.6-1.1 < 0.05 < 0.3 

Figure 2.23 shows the UTS, the YS and the EL of the casting IN738LC tensile 

bars after a standard heat treatment (a solution treatment at 1120 oC for 2 hours with air 

cooling, followed by an ageing treatment at 850 oC for 24 hours with air cooling) as a 

function of temperature [98]. There is a big drop of strength when the temperature is ~ 

750 oC, where the lowest EL is also obtained. 
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Figure 2.23. Mechanical properties of the IN738LC alloy as a function of 

temperature, (a) UTS, (b) YS and (c) EL [98]. 

Figure 2.24 exhibits the creep rupture curves with different initial stress at 1123 K 

of IN738LC from the work of Stevens et al. [129]. It showed a continuously increasing 

creep rate, where the strain was proximately proportional to the time, rather than a 

pronounced primary creep range followed by a classical steady (secondary) range. 

 

Figure 2.24. Creep rupture curves of the IN738LC alloy at 1123K with different 

initial stress [129]. 

Since IN738LC serves at high temperatures, high-temperature oxidation resistance 
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is a significant property for this alloy. Litz et al. [130] conducted the hot oxidation test 

on the IN738LC alloy at different temperatures. Figure 2.23 shows the oxide scale of 

the IN738LC alloy during 1-hour oxidation in air at 1100 oC. It showed that the main 

oxidation products were an outer TiO2 layer, an intermediate layer of Cr2O3 with 

dissolved Ti and an inner layer of (Nb, Ta, Ti)O2 with a futile structure. Beneath this 

oxidation scale, there was an internal oxidation zone formed containing A12O3 and TiN 

into the substrate. Here, Cr2O3 and A12O3 were the main protective layers preventing 

the IN738LC alloy from oxidation at high temperatures. 

 
Figure 2.25. Oxide scale of the IN738LC alloy after exposed in the air at 1100 oC 

for 1 hour observed using scanning electron microscope [130]. 

2.5. Laser powder bed fusion fabricated nickel-based 

superalloys 

Nickel-based superalloys have been applied in the fabrication of parts by LPBF 

such as IN718 [131-133], IN625 [134, 135], CM247LC [136], Hastelloy-X [137-139] 

and IN738LC [140-142], to meet the high requirement of the complex shape and the 

design freedom of the components used in aerospace and automobile fields. 
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Figure 2.26 shows the typical microstructure of the APed IN738LC superalloy by 

LPBF. Figure 2.26 (a) shows that the γ matrix displays cell-like substructures with fine 

precipitates at the boundaries. This morphology is observable in the plane perpendicular 

to the building direction during the LPBF process. As shown in Figure 2.26 (b), the 

cellular dendrites form parallel to the building direction due to the thermal gradient in 

the rapid cooling process [143]. 2 different structures are visible parallel and 

perpendicular to the building direction, as depicted in Figure 2.27’s electron 

backscattered diffraction orientation maps [30]. The columnar grains form in the 

building direction and grow across multiple melt pools and are visible in samples cut 

parallel to their growth direction, as shown in Figure 2.27 (a). While in Figure 2.27 (b), 

samples cut transversely to the growth direction show these same grains as cell-like 

structures. 

 

Figure 2.26. Typical microstructures of the IN738LC alloy fabricated using 

LPBF, (a) cell-like structures visible perpendicular to the growth direction, (b) 

cellular dendrites parallel to the growth direction observed using scanning 

electron microscope. 
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Figure 2.27. Electron backscattered diffraction orientation maps of the IN738LC 

alloy (a) parallel and (b) perpendicular to the building direction [30]. 

The corresponding pole figures (PFs) and inverse pole figures (IPFs) in Figures 

2.28 (a) and 2.28 (b) demonstrate how most crystals have a preferential growth direction 

along crystallographic orientation <100> {001} for both of the sections parallel and 

vertical to the building direction, which is consistent with the preference of red colour 

in Figures 2.27 (a) and 2.27 (b). 

 
Figure 2.28. Crystal preferred orientations obtained by EBSD with PFs (001, 111, 

110) and IPFs of the IN738LC alloy with respect to X, Y and Z directions for the 

samples (a) parallel and (b) vertical to the building direction [30]. 

Figure 2.29 exhibits the typical cell-like structures using transmission electron 

microscope [126]. There are extensive networks of dislocations at the boundaries of 

these cell-like structures while a lower density of the dislocations inside. It is primarily 

attributed to that a high cooling rate in the LPBF process causes the development of 

high residual stress in the sample. 
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Figure 2.29. Microstructure of the CM247LC alloy showing dislocation 

distribution observed using transmission electron microscope [126]. 

Due to the complication of the chemical composition of nickel-based superalloys, 

the components manufactured by the laser AM process suffer from cracking during the 

processes of rapid heating and cooling. Section 2.5.2 details the potential mechanisms 

of cracking in the laser AM and welding processes.  

Cloots et al. [30] reported the occurrence of the solidification cracking in the 

IN738LC alloy fabricated by LPBF. They used atom probe tomography (APT) and 

Thermo-Calc modelling to identify and characterise the segregation of Zr at grain 

boundaries, where the content of Zr was ~ 20 times higher when compared to standard 

proportions within the alloy. The segregation of Zr enlarged the solidification 

temperature range, inducing the liquid films to remain at the last stage of solidification. 

In addition, dendrites were visible in the open cracks, as shown in Figure 2.30, which 

was a typical morphology of the solidification cracking. 
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Figure 2.30. (a) Morphology of the crack in the IN738LC alloy processed by 

LPBF, (b) dendrite morphology in an opening crack at high magnification 

observed using scanning electron microscope [30]. 

Marchese et al. [137] attributed the cracks in the Hastelloy X alloy produced by 

LPBF to the formation of carbides. At grain boundaries, a large amount of sub-

micrometric fcc Mo-rich MnCm formed due to the segregation of Mo, W and C. In 

addition, the thermal cycles comprising the re-melting and re-solidification processes 

also contributed to the formation of new carbides. Therefore, cracks generated with the 

combination of these intergranular carbides and high thermal stress due to the rapid 

cooling process in LPBF. Similarly, Han et al. [50] reported that the cracks in Hastelloy 

X were caused by the liquation cracking due to low-melting Mo-rich carbides lowering 

the solid/liquid interface energy, and the extensive wetting of the solid dendrites 

promoted the propagation of cracks. Qiu et al. [144] thought that some oxides such as 

WO2, Al2O3 and SiO2 formed firstly, since their melt points were higher than the 

liquidus temperature of the IN738LC alloy. These oxides showed the morphology as 

dark, large and elongated particles and gave rise to a significantly higher hardness of 

grain boundaries in IN738LC fabricated by LPBF. The solidification process generated 

oxides in the early stage of solidification and dissociated them in the melt. As the 

temperature decreased, they played the role of inclusion clusters and hindered the 
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continuity of the liquid films at grain boundaries, which was favourable for the 

formation of cracking. 

2.6. Efforts to solve cracks in nickel-based superalloys 

during LPBF 

Due to the uncontrollability of LPBF and the natural complexities of nickel-based 

superalloy chemical composition, defects like rough surfaces, pores, undesirable phases, 

cracks and refractory inclusions become unavoidable in the nickel-based superalloy 

parts fabricated by LPBF. Compared with some other defects, cracking is the most 

detrimental, since high stress concentrates at the crack tips, leading to the rapid 

propagation of cracks. The parts used in aerospace and automobile fields normally 

require long-term stability and durability, however, the geometries of these parts are 

relatively complex, which increases the difficulty to process the alloy introducing no 

cracks using LPBF. Great efforts have been made to mitigate the cracking in nickel-

based superalloys during the LPBF process. 

2.6.1. Processing parameter control 

As detailed in Section 2.4, processing parameters can significantly affect the 

printing quality of parts by changing, among others, the thermal history, the melting 

condition and the solidification process. Therefore, processing parameter control is the 

most direct method to mitigate the defects, including the cracks of the printed parts 

using LPBF. Normally, laser power, scan speed and hatch spacing are the key 
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parameters chosen in the parameter control process [145]. Wang et al. [140] studied 

large ranges of laser powers and scan speeds with 150 W-270 W and 550 mm/s-1100 

mm/s, respectively, in the fabrication of IN738LC during LPBF. They suggested that 

the process window to realise high-quality IN738LC without cracks was narrow. This 

alloy suffered from a severe cracking condition, and some parameters even failed to 

fabricate samples due to the wrapping phenomenon. Perevoshchikova et al. [142] used 

a Doehlert design to optimise the printing quality of IN738LC processed by LPBF with 

3 key parameters: laser power, hatch spacing and scan speed. They conducted 14 

experiments with both image analysis and Archimedes method and proved that small 

hatch spacing, medium scanning speed and low laser power could provide a high-

quality part with the porosity < 0.5 % and free of cracks. The cracking mitigation by 

the processing parameter control method can be directly carried out during the LPBF 

process by operating the machine system [146], which decides its high operability and 

low costs. However, compared with pores, cracks are difficult to eliminate completely 

by controlling the parameters with the process window rather limited. In addition, the 

processing parameters are sensitive to the machines and the powder batches used. The 

optimised parameters and the process window will deviate once the machine or the 

powder batch changes. 

2.6.2. Substrate preheating 

From Section 2.5.2.5, the thermal stress induced by the high thermal gradient in 

LPBF is the cracking’s main driving force. The method of substrate preheating can 
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significantly increase the temperature of the part bottom, reducing the thermal gradient 

along the building direction. As a result, the cracking can be mitigated. Risse [147] 

established a high-temperature preheating system on the 3D printing machine, as shown 

in Figure 2.31. He preheated the substrate up to 1100 oC in the fabrication of IN738LC 

during LPBF, which effectively prevented cracking in the printed samples. Due to the 

thermal expansion characteristics of nickel-based superalloy, the preheating 

temperature lower than 600 oC normally has no effect in solving cracking in the LPBF 

process. However, most of the commercially available 3D printing machines typically 

heat the substrates at temperatures as high as 200 oC, which constrains the substrate 

preheating method to eliminate the cracking in nickel-based superalloy during LPBF. 

 

Figure 2.31. Schematic diagram of the preheating system in the LPBF process 

[147]. 

2.6.3. Chemical composition design 

Due to the differences in the chemical composition of different nickel-based 

superalloys, the segregation conditions also differ. According to Section 2.5.2, the 

segregation of elements is the main cause of the solidification crack and the liquation 

crack. Therefore, reducing the content of the cracking-susceptible elements in alloy 
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chemical compositions could be an effective method to solve the cracking in nickel-

based superalloys processed by LPBF. Tomus et al. [148] printed 2 batches of pre-

alloyed Hastelloy-X powder with different C, Mn and Si contents by LPBF. They 

suggested that the crack initiation generated during the solidification process, and the 

cracking significantly depended on minor alloying elements such as C and Si. Thus, 

low C and Si contents could help avoid cracking in the Hastelloy-X alloy during LPBF. 

Harrison et al. [138] proposed a new theory for the reduction of nickel-based 

superalloys during LPBF crack susceptibility. They suggested that increasing the 

contents of substitutional solid solution strengthening elements within the alloy could 

improve the cracking resistance of materials in LPBF. To prove their hypothesis, they 

produced a modified composition of Hastelloy X powders. Compared with the nominal 

composition in Hastelloy X, the contents of some solid solution strengthening elements 

such as Cr, Co and Mo, increased in the modified one. As a result, they observed an 

average reduction of 65 % of cracks in the modified Hastelloy X part, and the UTS 

correspondingly improved at high temperatures. However, the contents of the target 

elements must be carefully controlled, and typically, this content requires a large 

amount of trial. Here, many batches of pre-alloyed must be produced. Therefore, high 

costs make it difficult to commercialise this method. 

2.6.4. Metallic matrix composite 

Recently, the in-situ fabrication of metallic matrix composite in LPBF with 

nano/micro-particles has attracted greater attention. This method can modify the 
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microstructures in printed parts and improve material properties by direct introduction 

of external particles into commercial alloy powders using ball-milling or powder-

mixture while being an approach considered to mitigate cracking development during 

LPBF. Solving cracking during LPBF using the metallic matrix composite method was 

first reported in aluminium alloys [149, 150], and the main principle is the columnar-

to-equiaxed transition (CET) theory. During the rapid solidification in LPBF, the added 

particles can act as heterogeneous nucleation sites, refining the grains, and the 

elongated columnar grains can transfer into equiaxed ones. A homogeneous and 

equiaxed microstructure accommodates strain more readily and has a better cracking 

resistance [150]. Figures 2.32 (a) and 2.32 (b) show the process of CET, and Figures 

2.32 (c) and 2.32 (d) present the electron backscattered diffraction orientation maps of 

the microstructures before and after introducing LaB6 nanoparticles into the AlSi10Mg 

alloy using LPBF, respectively. The grains are significantly refined with the addition of 

nanoparticles. 
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Figure 2.32. Schematic diagram of CET (top) and electron backscattered 

diffraction orientation maps (bottom) showing the microstructures before (a, c) 

and after (b, d) adding LaB6 nanoparticles into the AlSi10Mg alloy using LPBF 

[150]. 

To remove the cracking, ceramic particles such as TiC and TiB2, are introduced 

into nickel-matrix during LPBF. Han et al. [151] added 1 wt% TiC nanoparticles into 

the Hastelloy X superalloy powders and fabricated parts using LPBF. They found that 

most of the micro-cracks were reduced in the APed sample. They suggested that the 

increase of low-angle grain boundaries in the microstructure was the main contributor 

in solving the cracks, indicating that added TiC nanoparticles promoted heterogeneous 

nucleation during solidification. Zhou et al. [152] also removed the cracks in the 

LPBFed IN738LC samples using TiC nanoparticles. Unlike the investigation by Han et 

al. [151], they observed the increase of high-angle grain boundaries after incorporating 

2.5 wt% of TiC. Due to the elimination of cracking, the YS, the UTS and the EL 

improved in the TiC-containing alloy. In addition, using rare earth oxide particles is 

common in dealing with cracking in nickel-based superalloys during some laser 
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processes due to their functions in refining grains and purifying grain boundaries. La2O3 

and Y2O3 are the most commonly used rare earth oxides incorporated with Ni alloys in 

the laser-cladding process. Both favour the formation of crack-free coating and the 

refinement of microstructure [153, 154]. It is believed the addition of rare earth oxides 

improves the high-temperature oxidation resistance of materials by refining the grains 

and promoting the formation of spinel phases [155]. Compared with other methods in 

solving cracking, the metallic matrix composite is relatively easy to operate with low 

costs. It cannot only eliminate cracks but also modify the microstructure of alloys and 

further improve the performances. 

2.6.5. Pulsed-wave laser beam 

Due to the discontinuous radiation of the laser beam under the pulsed-wave mode, 

the solidification condition differs compared to the continuous-wave mode during 

LPBF. As a result, the grain structure, the phase generated and the defect behaviour can 

be modified in the alloy fabricated using the pulsed-wave laser beam. Therefore, it is 

considered an approach to solving cracking in nickel-based superalloy in LPBF. 

Compared with the continuous feature of the Laves phase in the LPBFed IN718 alloy 

under the continuous-wave laser beam, Tian et al. [125] found discrete Laves phase in 

pulsed LPBFed arising from high cooling rates induced by the pulsed-wave laser beam. 

Since the continuous Laves phase at grain boundaries was the primary cause of the 

liquation cracking in IN718 during LPBF, here, the cracking was effectively removed 

in their investigation. Muñiz‑Lerma et al. [104] also used the pulsed-wave laser beam 
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to fabricate crack-free Inconel 738 samples, attaining near-equilibrium segregation of 

elements, since the high solidification rate in LPBF limited the solute trapping. 

However, the mechanism of action under the pulsed-wave laser mode compared to the 

continuous laser beam was not fully discussed in their investigation, and the influence 

of processing parameters on the printing quality must be further discussed. Risse [147] 

manufactured the IN738LC samples with an area fraction for the lack of fusion less 

than 0.1 % and free of cracking using the pulsed-wave laser radiation without preheating, 

finding that the application of the pulsed-wave laser beam could lead to an isotropic 

grain structure with isotropic mechanical properties. However, the effect of the pulsed-

wave laser beam on the cracking formation was not mentioned in his study. The pulsed-

wave laser beam method is relatively easy to conduct by controlling the laser beam 

mode within the machine. Most importantly, cracking can be effectively eliminated 

without changing the chemical composition of alloys, implying its great practicability 

in real industrial production. 

2.7. Summaries: Key findings of investigation 

This chapter reviews some previous works related to the investigation of interest, 

focusing on the process of LPBF in manufacturing precipitation strengthening nickel-

based superalloys. The main concerns of the fabrication of nickel-based superalloy 

IN738LC using LPBF are the defect generation mechanism and the approach in solving 

them. The following points summarise the current state of knowledge: 
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 Great efforts have been made in solving defects using the parameter-design method 

in IN738LC during LPBF, and the corresponding process windows are developed 

to give nearly full-density components. However, how these key parameters affect 

the printing qualities and their action mechanism are not discussed deeply for the 

objective alloy. 

 There are few investigations on the fluid dynamics and the solidification behaviour 

in bulk printed parts of IN738LC. This is mainly a result of little information 

revealed due to the overlapping between the previously fabricated tracks and layers. 

Here, it is even difficult to measure the melt pool’s geometry. Therefore, a single-

track experiment method needs to be applied to directly reveal the reaction between 

the powder bed and the laser beam, which is helpful to explain the mechanism of 

pore formation in depth. 

 External particles have been added to the nickel matrix in order to deal with 

cracking during LPBF. While the mechanism is not clearly stated, and the effect of 

addition amount on the microstructures and the performances of materials needs to 

be investigated as well. Moreover, titanium-based ceramic particles such as TiC, 

TiN and TiB2 seems to be the only choice in some previous researches. 

 Other investigations have focused on the mechanical properties of nickel-based 

superalloys processed by LPBF. However, some physical properties like oxidation 

resistance are also important in the process of material service. 
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 A Pulsed-wave laser beam has been used to fabricate defect-free LPBFed IN738LC 

components. However, the cracking mitigation mechanism and the effect of 

pulsed-wave parameters (duty ratio and laser frequency) are not addressed. 

Thus, the gaps which are identified from the literature review will be addressed in 

this thesis are: 

 Studying 3 key parameters (hatch spacing, scan speed and laser power) to give a 

better understanding of how parameters influence defect formation and their action 

mechanism. 

 Performing single-track experiments to study the fluid dynamics and solidification 

processes during laser powder bed fusion, focusing on track stability, melt pool 

dimension and bead mode. 

 Adding different weight contents of Y2O3 nanoparticles by powder mixture in order 

to mitigate cracking in the printed parts. Simultaneously investigating the 

mechanical properties and the oxidation resistance of the alloys.  

 Applying pulsed-wave laser beam for the fabrication of crack-free IN738LC 

components using LPBF and studying the mechanism of pulsed-wave laser action 

and the effects of laser frequency and duty ratio on the printing qualities. 
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Chapter 3 Experimental Methods 

3.1. Introduction 

This chapter details the materials, the sample preparation processes, the 

microstructural characterisation, the simulation method and the property tests in this 

investigation.  

3.2. Materials 

3.2.1. Raw materials 

This research investigated the processability of the nickel-based superalloy 

Inconel 738 LC (IN738LC). The powders were supplied from 3 different manufacturers 

separately used for different processes described in the chapters of this research. Y2O3 

nanoparticles were mechanically blended with the pure IN738LC powders to fabricate 

a metallic matrix composite. Table 3.1 details the relevant material names, the suppliers, 

the particle size classifications, the weights supplied, the manufacturing technology and 

the investigation chapter which used the certain batch. Table 3.2 gives the chemical 

composition of the IN738LC powders, indicating no significant difference in chemical 

composition between different suppliers. The morphologies of the powders were 

observed by scanning electron microscope and shown in Figure 3.1. 
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Table 3.1. Powder Batch Details. 

Material Supplier Particle Size (µm) Weight (kg) Technology Chapter 

IN738LC AMC 15-53 20 Argon gas 7 

IN738LC LPW 15-53 10 Argon gas 4, 6 

IN738LC SNDVARY 15-53 10 Argon gas 5, 8 

Y2O3 Shuitian 0.05-0.1 1 Water 7 

Table 3.2. Chemical compositions of the IN738LC powders in wt% (supplies A = 

AMC, L = LPW, S = SNDVARY). 

 Ni Cr Co Ti Al W Ta Mo Nb Zr C B 

A Bal. 15.82 8.32 3.48 3.50 2.58 1.78 1.82 0.88 0.06 0.12 0.01 

L Bal. 15.92 8.44 3.33 3.41 2.57 1.73 1.81 0.88 0.04 0.11 0.01 

S Bal. 15.81 8.47 3.41 3.36 2.67 1.63 1.71 0.74 0.03 0.10 0.009 

 
Figure 3.1. Morphologies of the IN738LC powders supplied by (a) LPW, (b) 

SNDVARY and (c) AMC observed using scanning electron microscopic. 

3.2.2. Powder particle size distribution measurement 

This research performed a measurement of powder size distribution before the 

LPBF process using a CoulterLS230 laser diffraction particle size analyser (LPA) 

(Department of Materials Science and Engineering, Southern University of Science and 
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Technology (SUSTech)). Table 3.3 shows the measurement results of the IN738LC 

powders. It was reasonable to conclude that the size distributions were similar for the 

powders supplied by AMC and SNDVARY, while the sizes of the LPW’s powders were 

somehow greater than the other 2 batches. 

Table 3.3. Size distributions and flowabilities of the IN738LC powders. 

 D10 (μm) D50 (μm) D90 (μm) Flowability (s) 

AMC 18.9 ± 0.6 30.1 ± 0.9 47.4 ± 1.1 15.6 ± 0.1 

LPW 27.6 ± 0.2 39.1 ± 0.4 49.3 ± 1.9 13.8 ± 0.2 

SNDVARY 21.4 ± 1.6 30.7 ± 0.8 42.9 ± 2.5 14.3 ± 0.4 

3.2.3. Powder flowability measurement 

The powder flowability of the IN738LC powders was measured before the LPBF 

process. The Hall cup technique, defined as the time for 50 g powders to flow from the 

Hall cup, was used to perform the measurement. Table 3.3 shows the measured results, 

and the best flowability of the powders was from LPW. 

3.2.4. Powder mixture 

The Y2O3 nanoparticles of different contents were blended together with the 

IN738LC powders using a TURBULA T2F 3D swinging powder mixer (Department of 

Mechanical and Energy Engineering, SUSTech) for 4 hours. Figures 3.2 (a) and 3.2 (b) 

show the morphologies of the IN738LC and the Y2O3 powders observed by scanning 

electron microscope, while Figures 3.2 (c)-3.2 (f) show the IN738LC powders with the 

Y2O3 nanoparticles inlaid on their surfaces. The inserted images exhibit the details of 

the powder surfaces at high magnification. 
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Figure 3.2. Morphologies of (a) the IN738LC powders and (b) the Y2O3 powders 

as well as the IN738LC powders inlaid with (c) 0 wt% Y2O3, (d) 0.05 wt% Y2O3, 

(e) 0.2 wt% Y2O3 and (f) 0.6 wt% Y2O3 on the IN738LC powder surfaces 

observed using scanning electron microscopic. The insert images show the details 

of the powder surfaces at high magnification. 

3.3. Laser powder bed fusion process 

3.3.1. Laser powder bed fusion system 

A Concept Laser M2 (Netshape, University of Birmingham (UoB)), an SLM 

Solution 125 (SILENGMAN, Shanghai), a BLT-S210 (GUANGYUNDA, Shenzhen) 

and a DiMetal-100 (LASERADD, Guangzhou) were used to carry out the Laser powder 

bed fusion (LPBF) processes. Table 3.4 gives the technical specifications of these LPBF 

systems. This research defined the surface of the powder bed as the X-Y plane and the 

movement direction of the recoater as the X-axis. The building direction lied 

perpendicular to the X-Y plane, defined as the Z-axis. 

“Raster” scan mode is a typical scan strategy for the LPBF system, where the laser 

beam moves back and forth across the whole surface of the current layer, with the 

direction of the laser beam rotating a certain degree in the latter layers. Figures 3.3 (a) 
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and 3.3 (b) show the schematic diagrams of the “Raster” scan strategy for the rotation 

angles of 90o and 67o, respectively. A unique scan strategy of the Concept Laser M2 

system is an “Island” scan mode. This mode divides the surface of the current layer into 

several “islands”, and the laser beam randomly scans each “island” as the “Raster” 

mode. The scan directions between the adjacent “islands” are at a 90o angle. The pattern 

repeats for the next layer but moves a certain distance, as shown in Figure 3.3 (c). 

Table 3.4. Technical specifications of the LPBF systems used in this investigation. 

LPBF system Concept Laser SLM solution BLT DiMetal 

Laser type 

Yb-fiber 

Continuous 

Wave 

Yb-fiber 

Continuous 

Wave 

Yb-fiber 

Continuous 

Wave 

Yb-fiber  

Continuous/ 

Pulsed  

Wave 

Max. Laser 

power (W) 
400 400 400 500 

Max. Scan 

speed (mm/s) 
4200 10000 7000 7000 

Spot size (μm) 150 100 60 100 

Scan strategy Raster & Island Raster Raster Raster 

Layer thickness 

(μm) 
20-50 20-100 20-100 20-100 

Max. Build 

height (mm) 
280 125 200 100 

Plate dimension 

(mm) 
250×250 125×125 105×105 100×100 

Pulse frequency 

(kHz) 
N/A N/A N/A 1-50 

Duty cycle (%) N/A N/A N/A 1-100 

Recoater type 
Flexible  

Rubber 

Solid 

Steel/Ceramic 

Solid 

Steel/Ceramic 

Solid 

Steel/Ceramic 

Plate material IN625 SS316 SS316 SS304 

Preheat (oC) N/A 200 200 N/A 



84 
 

 

Figure 3.3. Schematic diagrams of the scan strategies of the LPBF systems: (a) 

Raster 90o, (b) Raster 67o and (c) Island. 

In particular, besides the normal continuous-wave laser beam, this research studied 

pulsed-wave mode using the DiMetal 100 LPBF system. Figure 3.4 shows the typical 

waveforms of the continuous-wave and pulsed-wave laser emissions, where tcycle is the 

time for a pulse, so frequency f is 1/tcycle. ton is the time the laser is emitting, and toff is 

the time the laser is not emitting. The duty cycle of the pulsed-wave laser emission is: 

= on on

off on cycle

t t

t t t
 =

+
                Equation 3.1 

 

Figure 3.4. Temporal profiles of the power inputs in the continuous-wave and 

pulsed-wave modes. 

3.3.2. Bulk part fabrication 

This research fabricated bulk parts with the dimensions of 10 mm × 10 mm × 10 
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mm for microstructural examination and with the dimensions of 10 mm × 15 mm × 50 

mm for property tests. The details of the processing parameters with a fixed layer 

thickness of 30 μm are shown in Table 3.5. 

Table 3.5. Processing parameters used in this investigation. 

 

Laser 

power 

(W) 

Scan 

speed 

(mm/s) 

Hatch 

spacing 

(μm) 

Scan 

strategy 

Preheat 

(oC) 

Pulse 

frequency 

(kHz) 

Duty 

cycle (%) 

Building 

size (mm) 
Chapter 

Concept 

laser 
150-350 1000-3000 30-90 Raster 90o N/A N/A N/A 

10×10×10 

10×15×50 
4, 6 

SLM 

solution 
250-330 1000-1400 90 Raster 67o 200 N/A N/A 

10×10×10 

10×15×50 
7 

BLT-

S200 
50-370 500-2500 50 Raster 90o N/A N/A N/A 10×10×10 5 

DiMetal

100 
220-280 600-1000 50 Raster 67o N/A 2-8 30-70 10×10×10 8 

3.3.3. Single-track testing 

3.3.3.1. Effect of laser power and scan speed on track behaviour 

This research performed single-track experiments to investigate the effects of laser 

power and scan speed on track behaviour, i.e., track stability, melt pool dimension and 

bead mode, using the BLT-S200 system. Since the machine could not directly scan 

single tracks, it fabricated a basic block to hold the single tracks on its top. The 

fabricated blocks had the dimensions of 10 mm × 10 mm × 10 mm. All the basic blocks 

were manufactured using the same parameter of laser power 250 W, scan speed 2000 

mm/s, hatching space 50 μm, thickness of layer 30 μm, Raster 90o scan strategy and no 

preheating. Afterward, a single layer was scanned with a thickness of 30 μm and a track 

distance of 400 μm on the top of the basic blocks, as shown in Figure 3.5 (a). Figure 

3.5 (b) is a schematic diagram of the building part to exhibit the deposited single layer 
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and tracks. 

 

Figure 3.5. Schematic diagrams of (a) the LPBF process to obtain the single 

tracks and (b) the basic block and the single tracks. 

3.3.3.2. Effect of laser beam mode on track behaviour 

Single-track experiments were performed to characterise the track morphologies 

under the continuous and pulsed-wave laser beams using DiMetal100. Unlike BLT-

S200, DiMetal100 could directly scan a single track on the substrate under the control 

of the machine computer system. 

3.4. Heat treatment 

Standard heat treatment was carried out to optimise the properties of the LPBFed 

parts using a KSL-1200X furnace (Department of Mechanical and Energy Engineering, 

SUSTech). In the heat treatment, a solution treatment at 1120 oC for 2 hours, then cooled 

in air and followed by an ageing treatment at 850 oC for 24 hours, cooled in air were 

performed [1].  
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3.5. Metallurgical sample preparation 

3.5.1. Grinding and polishing 

3.5.1.1. Mechanical polishing 

Mechanical polishing is the fundamental step of all metallographic 

characterisations. Samples were sectioned using a wire electro-discharge machining 

(EDM) parallel and/or vertical to the building direction, depending on the investigations 

carried out. After hot-mounted in conductive Bakelite, the samples were ground and 

polished using auto-polishing machines. Initially, all mounted samples were ground by 

a coarse abrasive paper (240 p) to obtain relatively level surfaces and remove the 

contamination from the EDM step. Subsequently, fine grinding steps were applied using 

abrasive papers with the granulation ranging from 400 p to 3000 p. After grounding, 

the samples continued being polished in 0.5 μm diamond and 0.04 μm colloidal silica 

suspension with MD-Dac and MD-Chem polishing cloth, respectively. 

3.5.1.2. Vibratory polishing 

After the mechanical polishing, a vibratory polisher (Buehler VibroMet 2, 

Department of Mechanical and Energy Engineering, SUSTech) was subsequently 

applied to polish the samples with the vibratory frequency of 60 Hz for 2 hours to 

eliminate the stress on the sample surfaces generated in OPS suspension before electron 

backscattered diffraction characterisation. 



88 
 

3.5.2. Chemical and electrolytic etching 

3.5.2.1. Chemical etching  

The samples were etched chemically by submersion in Kalling’s No.2 reagent (5 

g CuCl2 in 100 mL HCl and 100 mL CH3CH2OH [2]) for 2-5 seconds and then rinsed 

with waterless ethanol and dried out to reveal the microstructural features such as 

carbides and grain structures. 

3.5.2.2. Electrolytic etching  

Figure 3.6 depicts the schematic diagram of the electrolytic etching process. This 

research immersed the polished sample in a glass beaker with the etchant. The anode 

connected to the surface of the sample, and it submerged the cathode above the sample 

in the etchant. This research used 2 different electrolytic according to the features of 

interest. Table 3.6 gives the etching parameters and the corresponding functions of the 

etchants. 

 

Figure 3.6. Schematic diagram of the electrolytic etching process. 
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Table 3.6. Etching parameters and functions of the corresponding etchants. 

Etchants Voltage (V) Time (s) Function 

10% phosphoric acid [3] 4 10 Reveal melt pool and dendrites 

70% phosphoric acid [4] 5 5 Reveal γ′ phase 

3.5.3. Thin foils for transmission electron microscope 

3.5.3.1. Focused ion beam  

Focused ion beam (FIB) is an ion beam produced by an ion source (most FIBs use 

Ga, but some devices use He and Ne as the ion source) before accelerated by an ion 

gun, which is used to strip metallic atoms from the sample surface using a high current 

beam mode. The advantage of FIB is to be able to thin a foil in a particular location. 

This research applied FIB (FEI Helios 600i, Core Research Facilities Centre, SUSTech) 

to prepare a thin foil for the transmission electron microscopic observation. The beam 

with the voltage of 30 kV and the current from 40 pA to 2.5 nA were conducted to thin 

the foil under 100 nm. 5 kV and 41 pA were used to eliminate the amorphous layer. 

3.5.3.2. Electrolytic twin-jet 

Electrolytic twin-jet is favourable to make the samples for transmission electron 

microscope in large quantities. Initially, a low-speed precision-cutting wheel (Buehler 

IsoMet LS, Department of Mechanical and Energy Engineering, SUSTech) cut the bulk 

sample into a slice with the thickness of 0.7 mm, and the slice sample was further 

ground to the thickness of 100-150 μm by 600 p-1500 p abrasive papers. A punch was 

used to obtain a  mm disc from the slice. An electrolytic twin-jet thinning system 

(Struers TenuPol-5, Department of Mechanical and Energy Engineering, SUSTech) 
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prepared the thin foils for transmission electron microscope in a 10 % perchloric acid 

ethanol [5] bath under 20 V for 5 minutes below -20 oC. 

3.6. Microstructural characterisation 

3.6.1. Optical microscope 

An optical microscope (OM) (Axio Observer 3.0, Department of Mechanical and 

Energy Engineering, SUSTech) equipped with a CCD camera was employed to image 

the laser track, the melt pools and the defects in the as-printed (APed) LPBFed samples. 

The Axio Vision SE64 Rel. 4.9 software measured the dimensions (width, depth, height, 

contact angle) of the melt pools. The final results of the dimensions were the averages 

by measuring 9 different melt pools. The samples were cut parallel to the building 

direction into 3 sections for the porosity and crack density measurements, as shown in 

Figures 3.7 (a) and 3.7 (b). Image threshold techniques (Image J) obtained the porosity 

and the crack density with optical observations, as shown in Figures 3.7 (c) and 3.7 (d) 

and Figures 3.7 (f) and 3.7 (g), respectively. Figures 3.7 (e) and 3.7 (h) demonstrate that 

the porosity is the ratio of the total area of pores to the total measurement area, and the 

crack density is the ratio of the total length of cracks to the total measurement area. It 

took 5 different images in each section. And the reported porosity and crack density 

were the averages from these 3 sections. 
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Figure 3.7. (a, b) Schematic diagrams of the sample cutting method, (c-e) analysis 

procedure for the porosity, (f-h) analysis procedure for the crack density. 

3.6.2. Scanning electron microscope 

3.6.2.1. Scanning electron microscope observation 

This research performed scanning electron microscope (SEM) as the following 

usages: 

 Characterisation of the powders. 

 Observation of the details of the defects. 

 Observation of the details of the melt pools. 

 Observation of the top surfaces of the APed and oxidised parts. 

 Observation of the oxidation scales. 
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 Characterisation of the phases (such as γ′ and carbides) in the APed and heat-treated 

(HTed) parts.  

The reported size and volume fraction of these phases were the averages of the 

measurements from 5 different view-fields. Table 3.7 shows the technical details of the 

SEMs, the parameters and the chapters which used in this research. 

Table 3.7. Details of the SEMs used in this investigation 

Facility Source Detector Current (nA) Voltage (kV) Location Chapter 

TM3000 
Tungsten 

Filament 
BSE 1 10 UoB 4 

Phillips 

XL30 
LaB6 SE2, BSE 5 5 UoB 4 

ZEISS 

Merlin 
FEG 

SE2, BSE, 

InLens 
0.1/5 5/20 SUSTech 5, 6, 7, 8 

3.6.2.2. Energy dispersive spectrometer 

The ZEISS Merlin SEM equipped with an EDAX Octane Pro energy dispersive 

spectrometer (EDS) was used to study the elemental mapping in the cracks and the 

oxidation scales. This research used the voltage of 10 kV and the current of 1 nA, with 

the results analysed by the Team software. 

3.6.2.3. Electron backscattered diffraction 

The ZEISS Merlin SEM equipped with an EDAS Digiview4 electron 

backscattered diffraction (EBSD) was used to study the microstructural features. It used 

the voltage of 20 kV and the current of 5 nA and employed the software TSL OIM 

Analysis 7 64× to analyse the grain size distribution and the misorientation angles by 

scanning 5 different view-fields for each sample. The corresponding inverse pole figure 
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(IPF) and pole figure (PF) were used to study the texture. In addition, to investigate the 

relationship between the crack frequency and the grain boundary misorientation angle, 

EBSD line scan mode investigated the misorientation angles of 254 cracks. 

3.6.3. Transmission electron microscope 

A transmission electron microscope (TEM) (Talos F200X, Core Research 

Facilities Centre, SUSTech) with the acceleration voltage of 200kV was used to identify 

and characterise the phases in the microstructure by the high-resolution TEM (HRTEM) 

and high angle annular dark-field (HAADF) scanning TEM (STEM) EDS mode. 

3.6.4. X-ray diffraction 

To identify the phases on the scanning surface, this research performed an X-ray 

diffraction (XRD) (ECO D8, Core Research Facilities Centre, SUSTech). It worked 

with a Cu-Kα source and a ceramic X-ray tube at 40 kV and 25 mA from 20o to 80o/90o. 

3.6.5. Laser scan confocal microscope 

Figure 3.8 shows the schematic diagram of laser scan confocal microscope 

(LSCM). When the LSCM works, the laser amplified by the optical lens focuses on the 

sample through the objective lens under the control of the beam slitting mirror. The 

fluorescence with a certain wavelength is emitted by the focal point, reaches the 

detector through the pinhole aperture and presents on the display. 2 LSCMs were 

employed to measure the surface roughness and re-structure the top surfaces of the 

APed parts and the oxidised samples. Measuring and averaging 9 different scanning 
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areas determined the surface roughness. Table 3.8 lists the LSCMs used in this research. 

 

Figure 3.8. Schematic diagram of the LSCM. 

Table 3.8. LSCMs used in this investigation 

Facility Location Chapter 

OLYMPUS LEXT UoB 4 

KEYENCE SUSTech 7, 8 

3.6.6. Micro-computed tomography 

Figure 3.9 depicts the working process of micro-computed tomography (micro-

CT). The sample is rotated 360o within the detection range and irradiated. Each angle 

collects a two-dimensional (2D) projection image. It reconstructs the acquired 2D 

projection images through the computer to obtain the three-dimensional (3D) CT 

volume data, and special software is applied to analyse the data visually. Micro-CT 

(Diondo d2, ENDI, Shanghai) performed the 3D characterisation of pores with the 

samples in 3 mm × 3 mm × 3 mm dimensions. In the CT testing, the monochromatic 

beam volt was 120 kV, and the current was 90 μA with a resolution ratio of 2 μm/pixel. 

2040 tomograms reconstruction and data collection were operated by diControl and VG 

Studio software, respectively. 
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Figure 3.9. Schematic diagram of the micro-CT. 

3.7. Simulation  

3.7.1. Thermo-Calc solidification patch simulation 

Thermo-Calc 2019a was applied to simulate the solidification process of the 

IN738LC alloy in both equilibrium and Scheil modes. This research also studied the 

segregation of elements and the solidification temperature range using the Thermo-Calc 

2019a software. The simulation temperature range was between 300 oC and 1500 oC, 

and the database used was TCNI8: Ni-Alloys v8.2. 

3.7.2. ANSYS Additive Print residual stress simulation 

The ANSYS Additive Print 19.2 software was used to simulate the distribution of 

residual stress during the LPBF process. The ANSYS Additive 19.2 is an advanced 

finite element analysis software focusing on solving stress distribution problems in 

LPBF by a thermal-stress coupling method. To reduce the computational cost, the 

simulation models were simplified into 5 mm × 5 mm × 5 mm dimensions (the real 

dimensions were 10 mm × 10 mm × 10 mm). Table 3.9 lists the other values involved 
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in the simulation. 

Table 3.9. Constants used in the simulation of the residual stress [6, 7]. 

Parameter Value 

Powder absorptivity 0.72 

Bulk material absorptivity 0.47 

Thermal expansion coefficient (K-1) 9.78 × 10-6 

Thermal conductivity (W/m·K) 11.85 

Specific heat capacity (J/g/K) 0.64 

Elastic modulus (GPa) 207 

Poisson ratio 0.27 

Material yield strength (YS) (MPa) 880 

3.7.3. ANSYS 19.2 thermal field simulation 

3.7.3.1. Physical model 

A 3D thermal model was used to calculate the temperature distribution by the 

ANSYS 19.2 software, and it achieved the whole process using APDL code input in the 

Mechanical APDL transient thermal calculation module. Figure 3.10 (a) depicts the 3D 

finite element model. The dimensions of the top IN738LC layer were 1000 μm × 300 

μm × 30 μm and meshed with the size of 10 μm × 10 μm × 10 μm. The bottom substrate 

(austenitic 304 steel) had the dimensions of 1000 μm × 300 μm × 300 μm with the same 

mesh size. The simulation loaded the heat source as a single track across the whole 

surface of the layer, i.e., from P1 to P3 with P2 the midpoint of the track. The moving 

direction of the heat source was defined as X-axis, and the building direction was Z-

axis, as annotated in Figure 3.10 (a). 
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Figure 3.10. (a) 3D thermal finite element model, (b) schematic diagram of the 

Gaussian laser energy profile. 

3.7.3.2. Heat source model 

The following equation regards the moving heat source of the laser beam as the 

Gaussian distribution [8]: 

2

2 2

2 2
exp( )

AP r
q

R R
= −               Equation 3.2 

where A is the laser absorptivity of the powder (found in Ref. [7]), P is the laser power, 

R is the radius of the laser beam where the heat flux density falls to its 1/e2 at the centre 

of the laser beam, and r is the radial distance of the target point to the laser beam centre. 

Figure 3.10 (b) shows the schematic diagram of the laser beam’s pattern. In this 

simulation, the heat source moved along the X-axis, therefore r could be described as: 

2 2 2 2

0 0 0( ) ( ) ( )r x x vt y y z z= − − + − + −        Equation 3.3 

where (x0, y0, z0) is the starting point of the laser beam, v is the scan speed, and t is the 

time that the laser beam moves. The loop statements of the ANSYS APDL code 

achieved the pulse laser action mode. It defined the loops to be equal to the number of 

cycles in the whole simulation period as: 

fL
N

v
=                     Equation 3.4 
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where f is the frequency, and L is the length of the laser beam path. In a cycle period, 

the laser on time was /f ( is the duty ratio), and the laser off time was 1/f - /f. It 

attained the continuous wave mode as  was equal to 1. 

3.7.3.3. Governing equation 

This model considered the powder bed and its surroundings as an adiabatic and 

closed system, where the energy balance obeys the first law of thermodynamics as [9]: 

in conduction convection radiationQ Q Q Q= + +            Equation 3.5 

where Qin is the heat input, and Qconduction, Qconvection and Qradiation are the energy losses 

by conduction, convection and radiation, respectively. The transient spatial temperature 

field for 3D heat conduction could be described as: 

( )
( ) ( ) ( )

pC T T T T
k k k

t x x y y z z


      
= + +

      
      Equation 3.6 

where r is the density, Cp is the specific heat capacity, T is the surface temperature of 

the component being fabricating, t is the time of the laser beam-powder bed interaction, 

k is the thermal conductivity of the material, and x, y and z are the axes. In the simulation, 

the temperature of the material varied over time, therefore the thermal properties such 

as Cp and k were also variables with the temperature in the simulation, referred to 

References [10, 11]. 

3.7.3.4. Boundary conditions 

At the beginning of LPBF, the temperatures of the substrate and the powder bed 

were equal to the surrounding temperature in the simulation: 
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0( , , , 0)T x y z t T= =                 Equation 3.7 

With boundary conditions potentially described as [9]: 

4 4

0 0( ) ( )
T

k h T T T T q
n




+ − + − =


        Equation 3.8 

where k is the thermal conductivity of the material, n is the normal vector of the powder 

bed surface, h is the convective heat transfer coefficient,  is the emissivity, and  is the 

Stefan-Boltzmann constant. While it could ignore the energy loss related to convection 

and radiation according to Reference [12]. 

3.7.4. Matlab R2016b melt pool profile simulation 

Matlab code was programmed to describe the profiles of melt pools with different 

laser frequencies and duty ratios under the pulsed-wave laser mode. The ranges of the 

simulation field were from -250 μm to 50 μm in the X-axis and -70 μm to 70 μm in the 

Y-axis. The heat source of the laser beam was in the Gaussian distribution. The 

governing equation was the point heat source formula [13]. The material properties 

could be referred to References [6, 7]. The profiles of melt pools exhibited the isotherm 

of the liquidus of the material. 

3.8. Material property tests 

3.8.1. Oxidation testing 

This research investigated the oxidation behaviour at 1095 oC of the HTed parts. 

The samples were prepared with the dimensions of 15 mm × 10 mm × 5 mm, polished 

down to 3000 p and ultrasonically cleaned in ethanol for 5 minutes. Al2O3 crucibles 
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were used to hold the samples for the oxidation tests. To eliminate the effects of 

moisture in the holder, the Al2O3 crucibles were pre-heated at 1000 oC for 24 hours 

before cooled to room temperature. Then the preheated Al2O3 crucibles were weighted. 

This process repeated until the weight of crucibles was kept constant. Then the Al2O3 

crucibles together with the samples were exposed at 1095 oC in an air atmosphere for 

240 hours in a high-temperature furnace (KSL-1200X, Department of Mechanical and 

Energy Engineering, SUSTech). The furnace had a 5 mm hole connecting to the outside 

air to guarantee enough oxygen to react with the samples. For every 24 hours, the 

samples were taken out from the furnace, cooled down to room temperature and 

measured the total mass together with the crucibles. The mass gain of the samples was 

used to evaluate the oxidation behaviour over the heated time. There were 3 samples 

for each alloy, and the measuring results were the average values. 

3.8.2. Tensile testing 

A tensile testing machine (ZJSY RDL100, Department of Mechanical and Energy 

Engineering, SUSTech) conducted the tensile tests for the HTed samples at room and 

850 oC at a strain rate of 1.7 × 10-4 /second. The samples were tested perpendicular to 

the building direction. 3 samples for each condition were tested. The last results were 

the averages. Figure 3.11 exhibits the dimensions of the tensile sample. 
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Figure 3.11. Dimensions of the tensile test sample. 

3.8.3. Thermal diffusion testing 

The thermal diffusivity of the alloys in the APed condition was measured by a 

NETZSCH LFA 427 laser flash apparatus (LFA). Disc-shaped samples with a thickness 

of 1.5 mm and a diameter of 10.5 mm were placed in an inert argon gas atmosphere. 

The samples were heated to 1400 oC to a molten condition in a sapphire cell and cooled 

down to some specified temperatures around the solidus and the liquidus of IN738LC 

(1360 oC, 1330 oC, 1300 oC, 1270 oC, 1240 oC) for the thermal diffusivity measurements. 

For every temperature, 3 measurements were performed, and the reported results were 

the averages. 
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Chapter 4 Parameter Optimisation: 

Effects of Processing Parameters on 

Defects 

4.1. Introduction 

This chapter presents the relationship between the laser powder bed fusion (LPBF) 

processing parameters and the surface roughness, the porosity and the crack density of 

the printed parts, while laser power, scan speed and hatch spacing are chosen as the key 

processing parameters. An experiment with the single variable method is designed 

among these 3 key parameters, where the primary parameter increases in gradient while 

the other 2 parameters are fixed. During measurements, it is a challenge to determine 

the crack density on the sample surface where so many pores co-exist. As the pores may 

hide the cracks on polished surfaces. In addition, the stress which causes the cracking 

may be relieved through the pores. These can weaken the responsivity of the parameters 

on the crack density, implying that the porosity needs to be strictly limited in the 

samples for the study of cracks. Thus, 2 parallel investigations on parameters versus the 

porosity (surface roughness) and the crack density are carried out, and parameters are 

given in Tables 4.1 and 4.2, respectively. In these investigations, the layer thickness is 

fixed as 30 μm and the scan strategy as Raster 90o, and all the processes are under no 

preheating condition. 
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Table 4.1. Parameters used for the investigation on surface roughness and 

porosity. 

Sample 
Laser power 

(W) 

Scan speed 

(mm/s) 

Hatch spacing 

(μm) 

VED 

 (J/mm3) 

1 200 2000 30 111.1 

2 200 2000 45 74.1 

3 200 2000 60 55.6 

4 200 2000 75 44.4 

5 200 2000 90 37.0 

6 200 1000 75 88.9 

7 200 1500 75 59.3 

8 200 2000 75 44.4 

9 200 2500 75 35.6 

10 200 3000 75 29.6 

11 150 2000 90 27.8 

12 200 2000 90 37.0 

13 250 2000 90 46.3 

14 300 2000 90 55.6 

15 350 2000 90 64.8 

Table 4.2. Parameters used for the investigation on crack density. 

Sample 
Laser power 

(W) 

Scan speed 

(mm/s) 

Hatch spacing 

(μm) 

VED 

 (J/mm3) 

1 250 2000 50 83.3 

2 250 2000 60 69.4 

3 250 2000 70 59.5 

4 250 2000 80 52.1 

5 200 1500 60 74.1 

6 200 1750 60 63.5 

7 200 2000 60 55.6 

8 200 2250 60 49.4 

9 175 2000 60 48.6 

10 200 2000 60 55.6 

11 225 2000 60 62.5 

12 250 2000 60 69.4 
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4.2. Results and discussions 

4.2.1. Surface roughness 

4.2.1.1. Effects of hatch spacing 

Figure 4.1 (a) shows the surface roughness as a function of the hatch spacing. The 

surface roughness decreases initially from 13.9 ± 2.8 μm at the hatch spacing of 30 μm 

down to 11.5 ± 0.8 μm at 45 μm but then increases up to 21.1 ± 2.3 μm at the hatch 

spacing of 90 μm. 

 
Figure 4.1. Surface roughness as a function of (a) the hatch spacing (laser power 

200 W, scan speed 2000 mm/s), (b) the scan speed (laser power 200 W, hatch 

spacing 75 μm) and (c) the laser power (scan speed 2000 mm/s, hatch spacing 90 

μm). 

Figure 4.2 shows the scanning electron microscope (SEM) and reconstruction 

images of the top surfaces. Figures 4.2 (a) and 4.2 (b) exhibit that the tracks on the top 
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surface are very close to each other at the hatch spacing of 30 μm. And when the hatch 

spacing increases to 45 μm, a relatively flat surface is obtained due to the sufficient 

overlap between tracks, as displayed in Figures 4.2 (c) and 4.2 (d). Figure 4.2 (e) shows 

that big gaps appear between adjacent laser tracks when the hatch spacing is high. The 

corresponding reconstruction image (Figure 4.2 (f)) shows a large height difference 

between the top and the bottom of the tracks, which directly results in high surface 

roughness. However, when the hatch spacing continues reducing to 30 μm, the surface 

roughness increases to 13.9 μm with a large deviation (2.8 μm). The humping 

phenomenon can explain this due to the Marangoni flow as a considerably low hatch 

spacing is applied during the LPBF process. Figures 4.3 (a) and 4.3 (b) show the 

schematic diagrams to illustrate the mass transfer of melt between the tracks at high 

and low hatch spacings, respectively. The Marangoni convection occurs when the melt 

flows from the regions with low surface tension to the region with high surface tension 

in the melt pool [1, 2]. Typically, surface tension is negatively related to temperature, 

implying a high temperature favours a low surface tension. The temperature in the 

centre of the melt pool is normally higher than that in the edge. Therefore, the direction 

of the attendant Marangoni flow is from the centre to the edge, resulting in a mass 

transfer of the melt from the present track to the previously fabricated ones. When the 

hatch spacing is relatively large, the melt transferred by the Marangoni flow can fill in 

the gaps between the tracks, which contributes to a flat surface, as shown in Figure 4.3 

(a). However, the temperature gradient between the tracks increases at a low hatch 

spacing [3], thus increasing the Marangoni flow’s trend [4]. In addition, low hatch 
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spacings can increase thermal accumulation, with the melt pool obtaining a resultant 

high working temperature. The high temperature reduces the viscosity of the melt, 

which is beneficial for the Marangoni flow. Therefore, the vigorous Marangoni flow 

increases the mass transfer’s intensity to the previously fabricated tracks at low hatch 

spacings, inducing the stacking of material on the top surface of the tracks, and then the 

micro-humping occurs after solidification, as shown in Figure 4.3 (b). The micro-

humping phenomenon at the hatch spacing of 30 μm is shown in Figures 4.2 (a) and 

4.2 (b) by SEM and laser scan confocal microscope (LSCM) (red dotted line), 

respectively. 

 

Figure 4.2. SEM and reconstruction images of the top surfaces at the hatch 

spacings of (a, b) 30 μm, (c, d) 45 μm and (e, f) 90 μm (laser power 200 W, scan 

speed 2000 mm/s). 
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Figure 4.3. Schematic diagram of the mass transfer between the tracks at (a) 

high and (b) low hatch spacings. 

4.2.1.2. Effects of scan speed 

Figure 4.1 (b) shows the surface roughness at various scan speeds. The surface 

roughness has a clear trend of increase with the increase of the scan speed. The scan 

speed of 1000 mm/s corresponds to a minimum roughness of 13.2 ± 0.4 μm. 

When the scan speed is low, high energy input density induces the powders to fully 

melt, which is beneficial for the formation of a flat surface (Figures 4.4 (a) and 4.4 (b)). 

As the scan speed increases to 2000 mm/s, the tracks swell, and clear gaps appear 

between the tracks, as shown in Figure 4.4 (d). When the scan speed reaches 3000 mm/s, 

the tracks become fluctuant and irregular-shaped, suggesting that an unstable condition 

occurs. From Figure 4.4 (e), the discontinuity and the instability of the track make it 

difficult to recognise the scan direction of the laser beam. The Plateau-Rayleigh 

instability contributes to this unstable condition when applying a considerably high scan 

speed in LPBF. Scipioni et al. [5] and Li et al. [6] suggested that a molten track could 

be regarded as a liquid cylinder during the reaction between the laser beam and the 
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powder bed.  is the length of the cylinder, and D is the diameter. The instability occurs 

when the ratio of  to D is larger than , as shown in Figure 4.5 (a). Yadroitsev et al. [7] 

thought that the stability of the melt was related to the contact angle  between the 

liquid cylinder and the substrate and suggested that the track stayed stable if   . 

During the LPBF process, the top layer is scanned based on the previously fabricated 

layers, thus  < π/2 is difficult to sustain. Swell and shrinkage result in the necking 

down and induce the track fluctuation, as shown in Figure 4.5 (b). As a result, the liquid 

cylinder breaks up into small droplets to lower the surface energy, known as balling 

phenomenon in LPBF. Rayleigh [8] found that the break time reached its minimum 

when πD/λ = 0.69, and the time was: 

3 1{0.3433 / [ ( / 2) ]}mt D  −=              Equation 4.1 

where  is the surface tension, and m is the melt density. When D is 100 μm,  is 1.88 

N/m, and m is 7324 kg/mm3 for IN738LC according to the study of Quested et al. [9], 

the calculated break time is ~ 65 μs, well below the typical solidification time during 

the LPBF process [1]. The breaking of track happens before it solidifies, implying the 

bailing phenomenon’s occurrence. Rombouts et al. [1] also found that the increase of 

scan speed led to an increase of the melt pool length, which accordingly induced the 

ratio’s increase of λ to D. Therefore, high scan speeds increase the possibility of Plateau-

Rayleigh instability being present. 
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Figure 4.4. SEM and reconstruction images of the top surfaces at the scan speeds 

of (a, b) 1000 mm/s, (c, d) 2000 mm/s and (e, f) 3000 mm/s (laser power 200 W, 

hatch spacing 75 μm). 

 

Figure 4.5. (a) Schematic diagram of the disturbance of a liquid cylinder, (b) 

SEM image of the track fluctuation showing the necking down occurs at the scan 

speed of 3000 mm/s (laser power 200 W and hatch spacing 75 μm). 

Figure 4.6 shows the top surface with different scan speeds at high magnification. 

As the scan speed increases, more pores appear. From Figures 4.6 (a)-4.6 (c), the surface 

exhibits free pores at the scan speeds of 1000 mm/s-2000 mm/s. However, from Figures 

4.6 (d) and 4.6 (e), as the scan speed continues increasing to 2500 mm/s and 3000 mm/s, 

the number of pores increases gradually, attributed to the uneven spread of powders and 
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the open pores. The low flowability limits the melt to spread and wet the neighbouring 

tracks fully during the rapid cooling process at high scan speeds in LPBF, thus causing 

the open pores. As aforementioned, viscosity is temperature dependent, high scan 

speeds lower the working temperature and increase the viscosity of melt during 

solidification. Melt with high viscosity is less likely to migrate toward the adjacent 

tracks. After solidification and shrinkage, the open pores form, as shown in Figure 4.6 

(e). Xia et al. [10] also observed that the number of open pores increased with the 

increase of the scan speed during LPBF of Inconel 718. Khairallah et al. [11] thought 

that open pores formed after the laser beam passed through the present location, and 

accompanying with the increase of surface tension, the pores kept opening due to the 

depression by the recoil force. Furthermore, numerous un-melted particles caused by 

the lack of fusion can be observed at the scan speed of 3000 mm/s, as shown in Figure 

4.6 (f). 

 
Figure 4.6. SEM images at high magnification of the top surfaces at the scan 

speeds of (a) 1000 mm/s, (b) 1500 mm/s, (c) 2000 mm/s, (d) 2500 mm/s, (e, f) 3000 

mm/s (laser power 200 W, hatch spacing 75 μm). 

4.2.1.3. Effects of laser power 

Figure 4.1 (c) illustrates a linear drop in the surface roughness with increasing the 
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laser power from 150 W to 350 W. Big gaps form between the tracks due to the lack of 

overlap at the laser power of 150 W, as shown in Figures 4.7 (a) and 4.7 (b). Although 

the tracks keep stable along the laser scanning direction, big gaps between the tracks 

and the intermittent discontinuity induce a poor surface quality. When the laser power 

increases to 250 W, in contrast, the top surface becomes flat due to the sufficient overlap 

with an efficient metallurgical bond between the tracks. However, some pores are 

observable between the tracks, as shown in Figure 4.7 (c). Meanwhile, the discontinuity 

phenomenon disappears. Continuous elevation of the laser power to 350 W leads to a 

high-quality surface (Figures 4.7 (e) and 4.7 (f)). 

 

Figure 4.7. SEM and reconstruction images of the top surfaces at the laser 

powers of (a, b) 150 W, (c, d) 250 W and (e, f) 350 W (scan speed 2000 mm/s, 

hatch spacing 90 μm). 

Figure 4.8 shows another type of balling at the laser powers of 250 W and 300 W. 
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This type of balling phenomenon is ascribed to the Marangoni convection’s reverse 

flow direction. As mentioned before, the Marangoni convection’s normal direction from 

the melt pool’s centre to the edge induces a considerable amount of melt to flow towards 

neighbouring tracks. However, some elements existing in melt can change the sign of 

the gradient of surface tension to temperature, i.e., positive correlation between surface 

tensile and temperature, and the Marangoni convection is dragged from the melt pool’s 

edge to the centre. A large amount of melt comes together and an agglomeration of 

material forms, exhibiting a ball morphology on the top of the melt pool after 

solidification, as illustrated in Figure 4.8 (a), and Figure 4.8 (b) shows an example of 

this type of balling. Rombouts et al. [1] and Zhou et al. [2] found that sulphur and 

oxygen were the key elements that could induce this type of balling phenomenon in the 

melt pool. Li et al. [12] thought that the temperature gradient increased significantly at 

a higher laser power, which could induce a higher surface tension gradient along the 

building direction and enhance the Marangoni convection. Therefore, this type of 

balling is more likely to occur at higher laser power. When the laser power reaches its 

maximum value of 350 W, however, no balling forms, as shown in Figure 4.7 (e). This 

is attributed to that a high peak temperature induced by the considerably high laser 

power results in intensive evaporation in the melt pool, promoting recoil pressure. And 

a strong recoil pressure has the function to detach balls from the solidifying melt pool 

[13]. Kruth et al. [14] also thought that the application of high laser powers could reduce 

the trend for the melt pool to undergo the balling phenomenon. 
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Figure 4.8. (a) Schematic diagram showing the balling mechanism induced by 

the Marangoni convection, (b) SEM image of a balling morphology at the laser 

power of 250 W (scan speed 2000 mm/s, hatch spacing 90 μm). 

4.2.2. Porosity 

4.2.2.1. Effects of hatch spacing 

Figure 4.9 shows the porosity as a function of the hatch spacing. The porosity 

increases gradually from 0.1 ± 0.02 % to 1.1 ± 0.3 %, with the hatch spacing increasing 

from 45 μm to 75 μm and rapidly up to 11.5 ± 0.6 % at the hatch spacing of 90 μm. The 

high porosity at the hatch spacing of 90 μm is due to the insufficient overlap between 

the laser tracks, as shown in Figure 4.2 (e). Figure 4.10 shows that the un-melted 

powders trap in these irregular-shaped pores due to a lack of fusion. The porosity 

obviously increases to 5.2 % with a large deviation (0.9 %) at the hatch spacing of 30 

μm. This is attributed to the micro-humping phenomenon, which causes the powder 

layer to unevenly spread across the previously fabricated layers. When the layer is too 

thick for the laser beam to penetrate, the pores form due to the incomplete bond between 

layers. Qiu et al. [15] suggested that the thicker layer increased the melt pool’s 

instability and resulted in the track’s discontinuity and more spatter. The powder layer’s 

uneven thickness accumulates as the LPBF process continues due to the contingency 
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of micro-humping. Therefore, the maldistribution of pores appears on the polished 

surface, indicating a large data deviation in Figure 4.9 (a). 

 

Figure 4.9. Porosity as a function of the hatch spacing, inserted optical 

microscope (OM) images showing the polished surfaces at the hatch spacings of 

(a) 30 μm, (b) 45 μm, (c) 60 μm, (d) 75 μm and (e) 90 μm (laser power 200 W, 

scan speed 2000 mm/s). 

 

Figure 4.10. SEM image of the polished surface showing the un-melted powders 

at the hatch spacing of 90 μm (laser power 200 W, scan speed 2000 mm/s). 

4.2.2.2. Effects of scan speed 

Figure 4.11 shows the porosity as a function of the scan speed. It is apparent that 

both high and low scan speeds can cause high porosity. When the scan speed is 1000 

mm/s, the corresponding porosity is 3.1 ± 0.2 %, which is higher than that at the scan 

speed of 1500 mm/s. As the scan speed increases from 1500 mm/s to 3000 mm/s, the 
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porosity increases from 0.1 ± 0.01 % to 13.1 ± 0.9 %. The lack of fusion induced by 

high scan speeds is the primary cause of high porosity, as shown in Figure 4.12 (a). The 

Plateau-Rayleigh instability can be also observed at the scan speed of 3000 mm/s, as 

shown in Figure 4.12 (b). The fluctuation causes wave crests and troughs along the laser 

scan direction. When the 2 wave crests overlap together, a bridge-like structure with a 

dense metallurgical bond forms. While when the 2 wave troughs encounter, a big gap 

appears as a pocket with many un-melted powders trapping in it. The insert image of 

Figure 4.12 (b) illustrates this process. 

 

Figure 4.11. Porosity as a function of the scan speed, inserted OM images 

showing the polished surfaces at the scan speeds of (a) 1000 mm/s, (b) 1500 

mm/s, (c) 2000 mm/s, (d) 2500 mm/s and (e) 3000 mm/s (laser power 200 W, 

hatch spacing 75 μm). 

 

Figure 4.12. SEM images of the polished surfaces showing (a) the lack of fusion 

and (b) a bridge-like structure and trapping un-melted powders due to the 

Plateau-Rayleigh instability at the scan speed of 3000 mm/s (laser power 200 W, 

hatch spacing 75 μm). 
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Low scan speeds increase the porosity due to another type of pore: keyhole pore, 

as shown in Figure 4.11 (a). When the combination of scan speed, laser power and laser 

beam size exceeds a critical value, the normal conduction mode is possible to transfer 

to the keyhole mode, since the energy input density is high enough to induce 

evaporation and plasma, which effectively “drills” a deeper depth to form a cavity in 

the melt pool. King et al. [16] and Fabbro [17] observed a similar behaviour in the 

LPBF and welding processes. The keyhole pores form due to the gas entrapping and 

the collapse of these cavities with a more rounded shape [18]. Figure 4.13 shows an 

example of the keyhole pore. 

 

Figure 4.13. OM images showing a keyhole pore at the scan speed of 1000 mm/s 

(laser power 200 W, hatch spacing 75 μm). 

4.2.2.3. Effects of laser power 

Figure 4.14 shows a disproportionate decrease of the porosity with the laser 

power’s increase. The maximum porosity is 14.8 ± 0.8 % at the laser power of 150 W 

and decreases to 11.5 ± 0.6 % as the laser power increases to 200 W. The porosity drops 

significantly below 1 % with the continuous increase of the laser power. Similarly, the 

energy input density accordingly decreases when decreasing the laser power, leading to 
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the lack of fusion and further increasing the porosity. 

 

Figure 4.14. Porosity as a function of the laser power, insert OM images showing 

the polished surfaces at the laser powers of (a) 150 W, (b) 200 W, (c) 250 W, (d) 

300 W and (e) 350 W (scan speed 2000 mm/s, hatch spacing 90 μm). 

4.2.2.4. Effects of volume energy density 

Volume energy density (VED) is widely used to justify the comprehensive effect 

of processing parameters on printing qualities in LPBF (although other approaches are 

able to more fully represent the process physics, such as normalised energy density 

method, see Section 5.3.4), defined as [18]:  

=
P

v s


 
                    Equation 4.2 

where P is the laser power, v is the scan speed, s is the hatch spacing, and  is the layer 

thickness. Figure 4.15 gives the porosity as a function of the VED, showing that the 

minimum porosity is obtained at the VED fallen between ~ 55 J/mm3 and ~ 75 J/mm3. 

When the VED increases from ~ 25 J/mm3 to ~ 60 J/mm3, the porosity decreases from 

~ 15 % to ~ 0.02 %, while when the VED increases further, the porosity increases to ~ 

3 % and ~ 5 % at the VEDs of ~ 90 J/mm3 and ~ 110 J/mm3, respectively. 
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Figure 4.15. Relationship between the VED and the porosity. 

To further observe and analyse the morphology of the pores, micro-computed 

tomography (micro-CT) is performed on 4 samples with different VEDs. Figures 4.16 

and 4.17 show the three-dimensional (3D) reconstruction images and the size 

distribution of the pores, respectively. As shown in the reconstruction image (Figure 

4.16 (a)), large and irregular pores occupy the whole measured domain at a lower VED 

of 29.6 J/mm3, indicating that the occurrence of insufficient overlap, the melt pool’s 

instability and the lack of fusion. The pores from different layers and tracks are 

observed to connect, accordingly forming huge hollow spaces and frame-like structures, 

as shown in the reconstruction image at high magnification (Figure 4.16 (e)), which 

corresponds to several pores with large size in Figure 4.17 (a). As the VED increases to 

44.4 J/mm3, the porosity decreases to ~ 1 %. A higher VED improves the printing 

quality drastically, and the increase of the bonds between the layers and the tracks 

eliminates most large pores. A continuous increase of the VED to 59.3 J/mm3 allows it 

to fully melt the powders, leading to a nearly pore-free part manufactured, as shown in 

Figures 4.16 (c) and 4.17 (c). When the VED further increases to 88.9 J/mm3, it 

observes round shape pores scattering all over the measured domain in Figure 4.16 (d), 



121 
 

with Figure 4.16 (f) the view at higher magnification, corresponding to the keyhole 

pores. The size of the keyhole pores distributes concentratedly between 15 μm and 35 

μm, as illustrated in Figure 4.17 (d). 

 

Figure 4.16. 3D reconstruction images of the pores at the VEDs of (a) 29.6 J/mm3, 

(b) 44.4 J/mm3, (c) 59.3 J/mm3 and (d) 88.9 J/mm3, (e) high magnification of (a), 

(f) high magnification of (d). 
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Figure 4.17. Size distributions of the pores at the VEDs of (a) 29.6 J/mm3, (b) 

44.4 J/mm3, (c) 59.3 J/mm3 and (d) 88.9 J/mm3. 

Figure 4.18 shows the pores’ distribution of sphericity. The definition of sphericity 

is given by Kasperovich et al. [18] as: 

1/2

3/2

6

s

V

A




 
=                  Equation 4.3 

where V is the volume, and As is the object’s surface area. As  gets closer to 1, the 

shape of pore gets closer to a sphere, and  = 1 for a sphere. As  gets smaller, the pore 

becomes more concave, elongated or irregular. From Figure 4.18, when the VEDs are 

29.6 J/mm3, 44.4 J/mm3 and 59.3 J/mm3, the sphericity mainly distributes between 0.5 

and 0.7, and the corresponding frequencies are 74.1 %, 81.2 % and 73.5 %, respectively. 

At a low VED of 29.6 J/mm3, the sphericity of several pores is lower than 0.4, implying 

irregular pores at such a low VED. When the VED reaches 88.9 J/mm3, the sphericity 

of most pores (97.0 %) is larger than 0.7, indicating that the pores with a nearly round 

shape take the main portion, which is consistent with the observation on metallography 
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and 3D micro-CT images of the attendant keyhole pores. 

 
Figure 4.18. Sphericity distributions of the pores at the VEDs of (a) 29.6 J/mm3, 

(b) 44.4 J/mm3, (c) 59.3 J/mm3 and (d) 88.9 J/mm3. 

4.2.3. Crack density 

During the LPBF process, residual stress arises from the high thermal gradients 

induced by the rapid heating and cooling processes [14], and it is considered as the 

driving force of cracking. Cracks in IN738LC processed by LPBF are known as 

solidification crack [19]. The IN738LC alloy has a large solidification temperature 

range, inducing the liquid containing highly concentrated solutes to remain in the grain 

boundary regions at the last stage of solidification due to the segregation behaviour of 

solute atoms. The resultant liquid film’s presence leads to the weakening of grain 

boundaries, where cracks occur and propagate under thermal stress. Figure 4.19 (a) 

shows the Von Mises stress distribution of the whole simulation field created using the 

method described in Section 3.7.2. It is apparent that the stress attains its maximum at 
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the corner of the contact area between the sample and the substrate. The predicted stress 

is well below the alloy nominal yield strength, but their variations with position and 

processing parameters are important and meaningful. To analyse how the processing 

parameters affect the residual stress, this research investigates the stress distributions 

along 2 lines of interest. The first line is the edge of the printed cube, and another is the 

contact line between the sample and the substrate, as shown in Figure 4.19 (b). Figure 

4.20 shows the distribution of the Von Mises stress along the Z (Line 1) and X directions 

(Line 2) with different parameters. For the Z direction, the residual stress reaches its 

maximum at the bottom and decreases with the increase of the height until ~ 0 MPa at 

the top surface. For the X direction, the maximum stress is obtained at the start and end 

points, respectively, and the stress attains its minimum at the middle point. Figure 4.21 

depicts the crack density as a function of the processing parameters. 

 

Figure 4.19. (a) Von Mises stress distribution of the printed part, (b) lines of 

interest for the residual stress analysis. 
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Figure 4.20. Von Mises stress distributions along the X and the Z directions as a 

function of (a, b) the hatch spacing (laser power 250 W, scan speed 2000 mm/s), 

(c, d) the scan speed (laser power 200 W, hatch spacing 60 μm), (e, f) the laser 

power (scan speed 2000 mm/s, hatch spacing 60 μm). 
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Figure 4.21. Crack density as a function of (a) the hatch spacing (laser power 250 

W, scan speed 2000 mm/s), (b) the scan speed (laser power 200 W, hatch spacing 

60 μm) and (c) the laser power (scan speed 2000 mm/s, hatch spacing 60 μm). 

4.2.3.1. Effects of hatch spacing 

Figures 4.20 (a) and 4.20 (b) show that the residual stress decreases in both X and 

Z directions as the hatch spacing increases. The top stress is 215.7 MPa at the hatch 

spacing of 50 μm and reduces to 197.1 MPa when the hatch spacing increases to 60 μm. 

As the hatch spacing increases from 70 μm to 80 μm, the top stress decreases from 

177.8 MPa to 161.0 MPa. Similar to the residual stress, the crack density is negatively 

related to the hatch spacing from Figure 4.21 (a). When the laser power and the scan 

speed were fixed, Xia et al. [4] suggested that the decrease of the hatch spacing led to 

an increase of the thermal gradient between tracks, which accordingly increased the 

residual stress. Low hatch spacings are favourable to increase the working temperature 
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in the melt pool. Solidification behaviour is significantly relative to the melt’s 

temperature. The estimated time for solidification was established by Gao et al. [20] as: 

2

=2( )ln( )
3

so

p r

f r

lidification

T Ta

T T
t



−

−
              Equation 4.4 

where a is the radius of droplets, α is the thermal diffusivity, Tp is the melt pool’s peak 

temperature, Tf is the fusion temperature, and Tr is the room temperature. Figure 4.22 

depicts the relationship between tsolidification and Tp as a = 50 μm, α = 4.87 × 10-6 m2/s, Tt 

= 298 K, and Tf = 1628 K for IN738LC [9]. The time for solidification is prolonged by 

the increase of the working temperature, implying that more liquid remains at grain 

boundaries within the same time for solidification, which increases the risk of cracking. 

Therefore, more cracks can be observed in the sample at low hatch spacings. 

 

Figure 4.22. Solidification time as a function of working temperature. 

4.2.3.2. Effects of scan speed 

Figures 4.20 (c) and 4.20 (d) depict the relationship between the residual stress 

and the distance on the lines of interest in both X and Z directions. As the scan speed 

successively increases from 1500 mm/s to 2250 mm/s, the top stress decreases from 

202.5 MPa to 158.7 MPa. Figure 4.21 (b) demonstrates a continuous decrease of the 
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crack density with the increase of the scan speed. The crack density decreases from 2.6 

± 0.1 mm/mm2 to 0.9 ± 0.02 mm/mm2 as the scan speed increases from 1500 mm/s to 

2250 mm/s. Xia et al. [10] suggested that a low scan speed could increase the melt 

pool’s working temperature, since the energy input density increased. A higher 

temperature results in a considerable amount of liquid at the last stage of solidification, 

unfavourable to the crack resistance. Besides, a high scan speed implies a reduction in 

the time interval between tracks, which increases the re-heating frequency on 

previously fabricated tracks and slows the heat transfer from the present track to 

solidified material, inducing a reduction in the thermal gradient and the resultant 

residual stress. Therefore, increasing the scan speed can effectively reduce the cracking 

tendency. 

4.2.3.3. Effects of laser power 

Figures 4.20 (e) and 4.20 (f) show the Von Mises stress distribution with different 

laser powers. It is evident that the residual stress increases with the increase of the laser 

power. The top stress increases from 174.5 MPa to 197.1 MPa as the laser power 

increases from 200 W to 250 W. The crack density also reaches its maximum value, 4.4 

± 0.1 mm/mm2, at the power of 250 W and successively decreases as the laser power 

decreases. The increase of laser powder is favourable for a higher thermal gradient at a 

given hatch spacing and scan speed [12, 21], therefore, the attendant residual stress 

correspondingly increases. The increase of laser power indicates more energy 

penetration in the powder bed and enhances the thermal accumulation. It obtains a 
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relatively higher working temperature, which induces more remaining liquid in the 

grain boundary regions at the last stage of solidification. Thus, a relatively higher crack 

density occurs at high laser powers. 

4.2.4. Volume energy density 

Figure 4.23 depicts the summary of the effect of the VED on the surface roughness, 

the porosity and the crack density. Figures 4.23 (a) and 4.23 (b) show that the surface 

roughness and the porosity are quadratic to the VED, indicating both high and low 

VEDs can induce high surface roughness and porosity. Equations 4.5 and 4.6 can depict 

the relationship, and the correlation coefficients (R2) are 0.9 and 0.8, respectively. A 

linear relationship between the crack density and the VED shows that the crack density 

increases with increasing the VED, as illustrated in Figure 4.23 (c). Equation 4.7 shows 

the corresponding fitting curve, with R2 being 0.8. 

2Surface roughness  0.005  0.8  44.2 = − +     Equation 4.5 

2Porosity  0.007 1.1 38.5 = − +         Equation 4.6 

Crack density  0.1 5.2= −           Equation 4.7 
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Figure 4.23. Relationship between the VED and (a) the surface roughness, (b) the 

porosity and (c) the crack density by regression analysis, (d) predicted surface 

roughness, porosity and crack density as a function of the VED, (e) comparison 

between the predicted and experimental results, (d) UTS and EL of the samples 

with different VEDs. 

To find the optimal VED for the fabrication of IN738LC components with high 

properties, Figure 4.23 (d) summarises the predicted results as a function of the VED 

in terms of regression analysis. Surface roughness is not mentioned alone in the latter 

part, since it primarily affects the mechanical performances through pores, thus the 

analysis of porosity includes the effect of surface roughness. According to the 

experimental results, the porosity reaches the minimal value at the VED of ~ 55 J/mm3 
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and keeps at this level until the VED increased to ~ 90 J/mm3 and ~ 110 J/mm3. It rises 

to 3.1 ± 0.2 % and 5.2 ± 0.9 % due to the keyhole and humping phenomena, 

respectively, with Figure 4.23 (d) predicting the crack density to continue increasing. 

Therefore, the optimal properties should be obtained at the VED less than ~ 55 J/mm3. 

Another group of parameters is chosen randomly with the VED less than ~ 55 J/mm3 

to print metallographic observation and tensile testing samples, as listed in Table 4.3. 

Figure 4.23 (e) shows a comparison between the predicted and experimental results. It 

is apparent that the measured crack density fixes well with the predicted curve. The 

measured porosity’s trend is generally consistent with the predicted results, although 

there are slight deviations. However, numerous pores in Sample 1 meant that it is 

difficult to measure the crack density. 

Table 4.3. Parameters used for the investigations on relationship between the 

porosity (crack density) and the mechanical properties. 

Sample 
Laser power 

(W) 

Scan speed  

(mm/s) 

Hatch spacing 

(μm) 

VED  

(J/mm3) 

1 200 3000 70 31.8 

2 175 1800 80 40.5 

3 225 1750 90 47.6 

4 230 2500 60 51.1 

5 250 2300 65 55.7 

Figure 4.23 (f) shows the ultimate tensile strength (UTS) and the elongation (EL) 

of the testing samples with different VEDs. High porosity induces severe brittleness in 

Sample 1, and the UTS and the EL are as low as 309.2 ± 21.6 MPa and 3.2 ± 0.8 %, 

respectively. Both UTS and EL of Sample 2 increase as the VED increases from 31.8 

J/mm3 to 40.5 J/mm3. Compared with Sample 2, the porosity decreases to 1.2 ± 0.1 %, 

however, the crack density increases to 0.7 ± 0.03 mm/mm2 in Sample 3. In this case, 
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the maximum UTS (1147.4 ± 30.1 MPa) is attained, and the EL also improves (11.1 ± 

2.1 %). A further increase of the VED induces the porosity to decrease but the crack 

density to increase, as indicated by Figure 4.23 (e). The EL of Sample 4 is 11.5 ± 1.8 %, 

slightly higher than Sample 3, and drops to 7.4 ± 1.4 % at the VED of 55.7 J/mm3 

(Sample 5). However, the UTS shows a continuous downward trend for Samples 4 

(1026.9 ± 31.3 MPa) and 5 (557.4 ± 26.8 MPa), indicating that cracks within this VED 

range dominate the mechanical properties. 

Cracks and pores can significantly affect the performances of materials related to 

their amount, size and morphology, which must be carefully controlled depending on 

the service conditions. In the current experimental condition, the VED of ~ 48 J/mm3 

is optimal for IN738LC during the LPBF process. The laser power and the scan speed 

are considered to affect the printed parts by a similar mechanism through the energy 

input. Under this VED, relatively high laser powers (~ 300 W) and scan speeds (~ 3000 

mm/s) are not recommended due to the balling effect related to the Marangoni flow and 

the Plateau-Rayleigh instability. The humping phenomenon induced by low hatch 

spacings (~ 30 μm) must be avoided as well. 

4.3. Summaries 

Surface roughness increases with the increase of the hatch spacing in cases where 

the hatch spacing is larger than 45 μm. The maximum surface roughness is 21.1 ± 2.3 

μm at the hatch spacing of 90 μm and reaches its minimum (11.5 ± 0.8 μm) when the 

hatch spacing is 45 μm. The surface roughness is higher at the hatch spacing of 30 μm 
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than that at 45 μm due to the micro-humping phenomenon. The surface roughness 

increases linearly with the scan speed’s increase. The scan speed of 1000 mm/s 

corresponds to the minimum surface roughness, and the value is 13.2 ± 0.4 μm. This 

research finds a linear drop in the surface roughness with increasing the laser power 

from 150 W to 350 W. 

Porosity increases with the increase of the hatch spacing and the scan speed, while 

considerably low hatch spacings and scan speeds also lead to increased porosity. High 

laser powers always induce better printing quality with a lower porosity in the current 

experimental condition investigated. Micro-CT identifies it can divide the pores into 2 

categories: lack of fusion and keyhole. The pores due to the lack of fusion with irregular 

shapes occur at low VEDs. When the VED is high, it observes round keyhole pores 

scattering across the measured domain. 

The stress distribution through simulation demonstrates that the stress attains its 

maximum at the corner of the contact area between the sample and the substrate. Both 

calculated residual stress and crack density increase with the decrease of the hatch 

spacing and the scan speed and decrease with decreasing the laser power. 

Regression analysis indicates that both high and low VEDs can induce high 

surface roughness and porosity, and the crack density increases linearly with the VED. 

The VED of ~ 48 J/mm3 is optimal for building IN738LC components by LPBF 

according to the mechanical property tests within the current experimental condition. 

As mention in Section 2.6.1, the processing parameters are sensitive to the 

machines and the powder batches used, thus the optimised parameters and the process 
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window will deviate as the powders and the machines change. Due to the experimental 

conditions in this research, the optimal parameters are searched many times in the latter 

chapters using the method mentioned in this chapter since different machines or powder 

batches are used. In addition, compared with the pores, the cracks cannot be entirely 

eliminated using the parameter control method, thus some other approaches need to 

conduct in solving the cracking in IN738LC during LPBF. 
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Chapter 5 Single-track Testing: Pore 

Formation Mechanism 

5.1. Introduction 

In this chapter, single tracks of laser powder bed fusion (LPBF) for Inconel 738 

LC (IN738LC) with different laser powers and scan speeds are used to investigate how 

the processing parameters influence the track behaviour such as track morphology, bead 

dimension and bead mode. In addition, bulk samples are built with the same parameters 

as the single-track testing to associate the track behaviour with the pore formation 

mechanism in the IN738LC parts during LPBF. Other parameters used to build the bulk 

samples are hatching space 50 μm, layer thickness 30 μm and Raster 90o scan strategy 

under no preheating condition. Table 5.1 presents the details of the parameters for the 

single-track testing. 

Table 5.1. Parameters used for the single-track testing. 

 500 mm/s 1000 mm/s 1500 mm/s 2000 mm/s 2500 mm/s 

370 W S21 S22 S23 S24 S25 

290 W S16 S17 S18 S19 S20 

210 W S11 S12 S13 S14 S15 

130 W S6 S7 S8 S9 S10 

50 W S1 S2 S3 S4 S5 

5.2. Results 

5.2.1. Single-track morphology 

Figure 5.1 shows the morphology of the tracks built with different parameters on 

the basic blocks. According to the morphology, the tracks are classified into 4 types: 
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the wide-continuous track (WCT), the narrow-continuous track (NCT), the fluctuating 

track (FT) and the balling track (BT). The summary of the track types vs the processing 

parameters within the current processing conditions investigated is mapped in Figure 

5.2. 

The track with a width larger than 200 μm is defined as WCT. It exhibits a 

continuous and straight morphology, i.e., with almost uniform width along the whole 

scanning direction. At high magnification, as shown in Figure 5.3, a clear ripple shape 

going in the opposite direction to the laser beam is visible. The ripple morphology is 

primarily attributed to the surface tension, exerting a resultant shear force on the melt 

pool’s liquid surface [1], which is affected by the processing parameters and the 

atmosphere in the building chamber [2]. The WCT appears at high laser powers, i.e., 

370 W and 290 W and low scan speeds between 500 mm/s and 1500 mm/s. 

The NCT covers a large range of the processing parameters in the upper left of the 

track type map in Figure 5.2. The track’s width in this type is relatively small ~ 100 μm. 

The track shows a continuous and straight morphology deposited on the basic block 

with no ripple trace on the surface. 

The FT only occurs at the combinations of the laser power of 290 W and the scan 

speed of 2500 mm/s (S20), the laser power of 210 W and the scan speed of 1500 mm/s 

(S13). In this type, the track fluctuates with a non-uniform width along the whole track 

length. Figure 5.4 also observes a discontinuity phenomenon of the track. The track 

loses its stability due to the track’s periodic shrinkage [3] caused by the melt’s lateral 

surface tension. 
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A low energy input density (laser power/scan speed), i.e., extremely low laser 

powers and/or high scan speeds, is favourable for the formation of BTs, as shown in the 

right bottom corner of Figure 5.2. The BT breaks up into small droplets, leading to a 

severe discontinuity of the track, as shown in Figure 5.1. 

 

Figure 5.1. Optical microscope (OM) images of the 4 types of tracks, i.e., WCT, 

NTC, FT and BT in the 25 single-track tests using the laser powers of 50 W-370 

W and the scan speeds of 500 mm/s-2500 mm/s. 
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Figure 5.2. Map of the track types vs the processing parameters. 

 

Figure 5.3. OM image of the WCT (S21) at high magnification showing the ripple 

morphology on the track surface. 

 

Figure 5.4. OM image of the FT (S13) showing the humping phenomenon and the 

discontinuity of the track. 
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5.2.2. Bead morphologies 

Figure 5.5 shows the bead type’s classification according to the track’s cross-

sections. The shape, the dimension and the wetting behaviour of the beads vary when 

applying different parameters. With the decrease of the laser power and/or the increase 

of the scan speed, the bead shape changes from a smooth morphology to necking down, 

balling, and finally, the bead detaches from the basic block. These beads are classified 

into 4 types: the wide-keyhole bead (WKB), the narrow-keyhole bead (NKB), the 

conduction bead (CB) and the shallow-ball bead (SBB), as shown in Figure 5.5. Figures 

5.6 and 5.7 summarise the bead type as a function of the laser power and the scan speed 

within the current processing conditions investigated. 

 
Figure 5.5. OM images of the 4 types of beads, i.e., (a) WKB, (b) NKB, (c) CB 

and (d) SBB. 
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Figure 5.6. OM images of the 25 beads made by the laser powers of 50 W-370 W 

and the scan speeds of 500 mm/s-2500 mm/s. 

 

Figure 5.7. Map of the bead types vs the processing parameters. 

The WKB occurs at high laser powers, i.e., 210 W-370 W with the minimum scan 

speed of 500 mm/s. This type can separate the whole melt pool into 2 parts. The upper 

part’s width is ~ 150 % greater than that of the lower part, and the lower part is a keyhole 
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with a relatively deep and narrow morphology, as shown in Figure 5.5 (a). 

The NKB is observed at the maximum laser power of 370 W with the scan speeds 

of 1000 mm/s-2000 mm/s, or when the scan speed is low, i.e., 1000 mm/s with the laser 

powers of 210 W-370 W. The bead in this type has a depth similar to that of the WKB 

and can also be separated into 2 parts, as shown in Figure 5.5 (b). The difference from 

the WKB is that the edge of the upper part of the NKB is nearly tangent to the lower 

part, with the top having a width of no more than 150 % of the lower part. 

The CB appears when the scan speed and the laser power combine to give a 

moderate energy input density, i.e., high laser powers with high scan speeds or low laser 

powers with low scan speeds. The melt pool in the CB type is nearly elliptic with a 

short longitudinal length and a large width, as shown in Figure 5.5 (c). 

The occurrence of SBB is associated with a relatively low energy input density, 

i.e., low laser powers with the combination of high scan speeds, as depicted in Figure 

5.5 (d). The bead in this type has a round shape with poor wettability with the basic 

block. The “ball” touches the basic block with a relatively small area, resulting in a 

rather shallow and narrow melt pool. And the bead breaks away from the basic block at 

the laser power of 50 W and the scan speed of 2500 mm/s. 

5.2.3. Bead dimensions 

Figure 5.8 (a) shows the bead width as a function of the processing parameters. 

The bead width is the distance between the 2 contact points of the melt pool edge and 

the basic block, indicated by the insert picture of Figure 5.8 (a). It is apparent that the 
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bead width positively correlates to the laser power and negatively correlates to the scan 

speed. The bead width is considerably large when the laser powers are 290 W and 370 

W at the scan speed of 500 mm/s. This is consistent with the WKB, whose upper part 

is extremely large in width. 

The bead depth is the length from the top of the basic block to the bead’s deepest 

point. Figure 5.8 (b) shows that the bead depth increases with the increase of the laser 

power and decreases with the increase of the scan speed. The bead depths at low scan 

speeds are larger than those at high scan speeds, especially for the moderate laser 

powers (210 W and 290 W), attributed to the keyhole formation in the lower part of the 

WKB and the NKB in these conditions. 

The bead height is the length from the top of the basic block to the top of the bead. 

Figure 5.8 (c) suggests that there is no distinct relationship between the bead height and 

the processing parameters.  

The contact angle is the average of the 2 angles between the basic block surface 

and the bead edge, as indicated by Figure 5.8 (d)’s insert picture. The contact angle 

increases with increasing the scan speed and decreases with increasing the laser power. 

The contact angles are larger than 90o at low laser powers with the combination of high 

scan speeds, indicating the bead’s poor wettability with the occurrence of the SBB type. 

The maximum contact angle is 180o at the laser power of 50 W and the scan speed of 

2500 mm/s, where the bead leaves from the basic block. It attains the smallest contact 

angle at the laser power of 370 W and the scan speed of 500 mm/s, and the 

corresponding value is ~ 26o. 
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Figure 5.8. (a) The bead width, (b) the bead depth, (c) the bead height and (d) the 

contact angle as a function of the laser power at various scan speeds. 

5.2.4. Pores of bulk samples 

Figure 5.9 shows how the processing parameters have a great impact on pore 

conditions in the printed bulk samples. The pores with regular round shapes appear in 

the left top corner of the parameter map, i.e., high laser powers combined with low scan 

speeds (marked with yellow blocks). The sample at the scan speed of 500 mm/s and the 

laser power of 370 W fails to fabricate due to severe warping on the substrate. The 

maximum porosity is 11.0 ± 2.0 % at the scan speed of 500 mm/s and the laser power 

of 290 W among this condition. Green blocks mark off the parts of high quality with 

nearly full density in Figure 5.9, obtained at relatively moderate energy input densities, 

i.e., high scan speeds combine with high laser powers or low scan speeds combine with 

low laser powers. The parts occupy more than half the parameter map with irregular-
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shape pores in the right bottom corner (marked with red blocks). Parts cannot be built 

at high scan speeds (1500 mm/s-2500 mm/s) with the minimum laser power, i.e., 50 W. 

A relatively low porosity of 0.1 ± 0.008 % is attained at 500 mm/s with the combination 

of 130 W. While the part density at the scan speed of 1000 mm/s and the laser power of 

50 W is almost only half (100 % - 45.7 % = 54.3 %). 

 

Figure 5.9. OM images showing the metallographs of the pores vs the processing 

parameters and the corresponding porosity. 

5.3. Discussions 

5.3.1. Effects of parameters on track stability 

Track characteristics can reflect the melt’s flowing behaviour during the LPBF 

process, which can directly determine the quality of the printed components. This 
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chapter studies a relationship between the track stability and the processing parameters. 

It is apparent in Figure 5.1 that the straight track becomes fluctuant and breaks into 

small droplets with the decrease of the laser power and/or the increase of the scan speed. 

It is described as the balling phenomenon during LPBF. There are 2 potential causes for 

the balling, known as the Rayleigh instability and the Marangoni convection regarding 

the melt flow process [4].  

In the Rayleigh instability theory, the melt track is regarded as a liquid cylinder, 

and the critical condition for the instability is described as that the wavelength of the 

axial harmonic disturbance is larger than the cylinder’s circumference, i.e., /D > , as 

shown in Figure 5.10 (a), where D is the diameter, and  is the wavelength. Under this 

unstable condition, Tian et al. [5] found that the cylinder would break up into metallic 

droplets to reduce the surface energy, leading to the balling phenomenon, as depicted 

in Figure 5.10 (b). Rombouts et al. [4] remarked that increasing the scan speed could 

increase the length to width ratio of the melt pool, and the Rayleigh instability’s trend 

was further enhanced [6]. For example, S14 is in the BT type, and its scan speed is 

higher than that of S13, while S13 is in the FT type. In addition, by comparing S20 (FT, 

290 W @ 2500 mm/s) with S15 (BT, 210 W @ 2500 mm/s), it is apparent that 

decreasing the laser power also favours the Rayleigh instability’s formation. This is 

ascribed to the decrease of the track width D with decreasing the laser power (Figure 

5.8 (a)), inducing an increase of /D and accordingly aggravating the Rayleigh 

instability. 
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Figure 5.10. Schematic diagram showing the development process of the 

Rayleigh instability. 

Apart from the Rayleigh instability, the Marangoni convection in the melt pool 

also contributes to balling in LPBF [7]. The Marangoni convection happens when the 

melt flows from the region with low surface tension to the region with high surface 

tension, driven by the thermal-capillary motion [4]. The Marangoni flow’s direction is 

determined by the surface tension’s gradient to the temperature d/dT. Generally, the 

value of d/dT is negative, implying that high temperature results in low surface tension. 

The melt pool’s temperature at the centre is always higher than the edge region, 

inducing the melt to flow from the centre to the edges, and the mass transfer of the melt 

to the neighbouring tracks forms in most cases. If the Marangoni convection’s direction 

changes from the edge to the centre, the resultant big agglomeration of the melt leads 

to an obvious stacking on the top surface of the pool, which results in the balling, as 

depicted in Figure 5.11 (a). The Marangoni flow’s directional change results from a 

high content of surface-active elements, such as oxygen [7] and sulphur [4], which can 

significantly reduce the surface intension, making d/dT change to a positive value and 

relevantly causing the balling phenomenon. And this type of balling is believed to be 

significantly affected by the processing parameters in LPBF [8] and materials’ natural 

properties like thermal conductivity [9]. Figure 5.11 (b) presents an example showing 

a clear trace of the Marangoni flow at the bottom of the melt pool (S20, scan speed 
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2500 mm/s). 

 

Figure 5.11. (a) Schematic diagram showing the formation mechanism of the 

balling due to the Marangoni flow, (b) scanning electron microscope (SEM) 

image of the Marangoni flow trace at the bottom of the melt pool (S20, scan 

speed 2500 mm/s). 

5.3.2. Effects of parameters on bead dimension 

Figure 5.6 shows that as the scan speed increases and/or the laser power decreases, 

the bead’s penetration becomes less, and then lateral shrinking happens. Finally, the 

bead no longer penetrates the basic block at the maximum scan speed combined with 

the minimum laser power. 

As seen in Figures 5.8 (a) and 5.8 (b), both bead depth and width positively 

correlate to the laser power and negatively correlate to the scan speed. This is ascribed 

to that the combination of low scan speeds and high laser powers induces a higher 

energy input per unit length, increasing the working temperature, thus favouring the 

formation of a broader and deeper melt pool [10]. 

For bead height, low laser powers and high scan speeds are unfavourable to a good 

wettability of the bead with the basic block [5], contributing to a large bead height. 

However, when the laser power is lower and the scan speed is higher, a relatively small 

number of the powders melt by the laser beam due to the low energy input density, 
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leading to a decrease of the bead height. Due to the opposite effects of these 2 factors, 

the bead height is independent of the processing parameters. 

The contact angle can directly reflect the wettability of the bead. At low laser 

powers and/or high scan speeds, the contact angle increases, indicating a low wettability 

of the bead. The working temperature in the melt pool decreases with decreasing the 

energy input density. The viscosity of the melt in the pool is temperature-dependent, 

and lower energy input density is likely to lead to cooler liquid with correspondingly 

higher viscosity [11], which induces a poor flowability of the melt, obtaining a high 

contact angle. In addition, by comparing Figures 5.2 and 5.7, the BTs always present 

accompanied by the SBBs with contact angles larger than 90o, implying that the track 

loses its stability by the balling phenomenon, which is consistent with Davis’ theory 

[12]. Davis suggested that the molten droplet was stable when the contact angle was 

less than 90o and unstable when it exceeded 90o. The FTs have the contact angles 

slightly larger than 90o. For instance, the contact angles of S13 and S20 are 91.7 ± 9.4o 

and 91.3 ± 21.3o, respectively, indicating that the track’s fluctuation is a transitional 

condition before the balling. 

5.3.3. Spreading vs solidification 

The balling phenomenon is considered a competitive process between the spread 

and solidification processes of molten liquid, controlled by the capillary force and the 

heat loss during LPBF. Figure 5.12 demonstrates how a droplet attaches to a solid 

surface with the irradiation of a laser beam. The droplet solidifies with a solidification 
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angle a and spreads with a spread angle b on a solid basis. As the wetting behaviour 

continues, b decreases as the droplet spreads on the solid surface, and a 

correspondingly increases due to that the melt is solidifying. It stops when a is equal 

to b, and the whole bead forms. It is reasonable to infer that if the melt can spread out 

on the basic block before it solidifies, then it may avoid balling, thus obtaining a smooth 

surface and a stable track. It requires the solidification time to be greater than the spread 

time. 

 

Figure 5.12. Schematic diagram demonstrating the competitive relationship 

between the spread and the solidification of a droplet. 

The model of the time for a droplet to spread on a surface is known as [7]: 

3
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where m is the melting density, a is the droplet’s radius, and  is the surface tension. 

And the time for solidification was established by Gao et al. in 1994 [13] as: 
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where a is the droplet’s radius,  is the thermal diffusivity, Tp is the peak temperature, 

Tf is the fusion temperature, also known as liquidus temperature, and Tr is the room 

temperature. The well-known Rosenthal equation [14, 15] related to different laser 
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powers and scan speeds for a point heat source to move in the X-direction can obtain 

Tp: 
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= + − +         Equation 5.3 

where T0 is the initial temperature, A is the absorptivity of powder, k is the thermal 

conductivity, P is the laser power, v is the scan speed, and r is the distance from the 

beam location to the point of interest as 
2 2 2r x y z= + + . In this model, a is usually 

~ 50 μm. It selects the average peak temperature point right between the laser beam and 

droplet edge, i.e., r = x= 25 μm. T0 is equal to Tf, showing that the laser beam irradiates 

on melt as it moves in the scanning direction during the wetting process. Table 5.2 gives 

other relevant material properties and temperatures. Figure 5.13 shows the calculated 

solidification time versus the contact angle. 

Table 5.2. Constants used in the calculation of the solidification time and the 

spread time [16-18]. 

m (kg/m3)  (N/m)  (m2/s) k (W/m·K) A Tf (K) Tr (K) 

7324 1.85 4.87×10-6 24.9 0.72 1628 298 

 

Figure 5.13. Relationship between the contact angle and the solidification time. 

The spread time and the critical contact angle are marked with dotted lines. 

The contact angle increases with the decrease of the solidification time. The 

decrease of the solidification time implies that the time for molten droplets to spread 
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on the basic block correspondingly reduces, leading to an increased contact angle. 

Equation 5.1 calculates the spread time to be 22.3 μs. Figure 5.13 demonstrates that the 

predicted solidification times of the FTs and the BTs are less than 22.3 μs, therefore the 

droplets with these parameters solidify before they spread on the basic block, thus 

losing their stability by fluctuating and balling. The solidification time and the contact 

angle are significantly influenced by the temperature and the fluid dynamic behaviour 

in the melt pool. By carefully selecting the processing parameters, a stable track is 

obtainable to avoid defects such as balling, low overlap and pores in printed 

components.  

5.3.4. Keyhole and conduction mode transition 

Keyhole mode has been widely studied in the welding process of metals [19]. The 

keyhole occurs when the energy input densities are high enough to induce material 

vaporisation, and a recoil force is exerted on the molten material to form a cavity [20, 

21]. The keyhole’s formation improves the laser beam’s efficiency due to the multiple 

reflections in the cavity [22]. However, it is considered as an unstable condition of the 

melt pool and a cause of pores, as indicated by the circle in Figure 5.5 (a), which should 

be prevented in this case [20]. Figure 5.14 presents the formation mechanism of the 

keyhole pore. A considerably high working temperature induced by a high energy 

density causes substantial metallic vaporisation and generates recoil pressure towards 

the melt pool, as shown in Figure 5.14 (a). Once the recoil pressure exceeds the 

hydrostatic pressure and the surface tension, it presses downward the molten liquid to 
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the melt pool’s bottom. As a result, the melt pool is relatively deep and narrow, as 

depicted in Figure 5.14 (b). Subsequently, the downwards flow driven by the recoil 

pressure, the gravity and the upwards flow driven by the surface tension collide and 

induce inward collapse to generate with the participation of the hydrostatic pressure at 

the keyhole’s waists, as shown in Figure 5.14 (c). The collapsed molten liquid on both 

sides joints together, and strong metallic bonding forms after solidification, leaving a 

large void with vapour entrapping at the bottom of the keyhole, see Figure 5.14 (d). 

 

Figure 5.14. Schematic diagram showing the formation mechanism of a keyhole 

pore. 

Previous studies explore the physical basis of the keyhole mode and the 

conduction mode transition [20]. By investigating different materials and welding 

parameters, Hann et al. [23] found that the bead depth normalised by the beam radius 

was a function only of the ratio of the deposited energy density to the enthalpy for 

melting. They calculate the normalised energy density as [24]:   
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where  is the deposited energy density, A is the absorptivity of powder,  is the 

thermal diffusivity, P is the laser power, v is the scan speed, R is the radius of the laser 

beam, and hs is the enthalpy at melting. The bead depth normalised by the beam radius 

is / /mD R v  , and Dm is the bead depth. Table 5.3 lists other relevant material 

properties and the laser beam sizes. Similar to Hann et al. [22], Figure 5.15 shows the 

bead depth normalised by the beam size against the normalised enthalpy. The SBBs 

have a relatively low normalised bead depth below 10. The corresponding normalised 

enthalpy is also at a low level. When the value of normalised enthalpy increases 

gradually to ~ 50, the bead type changes from the conduction mode to the keyhole mode. 

Hence, when the deposited energy is ~ 50 times larger than the enthalpy for melting, 

the keyhole mode occurs for IN738LC during the LPBF process. 

Table 5.3. Constants used in the calculation of the normalized enthalpy [15, 17, 

25]. 

 (kg/m3)  (m2/s) hs (J/g) A R (μm) 

8177 4.87×10-6 1071.8 0.72 30 

 

Figure 5.15. Relationship between the bead depth normalized by beam size and 

the normalized enthalpy. The critical value for the occurrence of the keyhole is 

marked with a dotted line. 
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5.3.5. Track behaviour vs pore 

Stability is achieved in the condition of continuous tracks (WCTs and NCTs), as 

shown in Figure 5.1, and the overlapping between tracks is adequate, ensuring the full 

melt of powders. However, Figures 5.2 and 5.7 show that a large proportion of the 

continuous tracks occur accompanying with the keyhole beads (WKBs, NKBs). Here, 

many keyhole pores appear, as shown in Figure 5.9. On the contrary, the low energy 

input density results in BTs and SBBs. On the one hand, low bead width and the track 

instability can induce low overlapping between tracks, on the other hand, the balling 

hinders the continuity of the melt within a single laser track, both of which lead to 

irregular-shape pores attributed to un-melted powders or lack of fusion. The parts with 

high quality are obtained in the overlap of NCTs and CBs in Figures 5.2 and 5.7, such 

as S6 and S18. Among these parameters, moderate energy input density favours the 

stability of the melt track, and the keyhole pores and the lack of fusion are effectively 

avoided. Considering the part quality and the fabrication efficiency, the parameters with 

high scan speeds such as S19 (290 W @ 2000 mm/s) and S25 (370 W @ 2500 mm/s), 

are believed to be more desirable for the part fabrication in the current LPBF system. 

5.4. Summaries 

The tracks are classified into 4 types: WCT, NCT, FT and BT, regarding their 

morphology and stability. The continuous (stable) tracks appear at high energy input 

densities. When energy input densities are low, the track fluctuates and breaks into 

metallic droplets. 
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The bead width and depth increase with the increase of the laser power and 

decrease with the increase of the scan speed due to different energy input densities. The 

bead height is independent of the processing parameters. The contact angle decreases 

with increasing the energy input density, indicating a good wettability. The contact 

angle for the fluctuating and balling tracks is greater than 90o. 

It proposes a model for a competitive process between the spread and the 

solidification of the melt to justify the relationship between the balling and the 

processing parameters. It suggests that if the solidification time is less than the spread 

time, i.e., the molten droplet solidifies before it spreads out on the basic block, the 

balling correspondingly forms. 

It classifies the beads into 4 types: WKB, NKB, CB and SBB. The normalised 

bead depth increases with the normalised enthalpy. When the deposited energy is ~ 50 

times greater than the enthalpy for melting, the bead changes from the conduction mode 

to the keyhole mode. 

Both high and low energy densities can lead to high porosity in bulk samples due 

to the keyhole pores and the un-melted powders, respectively. 
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Chapter 6 Microstructural 

Characteristics: Crack Formation 

Mechanism 

6.1. Introduction 

This chapter studies the microstructures in the (as-printed) APed and (heat-treated) 

HTed conditions and the cracking behaviour in the APed condition of the Inconel 738 

LC (IN738LC) alloy processed by laser powder bed fusion (LPBF). The processing 

parameters of the parts in this chapter are fixed as laser power 200 W, scan speed 1500 

mm/s, hatch spacing 75 μm, thickness of layer 30 μm, Raster 90o scan strategy under 

no preheating condition. 

6.2. Results and discussions 

6.2.1. Microstructure 

6.2.1.1. As-printed condition 

Figure 6.1 shows the X-ray diffraction (XRD) patterns of the IN738LC powders 

and the printed part on the longitude section. It reveals that the main phase in the 

IN738LC powders is the γ/γ′ phase. The XRD result of the IN738LC sample processed 

by LPBF shows the same locations of the peaks but significantly different heights in 

the APed condition. The strong diffraction peaks of (111) are detectable in the powders 

with an intensity ratio of I(111)/I(100) ~ 2.5, while ~ 0.1 in the APed sample, indicating a 

conversion of the crystal orientation from (111) to (100) during the LPBF process. This 
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is due to the strong texture arising from the heat flow during a rapid cooling process. 

 

Figure 6.1. XRD patterns of the IN738LC powders and the X-Z sections of the 

parts in the APed and HTed conditions. 

Figure 6.2 shows the scanning electron microscope (SEM) images of the APed 

sample on the longitude (X-Z) and cross (X-Y) sections at different magnifications. For 

the X-Z direction, the shape of the melt pool is clearly visible, exhibiting a curvature 

morphology towards the part bottom, as shown in Figure 6.2 (a), while Figure 6.2 (d) 

presents the boundary of the laser bath in the X-Y section. In the melt pool, refined 

cellular dendrites grow nearly parallel to the building direction (Z-axis), as presented 

in Figure 6.2 (b). In the X-Y section, cell-like morphology appears when the grain 

growth orientation is at a certain angle to the cutting section, which is considered to be 

the cross sections of the cellular dendrites. The sizes of these cell-like structures are 

ranged from ~ 0.3 μm to ~ 0.9 μm in diameter. In the high magnification image (Figure 

6.2 (e)), the primary dendrite arm spacing (PDAS)  can be measured, and then the 

cooling rate (∂T/∂t) can be further calculated using [1, 2]: 

0.36 0.01

1=97 5( )
T

t
 − 




            Equation 6.1 

The reported PDAS is the average from the measurements of 9 different view-fields. 

The result is 0.7 ± 0.04 μm, and then the corresponding cooling rate is calculated to be 



165 
 

~ 1.6 × 106 oC/s according to Equation 6.1. At higher magnification shown in Figures 

6.2 (c) and 6.2 (f), particles with a blocky morphology (white arrows) exist between the 

dendrites in both the X-Z and X-Y sections. This is normally observed in the APed 

condition of the LPBFed IN738LC alloy [3]. These particles are considered to be MC-

type carbides. Fine γ′ precipitates are difficultly observed due to the rapid cooling 

process, in which the alloy undergoes an immediate quenching after a high-temperature 

solution process [4]. As a result, the γ matrix keeps the condition of a supersaturated 

solid solution with no γ′ precipitating from it. 

 

Figure 6.2. SEM images of the microstructures in the APed condition on (a, b, c) 

the X-Z and (d, e, f) the X-Y sections. 

Columnar grains are the main grain structures in the X-Z section, as presented in 

the orientation maps by electron backscattered diffraction (EBSD) in Figure 6.3 (a). 

These grains extend along the building direction over more than 15 layers, and the 

maximum length can reach ~ 600 μm. Fine grain structure, corresponding to the cell-

like morphology, appears in the X-Y section, as shown in Figure 6.3 (b). The average 

grain sizes are 19.6 ± 1.0 μm and 9.3 ± 0.8 μm for the X-Z and X-Y sections, 

respectively. The corresponding inverse pole figures (PFs) and inverse pole figures 
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(IPFs) in Figures 6.3 (c) and 6.3 (d) show that most crystals have a preferential growth 

direction along the crystallographic orientation <100> {001} for both sections, being 

consistent with the red colour in Figures 6.3 (a) and 6.3 (b) and the XRD analysis results. 

 

Figure 6.3. EBSD maps of the (a) X-Z and (b) X-Y sections for the part, PFs at 

(001), (111) and (110) and IPFs at X, Y and Z directions of the (c) X-Z and (d) X-

Y sections in the APed condition. 

Transmission electron microscope (TEM) is performed to study the constituents 

in the APed IN738LC alloy during LPBF. Figure 6.4 shows the bright field TEM 

micrographs of the X-Z and X-Y sections. Figure 6.4 (a) shows entangled dislocations 

in the inter-dendrite regions for the sample in the X-Z section. Similarly, Figure 6.4 (b) 

illustrates lots of dislocation at the boundaries between the cell-like structures in the X-

Y section. As presented in both images, dislocation density exhibits higher at the sub-

grain boundaries than that in the matrix [5, 6]. 
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Figure 6.5 presents the energy dispersive spectrometer (EDS) mapping result of 

the cell-like structure under the scanning TEM (STEM) mode. Cr and Al exhibit almost 

uniform distribution overall the regions, attributed to the unit partition coefficients of 

Cr and Al in the IN738LC alloy during solidification [1]. The elements of Ni, Co and 

W, however, are depleted in the boundary region, similar to the findings of Wang et al. 

[7]. The blocky particles in the boundary region are identified to be enrichments of Ti, 

Ta, Nb, which are typical elements of the MC carbides in nickel-based superalloys [8]. 

In addition, it also observes the segregation of Zr at the boundaries. 

 

Figure 6.4. Bright field TEM images of the (a) X-Z and (b) X-Y sections of the 

part in the APed condition showing local dislocation substructures. 

6.2.1.2. Heat-treated condition 

Compared with the microstructures in the samples before and after heat treatment 

shown in Figures 6.3 (a) and 6.6 (a), the grain structure, i.e., the columnar grains are 

not changed in the X-Z section. The compensation between the recrystallisation and the 

grain growth induces the average size to slight increase from 19.6 ± 1.0 μm for the X-

Z section and 9.3 ± 0.8 μm for the X-Y section to 21.9 ± 2.1 μm and 10.1 ± 1.1 μm, 

respectively [9]. The strong cube texture dominated by a preferential alignment of <100> 
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is unchanged during heat treatment, proven by the PFs and IPFs in Figures 6.6 (c) and 

6.6 (d) compared with Figures 6.3 (c) and 6.3 (d) and the XRD pattern in Figure 6.1. 

 

Figure 6.5. TEM and STEM images (top) and EDS chemical mapping (bottom) 

for the cell-like structure in the APed condition. 

Figure 6.7 (a) shows the SEM images of IN738LC processed by LPBF after heat 

treatment, and Figure 6.7 (b) is the view at high magnification. These observations 

demonstrate 2 groups of precipitates, i.e., coarse (red arrow) and fine precipitates 

(yellow arrow) [10, 11]. The coarse precipitates are considered primary γ′ with an 

average size of 423.5 ± 45.4 nm, while the fine precipitates are the secondary γ′, and 

the average size is 52.0 ± 13.1 nm. Volume fractions of the primary and secondary γ′ 

are 37.1 ± 1.3 vol% and 25.3 ± 2.3 vol%, respectively. Carbides that change into chain-

like morphology (white arrow) are found at the grain boundary, as presented in Figure 

6.7 (c). 
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Figure 6.6. EBSD maps of the (a) X-Z and (b) X-Y sections for the part, PFs at 

(001), (111) and (110) and IPFs at X, Y and Z directions of the (c) X-Z and (d) X-

Y sections in the HTed condition. 

 
Figure 6.7. (a) SEM images showing (a, b) bimodal distribution of the primary 

and secondary γ′ phases and (c) chain morphology of carbides at the grain 

boundary in the HTed condition. 

6.2.2. Cracking  

6.2.2.1. Cracking mechanism 

Figure 6.8 shows that cracking is associated with several inclusions and/or micro-
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segregation of alloying elements in the APed IN738LC alloy during the LPBF process. 

Some relatively dark and blocky particles enriched in Ta, W and Si are trapped into the 

cracks. The presence of these particles can lead to cracking during solidification due to 

the characteristic of loose bonding with the surrounding matrix. The enriched C at the 

crack attributes to the existence of MC-type carbides. Xu et al. [12] reported that the 

distribution of carbides at grain boundaries was liable for the stress concentration and 

interrupted the liquid film’s continuity, which also promoted the formation of cracks. 

Meanwhile, the segregation of Zr is apparent in this crack region, noted in the IN738LC 

alloy during LPBF in a previous investigation [13]. 

 

Figure 6.8. EDS chemical mapping showing the inclusions enriched in W, Ta, Si 

and the segregations of C, Zr along a crack in the IN738LC part processed by 

LPBF in the APed condition. 

The cracking phenomenon has been well investigated in casting and welding 
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processes of the IN738LC alloy, e.g., a hot tearing phenomenon in a polycrystalline Ni-

based IN738LC superalloy [14]. In their research, it detected the presences of eutectic 

phase and isolated carbides in intergranular zones, which hindered the liquid flowing 

to feed into the mushy zone. In this process, Zr segregated at grain boundaries and 

elevated the solid-liquid interfacial energy, thus correspondingly increasing the 

undercooling of the dendrite coalescence. Consequently, the material displayed a lower 

hot cracking resistance. Ojo et al. [15] believed that the main cause of heat affected 

zone (HAZ) cracking of casting IN738 in the welding process was attributed to the 

constitutional liquation of γ/γ′ precipitations. Influenced by the thermal cycle in HAZ, 

alloying solutes were enriched at the interface between precipitates and matrix by solid-

state diffusion. When solute concentration and temperature met the γ′-γ eutectic 

reaction, a metastable liquid film formed on the interface. Xu et al. [16] reported a 

similar phenomenon in the IN738LC part manufactured by laser solid forming. Apart 

from the constitutional liquation of the γ/γ′ phase, they suggested that segregation of 

solute B contributed to a decline in liquidus temperature at grain boundaries, which 

increased the tendency of hot cracking as well. The mechanism of solidification 

cracking in IN738LC processed by LPBF was elucidated by Cloots et al. [13]. They 

used atom probe tomography (APT) to identify and characterise the enrichment of Zr 

at grain boundaries, which favoured the crack formation. Figure 6.9 (a) presents a 

longitudinal section of an open crack in the APed IN738LC alloy processed by LPBF. 

Clear blunt dendrites are observed on the crack at high magnification (Figure 6.9 (b)). 

This is a typical morphology of a solidification crack surface, identifying the wetting 
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behaviour between the dendrites and liquation films. The segregation of Zr at grain 

boundaries can be proven in the thermodynamic calculation, as shown in Figure 6.9 (c). 

Within the liquid phase at the last stage of solidification (grain boundaries), the amount 

of Zr is ~ 60 times higher than the mean chemical composition of the alloy. Calculation 

results by Scheil mode in Figure 6.9 (d) demonstrates that the solidus is significantly 

lowered due to the micro-segregations, and the solidification temperature range is 

enlarged by nearly 600 oC compared to the equilibrium mode. 

In addition, silicide particles, presumably TaSi2 and WSi2, are also associated with 

the cracks in Figure 6.9 (b) (yellow dotted line). The TaSi2 and WSi2 particles form at 

the early stage during the solidification as their high melting points (2200 oC and 2160 

oC [17], respectively), thus hindering the liquid flow in the mushy zone and causing the 

discontinuity of last solidified liquid channel and stress concentration. Accompanying 

with the segregation of Zr, solidification cracking occurs, as shown in Figure 6.8. Qiu 

et al. [18] found the particles enriched in Si, W and Al at the cracks in IN738LC 

manufactured by LPBF and believed that the presence of WO2, Al2O3 and SiO2 particles 

along grain boundaries also contributed to cracking. 
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Figure 6.9. (a) SEM image of a crack, (b) high magnification of the crack 

showing the details of the dendrite structures and the silicide marked with yellow 

dotted line on the crack surface, (c) the fraction of alloy elements in the liquid 

phase during solidification and (d) the solidification path of the IN738LC alloy 

based respectively in the equilibrium and Scheil modes in the thermodynamic 

calculations. 

Figure 6.10 illustrates the whole process of the solidification cracking in the APed 

IN738LC alloy during LPBF. Silicide particles form firstly due to their high melting 

point and scattered in the solidifying liquid (Step 1). Dendrites develop and grow at the 

front of the solid-liquid interface. Alloying elements with the partition coefficients less 

than 1 like Zr discharge into the liquid phase (Step 2). As the solidification process 

continues, the adjacent dendrites connect with each other with some silicide particles 

between them, with the liquid film being enriched in Zr (Step 3). Subsequently, the 

material almost solidifies, while a low-melting-point liquid film remains at the last stage 

of solidification between dendrites (Step 4). The silicide particles prevent molten liquid 

from flowing to the narrow path between dendrites, so isolated liquid films form. These 
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isolated liquid films have very weak strength. Meanwhile, residual stress increases as 

temperature decreases. As soon as the residual stress is greater than the strength of the 

isolated liquid film region, cracking starts and propagates along the inter-dendrite 

regions as the LPBF progress (Step 5).  

 

Figure 6.10. Schematic diagram showing the cracking starting and propagation 

processes of the APed IN738LC alloy during LPBF. 

6.2.2.2. Cracking vs grain boundary misorientation 

Figure 6.11 shows the misorientation angle distributions of general grain 

boundaries and the grain boundaries around the cracks, which is calculated using 

Equation 6.2 [19], as well as the relative cracking rate in the APed IN738LC alloy 

fabricated by LPBF.  

1 2 ........ ..............

i
i

i n

CGBM

CGBM CGBM CGBM CGBM



=

 +  +  + 
 Equation 6.2 

where CGBMi is the total number of the misorientation angles of i around the cracks.  

There are ~ 42 % of the general grain boundaries with the misorientation angles lower 

than 10o, while ~ 44 % between 10o and 40o and ~ 14 % greater than 40o. Compared 

Figures 6.11 (a) and 6.11 (b), the distribution of misorientation angles of the grain 

boundaries around the cracks is distinguishably different from the general grain 
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boundaries. Only ~ 6 % of the cracking grain boundaries have the misorientation angles 

lower than 10o, ~ 57 % between 10o and 40o and ~ 37 % greater than 40o. This difference 

indicates that there is a correlation between the possibility of cracking and the 

misorientation angles of grain boundaries. Figure 6.11 (c) shows the relationship 

between the relative cracking rate and the misorientation angles. The relative cracking 

rate i is defined as [20]: 

i
i

i

f

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=                      Equation 6.3 
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           Equation 6.4 

where i is the fraction of the misorientation angles around the cracks, i is the fraction 

of the general grain boundary misorientation angles, and fi is the number of the cracks 

which occur at the misorientation angles of i. Figure 6.11 (c) shows that the relative 

cracking rate generally increases with increasing the grain boundary misorientation 

angle, indicating that the grain boundaries with high misorientation angles are 

susceptible to cracking. 

Rappaz et al. [21] established a relationship between coalescence undercooling 

and grain boundary energy during solidification as: 

2gb sl

b

f di

T
S

 



−
 =


                 Equation 6.5 

where gb is the grain boundary energy, sl is the solid/liquid interfacial energy, Sf is 

the entropy for fusion per unit volume, and di is the thickness of the diffuse interface. 

If gb < 2sl, the 2 interfaces of solid/liquid are “attractive”, indicating that the liquid 

film remaining cannot stay stable. The dendrites around the liquid will coalesce with 
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each other once the distance of these 2 interfaces is lower than di and the liquid 

between dendrites will solidify. However, the condition of gb > 2sl favours the 

formation of “repulsive” grain boundaries, where the liquid film stays stable unless the 

temperature reaches the corresponding undercooling Tb, which further increases the 

solidification temperature range and the risk of cracking. The Read-Shockley equation 

[22] interpreted the relationship between grain boundary energy and grain boundary 

misorientation angle as: 

(1 ln )
4 (1 )

gb gb

gb

m

Gb 


  
= −

−
             Equation 6.6 

where G is the shear modulus, b is the Burgers vector,  is the Poisson ratio, gb is the 

grain boundary misorientation angle, and m is the angle at which gb reaches its 

maximum. This equation is applied when gb < m, and when gb > m, gb will keep the 

constant of its maximum value. According to Equation 6.6, gb increases with increasing 

the misorientation angles of grain boundaries, and accordingly, the coalescence 

undercooling Tb expressed in Equation 6.5 increases as well. As a result, the liquid 

film will keep stable at the last stage of solidification with an undercooling of Tb. 

Therefore, it expects cracks to occur at the grain boundaries with high misorientation 

angles, as shown in Figure 6.11 (c). 
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Figure 6.11. (a) Misorientation angle distribution of grain boundaries, (b) 

misorientation angle distribution around the cracks, (c) relative cracking rate of 

the IN738LC part in the APed condition. 

6.3. Summaries 

The average grain sizes of the APed IN738LC alloy are 19.6 ± 1.0 μm and 9.3 ± 

0.8 μm for the X-Z and X-Y sections, respectively. Coarse (primary) γ′ precipitates with 

an average size of 423.5 ± 45.4 nm and fine (secondary) precipitates with an average 

size of 52.0 ± 13.1 nm are identified in the HTed sample. Both fractions of grains with 

the sizes less than 10 μm and larger than 100 μm increase after heat treatment, arising 

from the occurrence of recrystallisation and the grain growth. The average sizes slightly 

increase to 21.9 ± 2.1 μm from 19.6 ± 1.0 μm for the X-Z section and 10.1 ± 1.1 μm 

from 9.3 ± 0.8 μm for the X-Y section. Whatever the APed and HTed conditions, the 

parts exhibit a strong cubic texture dominated by a preferential alignment of <100>. 

During rapid heating and cooling processes in LPBF, Zr segregates in the grain 

boundary regions, reducing the solidus at grain boundaries, and the solidification cracks 
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occur due to the remaining liquid at grain boundaries at the last stage of solidification. 

Silicide particles form at the early stage of solidification can hinder the liquid film’s 

continuity once they are trapped in the mushy zone and cause stress concentration, 

promoting the origin of cracks. Furthermore, it expects the cracks to occur at the grain 

boundaries with high misorientation angles due to the increased solidification 

temperature range. 
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Chapter 7 Cracking Mitigation Method: 

Y2O3 Nanoparticles Decoration 

7.1. Introduction 

In this chapter, the effects of adding Y2O3 nanoparticles into the Inconel 738 LC 

(IN738LC) powders for the laser powder bed fusion (LPBF) process are studied. The 

added levels of Y2O3 nanoparticle are 0.05 wt%, 0.2 wt% and 0.6 wt%. Cracking 

behaviours, microstructures, tensile mechanical properties and oxidation resistance of 

the IN738LC/nanoparticles Y2O3 composites are examined. Table 7.1 lists the laser 

powers and the scan speeds used in this chapter. Other parameters are fixed as the hatch 

spacing 90 μm, the thickness of layer 30 μm, the Raster 67o scan strategy under the 

preheating at 200 oC. 

Table 7.1. Parameters used in the LPBF process. 

Sample Laser power (W) Scan speed (mm/s) 

1 250 1000 

2 250 1200 

3 250 1400 

4 290 1000 

5 290 1200 

6 290 1400 

7 330 1000 

8 330 1200 

9 330 1400 

7.2. Results 

7.2.1. Process window 

Optical microscope (OM) observations show that the scan speeds and the laser 
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powers have a great impact on the defect behaviour in the IN738LC alloy without Y2O3 

in the current processing condition, as shown in Figure 7.1. A nearly defect-free sample 

is produced under a combination of the laser power of 290 W and the scan speed of 

1200 mm/s, while defects appear at both higher and lower laser powers, i.e., 250 W and 

330 W at this scan speed. The crack density on the polished surface increases with the 

decrease of the scan speed when the laser power is fixed. The defects change from pores 

to cracks with the increase of the energy density, i.e., the decrease of the scan speed 

and/or the increase of the laser power, similar to the findings in Section 4.2.4. An 

optimal condition is attained at a medium energy density. Insufficient energy input can 

lead to the lack of fusion, inducing un-melted powders [1]. At a high energy density, 

however, the improper closure of keyhole forms [2], resulting in the keyhole pores, as 

shown in Figure 7.1 (white circle) under the laser power of 330 W and the scan speed 

of 1000 mm/s. With adding 0.05 wt% nanoparticles Y2O3, the processed IN738LC alloy 

contains approaching free defects for most of the parameters and achieves nearly 100 % 

density under the condition of moderate energy density, i.e., the combination of the 

laser power of 290 W and the scan speed of 1200 mm/s. At low and/or high energy 

inputs, however, a few defects, mainly pores, can be seen. It is apparent that the addition 

of 0.05 wt% Y2O3 nanoparticles significantly reduces the defects, especially the cracks 

in the samples, implying that adding 0.05 wt% Y2O3 nanoparticles enlarges the process 

window for the defect-free condition in the IN738LC alloy fabricated by LPBF. 

However, more defects appear with the increase of Y2O3 nanoparticle addition to 0.2 

wt%, as shown in Figure 7.3. The samples contain cracks under most of the parameters, 
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and even the medium energy density (290 W @ 1200 mm/s) cannot build a crack-free 

part. With further increase of Y2O3 addition to 0.6 wt%, the process window of getting 

optimal quality samples becomes further smaller, comparing Figure 7.4 with Figures 

7.2 and 7.3. As a result, the following investigations on the microstructures and the 

properties will be concentrated on the processing parameters of the laser power of 290 

W and the scan speed of 1200 mm/s, with which the defects are at a relatively low level 

for all the alloys with different additions of Y2O3 nanoparticles. 

 

Figure 7.1. OM images on the polished surfaces of the as-printed (APed) alloy 

without Y2O3 fabricated by LPBF with different laser powers and scan speeds 

showing the defects. 
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Figure 7.2. OM images on the polished surfaces of the APed alloy containing 0.05 

wt% Y2O3 fabricated by LPBF with different laser powers and scan speeds 

showing the defects. 

 

Figure 7.3. OM images on the polished surfaces of the APed alloy containing 0.2 

wt% Y2O3 fabricated by LPBF with different laser powers and scan speeds 

showing the defects. 
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Figure 7.4. OM images on the polished surfaces of the APed alloy containing 0.6 

wt% Y2O3 fabricated by LPBF with different laser powers and scan speeds 

showing the defects. 

7.2.2. Microstructure 

Figure 7.5 shows the inverse pole figures (IPFs) and the grain size distribution 

regarding the building direction for the IN738LC alloys containing various amounts of 

Y2O3 nanoparticles. Similar to the findings in Section 6.2.1.1, the columnar grains grow 

parallel to the building direction, crossing multiple layers. This columnar grain structure 

is attributed to the highly directional laser-induced temperature gradient during the 

LPBF process. In particular, the tendency of columnar grain growth is more obvious 

for the alloy without Y2O3, in which the length-width ratio of the grains is ~ 11 : 1, 

while ~ 6 : 1 for the alloys containing Y2O3. In addition, the grain sizes vary noticeably 

between these alloys, as shown in Figure 7.5 (e). The average size for the alloy without 
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the addition of Y2O3 nanoparticles is 16.7 ± 1.4 μm. It contains more grains with the 

size smaller than 30 μm, and the total fraction is 82.9 %. While the grains with the size 

greater than 100 μm accounts for only 0.3 %. For the alloy containing 0.05 wt % Y2O3, 

a significant number of the grains have the size greater than 100 μm (2.4 %), leading to 

a relatively larger average size (27.5 ± 1.7 μm) compared to the alloy without Y2O3. 

With increasing the contents of Y2O3 to 0.2 wt% and 0.6 wt%, the fractions of the grains 

with small size (less than 30 μm) decrease continuously down to 64.9 % and 59.5 %, 

respectively, while the fractions of large size grains (greater than 100 μm) increase to 

3.4 % and 5.1 %, and the average grain sizes are 29.7 ± 1.4 μm and 36.8 ± 2.5 μm, 

respectively. 

Transmission electron microscope (TEM) observes fine disperse particles in the 

nickel matrix of the alloy containing 0.05 wt% Y2O3. The bright-field TEM image in 

Figure 7.6 (a) shows the typical morphology of these fine particles (white arrows) with 

a size ranging from 50 nm to 100 nm, and the mean diameter is ~ 60 nm. A few 

dislocations around the particles are also visible. The homogeneous distribution and the 

spherical morphology of these particles are more obvious in the high angle annular 

dark-field (HAADF) image in Figure 7.6 (b) (black arrows). 
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Figure 7.5. Electron backscattered diffraction (EBSD) mapping of the samples in 

the X-Z section showing the grain structures of the APed alloys (a) without and 

containing (b) 0.05 wt%, (c) 0.2 wt% and (d) 0.6 wt% Y2O3, (e) the grain size 

distribution. 

Detailed morphology of a fine nanoparticle is shown in Figure 7.6 (c), and its high-

resolution TEM (HRTEM) lattice image is shown in Figure 7.6 (d). 2 measured atomic 
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planes have the lattice parameters of 2.1 Å and 2.0 Å in an angle of 107.4o. The Fast 

Fourier Transformation (FFT) test is conducted in the area shown in Figure 7.6 (c) (red 

rectangle), with Figure 7.6 (e) presenting the corresponding filtered image. This result 

is in good agreement with the monoclinic crystal structure YAM-phase Y4Al2O9 at the 

zone axis of [-2 3 0], which has a space group: P21/c, C2h, a = 7.26 Å, b = 10.31 Å, c = 

10.94 Å,  =  = o  = o [3]. Figure 7.6 (f) shows the energy dispersive 

spectrometer (EDS) results of the nanoparticle and proves the particles as being of the 

Y-Al-O type. 

 
Figure 7.6. (a) Bright-field TEM image, (b) HAADF scanning TEM (STEM) 

image, (c) high magnification bright-field TEM image, (d) HRTEM, (e) FFT 

filtered image from the red-framed area in (c), (f) EDS mapping of the fine 

disperse particle in the APed alloy containing 0.05 wt% Y2O3. 

Figure 7.7 shows the IPFs and the grain size distribution for the alloys with various 
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amounts of Y2O3 after heat treatment. Compared with the grain structure in the alloys 

before heat treatment, as shown in Figure 7.5, the heat treatment does not change the 

distribution of grain size qualitatively (Figure 7.7 (e)). The average sizes of the grains 

are 19.9 ± 0.8 μm, 29.3 ± 2.4 μm, 32.2 ± 1.8 μm and 34.8 ± 2.7 μm for the alloys without 

and containing 0.05 wt%, 0.2 wt% and 0.6 wt% Y2O3, respectively. The fraction of the 

grains with sizes smaller than 10 μm increases after heat treatment for all the alloys, 

arising from the occurrence of recrystallisation [4]. The number of large size grains 

(greater than 100 μm) also increases due to the grain growth during heat treatment, as 

mentioned in Section 6.2.1.2.  

7.2.3. Mechanical properties 

Figure 7.8 shows the tensile properties at room temperature and 850 oC of the 

samples with various amounts of Y2O3 after heat treatment. At room temperature, the 

alloy without Y2O3 has a superior yield strength (YS) of 1049.6 ± 48.2 MPa and 

ultimate tensile strength (UTS) of 1190.3 ± 19.1 MPa compared to the alloy containing 

0.05 wt% Y2O3, where the corresponding values are 1003.8 ± 35.4 MPa and 1148.2 ± 

14.7 MPa. For the alloys without and containing 0.05 wt% Y2O3, the elongations (ELs) 

are almost the same (6.7 ± 0.5 % vs 7.2 ± 0.6 %). With further increase of Y2O3 

nanoparticles, the YS, the UTS and the EL decrease to 526.1 ± 25.6 MPa, 782.7 ± 16.1 

MPa and 3.6 ± 0.5 % for the alloy containing 0.2 wt% Y2O3 nanoparticles and 476.5 ± 

31.6 MPa, 685.3 ± 19.4 MPa and 2.5 ± 0.7 % for the alloy containing 0.6 wt% Y2O3 

nanoparticles, respectively.  
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Figure 7.7. EBSD mapping of the samples in the X-Z section showing the grain 

structures of the heat-treated (HTed) alloys (a) without and containing (b) 0.05 

wt%, (c) 0.2 wt% and (d) 0.6 wt% Y2O3, (e) the grain size distribution. 

For the tensile properties at 850 oC, however, the YS and the UTS are somewhat 

improved with the addition of 0.05 wt% Y2O3 with 633.1 ± 8.9 MPa and 773.3 ± 5.2 

MPa compare to 615.4 ± 13.5 MPa and 714.3 ± 11.3 MPa for the alloy without Y2O3, 
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while the EL is ~ 23 % lower. Further increasing the Y2O3 contents to 0.2 wt% and 0.6 

wt%, the YS, the UTS and EL are 419.6 ± 17.4 MPa and 338.4 ± 20.9 MPa, 539.4 ± 

11.3 MPa and 425.7 ± 8.1 MPa, 2.4 ± 0.7 % and 1.9 ± 0.3 %, respectively. 

 

Figure 7.8. Tensile properties of the HTed alloys without and containing Y2O3 at 

room and high temperatures. 

7.2.4. Oxidation resistance 

7.2.4.1 Oxidation kinetics 

Figure 7.9 (a) shows the mass gain of the alloys after heat treatment under the 

conditions for adding various amounts of Y2O3 as a function of the exposure time at 

1095 oC in the air atmosphere. The mass gain increases continuously with time for all 

samples. The alloy containing 0.6 wt% Y2O3 exhibits the highest oxidation rate among 

these alloys, followed by the alloy containing 0.2 wt% Y2O3 and the alloy without Y2O3. 

The alloy containing 0.05 wt% Y2O3 has the best oxidation resistance. Figure 7.9 (b) 

shows the mass gain rate as a function of the exposure time. The mass gain rate is 

calculated as: 
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where ri is the mass gain rate in the current testing period, Δm is the mass change, As is 

the surface area, (Δm/As)i is the mass change per unit area in the current testing period, 

(Δm/As)i-1 is the mass change per unit area in the previous testing period, and To is the 

testing period, i.e. 24 hours in the current experimental condition. For all the samples, 

the mass gain rate shows a gradual downward trend with the exposure time, implying 

that the oxidation rate gradually slows down with the progress of the oxidation tests. 

The oxidation kinetics curve in Figure 7.9 (a) can be described as a parabolic shape like 

[5]: 
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where kp is the parabolic oxidation rate constant. The lower the kp value is, the better 

the oxidation resistance. Table 7.2 lists the summary of the fitting results, and all the 

coefficients of determination R2 are close to 1, indicating that the results fit well with a 

parabolic curve described in Equation 7.2. The addition of 0.05 wt% Y2O3 improves 

the oxidation resistance significantly. Compared with the alloy without Y2O3, the 

oxidation rate constant kp decreases from 0.6 mg2cm−4h−1 to 0.4 mg2cm−4h−1. However, 

with further increase of the Y2O3 content, the oxidation resistance decreases, and the kp 

values increase to 0.7 mg2cm−4h−1 and 1.2 mg2cm−4h−1 for the alloys containing 0.2 wt% 

and 0.6 wt% Y2O3, respectively. 
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Figure 7.9. (a) Mass gain and (b) mass gain rate as a function of the exposure 

time for the HTed alloys without and containing Y2O3. 

Table 7.2. Oxidation rate constant kp in Equation 7.1 by fitting the experimental 

results. 

Y2O3 content (wt%) 0 0.05 0.2 0.6 

kp (mg2cm−4h−1) 0.6 0.4 0.7 1.2 

R2 0.9 0.9 0.9 0.9 

7.2.4.2 Oxide scale surface 

Figure 7.10 shows the surface roughness and the three-dimensional (3D) 

reconstruction images of the oxide scale surfaces by laser scan confocal microscope 

(LSCM) of the alloys with various amounts of Y2O3 after the oxidation tests at 1095 oC 

for 240 hours. The alloy without Y2O3 has a surface roughness of 7.6 ± 0.2 μm, and a 

small nodular morphology is visible on the oxide scale surface (Figure 7.10 (a)). For 

the alloy containing 0.05 wt% Y2O3, it attains a relatively flat surface, and the surface 

roughness decreases to 5.5 ± 0.3 μm. With increasing the Y2O3 content, the oxide scale 

surfaces become rougher and more irregular with a surface roughness of 11.1 ± 0.2 μm 

for the alloy containing 0.2 wt% Y2O3 and 13.7 ± 0.3 μm for the alloy containing 0.6 

wt% Y2O3. Large nodular structures appear on these oxide scale surfaces, as shown in 

Figures 7.10 (c) and 7.10 (d), leading to higher surface roughness. For the alloys, 

spalled zones are detectable on the oxide scale surfaces, which reduces the surface 
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quality as well. From the surface reconstruction images, the spallation phenomenon is 

more severe for the alloys containing 0.2 wt% and 0.6 wt% Y2O3. 

 

Figure 7.10. 3D reconstruction images of the oxide scale surfaces after the 

oxidation tests at 1095 oC for 240 hours of (a) the alloy without Y2O3 and the 

alloys containing (b) 0.05 wt%, (c) 0.2 wt% and (d) 0.6 wt% Y2O3 by LSCM and 

the corresponding surface roughness. 

Figure 7.11 illustrates the oxide scale surface morphologies observed by scanning 

electron microscope (SEM) of the alloy samples at both low and high magnifications 

after the oxidation tests at 1095 oC for 240 hours. It is apparent that the addition of Y2O3 

affects the morphology of the oxide scale surfaces of IN738LC fabricated by LPBF. A 

reasonably flat oxide scale is observed on the surfaces of the alloy without Y2O3 (Figure 

7.11(a)) and the alloy with 0.05 wt% Y2O3 (Figure 7.11(c)). While the additions of 0.2 

wt% and 0.6 wt% Y2O3 lead to many nodular structures on the oxide scale surfaces, as 

shown in Figures 7.11 (e)-7.11 (h). 



196 
 

 

Figure 7.11. SEM images of the oxide scale surfaces after the oxidation tests at 

1095 oC for 240 hours of (a, b) the alloy without Y2O3 and the alloys containing 

(c, d) 0.05 wt%, (e, f) 0.2 wt% and (g, h) 0.6 wt% Y2O3 at low and high 

magnifications. 

7.2.4.3 Oxidation product 

Figure 7.12 shows the X-ray diffraction (XRD) analysis results of the alloys with 

various amounts of Y2O3 after the oxidation tests at 1095 oC for 240 hours. It shows 
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that the main oxidation products are Al2O3, Cr2O3, NiO, NiCr2O4 and CoCr2O4. From 

the signal intensity in the XRD results, a large amount of Al2O3 forms in the oxide scale 

for the alloys without Y2O3 and containing 0.05 wt% Y2O3. With increasing the Y2O3 

content, the diffraction peaks of Cr-rich oxides become stronger, considering NiCr2O4, 

CoCr2O4 and Cr2O3 as the primary oxidation products in the alloys containing 0.2 wt% 

and 0.6 wt% Y2O3. On the contrary, the intensity levels of Al2O3 are lower than those 

for the alloys without Y2O3 and containing 0.05 wt% Y2O3. 

 

Figure 7.12. XRD patterns of the oxide scale surfaces after the oxidation tests at 

1095 oC for 240 hours of the alloys with different contents of Y2O3 nanoparticles. 

Figure 7.13 presents 3 different morphologies observed on the oxide scale surfaces, 

namely crystalline, lamellar and nodular structures. The crystalline structure contains 

Cr, O, Ni, Ti and Co, as shown in Figure 7.13 (g), considered a type of Cr-rich oxide. 

This research observes this kind of oxide in all samples among the 4 alloys. Figure 7.13 

(h) shows that the lamellar oxide mainly contains Al and O. Combined with the results 

of XRD, it indicates the presence of Al2O3. Al2O3 is visible in the alloy without Y2O3 

and the alloy containing 0.05 wt% Y2O3, but only rarely in the alloys containing 0.2 wt% 
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and 0.6 wt% Y2O3. EDS detects a large amount of Ni and O, implying that the nodular 

structure primarily comprises NiO, as shown in Figure 7.13 (i). These nodular structures 

scattering on the oxide scale surfaces are commonly observed in the alloy without Y2O3 

and the alloys containing 0.2 wt% and 0.6 wt% Y2O3. Detailed observation, however, 

shows that NiO exists in the alloy containing 0.05 wt% Y2O3 as a blocky morphology 

(black arrows) ranging from 0.5 μm to 5 μm, as shown in Figure 7.14 (a), with Figure 

7.14 (b) the EDS result. 

Figure 7.15 shows the EDS chemical mapping analysis results of the oxide scale 

for the alloy without Y2O3 after the oxidation tests at 1095 oC for 240 hours. The 

oxidation products compose of O, Al and Cr but heterogeneously distribute in the oxide 

scale. The Al2O3 and Cr-rich oxides compete with each other, i.e., little Cr-rich oxide 

found in the regions rich in Al2O3 and vice versa. As Al2O3 is the main constituent that 

occupies a large part of the oxide scale, this scale is defined as an Al-type scale. This 

research observes the enrichment of Cr to be associated with O in the oxide scale, 

considered as Cr-rich oxide. A thin layer rich in Cr is visible in the outer layer of the 

oxide scale. Combined with the XRD results, it is reasonable to infer that this layer is 

spinel oxide such as CoCr2O4 and NiCr2O4. However, the microstructure and the 

chemical composition distribution are quite different for the alloy containing 0.6 wt% 

Y2O3, as shown in Figure 7.16. This scale composes largely of oxides with a high 

concentration of Cr. In this Cr-type oxide scale, however, the formation of Al2O3 is 

found underneath the Cr-rich layer with an irregular and discontinuous morphology 

extending down into the parent metal. 
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Figure 7.13. SEM images of the oxide scale surfaces after the oxidation tests at 

1095 oC for 240 hours of the alloy without Y2O3, indicating 3 different 

morphologies, i.e., (a, d) crystalline, (b, e) lamellar and (c, f) nodular, (g), (h) and 

(i) showing the EDS analysis on the corresponding morphological regions. 
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Figure 7.14. (a) SEM image of the nodular structures after the oxidation tests at 

1095 oC for 240 hours of the alloy containing 0.05 wt% Y2O3 and (b) the 

corresponding EDS result. 

 

Figure 7.15. EDS chemical composition mapping of the oxide scale after the 

oxidation tests at 1095 oC for 240 hours of the alloy without Y2O3. 
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Figure 7.16. EDS chemical composition mapping of the oxide scale after the 

oxidation tests at 1095 oC for 240 hours of the alloy containing 0.6 wt% Y2O3. 

Figure 7.17 shows the SEM cross-sections of the oxide scales for the alloys 

without and containing 0.05 wt% Y2O3 at both low and high magnifications after the 

oxidation tests at 1095 oC for 240 hours. Similar to Figure 7.15, the oxide scale 

comprises a thin upper Cr-rich layer (5-10 μm typically) and a thicker Al2O3 sublayer 

(15-25 μm typically). Figures 7.17 (e) and 7.17 (f) show the compositions from EDS 

analysis. Both layers are mostly continuous. The parent metal beneath these layers is 

fully continuous as well. In Figure 7.18, for the alloys containing 0.2 wt% and 0.6 wt% 

Y2O3, the parent metal beneath the oxide scales is strongly discontinuous with 

significant jagged lines of Al2O3 presence (Figure 7.18 (e)). But now there is no longer 
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a mostly continuous Al2O3 layer near the surface, just a Cr-rich layer (Figure 7.18 (f)). 

These observations are consistent with the high-magnification results shown in Figure 

7.16. 

 

Figure 7.17. SEM images of the oxide scales after the oxidation tests at 1095 oC 

for 240 hours of the alloys (a, b) without and (c, d) containing 0.05 wt% Y2O3 at 

low and high magnifications, (e) EDS result of Region 1 and (f) EDS result of 

Region 2. 
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Figure 7.18. SEM images of the oxide scales after the oxidation tests at 1095 oC 

for 240 hours of the alloys containing (a, b) 0.2 wt% and (c, d) 0.6 wt% Y2O3 at 

low and high magnifications, (e) EDS result of Point 1 and (f) EDS result of 

Region 1. 
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7.3. Discussions 

7.3.1. Effects of Y2O3 on cracking behaviour 

The cracking mechanism has been discussed in Section 6.2.2.1. Segregation of Zr 

in the grain boundary regions reduces the solidus of the alloy and promotes the 

formation of solidification cracking due to the remaining liquid at the last stage of 

solidification under high thermal stress. Adding 0.05 wt% Y2O3 nanoparticles promotes 

Zr and Nb atoms to segregate into the YAM-particles, as shown in Figure 7.6 (f), thus 

reducing the residual Zr’s concentration in the last solidified liquid and correspondingly 

mitigating the cracking in the LPBFed IN738LC samples. Previous researches have 

reported the reaction between Zr and Y2O3. Zhang et al. [6] added 0.9 wt% Zr into 

14Cr-Y2O3-oxide dispersion strengthened (ODS) alloy. The UTS and the EL of the 

alloy were improved by fine Y4Zr3O12 particles due to their strong pinning effect and 

interface bonding force with the matrix. Similarly, Xu et al. [7] studied hot isostatic 

pressed the Fe-15Cr-2W-0.3Y2O3 alloy with the addition of 0.3 wt% Zr and detected 

the formation of trigonal -Y4Zr3O12 phase. This research finds no Y4Zr3O12 through 

the FFT analysis in the microstructure, implying that Y4Al2O9 may preferentially form 

in the alloy containing Al. Zr and Nb have similar ionic radiuses to Y and locate next 

to Y in the periodic table of the elements (ionic radiuses are 0.9 Å, 1.1 Å, 1.0 Å, and 

atomic numbers are 39, 40, 41 for Y, Zr and Nb, respectively) [8], indicating that Zr and 

Nb have similar chemical characteristics with Y and may thermodynamically occupy 

the crystallographic sites of Y atoms in the Y4Al2O9 particles. To prove the possibility 
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of this reaction, density-functional theory (DFT) calculations are conducted using the 

projection-augmented wave (PAW) method, where the crystal lattices fully relax until 

the total force on each atom is less than 0.02 eV/Å [9]. Table 7.3 displays the formation 

energy and the corresponding crystal structure. The values of the formation energy for 

all the structures are negative, indicating that Zr and Nb atoms have thermodynamical 

potential to replace Y in the YAM lattice. Presumably, Y4Al2O9 forms at the early stage 

of solidification due to its high melting point (melting point 2020 oC [10]), and a 

considerable amount of Zr dissolves into the Y4Al2O9 particles. As a result, the 

segregation of Zr is effectively hindered, and the risk of cracking correspondingly 

decreases. As a result, the process window of the IN738LC alloy processed by LPBF is 

enlarged due to the mitigation of cracking by avoiding the segregation of Zr. However, 

Figures 7.3 and 7.4 show that more Y2O3 additions induce more cracks in the alloys. In 

the process of solidification, the formation of Y4Al2O9 particles at the early stage of 

solidification may lead to huge clusters in the grain boundary regions. As a result, the 

strength of grain boundaries is further impaired due to the poor bonding between the 

particle clusters and the material matrix. Therefore, excessive Y2O3 additions (0.2 wt% 

and 0.6 wt%) adversely affect the cracking resistance of the IN738LC alloy processed 

by LPBF. 
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Table 7.3. DFT calculation results of the formation energy of the possible crystal 

structures, where Zr and Nb occupy the crystallographic sites of Y atoms in the 

Y4Al2O9 lattice and the schematic diagrams of the corresponding crystal 

structures. 

Chemical 

formula 

Total energy 

(eV) 

Formation energy 

(eV) 

Formation 

energy/atom 

(eV/atom) 

Crystal 

structurea 

Y4Al2O9 -517.3 -300.4 -5.0 

 

Y3NbAl2O9 -514.9 -270.0 -4.5 

 

Y2Nb2Al2O9 -514.8 -242.0 -4.0 

 

YNb3Al2O9 -512.2 -211.4 -3.5 

 

Nb4Al2O9 -519.4 -190.7 -3.2 

 

Y3ZrAl2O9 -514.5 -276.4 -4.1 

 

Y2ZrNbAl2O9 -513.4 -247.4 -4.1 
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YZrNb2Al2O9 -515.0 -221.0 -3.7 

 

ZrNb3Al2O9 -516.2 -194.2 -3.2 

 

Y2Zr2Al2O9 -518.3 -259.0 -4.3 

 

YZr2NbAl2O9 -520.3 -233.0 -3.9 

 

Zr2Nb2Al2O9 -518.1 -202.9 -3.4 

 

YZr3Al2O9 -519.2 -238.8 -4.0 

 

Zr3NbAl2O9 -518.5 -210.1 -3.5 

 

Zr4Al2O9 -520.0 -218.3 -3.6 

 

a Y Al O Zr Nb 
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7.3.2. Effects of Y2O3 on microstructure 

Emerging grain morphology is determined by cooling rate RT (oC/s), solidification 

rate VT (m/s) and thermal gradient GT (oC/m) during solidification [11]. As depicted in 

Figure 7.19 (a), with the decrease of GT/VT, grain structure gradually changes from 

planar grain to cellular grain and columnar grain, and finally equiaxed grain with 

processing. The decrease of GTVT (= RT) leads to an increase of the grain size within the 

corresponding grain mode [12]. Figure 7.5 exhibits that the columnar grains dominate 

the microstructure of IN738LC fabricated by LPBF, primarily attributed to the 

considerably high thermal gradient in the solidification process, as schematically shown 

in Figure 7.19 (c). Moreover, it is apparent that the addition of Y2O3 causes the grain 

size to increase from 16.7 ± 1.4 μm to 27.5 ± 1.7 μm, 29.7 ± 1.4 μm and 36.8 ± 2.5 μm 

for the addition of 0.05 wt%, 0.2 wt% and 0.6 wt% Y2O3 nanoparticles, respectively. 

There is a traditional theory and practice that the added nanoparticles can be 

heterogeneous nucleus to refine grains [13-16]. In this research, however, the grain 

structure is actually coarsened by incorporating Y2O3. Y4Al2O9 is a type of thermal 

barrier material due to its low thermal conductivity at high temperatures [10]. The 

thermal conductivity of Y4Al2O9 is only ~ 1/16 of that of IN738LC at the same 

temperature levels [17, 18], thus effectively impeding the thermal diffusion in the alloy 

during solidification. To evaluate the effects of the Y4Al2O9 particles on the thermal 

diffusion in the melt during solidification, a laser flash method is used to measure the 

thermal diffusivity at 5 different temperatures between the solidus and the liquidus of 

the samples in the APed condition. The results are presented in Figure 7.19 (b), showing 
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that the thermal diffusivities are lower for the alloys containing Y2O3 than the alloy 

without Y2O3 in the whole measured temperature range. The thermal diffusion 

coefficient decreases continuously with the increase of the Y2O3 nanoparticle amount. 

Therefore, this research makes a speculative hypothesis that these dispersed Y4Al2O9 

nanoparticles can significantly retard the heat dissipation from the current location to 

the surrounding material during solidification due to their low thermal conductivity 

characteristic and decrease the cooling rate of solidifying melt [19], accordingly leading 

to coarser microstructures. Figure 7.19 (d) schematically shows this mechanism. 

However, since the additional amounts are at such a low level, it is worth investigating 

deeply in the latter research the effects of Y2O3 on the thermal diffusion as well as the 

grain structure during such a rapid cooling process. 

 

Figure 7.19. (a) Schematic diagram of the grain mode related to cooling rate, 

solidification rate and temperature gradient, (b) thermal diffusivity as a function 

of temperature for the APed alloys without and containing Y2O3, schematic 

diagrams of the solidification process in the APed alloys (c) without and (d) 

containing Y2O3 during LPBF. 
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7.3.3. Effects of Y2O3 on mechanical properties 

The strength of IN738LC is degraded by adding 0.05 wt% Y2O3 nanoparticles at 

room temperature. This can be explained by the Hall-Petch relationship [20] shown in 

the equation: 

-1/2

ys o gK D = +                Equation 7.3 

where ys is the yield stress, o is the constants corresponding to the starting stress for 

the movement of dislocation, K is the strengthening coefficient, and Dg is the average 

grain size. In the process of tensile testing, dislocations glide along the movement of 

the dislocation line on its slip surface under the action of external force, leading to 

plastic deformation. High dislocation densities in the grain boundary regions indicate 

stress concentration in these regions due to that dislocations pile up at front of grain 

boundaries, which determines the yield stress of materials [21]. The average grain size 

of the alloy containing 0.05 wt% Y2O3 is significantly greater than the alloy without 

Y2O3 in both APed and HTed conditions, leading to fewer grain boundaries and 

reducing the strength of the 0.05 wt% Y2O3-containing alloy. At the temperatures higher 

than the equicohesive temperature (Teq), the plastic deformation of crystal can be 

promoted by grain boundary sliding, migration and accelerated diffusion of elements, 

therefore, grain boundary strength is lower than the grain interior strength [22]. Figure 

7.20 illustrates the strength evolution with temperature change [23]. It is reasonable to 

assume that the Teq for IN738LC is well below the testing temperature (850 oC), thus 

the grain interior strength becomes higher than the grain boundary strength in the high-

temperature tensile testing, implying that a relatively coarse microstructure is beneficial 
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for tensile strength. Therefore, the strength of the alloy containing 0.05 wt% Y2O3 is 

superior to that of the alloy without Y2O3 at 850 oC, as shown in Figure 7.8. Effects of 

grain size on creep behaviour may be more obvious than tensile properties, and the 

grain coarsening by adding 0.05 wt% Y2O3 may be more beneficial on the creep 

property. Xu et al. [24] in their recent investigation proved that the short-term creep 

behaviour of nickel-based superalloys could be evaluated by slow-strain-rate tensile 

testing as well. That is to say, grain size is still a key factor affecting the tensile 

properties at both room and elevated temperatures in the current investigation. For the 

inferior mechanical properties in the alloys with 0.2 wt% and 0.6 wt% Y2O3, it can be 

explained by the high crack density in these samples, as presented in Figures 7.3 and 

7.4. 

 
Figure 7.20. Schematic illustration of the strength as function of temperature for 

the IN738LC alloy, the approximate equicohesive temperature is marked with a 

dotted line. [23]. 

7.3.4 Effects of Y2O3 on oxidation behaviour 

Effects of grain size on oxidation behaviour have been widely investigated among 

metallic and ceramic materials [25, 26]. Jo et al. [27] examined the internal oxidation 

behaviour of as-received and grain-refined Alloy 617 at 950 oC up to 2000 hours. They 
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found that the internal oxidation rate of the grain-refined alloy increased rapidly at the 

testing initial stage and gradually decreased during prolonged exposure, while the as-

received alloy exhibited a constant oxidation rate during the whole oxidation process. 

Besides, they observed large cracks due to the high stress concentration from the longer 

internal oxides in the as-received alloy. Short cracks in the grain-refined sample 

scattered near the surface due to relatively low stress concentration related to more 

densely stretched internal oxides. Pérez [28] suggested that fine grains were beneficial 

for oxidation resistance due to increased nucleation of Al2O3 particles, which led to the 

formation of a pure Al2O3 scale and increased the oxidation resistance. The 

improvement of oxidation resistance by refined grains is widely reported [29, 30], 

which is primarily due to the acceleration of diffusion of protective elements to form 

oxide scales related to more grain boundaries. In this research, the addition of Y2O3 

leads to coarser grains and then potentially causes the increase of oxidation rate, as 

shown in Figure 7.9. However, 0.05 wt% Y2O3 is favourable to improve the oxidation 

resistance. Therefore, the effects of Y2O3 need to be discussed in further details. 

Based on the XRD and EDS results in Figures 7.12 and 7.13, the main oxides 

found are Al2O3, Cr2O3, NiO, NiCr2O4 and CoCr2O4. According to typical oxidation 

theory, the more stable the oxide is, the more preferentially the corresponding element 

is oxidised. In the alloy systems of Ni-Cr-Al such as IN738LC, the oxidation priority 

of the main elements is Al > Cr > Ni according to both thermodynamic and kinetic 

potentials, indicating Al2O3 forms firstly followed by Cr and Ni oxides. However, the 

affinity with O2 is not the only factor deciding the oxidation behaviour [31]. The 
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formation of Al2O3 has an important effect of hindering O2 diffusion through it and 

prevents the oxidation progress with other elements in the parent alloy. Cr2O3 can react 

with NiO and CoO to form NiCr2O4 and CoCr2O4 by the reactions: 

Cr2O3 + NiO (or Ni + 1/2O2) = NiCr2O4                  Equation 7.4 

Cr2O3 + CoO (or Co + 1/2O2) = CoCr2O4              Equation 7.5 

XRD also indicates the formation of NiCr2O4 and CoCr2O4, as shown in Figure 7.12. 

NiCr2O4 and CoCr2O4 belong to the group of spinel oxide [31, 32], and Figures 7.13 (a) 

and 7.13 (d) show its typical morphology. Zhou et al. [33] proposed that Ni cations 

diffused slowly in the structure of NiCr2O4, indicating that NiCr2O4 could inhibit the 

diffusion of Ni cations and thus improve the oxidation resistance. Sun et al. [31] 

believed that NiCr2O4 improved the oxide scale’s compactness and further prevented 

the alloy from reacting with O2. 

Previous studies [31] found YCrO3 in the alloy containing Y2O3 during the 

oxidation tests. YCrO3 forms according to the reaction: 

Cr2O3 + Y2O3 = 2YCrO3               Equation 7.6 

YCrO3 is a type of perovskite structure with symmetric Pbnm space. The melting point 

of YCrO3 is ~ 2290 oC [34]. High thermal and structural stabilities of YCrO3 lead it to 

be inclusions in the oxide scale, which deteriorates the exfoliation resistance. Moreover, 

Sun et al. [31] reported that YCrO3 favoured creating compressive stress on crystal 

grains of the matrix phase, and then the oxide scale cracked and peeled off with the 

accumulation of stress. However, the YCrO3 peak is not found in the XRD analysis in 

this research, since it is difficult to produce a complete diffraction pattern for XRD to 



214 
 

detect when the content of a phase is too low in the multiphase mixture. 

From Figure 7.9, adding 0.05 wt% Y2O3 reduces the oxidation rate of the LPBF-

processed IN738LC component. The result is consistent with previous reports for Fe-

Cr alloy [35] and austenitic stainless steel [36]. In the study of Stringer et al. [37], rare 

earth element oxide particles such as Y2O3 and CeO2, acted as nucleation centres for 

oxides, especially Cr2O3, promoting the formation of Cr2O3. It is possible that more 

spinel oxides, i.e., NiCr2O4 and CoCr2O4, form in the oxidation cycle in the alloy 

containing 0.05 wt% Y2O3, related to the observation in Figure 7.17 and the XRD 

analysis in Figure 7.12. As a result, it reduces the oxidation rate due to the formation of 

more spinel oxides. Moreover, Bautista et al. [38] believed that Y2O3 improved the 

adherence and the resistance of oxide scales to spallation, which was also favourable to 

improve the oxidation resistance of alloys. However, a further increase of Y2O3 up to 

0.2 wt% has a negative effect on the oxidation resistance. This is ascribed to the low 

amount of Al2O3 in the oxide scales of the alloys containing 0.2 wt% and 0.6 wt% Y2O3, 

as Al2O3 is believed to be more effective to prevent materials from being oxidised than 

Cr2O3 [39]. 

The oxides are mainly composed of Al2O3 for the alloy without Y2O3 and the alloy 

containing 0.05 wt% Y2O3, as depicted in Figure 7.17. When more Y2O3 nanoparticles 

are added to the IN738LC alloy, Cr2O3 and other Cr-rich oxides become the dominant 

oxides in the scale, and the formation of Al2O3 is largely limited to the jagged regions 

penetrating down into the parent metal. The finding of Giggins et al. [40] in 1971 can 

explain the change of the oxide scale from Al-type to Cr-type by the addition of Y2O3. 
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They argued that there were 3 different mechanisms of oxidation in the system of Ni-

Cr-Al according to the alloy’s different compositions. The oxide scale in the first 

mechanism (Ⅰ) comprises a layer of NiO with a subscale of Al2O3 and Cr2O3 in the 

matrix, while the second (Ⅱ) type is a layer of Cr2O3 with an Al2O3 subscale in the 

matrix, and the third (Ⅲ) one is a continuous layer of Al2O3. Figure 7.21 presents the 

isothermal diagram exhibiting the compositional limits for these 3 mechanisms of 

oxidation in the Ni-Cr-Al system. The chemical composition of IN738LC is almost at 

the borderline between Mechanism Ⅱ and Mechanism Ⅲ, indicating even a slight 

reduction in Al content can completely change the oxidation behaviour of the IN738LC 

alloy. The added Y2O3 can react with Al to form Y4Al2O9, which effectively consumes 

Al in the alloy’s composition, as shown in Figure 7.6 (f). Presumably, the addition of 

Y2O3 reduces the amount of Al in the microstructure, inducing the change of the oxide 

scale from a continuous layer of Al2O3 (Mechanism Ⅲ, Figure 7.17) to a layer of Cr2O3 

with an Al2O3 subscale in the parent alloy (Mechanism Ⅱ, Figure 7.18). 

 

Figure 7.21. Isothermal diagram showing the compositional limits for 3 

mechanisms of oxidation in the Ni-Cr-Al system [40]. 

Furthermore, Lou et al. [41] suggested that the increase of grain size altered the 
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oxide scale formed on the surface from Al-type into Cr-type, where the diffusion of Al 

atoms was delayed due to the relatively small number of grain boundaries in the coarse 

microstructure. The minimum Al concentration NAl required to form an Al2O3 scale in 

the pure oxidising condition is given by Wagner [42, 43]: 
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where Vm is the alloy’s molar volume, No is the concentration of O atoms, Do is the 

diffusivity of O atoms in the alloy, Vox is the molar volume of A12O3, and DAl is the 

diffusivity of Al atoms in the alloy. The diffusion at grain boundaries is more rapid than 

that inside the grains. The addition of Y2O3 leads to coarse grains and a relatively small 

number of grain boundaries, which decreases the diffusivity of Al atoms and further 

increases NAl. Therefore, the critical Al concentration required for the formation of the 

A12O3 scale increases, indicating the A12O3 scale is suppressed. On the contrary, the 

formation of A12O3 is facilitated by a relatively fine microstructure in the alloy without 

Y2O3. 

From Figures 7.10 and 7.11, the high surface roughness is attributed to the 

spallation phenomenon and the nodule structures on the oxide scale surfaces. Spallation 

occurs when the stress is larger than the adhesion between the parent alloy and the oxide 

scale in materials [44]. Severe spallation of the oxide scales for the alloys containing 

0.2 wt% and 0.6 wt% Y2O3 after the oxidation tests at 1095 oC for 240 hours is found 

in Figures 7.22 (a)-7.22 (d). The oxide scales crack and peel off from the parent alloy, 

which plays an important role in leading to a high oxidation rate.  
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Figure 7.22. SEM images of the spallation phenomenon after the oxidation tests 

at 1095 oC for 240 hours observed from the oxide scale surfaces of the alloys 

containing (a) 0.2 wt% and (b) 0.6 wt% Y2O3 and from the oxide scale cross-

sections of the alloys containing (c) 0.2 wt% and (d) 0.6 wt% Y2O3, (e) an 

example of the oxide scale spallation and the corresponding EDS results. 

In addition, as aforementioned, more cracks generate in the alloys containing 0.2 

wt% and 0.6 wt% Y2O3. Sun et al. [31] suggested that defects were generated due to 

the development of a weak nanoparticle-matrix bonding when excess nanoparticles 

were added, related to the grain boundary segregation and the capillary force. Evans et 

al. [45] reported that the oxide scale wrapped first at the “pre-existing interfacial flaw” 

under the action of compressive or tensile stress perpendicular to the interface generated 

on the periphery of warping, leading to expansion of warping and cracks in the oxide 

scale. Spallation occurs when the cracks go through the oxide scale. Similarly, Rahmel 
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et al. [46] summarised the critical strain equation for the oxide scale rupture: 
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where -c is the critical strain, KIC is the fracture toughness, fg is the geometric factor, 

ad is the size of defect at the interface, rO is the length of oxide intrusion into the matrix 

for a wavy interface, dO is the thickness of oxide scale, EO is the elasticity modulus of 

oxide scale, and  is the Poisson’s ratio of oxide scale. According to Equation 7.8, 

large defects and thick oxide scales in the alloys containing 0.2 wt% and 0.6 wt% Y2O3 

are favourable to reduce the value of -c and directly increase the risk of spallation. 

The Pilling-Bedworth ratio (PBR) [47] is the ratio of oxide volume to metal 

volume, as determined in Equation 7.9: 
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                Equation 7.9  

where MO is the molar mass of oxide molecules,  is the density of metal, AM is the 

molar mass of metal atoms,  is the density of oxide, and i is the number of metal 

atoms in the corresponding oxide molecule. PBR is useful in determining the integrity 

of an oxide scale. The higher the PBR value, the more easily the oxide scale peels off. 

Table 7.4 [8] shows the values used to calculate PBRs. Using Equation 7.9, the 

calculated PBRs of Al2O3, NiO and Cr2O3 are 1.3, 1.7 and 2.0, respectively, indicating 

that Cr2O3 is more likely to peel off due to its high internal stress during the repeated 

heating and cooling processes in the oxidation cycle. The stress related to PBR in the 

oxidation process is determined as [48, 49]: 
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where EO is the Young’s modulus of the oxide, O is the Poisson’s ratio of the oxide, 

and the PBR for Al2O3 and Cr2O3 are 42.0 GPa and 102.2 GPa (Table 7.4 lists the 

relative values used in the calculation), respectively, implying the stress generated in 

Cr2O3 scale is larger than that in Al2O3 scale. 

Table 7.4. Values used to calculate PBR, PBR and CTE [8, 50]. 

 
MO 

(mol/g) 

  

(g/cm3) 

AM 

 (mol/g) 
i 

 

 (g/cm3) 

 

 (GPa) 
o 

 

 (× 10-6 /K ) 

Al2O3 101.96 2.7 26.98 2 3.96 370 0.22 9.6 

NiO 74.69 8.88 58.69 1 6.72 N/A N/A N/A 

Cr2O3 151.99 7.19 52 2 5.22 273 0.3 5.7 

Cracking also results from the large difference in thermal expansion coefficients 

(CTEs) between oxide scales and alloys [50]. The following equation can calculate the 

corresponding stress in the oxide scale [51]: 

                         CTE = ( )
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where  is the thermal expansion coefficient, the subscripts s and o refer to the substrate 

and the oxide, and  is the temperature difference between the oxidation temperature 

and room temperature ( C −  C =  C ) The thermal expansion 

coefficients of the parent alloy and the oxides can be found in Reference [18] and Table 

7.4, respectively. Using Equation 7.11, the CTE values are 3.2 GPa and 4.3 GPa for 

Al2O3 and Cr2O3, respectively. Although the CTE of Cr2O3 is larger than that of Al2O3, 

the difference is small compared to that in PBR. In addition, PBR is noticeably larger 

than CTE. Actually, there are 2 assumptions about using PBR to estimate the stress 

generated in oxide scales during the oxidation process. Firstly, all new oxides form 
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within or beneath the scale (since there is no stress on free surfaces if these oxides form 

at the external). It also ignores the stress relief mechanism. Here, the stress calculated 

by Equation 7.10 is the maximum value. Therefore, the PBR is unrealistically large in 

this research. 

In conclusion, more spallation occurs in the Cr-type scale, i.e., the alloys 

containing 0.2 wt% and 0.6 wt% Y2O3, due to the relatively large stress in the oxide 

scale, thus increasing the oxidation rate. From Figure 22 (e), the EDS result in Region 

2 proves that the spallation layer is Cr-rich, and the peaks of Ta and Nb can be observed 

in Region 1 beside the spallation layer, indicating that the parent alloy is exposed to air 

due to the spallation. 

The effects of rare earth elements and/or their oxides on oxidation behaviour have 

been reported in Al2O3-forming and Cr2O3-forming alloys and termed the “reactive 

element effect” (REE) [52]. It is based on 2 effects from reactive elements on oxidation 

behaviour, i.e., the ability to change the structure of oxide scales by affecting oxidation 

mechanism and the ability to improve oxide scales’ adhesion [53]. Hou et al. [52] 

suggested that the reactive elements and their oxides could promote the formation of 

Cr2O3 scales on alloys by developing Cr2O3 scales with less Cr in chemical composition 

and suppressing further oxidation process of base metal in the presence of a stable 

Cr2O3 scale, related to the enhancement of Cr diffusion in microstructure and oxide 

nucleation theory [37]. For the improvement of scale adhesion, 3 mechanisms [52] are 

proposed as (I) reducing internal stress by modifying scale growth mechanism, (II) 

enhancing the bonds at alloy-scale interfaces and (III) increasing the toughness of 
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existing scale, thus improving oxide scales’ exfoliation resistance. 

According to the formation mechanism of multilayer oxides in previous studies 

[54], a schematic diagram of the scale formation process of the LPBF-processed 

IN738LC components with various amounts of Y2O3 is proposed in Figure 7.23. In the 

first stage, O2 adsorbs onto the surface of the alloy. Cr cations initially diffuse towards 

the metal/oxide interface and react with O2. Cr2O3 nucleates on the surface as the outer 

oxide, and more Cr2O3 forms in Cr-type oxide scales when adding 0.2 wt% and 0.6 wt% 

Y2O3. Subsequently, Ni cations migrate to the continuous Cr2O3 film and participate in 

the reaction between O2 and Cr2O3 to form spinel NiCr2O4. Simultaneously, the 

oxidation reaction of Ni takes place when the parent alloy exposes itself to O2 due to 

the spallation of Cr2O3 and/or NiCr2O4, and the nodular NiO accordingly grows to the 

top surface of the oxide scale, as depicted in Step 2. In the Al-type scale, many Al 

cations diffuse towards the top surface, inducing Al2O3 to nearly occupy the whole 

sublayer (in the alloy without Y2O3 and the alloy containing 0.05 wt% Y2O3). However, 

the formation of Al2O3 is suppressed in the alloys containing 0.2 wt% and 0.6 wt% 

Y2O3, which is attributed to the thick Cr-rich layer hindering the reaction of O2 and Al 

atoms [52]. Furthermore, the coarse grains in the Y2O3-containing alloys also inhibit 

the rapid formation of Al2O3 by slowing the diffusion of Al atoms due to the reduced 

grain boundaries in the microstructure, as aforementioned. 
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Figure 7.23. Schematic diagrams showing the oxidation mechanisms of the 

LPBF-processed IN738LC components at 1095 oC with the oxide scale in Al-type 

and Cr-type. 

7.4. Summaries 

The addition of 0.05 wt% Y2O3 nanoparticles significantly enlarges the process 

window by mitigating the cracks in the APed condition of IN738LC processed by LPBF. 

While excessive Y2O3 addition (0.2 wt% and 0.6 wt%) adversely affects the cracking 

resistance. Well-dispersed Y4Al2O9 particles form in the Y2O3-containing alloy, and Zr 

is found to be enriched in these particles. Here, it avoids the segregation of Zr at grain 
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boundaries, considered the main contributor in eliminating the cracks. However, 

excessive Y4Al2O9 particles formed impair the strength of grain boundaries due to huge 

clusters of these particles trapped, leading to high crack density. 

The gains significantly coarsen with incorporating Y2O3 nanoparticles before and 

after heat treatment. As a result, the 0.05 wt% Y2O3-inoculated IN738LC exhibits an 

improved strength compared to the alloy without Y2O3 at elevated temperature. 

Nevertheless, the alloys with 0.2 wt% and 0.6 wt% Y2O3 have inferior mechanical 

properties at both room and higher temperature due to the severe cracking condition. 

Adding 0.05 wt% Y2O3 improves the oxidation resistance, causing the oxidation 

rate constant kp to decrease from 0.6 mg2cm−4h−1 to 0.4 mg2cm−4h−1. However, further 

additions to 0.2 wt% and 0.6 wt% Y2O3 increase the oxidation rate, and the kp values 

are then 0.7 mg2cm−4h−1 and 1.2 mg2cm−4h−1, respectively. 

The main oxidation products are Al2O3, Cr2O3, NiO, NiCr2O4 and CoCr2O4. The 

addition of sufficient Y2O3 causes the oxide scale to become dominated by Cr-rich 

oxides, pushing the Al2O3 sublayer found in the oxide scale into jagged regions in the 

parent alloy. It finds the oxidation resistance of the LPBFed IN738LC components to 

be affected by many factors such as the characteristics of oxide scale, the chemical 

composition of alloy and the microstructure (grain sizes and defects). 
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Chapter 8 Cracking Mitigation Method: 

Pulsed Wave Laser Mode 

8.1. Introduction 

This chapter presents the investigation using a pulsed-wave laser beam during the 

laser powder bed fusion (LPBF) process to mitigate the cracking in Inconel 738 LC 

(IN738LC). 2 groups of parameters are applied in this chapter. The parameters focusing 

on the laser frequency and the duty ratio in the first group are given in Table 8.1, with 

fixed laser power and scan speed. which is designed to determine the optimum pulsed-

wave parameters (laser frequency and duty ratio). Parameters used to compare the 

printing quality between the continuous-wave and the optimised pulsed-wave laser 

beams are given in Table 8.2, with fixed the hatch spacing of 50 μm, the thickness of 

layer 30 μm, the Raster 67o scan strategy under no preheating condition. 

Table 8.1. Parameters used for searching the optimum pulsed-wave parameters 

(laser frequency and duty ratio). 

Sample 
Laser power 

(W) 

Scan speed 

(mm/s) 

Laser Frequency 

(kHz) 

Duty ratio 

(%) 

1 250 800 2 30 

2 250 800 5 30 

3 250 800 8 30 

4 250 800 2 50 

5 250 800 5 50 

6 250 800 8 50 

7 250 800 2 70 

8 250 800 5 70 

9 250 800 8 70 
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Table 8.2. Parameters used for comparing the continuous-wave and optimized 

pulsed-wave (laser frequency 5kHz and duty ratio 70 %) laser beams. 

Sample 
Laser power 

(W) 

Scan speed 

(mm/s) 

Laser Frequency 

(kHz) 

Duty ratio 

(%) 

Laser 

mode 

1 220 600 N/A N/A Continuous 

2 250 600 N/A N/A Continuous 

3 280 600 N/A N/A Continuous 

4 220 800 N/A N/A Continuous 

5 250 800 N/A N/A Continuous 

6 280 800 N/A N/A Continuous 

7 220 1000 N/A N/A Continuous 

8 250 1000 N/A N/A Continuous 

9 280 1000 N/A N/A Continuous 

10 220 600 5 70 Pulsed 

11 250 600 5 70 Pulsed 

12 280 600 5 70 Pulsed 

13 220 800 5 70 Pulsed 

14 250 800 5 70 Pulsed 

15 280 800 5 70 Pulsed 

16 220 1000 5 70 Pulsed 

17 250 1000 5 70 Pulsed 

18 280 1000 5 70 Pulsed 

8.2. Results 

8.2.1. Process window 

Optical microscope (OM) observations show the pores on the polished surfaces 

with different laser frequencies and duty ratios, as shown in Figure 8.1. The pores with 

different sizes and morphologies are observed under almost all the parameters except 

the duty ratio of 70 % and the laser frequencies of 5 kHz and 8 kHz. The porosity 

increases with decreasing the duty ratio, while the lowest porosity is attained at the laser 

frequency of 5 kHz and worsens again at both 8 kHz and 2 kHz. It is worthy to note 

that the sample cannot be built under the condition of the laser frequency 2 kHz and the 
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duty ratio 30 %. 

 
Figure 8.1. OM images of the polished surfaces of the as-printed (APed) alloy 

fabricated by LPBF showing the defects under the pulsed laser mode with 

different laser frequencies and duty ratios. 

Figures 8.2 and 8.3 show the defects under various laser powers and scan speeds 

in the continuous-wave LPBFed (CWed) and optimised pulsed-wave LPBFed (PWed) 

IN738LC samples, respectively. As presented in Section 7.2.1, pores are formed at 

lower energy densities, i.e., low laser powers and/or high scan speeds, and the defects 

change from pores to cracks with an increase of energy density, as shown in the CWed 

samples (Figure 8.2). Figure 8.3 presents that little cracking is visually detected in the 

PWed samples at almost all the parameters, except the laser power of 280 W and the 

scan speed of 600 mm/s. However, more pores scatter in the view fields of the PWed 

samples compared to the CWed samples, especially at low energy densities, e.g., the 

laser power of 220 W and the scan speed of 1000 mm/s. Since the defect rate is at a 
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relatively low level at the laser power of 290 W and the scan speed of 1200 mm/s for 

both continuous-wave and pulsed-wave laser beams, it conducts the latter 

investigations on the printed surfaces and the microstructures using the samples under 

this group of parameters. 

 

Figure 8.2. OM images of the polished surfaces of the APed alloy fabricated by 

LPBF showing the defects under the continuous-wave mode with different laser 

powers and scan speeds. 
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Figure 8.3. OM images of the polished surfaces of the APed alloy fabricated by 

LPBF showing the defects under the pulsed-wave mode (laser frequency 5 kHz, 

duty ratio 70 %) with different laser powers and scan speeds. 

8.2.2. Single track and surface roughness 

Surface ripples going in the opposite direction to laser beam have been commonly 

observed in the welding process [1]. A similar chevron-shaped welded morphology is 

also visible in the CWed track, as shown in Figure 8.4 (a). This is attributed to the 

Marangoni convection in the melt pool during the LPBF process. As aforementioned in 

Section 5.3.1, the Marangoni convection occurs when the molten liquid flows from the 

region with low surface tension to the region with high surface tension in the melt pool, 

driven by the thermal-capillary force. The gradient of surface tension to temperature 

d/dT determines the direction of the Marangoni convection. d/dT is normally a 

negative value, indicating that high temperatures result in lower surface tensions. In the 
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melt pool formed by a Gaussian-profile beam, the temperature of the melt pool centre 

is higher than that in the edge areas, therefore the Marangoni convection’s direction is 

outward from the melt pool’s centre [2]. A considerably large amount of molten liquid 

dragged by the Marangoni force flows to the rear of the melt pool, thus forming lamellar 

ripples on the top surfaces of the previously fabricated pools. The track has a straight 

and continuous profile (red block), i.e., with almost uniform width along the whole laser 

path, as shown in the view at high magnification in Figure 8.4 (c), and the average width 

is 100.7 ± 2.5 μm. Figure 8.4 (e) presents the reconstruction profile of the printed top 

surface of the CWed sample. Clear traces of laser scanning paths are visible, and the 

corresponding surface roughness is 16.0 ± 1.2 μm. The track morphology under the 

pulsed-wave mode differs from the CWed track, as shown in Figure 8.4 (b). The traces 

of laser radiation spot (melt pool profile generated during a single pulse time) can be 

visualised on the substrate under the pulsed-wave mode, leading to a continuously 

nodular track (yellow outline) in Figure 8.4 (d). The overlapping ratio (spot overlapping 

area/spot area) of the spots is ~ 1:4. The spot length is the distance between the centres 

of the adjacent laser radiation spots, indicated by Figure 8.4 (d)’s insert picture, which 

can reflect the distance that the laser beam moves while it is off in a single cycle, 

calculated as: 

1
(1 )sD v

f
= −                 Equation 8.1 

where f is the frequency, δ is the duty ratio, and v is the scan speed. On this basis, Ds is 

calculated to be 48 μm, consistent with the measured result (47.3 ± 1.7 μm) from the 

optical image. The average width is 73.3 μm with a high standard deviation (9.7 μm) 
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attributed to the low overlapping ratio between the spots. Figure 8.4 (f) displays the 

three-dimensional (3D) surface topography of the printed top surface of the PWed 

sample. The surface exhibits a poor quality with a roughness of 21.4 ± 2.8 μm compared 

to the CWed sample. As a result, it is difficult to identify the laser scanning path on the 

reconstruction surface. 

 

Figure 8.4. OM images of the single tracks on the substrate under (a) continuous-

wave and (b) pulsed-wave modes, (c) and (d) are the views at high magnification 

of (a) and (b), inserted figure in (d) demonstrates the definition of spot distance, 

3D reconstruction profiles of the printed top surfaces for the (e) CWed and (f) 

PWed samples using laser scan confocal microscope (LSCM). 

8.2.3. Microstructure 

Figure 8.5 shows the grain structure observed by electron backscattered diffraction 

(EBSD) in the building direction for the CWed and PWed samples, respectively. The 

columnar grains grow in parallel to the building direction and cross multiple layers in 

the microstructure due to the highly directional laser-induced temperature gradients 

during the LPBF’s solidification process, as shown in Figures 8.5 (a) and 8.5 (b). The 
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columnar grains in the PWed sample are finer than the CWed sample, leading to 

different grain size distribution between the 2 samples, as shown in Figure 8.5 (c). The 

columnar grains are surrounded by a large number of fine grains for both conditions. 

For the CWed sample, most of the grains are smaller than 30 μm with a total fraction 

of 74.8 %, while the grains greater than 90 μm are 3.3 %, corresponding to these 

epitaxial grains along the building direction. Compared with the grain size distribution 

in the CWed sample, the application of the pulsed-wave mode dose not qualitatively 

change the distribution pattern, but the fraction of the fine grains with smaller than 30 

μm increases to 85.6 %, while fewer grains are greater than 90 μm (0.5 %) compared 

to the CWed sample. As a result, the average grain size is smaller for the PWed sample 

(13.1 ± 0.9 μm) than that for the CWed sample (23.7 ± 1.0 μm). 

Figure 8.6 shows the misorientation distribution images obtained by the EBSD 

measurements for the CWed and PWed samples, indicating a significant difference in 

the misorientation angle distribution of grain boundaries between the CWed and PWed 

samples. The grain boundaries are categorised into 3 types in this investigation: low-

misorientation angle grain boundary (LAGB, < 20o), medium-misorientation angle 

grain boundary (MAGB, 20o-40o) and high-misorientation angle grain boundary 

(HAGB, > 40o). The fraction of LAGBs is 55.2 % for the CWed sample and increases 

to 72.5 % for the PWed sample, as comparing Figure 8.6 (b) with Figure 8.6 (e). 

However, Figures 8.6 (c) and 8.6 (f) exhibit that the CWed sample contains more 

HAGBs than the PWed sample, i.e., the fractions are 15.3 % and 9.9 %, respectively. 
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Figure 8.5. EBSD maps of the samples in the X-Z section showing the grain 

structures of the (a) CWed and (b) PWed samples and (c) grain size distribution. 

 
Figure 8.6. Misorientation distribution images based on the EBSD mapping 

showing (a, d) LAGBs, MAGBs and HAGBs, (b, e) extracted LAGBs from (a, d) 

and (c, f) extracted HAGBs from (a, d) for the CWed and PWed samples, 

respectively. 
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8.3. Discussions 

8.3.1. Effects of pulsed-wave parameters on part quality 

Figure 8.7 presents the profiles of the melt pools simulated by the Matlab R2016b 

software using the method described in Section 3.7.4. The parameters used in the 

calculation are the same as those in the experiment, as shown in Table 8.1. The shape 

of the melt pools appears similar to the single track in Figure 8.4 (d), i.e., a nodular 

track with adequate and inadequate overlaps between the laser spots. The laser 

frequency and the duty ratio have a great impact on the melt pool’s dimensions and 

track continuity. It can be seen that the melt pools’ width increases with the increase of 

the duty ratio while decreases with increasing the laser frequency. The time for the laser 

beam emitting in a single pulse directly decides the reaction time between the laser 

beam and the powder bed and further controls the melt pool’s width, calculated as: 

ont
f


=                       Equation 8.2 

where f is the laser frequency, and  is the duty ratio. According to Equation 8.2, the 

time period for the laser beam emitting reduces with the decrease of the duty ratio and 

the increase of the laser frequency, implying the decreases of the energy input and the 

melt pool width in a single pulse. The distance between the laser spots decides the 

continuity of the laser track and further affects the printing quality. Equation 8.1 

elucidates the relationship between the laser frequency, the duty ratio and the spot 

distance, implying that the spot distance increases with the decreases of the laser 

frequency and the duty ratio, consistent with Figure 8.7. Here, the track may lose its 
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continuity if the distance between spots is too large, inducing un-melt powders to trap 

in these big gaps and deteriorating the printing quality. The melt pool width increases 

while the spot distance decreases with increasing the duty ratio, favouring the continuity 

and the overlap of tracks. Therefore, high duty ratios always benefit the printing quality, 

as displayed in Figure 8.1. The increase of the laser frequency reduces the spot distance 

and thus induces a continuous track. But a relatively narrow melt pool is corresponding 

produced, which is unfavourable for the overlap between tracks. Therefore, Figure 8.1 

shows that both considerably high and low laser frequencies adversely affect the 

printing quality. Thus, the PWed part achieved its best quality at the largest duty ratio, 

i.e., 70 % and a medium laser frequency, i.e., 5 kHz in the current experimental 

condition. It is worthy to note that the sample even cannot be fabricated under the 

conditions of low duty ratios and laser frequencies such as 30 % and 2 kHz due to low 

melt pool widths and large spot distances. 

 

Figure 8.7. Profiles of the melt pools simulated by Matlab R2016b with different 

laser frequencies and duty ratios. 
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8.3.2. Effects of pulsed-wave mode on cracking development 

As stated in Section 6.2.2.2, cracking during the LPBF process is expected to occur 

at the grain boundaries with high misorientation angles. ~ 60 % of cracks appeared at 

the grain boundaries with the misorientation angles between 40o and 60o. The PWed 

sample contains fewer HAGBs (> 40o) than the CWed sample but significantly more 

LAGBs, i.e., < 20o. Furthermore, there are more grain boundaries in the PWed sample 

compared to the CWed sample [3], and the average grain sizes are 13.1 ± 0.9 μm and 

23.7 ± 1.0 μm, respectively. The application of the pulsed-wave laser beam, on the one 

hand, lowers the fraction of the cracking-susceptible HAGBs. On the other hand, for a 

limited element content, the increase of grain boundary areas leads to less segregation 

of the element onto unit grain boundary, i.e., the concentrations of some cracking-

sensitive elements like Zr at grain boundaries are lower for the PWed sample than the 

CWed sample and finally induces less inclination of cracking [4]. The refinement of 

grains is considered to be the main contributor to the mitigation of cracking in the PWed 

sample. 

Figure 8.8 shows the thermal history of the midpoint of the powder bed (P2 in 

Figure 3.10) in the simulation domain under the continuous-wave and pulsed-wave 

modes using the method described in Section 3.7.3. The temperatures in the processed 

sample are generally higher under the continuous-wave mode than those under the 

pulsed-wave mode with the peak temperatures of 2885.1 oC and 2331.3 oC, respectively. 

For a given duty ratio at < 100 %, less energy density is inputted in the powder bed 

using the pulsed-wave mode due to the discontinuous radiation of the laser beam, thus 
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relatively lower temperatures are obtained in the PWed melt pool than the CWed one. 

In more detail, as depicted in the curves of heating (cooling) rate, the curves transfer 

from positive to negative, i.e., the thermal condition changes from heating to cooling 

when the laser beam moves away from P2. Meanwhile, the application of the pulsed-

wave mode can enhance the cooling process, and the corresponding maximum cooling 

rate (the minimum dT/dt) is 3.6 × 107 oC/s, higher than that under the continuous-wave 

mode (1.6 × 107 oC/s). Therefore, a finer microstructure is attained in the PWed sample 

[5, 6], as shown in Figures 8.5 (a) and 8.5 (b). 

 

Figure 8.8. Calculated thermal history (temperature profiles, heating and cooling 

rates) versus time of P2 under the (a) continuous-wave and (b) pulsed-wave 

modes. 

8.3.3. Effects of pulsed-wave mode on pore formation 

Detailed observation shows 2 categories of pores in the PWed sample, i.e., the 

irregular-morphology pores with un-melted powders (red dotted line) and the near-

spherical pores (yellow dotted line), as shown in Figures 8.9 (a) and 8.9 (b), respectively. 

The pores with an irregular-morphology are primarily attributed to the lack of fusion 

and have the sizes ranging from 50 μm to 100 μm. While the sizes of the near-spherical 

pores are normally smaller than 20 μm. This kind of pores arises from gas evolved from 
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the powders or trapped within the melt pool during solidification in the LPBF process 

[7]. 

 

Figure 8.9. Scanning electron microscope (SEM) morphologies of the pores 

attributed to (a) lack of fusion and (b) metallurgical pore in the PWed sample. 

As the laser beam travels discontinuously in each cycle under the pulsed-wave 

mode, a non-uniform width along the length direction of track is induced. A trend of 

Rayleigh instability is accordingly enhanced with a fluctuating track, as depicted in 

Section 5.2.1. As mentioned in Section 4.2.1.2, during the LPBF process, the molten 

track is described as a liquid cylinder with a diameter of D and a length of . If /D > 

, the track will fluctuate as a sinusoidal wave in width. This is the Rayleigh instability 

and consistent with the observation of the PWed track, as shown in Figure 8.4 (d). With 

the aggravation of the unstable condition, the track will break up into small droplets to 

reduce surface energy in the worst case [8]. It induces wave troughs and crests along 

the laser beam path by the fluctuation as the Rayleigh instability occurs. A strong 

metallurgical bonding generates once the 2 wave crests belonging to adjacent tracks 

overlap. However, a big void appears as a pocket morphology and contains several un-

melted powders as 2 wave troughs adjoint, leading to pores generating due to the lack 

of fusion in the PWed sample, as depicted in Figure 8.10 (b). Compared with the pulsed-

wave mode, the CWed track is straight and stable, as shown in Figures 8.4 (c) and 8.10 
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(a). This ensures adequate overlapping between the tracks, thus effectively avoiding the 

pore formation. 

 
Figure 8.10. Schematic diagrams showing the overlapping of the tracks under the 

(a) continuous-wave and (b) pulsed-wave modes. 

Another type of pores, namely metallurgical pores, are observed in the PWed 

sample. This type of pores is ascribed to the residual bubble in the melt pool during 

solidification. Viscosity is a temperature-dependent thermophysical property and 

negatively correlated with temperature. Due to the continuous radiation of the laser 

beam under the continuous-wave mode, higher temperatures are obtained in the melt 

pool compared to that under the pulsed-wave mode, as demonstrated in Figure 8.8. 

Therefore, the molten liquid has a relatively high viscosity under the pulsed-wave mode, 

where the flow velocity of the molten liquid accordingly reduces. Ding et al. [9] also 

suggested that the pulsed-wave laser beam led to a lower fluid flow velocity than that 

under the continuous-wave mode by numerical analysis. Then, there are fewer 

opportunities for the bubbles within the melt pool to escape through the melt surface 

[7], favouring the formation of residual metallurgical pores in the PWed sample. 

8.4. Summaries 

Increasing the duty ratio can increase the melt pool’s width and decrease the spot 

distance, which favours the continuity and the overlapping of tracks and leads to a high 
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printing quality. High laser frequencies decrease the spot distance and lead to 

continuous tracks, however, a relatively narrow melt pool is obtainable. Thus, both 

considerably high and low laser frequencies have an adverse effect on the printing 

quality. 

The application of the pulsed-wave mode can eliminate cracking in the LPBFed 

IN738LC alloy, primarily ascribed to the refined microstructure induced by higher 

cooling rates based on the simulation results. On the one hand, the fraction of the 

cracking-susceptible HAGBs is reduced. On the other hand, the concentrations of 

element contents per unit grain boundary decrease due to more grain boundaries, and 

the segregations of the elements which cause cracking such as Zr are supposed to be 

removed. 

Since the laser beam travels discontinuously in each cycle under the pulsed-wave 

mode, the trend of Rayleigh instability is accordingly enhanced with a fluctuating track, 

and the lack of fusion occurs due to powders trapping between tracks. Moreover, it 

attains a relatively low operating temperature under the pulsed-wave mode, and the 

molten liquid has a relatively high viscosity, where the flow velocity of the molten 

liquid is small. Here, it provides fewer opportunities for the bubbles within the melt 

pool to escape through the melt surface, favouring the formation of residual 

metallurgical pores. Therefore, more pores form in the PWed sample compared to the 

continuous-wave mode. 
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Chapter 9 Conclusion and Future Work 

9.1. Introduction 

This chapter summarises the main findings presented in this study and the 

recommendations for future works. 

9.2. Overall conclusions 

9.2.1. Effects of processing parameters on printing qualities 

This research investigates the effects of laser power, scan speed and hatch spacing 

on surface roughness, porosity and crack density of the Inconel 738 LC (IN738LC) 

superalloy fabricated by the laser powder bed fusion (LPBF) process. Some key 

findings are summarised as follows: 

 Surface roughness increases with the increase of the scan speed and decreases with 

the increase of the laser power. Both extremely small and extremely large hatch 

spacings lead to high surface roughness. 

 The pores can be divided into 2 categories, i.e., lack of fusion and keyhole pore 

according to the sizes and the morphologies. 

 Crack density increases with the decrease of the hatch spacing and the scan speed 

and decreases with the decrease of the laser power. 

 Regression analysis demonstrates that both extremely high and extremely low 

volume energy densities (VEDs) lead to high surface roughness and porosity, and 

crack density has a linear relationship with the VED. Moderate VED is optimal in 
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terms of mechanical properties. 

 In addition, compared with the pores, the cracks cannot be entirely eliminated using 

the parameter control method, thus some other approaches need to conduct in 

solving the cracking in IN738LC during LPBF, which will be mentioned in the 

latter chapters. 

9.2.2. Single-track behaviour and pore formation mechanism 

Single-track experiments are performed to investigate the relationship between the 

track morphology, the bead characteristics and the printed part quality of IN738LC 

processed by LPBF. Key findings are summarised as follows: 

 Continuous (stable) tracks appear at high energy input densities. When the energy 

input density is low, the track fluctuates and tends to break up into metallic droplets. 

 Bead width and depth increase with the increase of the laser power and decrease 

with the increase of the scan speed. Bead height is independent of the processing 

parameters. Contact angle decreases with the increase of the energy input density. 

 If the solidification time is less than the spread time, the molten droplet will solidify 

before it spreads out on the basic block, and then the balling correspondingly forms. 

 When the deposited energy is ~ 50 times greater than the enthalpy for melting, the 

bead changes from the conduction mode to the keyhole mode. 

 Both extremely high and low energy densities lead to high porosity in the bulk 

samples due to the keyhole pores and the lack of fusion. 
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9.2.3. Microstructures and crack formation mechanism 

This research studies the microstructures in the as-printed (APed) and heat-treated 

(HTed) conditions and the cracking behaviour in the APed condition of the IN738LC 

alloy processed by LPBF. Key findings are summarised as follows: 

 The main phases in the APed IN738LC alloy are γ/γ′ and MC-type carbides. While 

2 groups of precipitates, i.e., coarse (primary) γ′ precipitates with an average size 

of ~ 400 nm and fine (secondary) precipitates with an average size of ~ 50 nm, are 

visible after heat treatment. 

 Both parts in the APed and HTed conditions exhibit a strong cube texture 

dominated by a preferential alignment of <100>. 

 During the rapid heating and cooling processes in the LPBF process, Zr segregates 

at grain boundaries, reducing the solidus in these regions, and solidification cracks 

occur due to the remaining liquid at the last stage of solidification under thermal 

stress. 

 Cracking tends to occur at the grain boundaries with high misorientation angles. 

9.2.4. Y2O3 decoration and cracking mitigation 

Adding Y2O3 nanoparticles into IN738LC is studied to mitigate the cracking in 

IN738LC during the LPBF process. This research investigates the effects of Y2O3 

nanoparticles on the printing quality, the microstructures and the resulting properties 

(tensile properties and oxidation resistance). Key findings are summarised as follows: 

 The process window is significantly enlarged with the addition of 0.05 wt% Y2O3 
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nanoparticles into IN738LC for the crack-free condition during LPBF. When the 

Y2O3 additions increase to 0.2 wt% and 0.6 wt%, an adverse effect on the cracking 

resistance is observed. 

 Well-dispersed Y4Al2O9 particles form in the Y2O3-containing alloy, and Zr is 

found enriched in these particles, leading to less segregation of Zr at grain 

boundaries and eliminating the cracks. However, excessive Y4Al2O9 particles 

formed in the inter-dendrite regions impair the bonding strength between the 

dendrites, leading to high crack densities. 

 The grain structure is significantly coarsened by the addition of Y2O3 nanoparticles. 

Thus, the tensile strength at 850 oC is improved by incorporating 0.05 wt% Y2O3 

nanoparticles. When the additional amounts are 0.2 wt% and 0.6 wt%, however, 

the tensile strength is significantly reduced. 

 Adding 0.05 wt% Y2O3 improves the oxidation resistance. Nevertheless, further 

additions to 0.2 wt% and 0.6 wt% Y2O3 increase the oxidation rate. 

 The main oxidation products are Al2O3, Cr2O3, NiO, NiCr2O4 and CoCr2O4. It finds 

that the addition of sufficient Y2O3 causes the oxide scale to be dominated by Cr-

rich oxides, Al2O3 sublayer is found to be suppressed into the jagged regions in the 

parent alloy. 

9.2.5. Pulsed-wave laser beam and cracking mitigation 

This research investigates the mitigation of cracking in IN738LC by the pulsed-

wave mode during LPBF. Key findings are summarised as follows: 
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 The melt pool width increases and the spot distance decreases with the increase of 

the duty ratio, both of which favour producing the parts with high quality. The 

increase of the laser frequency reduces the spot distance and induces a continuous 

track, while it leads to a relatively narrow melt pool at high laser frequencies. Thus, 

both extremely high and extremely low laser frequencies have an adverse effect on 

the printing quality. 

 The pulsed-wave mode can effectively eliminate the cracking in the LPBFed 

IN738LC alloy, while more pores form compared to the continuous-wave mode. 

 The elimination of cracking in the pulsed-wave LPBFed (PWed) sample is 

primarily ascribed to the refined microstructure induced by the high cooling rate 

under the pulsed-wave laser beam. 

 Lack of fusion and metallurgical pore attributed to the Rayleigh instability and the 

residual bubbles, respectively, lead to high porosity in the PWed sample. 

9.3. Proposed future works 

The defect formation mechanisms and some elimination methods in the nickel-

based superalloy IN738LC during LPBF are investigated in this research. Below the 

future works are proposed: 

 Grain structure and residual stress are more susceptible to the scan strategy 

compared to other parameters. Therefore, it is necessary to investigate the detailed 

effects of the scan strategy on microstructure, cracking behaviour and material 

properties. 
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 The residual stress in the APed IN738LC samples must be measured directly to 

evaluate the effects of processing parameters, e.g., the blind hole and Vickers 

micro-indentation methods are proposed to be used. 

 The original microstructure of the APed IN738LC sample differs from cast alloy, 

thus a new heat treatment method for the alloy fabricated by LPBF needs to be 

optimised to reach good material properties. 

 Since the Y2O3 addition amounts are at such a low level, it is worth investigating 

deeply in the latter research the effects of Y2O3 on the thermal diffusion as well as 

the grain structure during such a rapid cooling process. In addition, a high-

temperature creep test is suggested to be carried out to judge the effects of the grain 

coarsening attributed to the Y2O3 addition on creep property. 

 Due to high temperature gradients induced by the LPBF process, microstructures 

vary apparently between the parallel and vertical sections of printed parts. 

Therefore, the anisotropy of material properties should be studied. 

 Structural components with a defect-free condition should be fabricated to assess 

the feasibility and universality of the methods obtained in this research to eliminate 

defects. And these structural components should be tested in the real service 

environment if the conditions permit. 
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